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Preface

Silicon is a chemical element with the symbol Si and atomic number 14. It is a hard 
and brittle crystalline solid with a blue-grey metallic luster, and it is a tetravalent
metalloid and semiconductor.

Most silicon is used commercially without being separated, and often with little
processing of the natural minerals. It has many applications in the manufacturing 
technology of microelectronic components, integrated circuits, and photovoltaic
generators. Circuit complexity and higher degrees of integration of components
require constant improvement and control of the properties of silicon. Elemental 
silicon also has a large impact on the modern world economy.

We wish to thank everyone who showed us patience and understanding and offered 
us help during the intensive phase of creating this book.
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Department of Physics, Faculty of Material Sciences,
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Chapter 1

Introductory Chapter: Silicon
Beddiaf Zaidi and Slimen Belghit

1. Introduction

Silicon (Si) is a member of Group 14 (IVA) in the periodic table of elements. Si 
is also part of the carbon family. This family elements include C, Ge, Sn, and Pb. 
Silicon is a metalloid, one of only a very few elements that have properties of both 
metals and non-metals. Si is the second most abundant element in the Earth’s crust, 
apart from oxygen.

2. Energy bands

Silicon is a semiconductor whose number of free electrons is less than conductor 
but more than that of an insulator. Two kinds of energy band which are conduction 
and valence. Series of energy levels having valence electrons forms valance band in 
solid. At 0°K, the energy levels of valence band are filled with electrons. This band 
contains maximum of energy when the electrons are in valence band. Conduction 
band is the higher energy level band, which is the minimum of energy. Conduction 
band is partially filled by the electrons, which are known as the free electrons 
as they can move anywhere in solid. These electrons are responsible for current 
flowing. There is a gap of energy. The difference between the conduction band and 
valence band is called energy gap. For semiconductors, the gap is neither large nor 
the bands get overlapped (Figure 1).

3. Basic material

Apart from the oxygen, silicon is most commonly occurring element on the 
Earth. Silica is the dioxide from silicon and occurs mostly as quartz. Its synthe-
sis has been familiar for many decades. It is extracted from (mainly) quartzite 
reduction with carbon in an arc furnace process [1]. The pulverized quartz and 
carbon are put in a graphite crucible. An arc causes them to melt at approximately 
1800°C. Then, the reduction process takes place according to the formula:

   SiO  2   + 2C ➔ Si +  2CO   (g)     (1)

The liquid collected at the bottom of crucible can then be drawn off. Its purity 
can be approximately 97.9%. This is called metallurgic grade silicon (MG-Si). 
However, for silicon to be used in the semiconductor industry, the impurities must 
be removed almost completely by further processes. For such a high purity grade, 
multistage processes must be implemented.
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4. Silicon thin film

Silicon thin-film cells are mainly deposited by chemical vapor deposition (typi-
cally plasma-enhanced, PE-CVD) from silane gas and hydrogen gas. Depending on 
the deposition parameters, these silicon thin films can be based on one or a combi-
nation of these materials [2–5]:

1. Amorphous silicon (a-Si or a-Si:H) or polymorphous silicon

2. Microcrystalline silicon

3. Polycrystalline silicon (poly-Si).

These silicon thin film materials can be characterized by their grain sizes ranging 
from none (amorphous) to large silicon (~100 μm) for polysilicon. The crystalline 
silicon thin films present dangling bonds, which result in deep defects (energy levels 
in band gap) as well as deformation of the conduction and valence bands. The solar 
cells made from thin films tend to have lower energy conversion efficiency than 
silicon bulk but are also less expensive to produce (Table 1).

5. Application

Silicon materials are used in components of electronic devices. It is also used to 
make solar cells [9–13] and parts for computer circuits [14]. Solar cell is a device 

Type of silicon Abbreviation Crystal size Deposition method

Single-crystal silicon Sc-Si >10 cm Czochralski, Float zone

Multicrystalline silicon Mc-Si 1 mm–10 cm Cast, sheet, ribbon

Polycrystalline silicon Poly-Si 1 μm–1 mm Chemical-vapor deposition (at high 
temperature ≥ 1000°C)

Microcrystalline silicon μc-Si 10 nm–1 μm Ex.: Plasma deposition (at low 
temperature < 600°C)Nanocrystalline silicon nc-Si 1–10 nm

Table 1. 
Grain size range depending on the type of the silicon [6–8].

Figure 1. 
E(k) for the conduction and valence bands of silicon.
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that converts sun light into electrical energy [15–23]. A rectifier is an electrical 
device that converts alternating current to direct current. The most important 
silicon alloys are those made with Fe, Al, and Cu. When silicon is produced, in fact, 
scrap iron and metal are sometimes added to the furnace [24, 25].
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Abstract

The use of silicon in hydrodesulfurization (HDS) catalysts has had an impact
on some of the fundamental parameters for the performance of the HDS catalyst,
such as dispersion of the active phase, the extent of sulfidation, or the level of
promotion. Mesoporous silicates such as MCM-41, SBA-15, the modified surface of
γ-alumina with silica, or mixed Al2O3-SiO2 support have showed to affect the
metal-support interaction, favoring the so-called type II Co(Ni)–Mo(W)–S struc-
tures. The aim of this chapter is to elaborate an analysis on the recent advances in
the synthesis design of silicon catalyst support for the hydrodesulfurization of
petroleum fractions.

Keywords: type I and type II structures, HDS, metal-support interaction,
sulfidation, mesoporous silicates, silica

1. Introduction

The air pollution is one of the main problems that the governments around the
world have been concerned to mitigate in recent decades. The harmful gases found
in the atmosphere are the product of the generation of energy through the
combustion of hydrocarbons [1–3]. However, the hydrocarbons will continue to be
used as the main source of energy in the next decades [4]; thus, it represents an
environmental problem. The main pollutants generated by the combustion of fuels
are SOx, CO, NOx, and traces of some heavy elements. The SOx is considered
particularly dangerous since SO2 can be oxidized to SO3 by several routes,
depending on the particular conditions of the atmosphere. Once the SO3 is formed,
it is diluted in the water droplets that are present in the atmosphere, therefore
generating the sulfuric acid (H2SO4), leading to the acid rain. Moreover, it produces
a direct environmental damage to humanity, such as eye irritation and constriction
of the respiratory tract, causing harm to the entire population, but especially to
asthmatics and other sensitive people. It also contributes to vegetation damage,
causing discoloration and lesions on the leaves. In addition, sulfur dioxide has been
associated with steel corrosion, deterioration of concrete structures, paper, leather,
historical monuments, and certain textiles. Based on the described problems,
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countries have opted to make stringent environmental regulations to reduce the
levels of air pollutant emissions. Worldwide legislations have been issued to reduce
the amount of sulfur contents in the transport fuels close to zero sulfur ppm
(ultralow sulfur fuels) [5]. This represents a challenge due to the declining trend of
light oil supplies [6], leading to process heavy crudes with higher concentrations of
sulfur, nitrogen, and metals. In this context, the hydrodesulphurization (HDS) is
considered the most effective used process to produce ultralow sulfur transport
fuels, for which the design and preparation of catalysts of high HDS performance
are believed to be central factors [7, 8]. In the last decade, traditional HDS catalysts
have usually been based on Mo or W sulfides promoted by Co or Ni supported on
γ-alumina [9, 10]. Nonetheless, due to the need to process increasingly heavy
crudes and in consequence with higher concentrations of sulfur as mention before,
it is becoming more difficult to produce ultralow-sulfur transport fuels using tradi-
tional HDS catalysts [11, 12]. Therefore, it is necessary to design novel catalysts with
higher performance in the HDS reaction. In order to achieve it, the HDS catalysts
require (1) complete sulfidation of the molybdenum or tungsten and Co(Ni) pre-
cursor oxides phases, (2) high extent of promotion, and (3) high dispersion of the
Co(Ni)Mo(W)S active phase. It is well known that the strength of interaction
between the support and the Co(Ni)Mo(W)S active phase has an important effect
on the above three parameters. Alumina interacts strongly with the Co, Ni, Mo, and
W oxide-supported phases; therefore, new support materials with weaker metal-
support interaction must be identified. This chapter will explain which factors can
lower the reactivity for HDS in some sulfur compounds such as 4,6-DMDBT, as well
as the models proposed to explain the nature of the active sites, and briefly sum-
marize recent advances in the use the silicon in catalyst support with the aim of
understanding the difference in HDS performance compared with the traditional
catalyst supported on γ-alumina from the point of view of the strength of the
interaction between the support and the active phase.

2. Hydrodesulfurization (HDS)

Hydrodesulfurization is one of the most important processes among the oil
refining industry, whose purpose is to reduce pollutants in the fraction of the
petroleum distillates. The operation conditions of HDS reaction are in a pressure
range between 60 and 200 atm and temperatures higher than 280°C. On the other
hand, the sulfur vacancies, called coordinatively unsaturated sites (CUS), present at
the edge of the Mo(W)S2 crystals are the active sites [13, 14].

Crude oil contains a complex mixture of sulfur compounds, which in turn have a
different reactivity. It is known that for each type of fuel, the sulfur-containing
molecules are different and the degree of reactivity of these sulfur compounds in
HDS depends on its structure. The degree of reactivity for the removal of sulfur can
vary in several magnitudes. Generally, acyclic sulfides such as sulfides, disulfides,
and thiols are highly reactive in HDS compared to thiophene. The reactivities of
sulfur compounds with 1–3 rings decrease in the following order thio-
phenes > benzothiophenes > dibenzothiophenes [14]. Similarly, the reactivity of
alkyl-substituted compounds such as 4-methyldibenzothiophene and
4,6-dimethyldibenzothiophene (4,6-DMDBT) is much less reactive than other
compounds. Figure 1 qualitatively represents the relationship between the type and
size of sulfur compound in different fractions of distillate and their relative reac-
tivity. In the range of diesel, molecules such as dibenzothiophenes and alkyl-
dibenzothiophenes predominate, which present low reactivity for HDS.
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2.1 Reaction routes

The activity study of the catalysts for deep desulfurization has focused mainly
on the most refractory molecules as can be observed in the literature [14, 15]. These
molecules such as 4,6-dimethyldibenzothiophene (4,6-DDMBT), 4-methyldiben-
zothiophene (4-MDBT), and dibenzothiophene (DBT) have different reaction
routes [16, 17], considering mainly the direct desulfurization route (DDS) and the
hydrogenation route (HYD).

Desulfurization route (DDS). In the case of 4,6-DMBT, the DDS route is one in
which the sulfur atom is removed from the structure and replaced by hydrogen,
without carrying out the hydrogenation of any of the carbon-carbon double bonds
present in the molecule. Some authors [17, 18] proposed that once it is adsorbed,
the molecule on the active site, the DDS route begins with hydrogenation of one of
the double bonds adjacent to the sulfur atom, to obtain a dihydrogenated product
and then, the opening of the C▬S bond through a process of elimination. Figure 2
shows the mechanism for the C▬S cleaving. According to the studies of the struc-
ture reactivity, the activity for the DDS reactions is attributed to sites located at the
edges of the MoS2 crystal [19], and it is suggested that the sites are sulfur anionic
vacancies, called coordinatively unsaturated sites (CUS), which are created and
regenerated during the reaction in the presence of hydrogen.

Hydrogenation route (HYD). In the HDS, the HYD route involves the hydroge-
nation of one of the aromatic rings, prior to the cleaving of the C▬S bond: assuming
that the cleavage of the C▬S bond occurs through the β-elimination process, several
explanations for the low reactivity of 4,6-DMDBT have been proposed and
discussed by Bataille et al. [17] such as: (a) steric hindrance of the methyl groups for
the adsorption of the molecule hydrogenated, (b) steric hindrance of the methyl
groups for the cleavage of the C▬S bond, (c) the fact that only one atom of H is
available for the cleavage of the C▬S bond, and (d) an effect of the methyl group
on the acidity of the H atom involved in the elimination process.

Figure 1.
Relative reaction rate of organic sulfur compounds.

9

The Silicon on the Catalysis: Hydrodesulfurization of Petroleum Fractions
DOI: http://dx.doi.org/10.5772/intechopen.84724



countries have opted to make stringent environmental regulations to reduce the
levels of air pollutant emissions. Worldwide legislations have been issued to reduce
the amount of sulfur contents in the transport fuels close to zero sulfur ppm
(ultralow sulfur fuels) [5]. This represents a challenge due to the declining trend of
light oil supplies [6], leading to process heavy crudes with higher concentrations of
sulfur, nitrogen, and metals. In this context, the hydrodesulphurization (HDS) is
considered the most effective used process to produce ultralow sulfur transport
fuels, for which the design and preparation of catalysts of high HDS performance
are believed to be central factors [7, 8]. In the last decade, traditional HDS catalysts
have usually been based on Mo or W sulfides promoted by Co or Ni supported on
γ-alumina [9, 10]. Nonetheless, due to the need to process increasingly heavy
crudes and in consequence with higher concentrations of sulfur as mention before,
it is becoming more difficult to produce ultralow-sulfur transport fuels using tradi-
tional HDS catalysts [11, 12]. Therefore, it is necessary to design novel catalysts with
higher performance in the HDS reaction. In order to achieve it, the HDS catalysts
require (1) complete sulfidation of the molybdenum or tungsten and Co(Ni) pre-
cursor oxides phases, (2) high extent of promotion, and (3) high dispersion of the
Co(Ni)Mo(W)S active phase. It is well known that the strength of interaction
between the support and the Co(Ni)Mo(W)S active phase has an important effect
on the above three parameters. Alumina interacts strongly with the Co, Ni, Mo, and
W oxide-supported phases; therefore, new support materials with weaker metal-
support interaction must be identified. This chapter will explain which factors can
lower the reactivity for HDS in some sulfur compounds such as 4,6-DMDBT, as well
as the models proposed to explain the nature of the active sites, and briefly sum-
marize recent advances in the use the silicon in catalyst support with the aim of
understanding the difference in HDS performance compared with the traditional
catalyst supported on γ-alumina from the point of view of the strength of the
interaction between the support and the active phase.

2. Hydrodesulfurization (HDS)

Hydrodesulfurization is one of the most important processes among the oil
refining industry, whose purpose is to reduce pollutants in the fraction of the
petroleum distillates. The operation conditions of HDS reaction are in a pressure
range between 60 and 200 atm and temperatures higher than 280°C. On the other
hand, the sulfur vacancies, called coordinatively unsaturated sites (CUS), present at
the edge of the Mo(W)S2 crystals are the active sites [13, 14].

Crude oil contains a complex mixture of sulfur compounds, which in turn have a
different reactivity. It is known that for each type of fuel, the sulfur-containing
molecules are different and the degree of reactivity of these sulfur compounds in
HDS depends on its structure. The degree of reactivity for the removal of sulfur can
vary in several magnitudes. Generally, acyclic sulfides such as sulfides, disulfides,
and thiols are highly reactive in HDS compared to thiophene. The reactivities of
sulfur compounds with 1–3 rings decrease in the following order thio-
phenes > benzothiophenes > dibenzothiophenes [14]. Similarly, the reactivity of
alkyl-substituted compounds such as 4-methyldibenzothiophene and
4,6-dimethyldibenzothiophene (4,6-DMDBT) is much less reactive than other
compounds. Figure 1 qualitatively represents the relationship between the type and
size of sulfur compound in different fractions of distillate and their relative reac-
tivity. In the range of diesel, molecules such as dibenzothiophenes and alkyl-
dibenzothiophenes predominate, which present low reactivity for HDS.

8

Silicon Materials

2.1 Reaction routes

The activity study of the catalysts for deep desulfurization has focused mainly
on the most refractory molecules as can be observed in the literature [14, 15]. These
molecules such as 4,6-dimethyldibenzothiophene (4,6-DDMBT), 4-methyldiben-
zothiophene (4-MDBT), and dibenzothiophene (DBT) have different reaction
routes [16, 17], considering mainly the direct desulfurization route (DDS) and the
hydrogenation route (HYD).

Desulfurization route (DDS). In the case of 4,6-DMBT, the DDS route is one in
which the sulfur atom is removed from the structure and replaced by hydrogen,
without carrying out the hydrogenation of any of the carbon-carbon double bonds
present in the molecule. Some authors [17, 18] proposed that once it is adsorbed,
the molecule on the active site, the DDS route begins with hydrogenation of one of
the double bonds adjacent to the sulfur atom, to obtain a dihydrogenated product
and then, the opening of the C▬S bond through a process of elimination. Figure 2
shows the mechanism for the C▬S cleaving. According to the studies of the struc-
ture reactivity, the activity for the DDS reactions is attributed to sites located at the
edges of the MoS2 crystal [19], and it is suggested that the sites are sulfur anionic
vacancies, called coordinatively unsaturated sites (CUS), which are created and
regenerated during the reaction in the presence of hydrogen.

Hydrogenation route (HYD). In the HDS, the HYD route involves the hydroge-
nation of one of the aromatic rings, prior to the cleaving of the C▬S bond: assuming
that the cleavage of the C▬S bond occurs through the β-elimination process, several
explanations for the low reactivity of 4,6-DMDBT have been proposed and
discussed by Bataille et al. [17] such as: (a) steric hindrance of the methyl groups for
the adsorption of the molecule hydrogenated, (b) steric hindrance of the methyl
groups for the cleavage of the C▬S bond, (c) the fact that only one atom of H is
available for the cleavage of the C▬S bond, and (d) an effect of the methyl group
on the acidity of the H atom involved in the elimination process.

Figure 1.
Relative reaction rate of organic sulfur compounds.

9

The Silicon on the Catalysis: Hydrodesulfurization of Petroleum Fractions
DOI: http://dx.doi.org/10.5772/intechopen.84724



The mechanism of elimination E2 (β-elimination) is described as following: a
group S:� (nucleophile) subtracts a proton from the molecule with sulfur atom and
the leaving group is the S atom from that molecule (Figure 3).

The favorable configuration for an elimination E2 is to have both the sulfur
atom and the hydrogen-β atom interacting with the surface of the active phase
(Mo(W)S2) at the same moment (Figure 4a). Then, the methyl group can hinder
the process of elimination by blocking either the sulfur atom or the hydrogen-β
atom as it approaches to catalytic center (Figure 4b). Moreover, the methyl group
in 4,6-DMDBT molecule can also cause the hydrogen-β atom involved in the elim-
ination process to be less acidic than the DBT molecule (Figure 4c). On the other
hand, in the case of 4,6-DMDBT molecule, only one hydrogen atom is available for
the elimination instead of two H atoms as occurs in DBT molecule. All of these
factors can lower the reactivity of the 4,6-DMDBT compared to the DBT molecule.

Figure 3.
Mechanism of elimination E2 (β-elimination).

Figure 2.
Mechanism of the cleaving of the C▬S bond in the DDS route.
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2.2 Active phase models

In the literature, there are some models that try to explain the structure and
operation of the active phase. The models proposed by Daage and Chianelli [20] and
Chianelli et al. [21] have named the sites located in the upper and lower edges of the
crystal as “Rim site,” which are reactive to the reactions of HYD and the break of
the C▬S bond. While the “edge” sites are active only in the cleaving of the C▬S.
Figure 5 depicts the location of these sites in the MoS2 crystal.

Ramos et al. [22] have also showed for unsupported systems the existence of
strong electron donation from Co to Mo and an enhanced metallic character associ-
ated to the Co9S8/MoS2 interface. Berhault et al. [23] studied the structural role of
cobalt, and the influence of support interactions on the morphology and catalytic
properties of Mo and CoMo catalysts supported on alumina and silica.

On the other hand, another model called of the mixed phase “Co(Ni)-Mo(W)-S”
combines studies of tunneling microscopy (STM) with calculations of density
functional theory (DFT), identifying an area with high electron density in the upper
part of the MoS2 crystal that was called “BRIM site,” which have metal properties
capable of efficiently carrying out the hydrogenation reactions [19, 24–26]. In the
present chapter, the mixed phase model was used, since it is the most widely

Figure 4.
Approaching of: (a) DBT, (b) methyl group of the 4,6-DMDBT, and (c) hydrogen atom of the 4,6-DMDBT
molecule to the catalytic center.

Figure 5.
Model “Rim-edge” [21].
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utilized in the literature. Based on this model, the catalytic properties of the sulfur
vacancies at the edges of Mo(W)S2 crystallites are strongly enhanced by the close
presence of a promoter atom (Co or Ni) in the so-called Co(Ni)-Mo(S)-S structures
[23, 26–28]. It has been reported that there are two types of structures that involve
molybdenum or tungsten Co(Ni)-Mo(W)-S crystal, these structures were named
types I and II [23, 27–29]. Type I structure has a strong interaction in the γ-alumina,
since there is the presence of Mo-O-Al linkages and presents poor sulfidation.
Type II structures are characterized by a weaker interaction with the γ-alumina,
allowing to be full sulfided and exhibits high HDS activity. Therefore, it is
important to find a way to weaken the interaction between the active phase and the
support. One option is to use supports that present weak interaction with the active
phase such as silica or carbon. On these supports (silica or carbon) “multilayer”
MoS2 structures are generated, thus the superior crystallites in the structure have a
lower interaction with the support and form type II structures, which means that
stacked or multilayer structures are type II and that single layer structures are
type I, as shown in the Figure 6.

Nevertheless, it is also true that single layer structures that are type II can be
obtained through a complete sulfidation of the oxidized phase and weaken the
electronic interaction with the support. Figure 7 illustrates the aforementioned.

The choice of a suitable support material is often dictated by the process condi-
tions in which a catalyst has to operate. Although, one of the key features of a

Figure 6.
Structures Co(Ni)-Mo(W)-S types I and II.

Figure 7.
Sulfidation reaction in Mo/Al2O3 catalysts.
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support for HDS catalysts is the presence of a large specific area in which the active
phase Mo(W)S2 presents a very high dispersion and/or present weak interaction
support—active phase to generate more active structures (type II). Therefore, it is
important to find a way to weaken the interaction between the active phase and the
support. Therefore, the purpose of the next section is to make an overview of the
recent investigations into the role of silicon in the generation of the type II struc-
tures (weak metal-support interaction), which present better HDS conversion.

3. HDS catalysts supported on mesoporous silicates

The mesoporous silicates such as MCM-41 and SBA-15 have received great
attention in the last decades due to their excellent properties as catalyst support in
hydrotreating reactions [30–36]. These catalysts have reported a high catalytic
activity in the HDS of DBT than their counterpart supported on alumina. In the case
of MCM-41, its low structural stability has limited its industrial use as support. It
is also reported that the addition of Al2O3 stabilizes the structure of the MCM-41,
but do not achieve the promoting effect of Ni [37].

In order to obtain a deep insight into how the preparation conditions of the
MCM-41 have influence on the performance of the catalyst, Hernandez Cedeño
et al. [38] did a detail study of UV-vis spectroscopy in order to find out how the pH
(7 and 9) during the preparation of MCM-41 (MCM41) and Al2O3 (Al) supports as
well as the effect of varying the molar ratio of Si/Al (10, 25, and 50) affect the
coordination of the supported metals, and thus the metal-support interaction. The
catalysts NiW were evaluated in the HDS of DBT. For the catalysts, W/Al2O3 at
different pH presented well-defined bands at 423, 720–722 nm, which can be related
to nickel in octahedral coordination [39, 40].

On the other hand, the catalysts NiW/MCM41 prepared at pH 7 with different
Si/Al (10, 25 and 50) molar ratio presented bands in the range of 710–730 nm
ascribed to octahedral nickel species [11, 49–51]. But also a band between 807 and
818 nm were detected, which was associated to nickel species with octahedral
symmetry distorted; this latter may be related to an interaction Ni-W [41, 42]. In
addition, the catalysts prepared at pH 9 bands at 804 and 820 nm ascribed to nickel
with octahedral distortion were also detected similarly to the catalyst synthesized at
pH 7 [43].

At pH of 9, the NiW/AMS50 prevails the band at 818 nm, related to nickel with
distorted octahedral symmetry, while for the NiW/AMS10 using the same pH, no
octahedral species were observed. An opposite behavior was observed with the pH 7
catalyst, which means the catalyst NiW/AMS10 presents more define bands related
to nickel species in octahedral coordination with respect to the NiW/AMS 50.

Then, the catalyst with the highest reaction rate at pH 7 and pH 9 was the NiW/
AMS10 and NiW/AMS50 catalysts, respectively. Therefore, there is a trend
between the HDS activity and the bands in the range of 804–820 nm as well as the
bands between 710 and 730 nm, which are related to the interaction of Ni-W and
Ni species in octahedral coordination, respectively. Meanwhile, on the catalyst
NiW/Al2O3 prevailed the well-defined band between 720 and 775 nm associated to
Ni2+ in octahedral symmetry, which is caused by the interaction between the metal
and promoter, and leads to the formation of species NiWS type II, resulting in a
better conversion of the DBT.

Although the incorporation of Al in the MCM41 framework improved the
hydrothermal stability, the reaction rate decreases. According to the results of that
work, the incorporation of Al in the MCM41 framework has a negative effect on the
catalyst performance. On the other hand, in the NiW/AMS catalyst, both the pH
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3. HDS catalysts supported on mesoporous silicates

The mesoporous silicates such as MCM-41 and SBA-15 have received great
attention in the last decades due to their excellent properties as catalyst support in
hydrotreating reactions [30–36]. These catalysts have reported a high catalytic
activity in the HDS of DBT than their counterpart supported on alumina. In the case
of MCM-41, its low structural stability has limited its industrial use as support. It
is also reported that the addition of Al2O3 stabilizes the structure of the MCM-41,
but do not achieve the promoting effect of Ni [37].

In order to obtain a deep insight into how the preparation conditions of the
MCM-41 have influence on the performance of the catalyst, Hernandez Cedeño
et al. [38] did a detail study of UV-vis spectroscopy in order to find out how the pH
(7 and 9) during the preparation of MCM-41 (MCM41) and Al2O3 (Al) supports as
well as the effect of varying the molar ratio of Si/Al (10, 25, and 50) affect the
coordination of the supported metals, and thus the metal-support interaction. The
catalysts NiW were evaluated in the HDS of DBT. For the catalysts, W/Al2O3 at
different pH presented well-defined bands at 423, 720–722 nm, which can be related
to nickel in octahedral coordination [39, 40].

On the other hand, the catalysts NiW/MCM41 prepared at pH 7 with different
Si/Al (10, 25 and 50) molar ratio presented bands in the range of 710–730 nm
ascribed to octahedral nickel species [11, 49–51]. But also a band between 807 and
818 nm were detected, which was associated to nickel species with octahedral
symmetry distorted; this latter may be related to an interaction Ni-W [41, 42]. In
addition, the catalysts prepared at pH 9 bands at 804 and 820 nm ascribed to nickel
with octahedral distortion were also detected similarly to the catalyst synthesized at
pH 7 [43].

At pH of 9, the NiW/AMS50 prevails the band at 818 nm, related to nickel with
distorted octahedral symmetry, while for the NiW/AMS10 using the same pH, no
octahedral species were observed. An opposite behavior was observed with the pH 7
catalyst, which means the catalyst NiW/AMS10 presents more define bands related
to nickel species in octahedral coordination with respect to the NiW/AMS 50.

Then, the catalyst with the highest reaction rate at pH 7 and pH 9 was the NiW/
AMS10 and NiW/AMS50 catalysts, respectively. Therefore, there is a trend
between the HDS activity and the bands in the range of 804–820 nm as well as the
bands between 710 and 730 nm, which are related to the interaction of Ni-W and
Ni species in octahedral coordination, respectively. Meanwhile, on the catalyst
NiW/Al2O3 prevailed the well-defined band between 720 and 775 nm associated to
Ni2+ in octahedral symmetry, which is caused by the interaction between the metal
and promoter, and leads to the formation of species NiWS type II, resulting in a
better conversion of the DBT.

Although the incorporation of Al in the MCM41 framework improved the
hydrothermal stability, the reaction rate decreases. According to the results of that
work, the incorporation of Al in the MCM41 framework has a negative effect on the
catalyst performance. On the other hand, in the NiW/AMS catalyst, both the pH
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and the amount of alumina affect the reaction rate. In the case of the catalysts
impregnated at pH 7, the highest reaction rate was achieved with the catalyst that
contains the highest amount of alumina in its structure (NiW/AMS10). On the
contrary for the catalysts impregnated at pH 9, the NiW/AMS50 catalyst (lowest
amount of alumina) presented the highest reaction rate of this series.

Continuing with the influence of the preparation conditions of the support with
Si on the performance of the HDS catalysts in terms of metal-support interaction,
Gómez-Orozco et al. [44] analyzed the effect of modify the SBA-15 support with Ti
on its physicochemical properties and its sulfidation behavior using NiMoW/SBA-
15 catalysts in the HDS reaction of DBT. The amounts of Ti4+ ions incorporated
during the direct synthesis of the SBA-15 support were varied using an Si/Ti molar
ratio of 60, 40, and 20, and the nominal metals loading were 3.84, 13.83, and
17.33 wt% of Ni, Mo, and W, respectively. The supported catalysts were labeled as
CAT/S15, CAT/60TiS15, CAT/40TiS15, and CAT/20TiS15 in agreement with the
nominal Si/Ti ratio of 60, 40, or 20, respectively.

The coordination of Ni, Mo, and W ions was analyzed by UV-vis-DRS. It was
observed that all the samples present a strong band in the range of 210–280 nm,
which is ascribed to Mo and W ions in tetrahedral coordination, such as Mo(W)
O42�. The intensity of this band (210–280 nm) was observed to follow the next
trend: CAT/40TiS15 > CAT/20TiS15 > CAT/S15 > CAT/60TiS15. The catalysts CAT/
40TiS15 and CAT/60TiS also showed an intense band at about 350 nm, which is
related to Mo or W ions with octahedral coordination [45]. Furthermore, these
catalysts present a band at 750 nm assigned to Ni2+ ions in octahedral coordination.
In general, the population of octahedral W species and the W species in tetrahedral
coordination was increased significantly upon Ti incorporation into S15. In
addition, the incorporation of Ti did not decrease the catalytic activity in the HDS of
DBT reaction except for Si/Ti = 40. The UV-vis analysis of the catalyst
CAT/40TiS15 indicates a higher amount of tetrahedral species than its counterpart
CAT/60TiS15. The lower amount of Ti in the catalyst (CAT/60TiS15) presented the
highest hydrogenation capability among the catalysts studied (HYD/DDS = 0.81)
(Table 1) despite the main route of DBT reaction was the direct desulfurization
(DDS) pathway. Hence, the superior activity for CAT/60TiS15 and CAT/S15 sam-
ples was related to a higher dispersion of Mo(W)S2 phase and a lower amount of
tetrahedral species, which are not easy to reduce and sulfide (type I structure),
which means that the catalysts CAT/60TiS15 and CAT/S15 possess a higher popula-
tion of Mo(W)S2 phase with type II structure.

The incorporation of Ti into the structure of the SBA-15 affected the catalytic
properties of the sulfide catalysts. However, the Ti effect depends on its loading. In
this study, the moderate Ti loading (Si/Ti = 40 molar ratio) was observed and had a
negative effect in the catalytic activity, presenting the lower DBT conversion

Catalysts DDS HYD DBT

BF (%) CBH (%) BCH (%) THDBT (%) HYD/DDS Conversion (%)

CAT/S-15 22.34 13.47 1.11 3.08 0.79 91.57

CAT/60Ti-S15 22.16 13.05 1.05 3.75 0.81 96.86

CAT/40Ti-S15 23.99 12.3 0.1 3.6 0.65 80.15

CAT/20Ti-S15 22.86 13.23 0 3.58 0.75 82.36

THDBT, tetrahydrodibenzothiophene; BF, biphenyl; CBH, cyclohexylbenzene; and BCH, bicyclohexyl; calculated for
batch reactor operating at T = 320°C and PH2 = 800 psi for 5 h.

Table 1.
DBT conversion and selectivity HYD/DDS (at 40% of DBT conversion) [39].
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(Table 1). One reason for the poor activity in the catalysts CAT/40TiS15 is the
higher amount of tetrahedral species compared to their counterparts. In contrast,
the catalyst CAT/60TiS15 (Si/Ti = 60 molar ratio) presented a lower amount of the
tetrahedral species. Tetrahedral species are difficult to be reduced and sulfide, and
therefore are not susceptible to develop the HDS active sites. Then, CAT/60TiS15
exhibited the highest HDS activity (96.98% of DBT conversion), the better perfor-
mance for this catalyst is due to the small amount of tetrahedral species, the low
staking, and high dispersion of Mo(W)S2 phases. As it is observed, there is an
optimal relationship of Si/Ti molar ratio in order to improve the HDS performance.
Furthermore, the incorporation of certain amount of Ti into the structure of
SBA-15 generates a high dispersion of the active phase, and a large number of
structure type II.

4. HDS catalysts supported on SiO2-Al2O3

As mentioned above, the type I structure with poor sulfidation has strong Mo-O-
Al linkage with γ-alumina and presents low activity, whereas the type II structures
with full sulfidation possess weak interaction with γ-alumina and exhibit high HDS
activity. The surface modification of alumina with silica is an efficient way to
weaken the metal-support interaction. Sanchez-Minero et al. [46] studied the effect
of incorporate SiO2 with a nominal loading of 10 wt% (SAC 10) onto the surface of
alumina in NiMo/Al2O3-SiO2(x) catalysts for the hydrotreatment of mixtures of
4,6-DMDBT-naphthalene-carbazole. An infrared analysis of the hydroxyl region
was carried out, characteristics bands of Al2O3 hydroxyl groups were observed at
3790, 3775, 3740, 3730 and 3680 cm�1 [47], and it can be noted from the IR
spectrum of the alumina support (SAC). The most basic hydroxyl groups in alumina
give rise to an IR band at 3775 cm�1. When silica is incorporated to alumina
(SAC 10), some changes in the bands intensity are observed. A new band localized
in the region at 3725–3750 cm�1 appears, which is assigned to isolated silanol groups
[48, 49]. Furthermore, the bands corresponding to the most basic hydroxyl groups
(3775 cm�1) disappear. This behavior indicates that modifying the alumina surface
with SiO2 eliminates the most basic hydroxyl groups in alumina promoting that
the sulfided NiMoSAC10 catalyst presented highly stacked MoS2 crystallites with
more than two layers (type II structure). These sites favor the hydrogenation route,
being more active for 4,6-DMDBT HDS.

Recently, Romero-Galarza et al. [50] carried out a systematic study of the
change in activity, selectivity, dispersion, sulfidation, and extent of promotion for
CoMo and NiMo HDS catalysts supported on Al2O3 and SiO2/Al2O3. They found
for CoMo and NiMo catalysts that the grafting of the surface of alumina support
with a 4.0 wt% of silica was enough to eliminate the most basic hydroxyl groups
bonded to tetrahedral aluminum (IR band at 3767 cm�1), and thus, this induces to
have a higher proportion of Mo and Co(Ni) in octahedral coordination (DRS-UV-
vis results), resulting in a better catalytic performance in the HDS of 4,6-DMDBT.

It was also found that the extent of promotion, determinated by the XPS ratio of
NiMoS/NiT, is larger for the Ni-promoted catalysts than for Co-promoted catalyst,
which is in line with the fact that NiMo catalysts can incorporate the Ni promoter
on three different edges of a dodecagonal NiMoS particle, in contrast to CoMo
catalysts where the copromoter is incorporated only on the sulfur edge of a hexag-
onal CoMoS cluster [26, 27]. The origin of the better performance of the NiMoSAC
catalyst over their alumina-supported counterparts, NiMoAl and CoMoAl, seems
to be mainly related to the higher extent of promotion and sulfidation achieved in
the catalysts with SiO2 (type II structures). This fact is reflected with a good
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correlation between the degree of promotion with the hydrodesulfurization rate
constant displayed in Figure 8, and agrees with the literature reports that indicate
that promotion favors the appearance or brighter (more metallic) brim site, which
can perform hydrogenating reactions [51], which is the main route for the HDS of
4,6-DMDBT.

On the other hand, Xu et al. [11] prepared a novel NiMo/SiO2-Al2O3 catalysts
with the improved stacking and good dispersion of supported active phase via
gemini surfactant-assisted synthesis. In this method, polymolybdates anions were
transformed into gemini surfactant-linked Mo precursor (GSMP), dispersing Mo
species well and weakening the strong Mo-support interaction. The GSMP-based
NiMo/SiO2-Al2O3 (NiMo-GSHD) catalyst presents higher activity for the HDS of
4,6-DMDBT than its counterparts prepared via impregnation (NiMo-IM) and the
cetyltrimethylammonium bromide-assisted hydrothermal method (NiMo-CTHD).
To understand their different activities (Table 2), the HDS activities of the catalysts
were correlated with the structure of their metal phase.

The reason for the higher HDS activity of 4,6-DMDBT (Table 2) exhibited in
the catalyst NiMo-GSHD is related to the greater MoS2 dispersion, a superior
average stacking number determinated by HRTEM and the higher extent of pro-
motion (NiMoS) calculated by XPS and by NO-IR characterization, thus generating
more Ni-Mo-S active sites with sufficient brim sites (type II structures). Such that,
the prehydrogenation activity of NiMi-GSHD for 4,6-DMDBT with steric hindrance
is markedly improved. The prehydrogenated products (4,6-THDMDBT and 4,6-
HHDMDBT) without steric hindrance are much easier to be desulfurization via
hydrogenolysis on the edge sites of Ni-Mo-S phases than initial 4,6-DMDBT.
Therefore, NiMo-GSHD, with more edge sites due to its better metal dispersion,
possesses higher 3,3´-MCHT selectivity than NiMo-IM and NiMo-CTHD.

According to the results showed in this section, the use of supports SiO2-Al2O3
results in an improvement in the performance of the catalysts in the HDS reaction
of the 4,6-DMDBT molecule. Grafting SiO2 on the surface of γ-alumina generates
two main effects. Increasing the extent of sulfidation and promotion, generating

Figure 8.
Relationship between global HDS rate constant vs. Ni or Co atoms involved in the Co(Ni)MoS phase.
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structures Co(Ni)-Mo-S type II, unlike the catalysts supported in γ-alumina where
the structures type I predominate, which are not well sulfided due to a strong metal-
support interaction. On the other hand, a different Mo precursor is used (gemini
surfactant-linked) in conjunction with the use of a mixed Al2O3-SiO2 support with
a composition of 96.4 and 3.6 wt%, respectively, resulting in the formation of
sulfide molybdenum (MoS2) crystals with higher stacking, generating the so-called
Ni-Mo-S type II, which are more active in HDS of 4,6-DMDBT molecule.

5. Conclusions

The metal-support interaction is one of the most important parameters in the
design of HDS catalysts. The use of silicon in the preparation of HDS catalyst
support has been showed to weak the metal interaction, generating type II Co(Ni)-
Mo(W)-S structures, which are characterized by: (i) a complete sulfidation of the
oxidized phase, weakening the electronic interaction with the support or
(ii) stacked structures so that the upper crystallites in the structure Mo(W)S2 have
a low interaction with the support. The so-called type II Co(Ni)-Mo(W)-S struc-
tures are more active than the partially sulfide type I. The use of mesoporous
silicates such as MCM-41 and SBA-15 has been proposed in the literature, with the
intention to increase the active phase, acidity, the type II structures, and the dis-
persion of the active phase (Mo(W)S2). In the case of the MCM-41 support, the
preparation conditions such as pH and the Si/Al molar ratio increase the number of
oxidized species in octahedral coordination, which are precursors of the type II
structures. However, these materials did not show better HDS performance in the
DBT molecule compared with the alumina support. It would be very useful to
evaluate this type of catalyst support (MCM-41) in a molecule more refractory to
HDS, such as 4,6-DMDBT, and see if it is possible to increase the catalytic perfor-
mance compared to the catalyst supported in alumina, since the 4,6-DMDBT mol-
ecule is more sensitive to the geometry of the Co(Ni)-Mo(W)-S structure than the
DBT molecule. On the other hand, SBA-15 mesoporous silicate doped with a certain
amount of Ti (Si/Ti = 60 molar ratio) showed to improve the catalytic performance
in the HDS of the DBT molecule, through generating a greater population of type II
structures; therefore, these materials are useful as HDS catalyst support.

Catalysts kHDS
a TOFb � 104 Product ratioc

(10�7 molg�1s�1) (s�1) (TH + HH)/MCHT MCHT/DMDBP

Mo-IM 0.32 1.72 0.33 1.85

Mo-CTHD 0.47 2.24 0.3 2.41

Mo-GSHD 0.7 2.83 0.27 3.07

NiMo-IM 3.16 5.62 0.16 2.04

NiMo-CTHD 4.18 7.34 0.13 2.72

NiMo-GSHD 5.78 9.21 0.11 3.67

TH, tetrahydrodimethylbenzothiophene; HH, hexahydrodimethyldibenzothiophene; MCHT, dimethylbicyclohexyl;
and DMDBP, dimethylbiphenyl.
aCalculated with the 4,6-DMDBT conversion at about 30%.
bNumber of the reacted 4,6-DMDBT molecules per second and per Mo atom at the edge surface.
cDeterminated at about 50% of the total 4,6-DMDBT conversion by changing liquid hourly space velocity.

Table 2.
HDS results of 4,6-DMDBT on different catalysts [47].
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structures; therefore, these materials are useful as HDS catalyst support.

Catalysts kHDS
a TOFb � 104 Product ratioc

(10�7 molg�1s�1) (s�1) (TH + HH)/MCHT MCHT/DMDBP

Mo-IM 0.32 1.72 0.33 1.85

Mo-CTHD 0.47 2.24 0.3 2.41

Mo-GSHD 0.7 2.83 0.27 3.07

NiMo-IM 3.16 5.62 0.16 2.04

NiMo-CTHD 4.18 7.34 0.13 2.72

NiMo-GSHD 5.78 9.21 0.11 3.67

TH, tetrahydrodimethylbenzothiophene; HH, hexahydrodimethyldibenzothiophene; MCHT, dimethylbicyclohexyl;
and DMDBP, dimethylbiphenyl.
aCalculated with the 4,6-DMDBT conversion at about 30%.
bNumber of the reacted 4,6-DMDBT molecules per second and per Mo atom at the edge surface.
cDeterminated at about 50% of the total 4,6-DMDBT conversion by changing liquid hourly space velocity.

Table 2.
HDS results of 4,6-DMDBT on different catalysts [47].
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Grafting SiO2 on the surface of γ-alumina or the use of mixed support
(Al2O3-SiO2) are other alternatives to promote the formation of so-called type II Co
(Ni)-Mo(W)-S structures. It has been reported that a small amount of SiO2 is
enough to weaken the metal-support interaction and thus increase the extent of
sulfidation and level promotion, which are fundamental parameters to improve the
performance of HDS catalysts. So, it can be concluded that the use of silicon in the
preparation of HDS catalyst support is a promising alternative to get better perfor-
mance in HDS catalysts.

Author details

Denis A. Cabrera-Munguia1, Lucero Rosales-Marines2, Anilu Rubio-Ríos2,
Lorena Farías-Cepeda2 and Adolfo Romero-Galarza2*

1 Chemical Engineering Faculty, Michoacana de San Nicolás de Hidalgo University,
Morelia, Michoacán, Mexico

2 Chemical Engineering Department, Faculty of Chemical Sciences, Autonomous
University of Coahuila, Saltillo, Coahuila, Mexico

*Address all correspondence to: a_romero@uadec.edu.mx

©2019 TheAuthor(s). Licensee IntechOpen. This chapter is distributed under the terms
of theCreativeCommonsAttribution License (http://creativecommons.org/licenses/
by/3.0),which permits unrestricted use, distribution, and reproduction in anymedium,
provided the original work is properly cited.

18

Silicon Materials

References

[1] Rangarajan S, Mavrikakis M. On the
preferred active sites of promoted MoS2
for hydrodesulfurization with minimal
organonitrogen inhibition. ACS
Catalysis. 2016;7:501-509. DOI: 10.1021/
acscatal.6b02735

[2] Fu W, Zhang L, Tang T, Ke Q, Wang
S, Hu J, et al. Extraordinarily high
activity in the hydrodesulfurization of
4,6-dimethyldibenzothiophene over Pd
supported on mesoporous zeolite Y.
Journal of the American Chemical
Society. 2011;133:15346-15349. DOI:
10.1021/ja2072719

[3] Egorova M, Prins R. Competitive
hydrodesulfurization of 4,6-
dimethyldibenzothiophene,
hydrodenitrogenation of 2-
methylpyridine, and hydrogenation of
naphthalene over sulfide NiMo/γ-
Al2O3. Journal of Catalysis. 2004;224:
278-287. DOI: 10.1016/j.jcat.2004.
03.005

[4] Recursos energéticos globales,
Encuesta 2013: Resumen. World Enegy
council. Available from: https://www.
worldenergy.org/wp-content/uploads/
2014/04/Traduccion-Estudio-Recursos-
Energeticos1.pdf

[5] Stanislaus A, Marafi A, Rana SM.
Recent advances in the science and
technology of ultra low sulfur diesel
(ULSD) production. Catalysis Today.
2010;153:1-68. DOI: 10.1016/j.
cattod.2010.05.011

[6] ENI. 2016. O&G World oil and gas
review 2016. Avaliable from: https://
www.eni.com/docs/en_IT/enicom/
company/fuel-cafe/WOGR-2016.pdf

[7] Van Haandel L, Bremmer M,
Kooyman PJ, Van Veen JAR, Weber T,
Hensen EJM. Structure-activity
correlations in hydrodesulfurization
reactions over Ni-promoted MoxW
(1-x)S2/Al2O3 catalysts. ACS Catalysis.

2015;5:7276-7287. DOI: 10.1021/acscatal.
5b01806

[8] Vít Z, Gulková D, Kaluza L, Kupcik J.
Pd-Pt catalysts on mesoporous SiO2-
Al2O3 with superior activity for HDS of
4,6-dimethyldibenzothiophene: Effect
of metal loading and support
composition. Applied Catalysis B:
Environmental. 2015;179:44-53. DOI:
10.1016/j.apcatb.2015.04.057

[9] Xiangchen F, Rong G, Chengmin Y.
The development and application of
catalysts for ultra-deep
hydrodesulfurization of diesel. Chinese
Journal of Catalysis. 2013;34:130-139.
DOI: 10.1016/S1872-2067(11)60506-8

[10] Sh R, Li J, Feng B, Wang Y, Zhang
W, Wen G, et al. Catalysis Today. 2015;
263:136-140. DOI: 10.1016/j.cattod.
2015.06.023

[11] Xu J, Huang T, Fan Y. Highly
efficient NiMo/SiO2-Al2O3
hydrodesulfurization catalyst prepared
from gemini surfactant-dispersed Mo
precursor. Applied Catalysis B:
Environmental. 2017;203:839-850. DOI:
10.1016/j.apcatb.2016.10.078

[12] López-Benítez A, Berhault G,
Guevara-Lara A. Addition of manganese
to alumina and its influence on the
formation of supported NiMo catalysts
for dibenzothiophene
hydrodesulfurization application.
Journal of Catalysis. 2016;344:59-76.
DOI: 10.1016/j.jcat.2016.08.015

[13] Gates BC, Topsøe H. Reactives in
deep catalytic hydrodesulfurization:
Challenges, opportunities, and the
importance of 4-methyldibenzothiophene
and 4,6-dimethyldibenzothiophene.
Polyhedron. 1997;16:3213-3217. DOI:
S0277-5387(97)00074-0

[14] Song C. An overview of new
approaches to deep desulfurization for

19

The Silicon on the Catalysis: Hydrodesulfurization of Petroleum Fractions
DOI: http://dx.doi.org/10.5772/intechopen.84724



Grafting SiO2 on the surface of γ-alumina or the use of mixed support
(Al2O3-SiO2) are other alternatives to promote the formation of so-called type II Co
(Ni)-Mo(W)-S structures. It has been reported that a small amount of SiO2 is
enough to weaken the metal-support interaction and thus increase the extent of
sulfidation and level promotion, which are fundamental parameters to improve the
performance of HDS catalysts. So, it can be concluded that the use of silicon in the
preparation of HDS catalyst support is a promising alternative to get better perfor-
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Abstract

Silicon (Si) has been the paradigm of the electronic industry, because it has 
been used in fabrication of different electronic circuit elements such as diodes, 
operational amplifiers, transistors, and in the last few decades, it has been the base 
material of the development of solar energy industry. However, other research 
fields in which the physical and chemical properties of Si have demonstrated to be 
relevant to applications in areas such as the mechanical, optical, electrical, and elec-
trochemical are less known. Therefore, it is relevant to know the technology that 
has generated materials with new or better physical and chemical properties, such 
as the nanocomposite materials that have been growing in thin films. These films 
exhibiting new properties with respect to the bulk material and with the addition 
of Si, have demonstrated to improve the properties of the transition metal nitride 
(MeN), obtaining thin films with a high nanohardness, wear resistance, corrosion 
resistance, and high thermal stability. Therefore, the main objective of this chapter 
is to know the role that plays the incorporation Si in growth, microstructure, chemi-
cal composition, and functional properties of ZrN thin films.

Keywords: silicon, thin films, incorporation, mechanical, optical, electrical

1. Introduction

Thin films have been widely used in different application fields such as in chemi-
cal as diffusion barrier, in electrochemical as films for protection against corrosion, 
in mechanical as hard and wear resistance coating, in optical as reflection and antire-
flection coating, and in electronic area as conductor or insulator material [1–12].

Different chemical elements or compounds have been used to deposit thin films, 
which have been shown to improve the surface properties of a material (substrate). 
Among all these compounds, we find that the transition metal nitrides (MeN) 
have been widely used in mechanical applications due to their high hardness and 
wear resistance [2, 13–16]. However, it has been found that the addition of a third 
element may improve the physical and chemical properties of MeN due to a change 
that this new element generates in the microstructure of these materials [1, 17–30]. 
These structures are called nanocomposite, and there are two different groups of 
hard nanocomposite films, for instance: (i) crystalline/amorphous nanocomposites 
and (ii) crystalline/crystalline nanocomposites.

An element used to improve the properties of MeN is the silicon. In the published 
literature (Table 1), it has been found that the Si addition generated the formation 
of two phases: a nanocrystalline of MeN and an amorphous phase of silicon nitride 
(Si3N4), which improved the physical and chemical properties of MeN [17, 19–21, 
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have been widely used in mechanical applications due to their high hardness and 
wear resistance [2, 13–16]. However, it has been found that the addition of a third 
element may improve the physical and chemical properties of MeN due to a change 
that this new element generates in the microstructure of these materials [1, 17–30]. 
These structures are called nanocomposite, and there are two different groups of 
hard nanocomposite films, for instance: (i) crystalline/amorphous nanocomposites 
and (ii) crystalline/crystalline nanocomposites.

An element used to improve the properties of MeN is the silicon. In the published 
literature (Table 1), it has been found that the Si addition generated the formation 
of two phases: a nanocrystalline of MeN and an amorphous phase of silicon nitride 
(Si3N4), which improved the physical and chemical properties of MeN [17, 19–21, 
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23–25, 28, 31–66]. It has been demonstrated that these nanocomposite thin films 
have high nanohardness, wear resistance, corrosion resistance, and thermal stability 
at high temperature. However, the properties of the films depend on the deposition 
technique and the growth parameters used [4, 8, 10, 13, 26, 67–69].

Among the papers published on nanocomposite films, one of the researchers who 
has contributed the most in the development of these materials have been Veprek 
and their co-workers [64, 76]. They have reported the formation of Ti▬Si▬N 
nanocomposites films with a hardness >40 GPa, which consist of a nanocrystalline 
phase (TiN) embedded on the matrix amorphous (Si3N4), produced by sputtering 
magnetron. They found that the decrease in the crystalline size and the formation of 
two phases (nanocomposite) improve the hardness films to hinder the multiplication 
and movement of dislocation and the growth of flaws. However, the hardness cannot 
improve in small nanocrystals about <10 nm, due to the fraction of the material in 
the increasing grain boundary generates a decrease in the hardness of the film by a 
grain boundary sliding (Hall-Petch relationship). Therefore, they suggest that an 
increase on the strength and hardness of the films can be archived with decreasing 
crystalline size only if grain boundary sliding can be blocked, and this behavior 
has been shown in different nanocomposite films. Also, they proposed one model 
to explain the formation of nanocomposite, explaining the phase segregation in 
Ti▬Si▬N because of spinodal decomposition during deposition. The spinodal 
decomposition process consists of the reduction of the solubility limit of the silicon 
on MeN lattice, generating the complete phase segregation of the SiNx around of 

Nanocomposite 
film

Deposition technique

ZrSiN Reactive magnetron cosputtering [17, 24, 28, 32, 33, 35, 44, 46, 48, 49, 51–55, 57, 59, 63]

ZrSiN Unfiltered cathodic arc evaporation [21, 23]

CrAlSiN Cathodic arc evaporation [66]

TiSiN Chemical vapor deposition in a fluidized bed reactor at atmospheric pressure (AP/
FBR-CVD) [70]

TiSiN A combination of DC and RF magnetron sputtering [41, 64]

TiSiN Vacuum cathodic arc evaporation [58]

zAlSiN DC magnetron sputtering [19, 47, 71]

WSiN DC reactive unbalanced magnetron sputtering [49, 72]

TiAlSiCuN DC reactive magnetron sputtering [65]

ZrTiCrNbSiN Vacuum arc evaporation [31]

CrZrSiN Unbalanced magnetron sputtering [37]

TiSiN-Ag Reactive magnetron cosputtering [25]

TaSiN and CrTaSiN Reactive magnetron cosputtering [36, 50]

AlTiSiN and CrSiN Cathode arc ion plating system [34, 73]

TiSiCN Conventional magnetron sputtering and plasma enhanced magnetron sputtering 
(PEMS) [38, 74]

ZrSiN Hybrid cathodic arc and chemical vapor process [56]

TiAlVSiN Vacuum cathodic arc evaporation [58]

NbSiN Unbalanced magnetron sputtering [71]

CrSiN Closed field unbalanced magnetron sputtering [75]

Table 1. 
Deposition techniques used for depositing nanocomposites thin films.
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the MeN crystals or an increase of the thickness of SiNx amorphous phases  
[48, 76]. This process is obtained with high temperature (>550°C) deposition and 
high nitrogen pressure [64].

The scientific and technologic importance of the development of the nanocom-
posite films with the chemical and physical performances that those has shown, 
it is evident if it is considered the great amount the publications that over this 
theme has been produced. In Table 1, it is summarized the most important works 
of nanocomposite thin films with silicon, as can see, the deposition method most 
used to deposit these films is sputtering technique. This technique allows to deposit 
metallic and insulator elements and compounds at low temperature, maintaining 
the composition of the target. In addition, the films deposited have shown to be of 
high quality (homogeneous and dense) and with good adhesion [3, 77, 78].

In this chapter, we discussed about of a new generation of nanocomposite films 
composed of two phases: a nanocrystalline embedded in an amorphous matrix, 
specifically of nanocomposites formed by zirconium nitride and silicon.

Therefore, the content of the chapter is divided into the following topics: Section 
1 is dedicated to describe the more usually experimental deposition conditions of the 
films via magnetron sputtering techniques. In Section 2 of the chapter will present 
chemical analysis of their bulk through spectroscopy of the X-ray dispersive (EDX) 
and the chemical surface analysis of the films by means of spectroscopy of photoelec-
trons (XPS). Section 3 is dedicated to discuss the influence of silicon in the crystalline 
structure of the films. This analysis is done through X-ray diffraction (XRD) and 
transmission electron microscopy (TEM). Sections 4–6 will describe the electrical, 
optical, and mechanical behavior of the deposited films, respectively. Finally, Section 
7 will present the corrosion resistance that gives the films on stainless steel substrates. 
This analysis will be done with potentiodynamic polarization curves (TAFEL).

2.  Growth of thin films using DC reactive magnetron sputtering 
technique

Most publication about nanocomposite films has shown that the DC reactive 
magnetron cosputtering technique is the most used to deposit these materials 
(see Table 1), and they have reported that the formation and microstructure of the 
films are determined by the deposition parameters, such as applied power at the 
target, working pressure, bias voltage, and deposition temperature (see Table 2).

In a sputtering process, the surface target is hitting with ions produced by 
an electric discharge, which form plasma. Normally, no reactive gas (Argon-Ar) 
is used to form the plasma. The interaction of these ions with the surface of the 
target causes the atoms on the surface to be ripped off through a moment exchange 
between ions and atoms of the target [4, 77, 79]. These sputtered atoms must transit 
from target to the substrate surface. During this displacement, the sputtered atoms 
experience many collisions with the particles that are in this region (sputtered 
atoms or Ar atoms or reactive atoms in the case of a reactive gas). These collisions 
change the velocity, direction, and the energy of the sputtered atoms. Therefore, 
the number of atoms that reach to the substrate surface will depend on the working 
pressure and the target-substrate distance. Moreover, the formation of the film is 
related with the condensing energy of the atoms (adatoms) on the surface of the 
substrate. Different works have found that amorphous films are formed when the 
adatoms have low energy of diffuse on the surface that does not allow that they 
may find low energy sites for the nucleation; while, a crystalline structure may be 
formed when the adatoms have a high surface mobility [8, 15, 80–88]. However, 
several works have found that when the growing films are exposed to bombardment 
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of high-energy particle, the structure and properties of deposited films can be 
improved. This can be achieved by applying a negative voltage called bias to the 
surface substrate [18, 81, 89]. These high-energy particles can improve the diffusion 
of the adatoms on the substrate surface. Another way to improve adatoms mobil-
ity is by increasing the temperature of the substrate [15, 83, 85]. Therefore, in the 
deposition of thin films, it is important to be able to find the deposition parameters 
to determine and understand their physical and chemical properties.

Finally, the composition of the target is another parameter that will affect the 
characteristics of the films. It has been shown that the addition of silicon to transi-
tion metal nitride can affect the structure and properties of the films; due to that 
the addition of the silicon atoms can block the surface mobility of the adatoms 
of the metal or the transition metal nitride [28, 51, 57, 63, 90]. Therefore, as the 
amount of silicon is increased, the structure of the film is changed from a polycrys-
talline, nanocrystalline to amorphous.

Zirconium nitride with silicon films was deposited via DC reactive magnetron 
sputtering technique. Only one zirconium target was used with silicon pellets on 
the target surface to tailor the Si content in the Zr▬Si▬N films. The deposition 
parameters used are shown in Table 3. This sputtering method has been used for 
depositing different nanocomposite films such as: Ti▬Si▬N [91], W▬Si▬N [72], 
Zr▬Si▬N [92], Al▬Si▬N [93], and Nb▬Si▬N [71].

Nanocomposite T a (C) Target Gasb 
(sccm)

Powerc 
(W)

Powerd 
(W)

W.P e (Pa) Bias 
(V)

ZrSiN [17, 33, 39] RT
200
500
900

Zr (1)
Si (2)

Zr + Si 
pellets

Ar:19
N2:2

Ar + N2

Ar:8
N2:4

Zr: 
120–150f

Si: 
0–250g

4 × 10−1

2.7 × 10−1
0–100

TiSiN [41] 200 Ti (1)
Si (2)

Ar + N2 Ti: 
300–500f

Si: 
50–150g

0.9–1.2 25

AlSiN [19, 47] 400
500

Al-Si alloy
Al-Si

Ar + N2 75 0 1 NM

WSiN [49, 72] 500 WSi2 alloy Ar + N2 NM 0 0.05–0.5 100

TaSiN [50] 500 TaSi2 alloy Ar + N2 NM 0 5 × 10−1 50

CrSiN [75] NM Cr (1)
Si (2)

Ar + N2 Cr: 20 cm−2 NM NM 100

TiAlSiCuN [65] RT TiAlSi alloy
Cu (2)

Ar + N2 TiAlSi: 
537.5

Cu: 
0–21.25

6 × 10−1 NM

CrZrSiN [37] 120 CrZrSi 
segment

Ar + N2 0.7 kg 0 5 × 10−1 NM

CrTaSiN [36] NM Cr (1)
Ta (2)
Si (3)

Ar: 12
N2: 8

Cr: 150g Ta: 100f

Si: 150f
4 × 10−1 NM

RT and NM are used to room temperature and when the variable is not mentioned, respectively. 
aTemperature.
bGas type and flux.
cFirst target power.
dSecond target power.
eWorking pressure
fDirect current.
gRadio frequency.

Table 2. 
Deposition parameters for different nanocomposite films obtained by reactive magnetron sputtering.
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The zirconium nitride and silicon nitride were obtained by adding of nitrogen as 
reactive gas to the deposition chamber. Three series of samples were deposited with 
different numbers of silicon pellets (X), ZrN + XSi, where X = 0, 1, and 2. Finally, thick-
nesses of the deposited film were obtained from the cross-sectional scanning electronic 
microscope images, which are not included in this chapter. These images showed that 
the thicknesses of the films were 823 ± 2, 955  ± 8, and 1060  ± 6 nm for ZrN, ZrN + 1Si, and 
ZrN + 2Si, respectively. The results of the chemical and structural characterization and 
the study of the functional properties are shown in the following subsections.

3.  Chemical characterization by means of spectroscopy of the X-ray 
dispersive (EDX) and spectroscopy of photoelectrons (XPS)

In the sputtering technique, the elements of target are transferred to the sub-
strate surface; this is verified with EDX analysis. Figure 1a shows the EDX spectrum 
for the ZrN + 2Si film.

The EDX spectrum evidences the presence of zirconium, nitrogen, and silicon 
in the film. The elemental chemical composition of the deposited films is listed in 
Table 4. Figure 1b shows the variation of the zirconium content with the increase of 
the silicon content in the films. As silicon content increases, the Zr content decreases in 
the films due to the reduction of the effective sputtering area of the Zr target with the 
Si pellets. These results are similar to those published by other authors using the same 
sputtering configuration [59, 62, 92]. The EDX results also showed that with one Si 
pellet, the Si content was of 8 at.% and with two pellets was of 15 at.%.

It has been found that when the solubility limit of Si in MeN lattice is exceeded, 
the Si atoms form a Si3N4 phase [94]. The formation of Si3N4 phase into MeN grain 
boundaries is typical for the Me▬Si▬N systems [17, 19, 25, 41, 71, 73]. Therefore, 
in our case, a chemical analysis for XPS of the ZrN▬Si deposited films with differ-
ent Si contents was carried out to show the formation of the Si3N4 phase with the 
Si addition. Figure 2 shows the high-resolution XPS spectrum for the MeN films. 
The XPS results of Zr 3d peaks (Figure 2a) showed the presence of Zr▬N bond 
with a binding energy of 179.6 eV [95], and the Si 2p peaks (Figure 2b) showed the 
presence of Si-N bond to 100.8 eV [24] on the film surface. Additionally, the results 

Deposition parameters Value

Target of sputter Zr (99.99%)

Reactive gas Nitrogen

Target diameter (cm) 5

Distance target-substrate (cm) 5

Base pressure (Pa) 4 × 10−4

Working pressure (Pa) 8 × 10−1

Temperature (°C) 200

Voltage of bias (V) 0

Applied power (W) 140

Number of Si pellets 0, 1, 2

Deposition time (s) 3600

The Ar/N2 flow ratio was optimized to obtain ZrN films.

Table 3. 
Deposition parameters used to deposit ZrN-Si films via DC reactive magnetron sputtering.
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deposition of thin films, it is important to be able to find the deposition parameters 
to determine and understand their physical and chemical properties.
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characteristics of the films. It has been shown that the addition of silicon to transi-
tion metal nitride can affect the structure and properties of the films; due to that 
the addition of the silicon atoms can block the surface mobility of the adatoms 
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amount of silicon is increased, the structure of the film is changed from a polycrys-
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Zirconium nitride with silicon films was deposited via DC reactive magnetron 
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the target surface to tailor the Si content in the Zr▬Si▬N films. The deposition 
parameters used are shown in Table 3. This sputtering method has been used for 
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different numbers of silicon pellets (X), ZrN + XSi, where X = 0, 1, and 2. Finally, thick-
nesses of the deposited film were obtained from the cross-sectional scanning electronic 
microscope images, which are not included in this chapter. These images showed that 
the thicknesses of the films were 823 ± 2, 955  ± 8, and 1060  ± 6 nm for ZrN, ZrN + 1Si, and 
ZrN + 2Si, respectively. The results of the chemical and structural characterization and 
the study of the functional properties are shown in the following subsections.

3.  Chemical characterization by means of spectroscopy of the X-ray 
dispersive (EDX) and spectroscopy of photoelectrons (XPS)

In the sputtering technique, the elements of target are transferred to the sub-
strate surface; this is verified with EDX analysis. Figure 1a shows the EDX spectrum 
for the ZrN + 2Si film.

The EDX spectrum evidences the presence of zirconium, nitrogen, and silicon 
in the film. The elemental chemical composition of the deposited films is listed in 
Table 4. Figure 1b shows the variation of the zirconium content with the increase of 
the silicon content in the films. As silicon content increases, the Zr content decreases in 
the films due to the reduction of the effective sputtering area of the Zr target with the 
Si pellets. These results are similar to those published by other authors using the same 
sputtering configuration [59, 62, 92]. The EDX results also showed that with one Si 
pellet, the Si content was of 8 at.% and with two pellets was of 15 at.%.

It has been found that when the solubility limit of Si in MeN lattice is exceeded, 
the Si atoms form a Si3N4 phase [94]. The formation of Si3N4 phase into MeN grain 
boundaries is typical for the Me▬Si▬N systems [17, 19, 25, 41, 71, 73]. Therefore, 
in our case, a chemical analysis for XPS of the ZrN▬Si deposited films with differ-
ent Si contents was carried out to show the formation of the Si3N4 phase with the 
Si addition. Figure 2 shows the high-resolution XPS spectrum for the MeN films. 
The XPS results of Zr 3d peaks (Figure 2a) showed the presence of Zr▬N bond 
with a binding energy of 179.6 eV [95], and the Si 2p peaks (Figure 2b) showed the 
presence of Si-N bond to 100.8 eV [24] on the film surface. Additionally, the results 
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Voltage of bias (V) 0

Applied power (W) 140

Number of Si pellets 0, 1, 2

Deposition time (s) 3600

The Ar/N2 flow ratio was optimized to obtain ZrN films.

Table 3. 
Deposition parameters used to deposit ZrN-Si films via DC reactive magnetron sputtering.
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Figure 2. 
High-resolution XPS spectra for ZrN▬Si films with different silicon contents (a) Zr 3d and (b) Si 2p. The Si 
addition generated the formation of the Si3N4 phase in the films.

showed the formation of zirconium oxide (ZrO2) and oxynitride of zirconium 
(ZrOxNy) that can be due to the presence of residual oxygen in the deposition cham-
ber and to high possibility that has the zirconium to react with oxygen according to 
enthalpy of formation for ZrO2 that is −1101.3 kJ/mol [96].

Various works have shown that the Si exists as solid solution in the ZrN lattice 
up to 3.0 at.%, but when the Si content increases, the formation of the Si3N4 phase is 
observed [17, 21]. Therefore, the EDX and XPS results show that with a Si content of 
8 at.%, the solubility limit of Si in ZrN lattice is exceeded, generating the formation 
of Si3N4 into ZrN grain boundaries with the increased Si content, probability of the 
volume of the phase of Si3N4 is increased, and the phase of ZrN is decreased.

Figure 1. 
(a) EDX spectrum of ZrN + 2Si film with a 15 at.% of silicon and (b) the stoichiometry behavior of the 
ZrN▬Si deposited film at different silicon contents.

Samples name Atomic percentage (at.%)

Zirconium (Zr) Nitrogen (N) Silicon (Si)

ZrN 51.0 49.0 0.0

ZrN + 1Si 43.0 49.0 8.0

ZrN + 2Si 36.0 49.0 15.0

Table 4. 
The elemental chemical composition of the deposited films with different Si contents.
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4.  Structural characterization of the films through X-ray diffraction 
(XRD) and transmission electron microscopy (TEM)

With the addition of Si, it has been found that the microstructure of MeN 
films changes, and this change will depend on Si. Three types of microstructure 
have been observed in function of Si content: polycrystalline films with low 
Si content up to 3 at.%, nanocrystalline films with 3–10 at.% (nanocomposite: 
 nanocrystalline and amorphous phase), and with a Si content above 10 at.%, 
the films are amorphous. These values on the silicon content are obtained for 
Ti▬Si▬N deposited films with different Si contents [97], but may change 
depending on MeN. In our case, the microstructure ZrN▬Si deposited films were 
characterized by XRD and TEM techniques. Figure 3 shows the XRD pattern of 
ZrN films with different Si contents deposited on the common glass substrate. 
Figure 3 exhibits diffraction peaks corresponding to fcc-ZrN (pdf. 01-078-1420) 
for the ZrN film without silicon (black color). The addition of Si, red and blue 
color, indicates that the diffraction peak of the ZrN (111) tends to broaden, while 
the ZrN (200) peak disappears as Si content increased. The broadening of the 
peak may be due to the formation of nanocrystals of cubic ZrN and tetragonal 
ZrO2, reported in the 2 θ  position 33.83° (pdf. 01-078-1420) and 30.27° (pdf. 
00-050-1089), respectively. The crystalline size for ZrN films is <10 nm, which 
was determined for the Scherrer equation, and with the addition of Si, the crys-
talline size decreased until 5 nm. The XRD evidenced that Si addition generated a 
refinement of grain, which is related with a broadening of the diffraction peaks. 
With a high Si content (15 at.%), the film is amorphous.

To study the structure of the ZrN▬Si film with Si content of 8 at.% in more 
detail, transmission electron microscopy with selected area electron diffraction 
(SAED) was done. Figure 4 shows the SAED pattern of ZrN + 1Si film. It shows the 
presence of the (111), (200), and (220) diffraction rings, which indicate a fcc-ZrN 
structure, but the (111) diffraction ring is very broad, which is in very good agree-
ment with the XRD results in the same d-spacing from 0.295 to 0.262 nm.

In addition, this ring broadens may be related with a mixture of phases, such as: 
ZrN, ZrO2 and Si3N4 as we can see in Figure 5. This figure shows the XRD pattern of 
ZrN + 1Si film and the crystallographic databases for ZrN (pdf. 01-078-1420), ZrO2 
(pdf. 00-050-1089) and Si3N4 (pdf. 00-033-1160).

Figure 3. 
The XRD patterns of the ZrN▬Si films with different silicon contents.
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Si content up to 3 at.%, nanocrystalline films with 3–10 at.% (nanocomposite: 
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was determined for the Scherrer equation, and with the addition of Si, the crys-
talline size decreased until 5 nm. The XRD evidenced that Si addition generated a 
refinement of grain, which is related with a broadening of the diffraction peaks. 
With a high Si content (15 at.%), the film is amorphous.

To study the structure of the ZrN▬Si film with Si content of 8 at.% in more 
detail, transmission electron microscopy with selected area electron diffraction 
(SAED) was done. Figure 4 shows the SAED pattern of ZrN + 1Si film. It shows the 
presence of the (111), (200), and (220) diffraction rings, which indicate a fcc-ZrN 
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In addition, this ring broadens may be related with a mixture of phases, such as: 
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Figure 5. 
The XRD pattern of the ZrN + 1Si film with crystallographic databases for ZrN (cubic), ZrO2 (tetragonal), 
and Si3N4 (hexagonal).

The different crystallographic phases present in the ZrN + 1Si film were ana-
lyzed by phase contrast images, Figure 6. The existence of nanocrystals and the 
Fast Fourier Transform (FTT) in Figure 6b confirms the presence of the diffraction 
rings observed in Figure 4.

However, this figure allows separating two rings at the lowest d-spacing, which 
may confirm the hypothesis of a mixture of phases, as observed with XPS and XRD 
results. According to ZrN (01-078-1420) and ZrO2 (00-050-1089) pattern diffrac-
tion files, the interplanar distances in Figure 6b correspond to the ZrN face center 
cubic and ZrO2 tetragonal. Finally, the XPS, XRD, and HRTEM results show that 
with a Si content 0 at.%, the ZrN film is polycrystalline, with a 8 at.%, the film is 
nanocrystalline (ZrN and ZrO2 nanocrystalline), and possibly, with a Si3N4 amor-
phous matrix and with a 15 at.%, the Zr▬Si▬N film is amorphous.

Various published literatures have reported that electrical, optical, mechanical, 
and electrochemical properties of the nanocomposite films depend on their nano-
structure. These works have found that with the addition of silicon to binary MeN, 

Figure 4. 
(a) SAED pattern of ZrN + 1Si film. The diffraction ring, from 0.295 to 0.262 nm, is diffused possibly by the 
presence of various crystalline phases.
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hardness, thermal stability, and corrosion resistance of the films can be improved. 
In order to illustrate the relationship between the microstructure and functional 
properties, measurements of resistivity, reflectance, transmittance, nanohardness, 
and potentiodynamic polarization were carried out.

5. Electrical properties

Electrical resistivity and sheet resistance measurements were obtained through 
the van der Pauw method for the Zr▬Si▬N deposited films, and their values were 
calculated and listed in Table 5. The results evidence that the electrical resistiv-
ity increases from 4.40 × 10−4 Ω cm (free Si) to 77.99 Ω cm (with 8 at.% Si) with 
the addition of silicon. This increase on the resistivity has been reported by other 
authors in different nanocomposites [54, 98]. They have found that depending on 
the chemical composition and electrical nature of the amorphous phase and nano-
crystalline phase, the resistivity of Me▬Si▬N nanocomposite films can change. 
The electrical resistivity increases with increasing Si content, and the nanocom-
posite films have showed to have a structure of MeN nanocrystalline (conductor) 
surrounded of a SiNx amorphous phase (insulator). However, when the electrical 
resistivity behavior is independent to Si content, the resistivity is due to a direct 
percolation of the MeN1−x nanocrystalllines (conductors) separated by low degree 
of nitration of the SiNx grain boundary phase [98].

Therefore, the results obtained evidenced the formation of Zr▬Si▬N nanocom-
posite films with ZrN nanocrystallites embedded in the amorphous phase of SiNx, and 
the increase in the electrical resistivity with the Si addition is due to an increase in the 
thickness of SiNx layer that covers the nanocrystallites. The grain boundary scattering 
model is used for explaining the electrical conductivity in nanocomposite films [98].

Figure 6. 
(a) HR-TEM image of ZrN + 1Si film and (b) SAED pattern of the image (a). The results allow to identify 
the presence of two different crystalline phases between 0.295 and 0.262 nm.

Film Silicon (at.%) Resistivity ( Ω  cm) Sheet resistance ( Ω / ∎ )

ZrN 0 4.40 × 10−4 5.35

ZrN + 1Si 8 77.99 817006.68

The sample with a 15 at.% Si was not possible to measure the electrical resistivity due to high resistivity.

Table 5. 
Values of resistivity the ZrN with different Si contents.
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hardness, thermal stability, and corrosion resistance of the films can be improved. 
In order to illustrate the relationship between the microstructure and functional 
properties, measurements of resistivity, reflectance, transmittance, nanohardness, 
and potentiodynamic polarization were carried out.

5. Electrical properties

Electrical resistivity and sheet resistance measurements were obtained through 
the van der Pauw method for the Zr▬Si▬N deposited films, and their values were 
calculated and listed in Table 5. The results evidence that the electrical resistiv-
ity increases from 4.40 × 10−4 Ω cm (free Si) to 77.99 Ω cm (with 8 at.% Si) with 
the addition of silicon. This increase on the resistivity has been reported by other 
authors in different nanocomposites [54, 98]. They have found that depending on 
the chemical composition and electrical nature of the amorphous phase and nano-
crystalline phase, the resistivity of Me▬Si▬N nanocomposite films can change. 
The electrical resistivity increases with increasing Si content, and the nanocom-
posite films have showed to have a structure of MeN nanocrystalline (conductor) 
surrounded of a SiNx amorphous phase (insulator). However, when the electrical 
resistivity behavior is independent to Si content, the resistivity is due to a direct 
percolation of the MeN1−x nanocrystalllines (conductors) separated by low degree 
of nitration of the SiNx grain boundary phase [98].

Therefore, the results obtained evidenced the formation of Zr▬Si▬N nanocom-
posite films with ZrN nanocrystallites embedded in the amorphous phase of SiNx, and 
the increase in the electrical resistivity with the Si addition is due to an increase in the 
thickness of SiNx layer that covers the nanocrystallites. The grain boundary scattering 
model is used for explaining the electrical conductivity in nanocomposite films [98].

Figure 6. 
(a) HR-TEM image of ZrN + 1Si film and (b) SAED pattern of the image (a). The results allow to identify 
the presence of two different crystalline phases between 0.295 and 0.262 nm.

Film Silicon (at.%) Resistivity ( Ω  cm) Sheet resistance ( Ω / ∎ )

ZrN 0 4.40 × 10−4 5.35

ZrN + 1Si 8 77.99 817006.68

The sample with a 15 at.% Si was not possible to measure the electrical resistivity due to high resistivity.

Table 5. 
Values of resistivity the ZrN with different Si contents.
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Figure 7. 
Reflectance spectra of ZrN and ZrN + 1Si films from 300 to 2500 nm. As Si content increases, the transmittance 
optical of the films also increase.

Figure 8. 
Transmittance spectra of ZrN▬Si films with different Si contents and of the bare substrate (common glass). 
As the silicon content increases, the transmittance of the deposited films increases.

6. Optical properties

The optical properties were investigated using a UV–Vis–NIR spectrophotometer. 
Reflectance and transmittance measurement were carried out from 300 to 2500 nm. 
The reflectance spectra of ZrN (black line) and ZrN + 1Si (red line) films are shown 
in Figure 7. In this figure, the typical reflectance of ZrN is observed [85]. It exhibits 
a maximum reflectance in the infrared region, which decreases as wavelengths 
decrease, and for wavelengths <500 nm, the reflectance slightly increases again. 
The ZrN films exhibit a similar Drude-like behavior [53, 85]. At longer wavelengths, 
the high electromagnetic absorption in this optical region is due to the conduction 
electrons and to the absorption at shorter wavelengths is due to the inter-band 
transitions of the bounded electron [85]. However, with the addition of silicon, the 
reflectance decreases drastically. At longer wavelengths, the film without silicon has 
a reflectance <80%, but the film with a Si content of 8 at.% has a reflectance <20%.

Therefore, transmittance measurements were done to investigate the effect of 
silicon in the ZrN films. The transmittance spectra of ZrN + 1Si and ZrN + 2Si films 
are shown in Figure 8.
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The transmittance spectra show that as silicon content increases, the transmit-
tance also increases. With the addition of Si, new phases are generated according to 
previous results (TEM and XPS), such as: SiNx, ZrN, and ZrO2 phases. These phase 
mixtures change the optical behavior of the deposited films due to SiNx and ZrO2 
that have been reported as optically transparent materials, while ZrN is an optically 
reflective material. Nowadays, there is not a theoretical model that may explain 
this behavior. However, the increase in the transmittance in films may be due to an 
increase in the volume of SiNx phase and a decrease of ZrN nanocrystalline phase 
with the increase of Si content.

7. Mechanical properties

The nanohardness (H) values as a function of Si content for the deposited films 
are shown in Figure 9 and Table 6. The H for the ZrN film is 29.55 ± 3.70 GPa, 
which decreases with the addition of silicon to 18.12 ± 2.65 and 15.92 ± 1.23 GPa 
at 8 and 15 at.% of Si, respectively. The value obtained for ZrN was similar to the 
reports from other authors [99, 100]. The decrease of the nanohardness with the Si 
addition is related with the increase amorphous phase of SiNx and decreasing of the 
crystalline size of ZrN [101].

The mechanical properties of nanocomposite films depend on the chemical 
composition of each one of the phases present, of the crystallite size, crystal-
lographic orientation, lattice structure, and the thickness grain boundary phase 
[94, 101]. Different works have reported that the main mechanisms that allow 
to explain the hardness enhancement in the nanocomposites are three: (i) the 
dislocation-induced plastic deformation when the crystalline size is >10 nm,  
(ii) the nanostructure of materials when the crystalline size is  ≤ 10 nm, and  
(iii) cohesive force between atoms when the crystalline size is <10 nm. However, 
when the thickness of amorphous phase is larger than the crystalline size, the 
nanohardness of the films decreases due to a deformation mechanism reported as 
grain boundary sliding [24, 94].

According to the XPS and electrical resistivity value results, the Si addition 
generated the formation of an amorphous phase of SiNx, which increases its 
thickness with the silicon content in the film. It has been reported that when 

Figure 9. 
Nanohardness of the films as a function of silicon content. As Si content increases, the nanohardness of films 
decreases.
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The reflectance spectra of ZrN (black line) and ZrN + 1Si (red line) films are shown 
in Figure 7. In this figure, the typical reflectance of ZrN is observed [85]. It exhibits 
a maximum reflectance in the infrared region, which decreases as wavelengths 
decrease, and for wavelengths <500 nm, the reflectance slightly increases again. 
The ZrN films exhibit a similar Drude-like behavior [53, 85]. At longer wavelengths, 
the high electromagnetic absorption in this optical region is due to the conduction 
electrons and to the absorption at shorter wavelengths is due to the inter-band 
transitions of the bounded electron [85]. However, with the addition of silicon, the 
reflectance decreases drastically. At longer wavelengths, the film without silicon has 
a reflectance <80%, but the film with a Si content of 8 at.% has a reflectance <20%.

Therefore, transmittance measurements were done to investigate the effect of 
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previous results (TEM and XPS), such as: SiNx, ZrN, and ZrO2 phases. These phase 
mixtures change the optical behavior of the deposited films due to SiNx and ZrO2 
that have been reported as optically transparent materials, while ZrN is an optically 
reflective material. Nowadays, there is not a theoretical model that may explain 
this behavior. However, the increase in the transmittance in films may be due to an 
increase in the volume of SiNx phase and a decrease of ZrN nanocrystalline phase 
with the increase of Si content.

7. Mechanical properties

The nanohardness (H) values as a function of Si content for the deposited films 
are shown in Figure 9 and Table 6. The H for the ZrN film is 29.55 ± 3.70 GPa, 
which decreases with the addition of silicon to 18.12 ± 2.65 and 15.92 ± 1.23 GPa 
at 8 and 15 at.% of Si, respectively. The value obtained for ZrN was similar to the 
reports from other authors [99, 100]. The decrease of the nanohardness with the Si 
addition is related with the increase amorphous phase of SiNx and decreasing of the 
crystalline size of ZrN [101].

The mechanical properties of nanocomposite films depend on the chemical 
composition of each one of the phases present, of the crystallite size, crystal-
lographic orientation, lattice structure, and the thickness grain boundary phase 
[94, 101]. Different works have reported that the main mechanisms that allow 
to explain the hardness enhancement in the nanocomposites are three: (i) the 
dislocation-induced plastic deformation when the crystalline size is >10 nm,  
(ii) the nanostructure of materials when the crystalline size is  ≤ 10 nm, and  
(iii) cohesive force between atoms when the crystalline size is <10 nm. However, 
when the thickness of amorphous phase is larger than the crystalline size, the 
nanohardness of the films decreases due to a deformation mechanism reported as 
grain boundary sliding [24, 94].

According to the XPS and electrical resistivity value results, the Si addition 
generated the formation of an amorphous phase of SiNx, which increases its 
thickness with the silicon content in the film. It has been reported that when 

Figure 9. 
Nanohardness of the films as a function of silicon content. As Si content increases, the nanohardness of films 
decreases.
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Figure 10. 
Potentiodynamic polarization curves for the films and substrate SS 316L.

the SiNx phase thickness is larger than the crystallite size of the ZrN phase, the 
nanohardness of the films decreases due to an increase of the volume fraction 
of the amorphous soft phase. The deformation mechanism, in this case, is grain 
boundary sliding [24].

8. Electrochemical properties

Potentiodynamic polarization curves of the 316l stainless steel (substrate) 
and deposited film with different Si contents were carried out for studying the 
Si effect in electrochemical properties of the films. They were tested in 3.5 wt.% 
NaCl solution, and the results are shown in Figure 10. For each curve, corrosion 
potential (Ecorr) and corrosion current density (Jcorr) were determined and are 
reported in Table 7. The results show that the deposited film with a Si content 
of 15 at.% has lower Jcorr than that of the uncoated SS 316 L substrate, indicating 
that with the Si addition or with the coating, the corrosion resistance increases.

Several research groups have found that the addition of silicon to MeN films can 
improve the corrosion resistance due to the formation of nanocomposite films. The 
increase on the corrosion resistance could be attributed to the formation of a dense 
structure, which can block the paths of corrosion medium to the substrate. It has 
been demonstrated to nanocomposite films, such as: Ti▬Si▬N [102], Al▬Si▬N 
[103], Nb▬Si▬N [71], and W▬Si▬N and Zr▬Si▬N [104].

Samples Silicon (at.%) Nanohardness (H)
GPa

ZrN 0 29.55 ± 3.70

ZrN + 1Si 8 18.12 ± 2.65

ZrN + 2Si 15 15.92 ± 1.23

Table 6. 
Results from nanohardness tests.
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9. Conclusions

The addition of a third element as silicon affects the microstructure and func-
tional properties of the transition metal nitride films, specifically those of zirco-
nium nitride as observed in this chapter. Therefore, it is important has a control 
of the content of this element in the deposited film to understand and relate the 
microstructure and their properties.

With a silicon content of 8 at.% and with the deposition parameter used, the 
microstructure changed from a polycrystalline structure of fcc-ZrN (free silicon) 
to a mixture of nanocrystalline (ZrN) and amorphous (SiNx) phases, and with an 
increase in the Si content (15 at.%), the films were amorphous. However, these 
films showed the formation of two crystalline phases corresponding to zirconium 
nitride and zirconium oxide due to the base pressure used, which is not high 
enough to remove oxygen in the deposited chamber, and high enthalpy of  
formation for ZrO2.

These changes in the microstructure and the mixture of phases present in the 
films generated changes in the functional properties of zirconium nitride:

• With the addition of silicon, the electrical resistivity increased various orders of 
magnitude comparison with the resistivity of ZrN. The electrical measurements 
allowed to determine that the films have a nanocomposite structure: nanocrys-
talline of ZrN conducting embedded in an amorphous SiNx insulating phases.

• As silicon content increases, the optical response changed from a high reflec-
tance in the infrared region (ZrN) to a high transmittance in the infrared 
region (ZrN▬Si coatings).

• The nanohardness values decrease from 29.55 GPa (free silicon) to 15.92 GPa 
(15.0 at.% Si), due to an increase in the thickness of amorphous phase (SiNx) 
and a decrease in crystalline size (ZrN).

• The potentiodynamic polarization curves showed that the coated substrate has 
higher corrosion resistance than the uncoated substrate due to a decrease in Icorr.
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Reinforcement effect of silica-silane system in deproteinized natural rubber 
(DPNR) is reported. The influence of mixing temperature and sulfur ranks in 
silane bis-triethoxysilylpropyl-polysulfide is compared between silica-DPNR and 
silica-natural rubber (NR). Dispersion morphology of silica and rubber-to-filler 
interaction in DPNR is visualized by atomic force microscopy and TEM network 
visualization, respectively. DPNR compound shows smaller influence of dump tem-
perature and more constant mechanical properties as compared to NR compound. 
Establishment of the silica-silane-rubber coupling in DPNR tread compound results 
in an improvement in dynamic properties especially the lower tan δ at 60°C which 
indicates the lower rolling resistance of tire. DPNR shows better mechanical and 
dynamic properties as compared to NR.
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1. Introduction

The use of silica has become of growing importance in tires because of reduced 
fuel consumption in automotive transport and consequently preservation of the 
environment. The high-dispersion silica reinforcement was introduced in the early 
1990, by Michelin in passenger tire tread rubbers, the so-called green tire [1], which 
offers approximately 30% lower rolling resistance, resulting in 5% fuel savings and 
lower carbon dioxide emission to the environment [2, 3].

The core of the high-dispersion silica technology is the nanoscale reaction of the 
4–6 silanol groups per nm2 on the surface of the 20–30 nm diameter primary silica 
particles with a coupling agent. This reaction reduces the hydrophilic character of 
the filler and increases its compatibility with the rubber polymer [2, 4, 5]. This reac-
tion is due to take place in the same processing step as mixing of the tire compound 
and is very difficult to lead to completion [6]. The coupling agent eventually creates 
a chemical link between the primary silica particles and the rubber molecules dur-
ing the later processing steps of vulcanization [7, 8].

Silica technology as it is used today employs solution-polymerized synthetic 
elastomers like solution styrene-butadiene rubber (sSBR) and solution butadiene 
rubber (BR). On the other hand, the great majority of rubber polymers used for 
carbon-black reinforced tire applications are emulsion polymers such as natural 
rubber and emulsion styrene-butadiene rubber (E-SBR). Research on reinforce-
ment of the silica-silane system has been extensively investigated, and most of the 
early silica compound development involved natural rubber as the base polymer 
[9]. Up until now, natural rubber is not fully utilized in silica technology due to 
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postulation of its ineffectiveness with silane coupling agent. An in-rubber study of 
the interaction of silica with proteins present in natural rubber shows that proteins 
compete with the coupling agents for reaction with the silica during mixing, making 
the silane less efficient for improving dispersion and filler-polymer coupling and 
consequently affecting the final properties of the compound [10].

Natural rubber is a linear, long-chain polymer with repeating isoprene units 
(C5H8) [11]. It has a density of 0.913 at 20°C and glass transition temperature of 
−72°C [12]. The average molecular weight (Mw) of commercial NR is 1–1.5 × 106, 
and number average molecular weights are 3–5 × 105 [13]. The commercial NR is 
produced from coagulation of latex which is tapped from Hevea brasiliensis or rub-
ber tree. The composition of Hevea latex is mainly rubber hydrocarbon of 30–45% 
weight; nonrubber components for 3–5% and the balance is water. The nonrubber 
components are proteins, lipids, amino acids, amine, carbohydrates, inorganic 
materials, and minerals [14].

The fundamental structure of NR has been revealed by NMR studies as a linear 
rubber chain consisting of initiating terminal (ω-terminal), two trans-1,4 isoprene 
units, long sequence of 1000–3000 cis-1,4 isoprene units, and chain-end terminal 
(α-terminal) as shown in Figure 1 [15–17]. The ω-terminal consists of mono- and 
diphosphate groups linked with phospholipids by hydrogen bond or ionic bond 
[18]. The α-terminal is a modified dimethylallyl unit linked with functional groups, 
which is associated with proteins to form cross-linking via hydrogen bonding. These 
functional groups at both terminals are presumed to play a role in the branching and 
gel formation in NR [19, 20]. These secondary structures play a significant role in the 
strain-induced crystallization of unvulcanized and vulcanized natural rubber [21].

Modification of natural rubber is carried out to improve the behavior of NR 
during rubber product processing and to improve the in-service performance of the 
products which can be outside its traditional applications. NR is modified through 
physical and chemical processes. The major modifications of NR are outlined in 
Figure 2 [12]. The physical modification of NR incorporates additives and other 
compounding ingredients which are not chemically reacting with rubber. Examples 
of physical-modified form of NR are oil extended NR, thermoplastic NR, powdered 
NR, and deproteinized NR. The chemical modification of NR involves reacting 
the NR chains chemically by attachment of pendant functional groups, grafting of 
different polymers along the rubber chains or through intramolecular changes and 
bond rearrangement. The chemical-modified form of NR includes epoxidized NR 
(ENR) [22], hydrogenated NR, and poly-methyl methacrylate (PMMA)-grafted NR.

The first use of silica in truck tire treads based on NR had shown an improve-
ment in tear properties in terms of cut and chip behavior, but the amount used 
was limited to 25 phr in order to avoid negative effects on tread wear [2]. Higher 
amounts of silica require coupling agents, which at that time were not used for 

Figure 1. 
A linear rubber chain structure with naturally occurring network associated with proteins and phospholipids.
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silica. From a study on optimization of the mixing conditions of silica-filled NR 
compounds with silane, an increase of mixing temperature and time for the silica 
modification with silane enhances the compatibility between silica and NR through 
a chemical bond between bis-triethoxysilylpropyl-tetrasulfide (TESPT) and the 
rubber [23]. The overall properties are dependent on the extent of this interaction 
[23]. The field tests with truck treads demonstrated that the rolling resistance can 
be improved by 30% when TESPT-modified silica is used in comparison to N220 
carbon black. The tread wear index (abrasion resistance) decreases by no more than 
5%, and wet traction shows little changes [24].

High reinforcement of properties for silica in NR and other rubbers needs 
to employ silane coupling agent [2, 7, 9, 25]. High reinforcing effect of silica is 
obtained with ENR without the use of coupling agents [26, 27] or reduced amount 
of coupling agent [28]. The vulcanizate properties of silica-filled ENR are compa-
rable to carbon black compound at similar loading and are superior to a silica-filled 
NR without silane coupling agent (Table 1) [26, 29]. A comparison of physical 
properties of ENR-25—silica tread compound without coupling agent to sSBR/
BR—silica compound is shown in Table 2 [30]. In contrast with sSBR/BR, the ENR 
compound shows better reinforcement with silica without coupling agent. ENR 
exhibits both excellent wet grip and very low rolling resistance properties which is 
an attractive choice for tire tread compound for both passenger car and bus/truck 
applications [22, 31, 32].

Alternative approaches in incorporating silica into NR as nanocomposites are 
via in situ sol-gel technique, admicellar polymerization, and polymer-encapsulated 
silica [33]. Using sol-gel process, solid rubber is swollen in a silica precursor, e.g., 
tetraethyl orthosilicate (TEOS), followed by the sol-gel reaction, and silica content 
in the range of 15–22 wt % is achievable with stiffer and stronger tensile strength of 
24 MPa. The in situ sol-gel technique on ENR with 3-aminopropyltriethoxysilane 
(APS) has been reported [34]. The ENR-APS sol-gel system with 28% sol-gel silica 
has higher tensile properties compared to a conventional ENR-sulfur-cured silica 
vulcanizate at 27% silica content with no silane coupling agent (Table 3) [35]. In 

Figure 2. 
Modification of natural rubber.
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silica. From a study on optimization of the mixing conditions of silica-filled NR 
compounds with silane, an increase of mixing temperature and time for the silica 
modification with silane enhances the compatibility between silica and NR through 
a chemical bond between bis-triethoxysilylpropyl-tetrasulfide (TESPT) and the 
rubber [23]. The overall properties are dependent on the extent of this interaction 
[23]. The field tests with truck treads demonstrated that the rolling resistance can 
be improved by 30% when TESPT-modified silica is used in comparison to N220 
carbon black. The tread wear index (abrasion resistance) decreases by no more than 
5%, and wet traction shows little changes [24].

High reinforcement of properties for silica in NR and other rubbers needs 
to employ silane coupling agent [2, 7, 9, 25]. High reinforcing effect of silica is 
obtained with ENR without the use of coupling agents [26, 27] or reduced amount 
of coupling agent [28]. The vulcanizate properties of silica-filled ENR are compa-
rable to carbon black compound at similar loading and are superior to a silica-filled 
NR without silane coupling agent (Table 1) [26, 29]. A comparison of physical 
properties of ENR-25—silica tread compound without coupling agent to sSBR/
BR—silica compound is shown in Table 2 [30]. In contrast with sSBR/BR, the ENR 
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in the range of 15–22 wt % is achievable with stiffer and stronger tensile strength of 
24 MPa. The in situ sol-gel technique on ENR with 3-aminopropyltriethoxysilane 
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vulcanizate at 27% silica content with no silane coupling agent (Table 3) [35]. In 
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Properties sSBR/BR* sSBR/BR* ENR

Silica Silica-TESPT Black N234 Silica

Filler (phr) 80 80 67.5 50

Tensile strength, MPa 16 20 19 24

Elongation at break, % 780 515 600 550

M300, MPa 3.9 8.4 7.6 9.5

Hardness, IRHD 82 62 65 63

Angle tear, N/mm 39 36 43 40

Akron abrasion, vol loss, mm3 41 13 12 <20

Dunlop resilience, % 44 55 38 67

*70/30.

Table 2. 
Comparison of physical properties of ENR-silica and sSBR/BR tread compounds.

admicellar polymerization, a bilayer of surfactant (admicelle) is formed on the 
surface of silica and polymerization of the monomer in the admicelle resulting in an 
ultrathin layer of polymer covering the silica [33, 36, 37]. The silica modified with 
admicellar polymerization has superior performance compared to those reinforced 
with unmodified or silica modified with typical coupling agents [37].

Properties 50 phr carbon blacka 50 phr silicab

NR ENR25 ENR50 NR ENR25 ENR50

Tensile strength, MPa 29 26 25 24 21 27

Elongation at break, % 495 435 500 720 405 435

M300, MPa 12 12 13 6 13 13

Hardness, IRHD 65 69 73 69 67 68

Compression set 24 h/70°C, % 18 17 21 32 18 22

Akron abrasion (mm3/500 rev) 21 14 11 63 15 14

Heat buildup, ΔT, °C 7 7 23 47 7 19
aRubber formulation in phr: rubber 100, filler, oil 5, ZnO 5, StA 2, antioxidant 2, S 2, MBS 1.5.
bRubber formulation in phr: rubber 100, filler, oil 5, ZnO 5, StA 2, antioxidant 2, S 2, MBS 1.5, DPG 0.5.

Table 1. 
Comparison of physical properties of black and silica-filled ENR vulcanizates.

Properties ENR-sulfur vulcanizate  
(no silane)

ENR-APS sol-gel ENR-APS 
sol-gel

Silica content (%) 27 28 27

Tensile strength, MPa 12 19 16

Elongation at break, % 390 290 300

M100, MPa 2 7 5

Table 3. 
Comparison of tensile properties of ENR-silica sulfur cured with ENR-APS sol-gel system.
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2. Deproteinized natural rubber

Purification of natural rubbers from nonrubber components is possible espe-
cially the protein removal. The deproteinization process of natural rubber yields 
a rubber with reduced protein content significantly as well as low ash and volatile 
matter which is known as deproteinized natural rubber (DPNR). The deprotein-
ization process can be carried out with natural rubber latex via enzymatic treat-
ment [38–40] or urea treatment [41, 42]. The principle of deproteinization with 
 enzymatic treatment is to hydrolyze the proteins in the natural rubber latex into 
water soluble which will be removed during washing process of manufacturing the 
rubber [41, 42].

Structural changes of NR branch points are proposed to occur with the depro-
teinization process [15]. This is based on the findings that a linear rubber chain 
contains two types of functional groups at both terminals. After deproteinization, 
the branch points formed by the functional groups associated with proteins at the 
α-terminal through hydrogen bonding decompose and leave the branch points 
from phospholipid at the α-terminal. The long-chain branching in the purified 
NR originated from the interaction of phospholipids which link the rubber chain 
together [43–45]. The phospholipids are associated together by the formation of a 
micelle structure.

The commercially available DPNR is Pureprena, which is produced by the 
Malaysian Rubber Board and licensed to Felda Rubber Industries Sdn Bhd. 
Pureprena is a purified form of natural rubber and has a very-low-nitrogen, ash, 
and volatile matter contents as well as being lighter in color (Table 4). DPNR is less 
prone to storage hardening than a normal NR grade. When compounded using an 
efficient vulcanization (EV) system, DPNR has low creep and stress relaxation, 
low water absorption, low compression set, and a more consistent modulus when 
subjected to variable humidity conditions [46]. DPNR gives superior rubber 
compounds with excellent dynamic properties which are suitable for engineering 
applications (Table 5) [46].

Properties Specification of  
SMR 20

Specification of  
Pureprena

Dirt retained on 44 μm aperture (% wt) 0.20 max 0.01 max

Ash content, (% wt) 1.00 max 0.15 max

Nitrogen content, (% wt) 0.60 max 0.12 max

Volatile matter content, (% wt) 0.80 max 0.30 max

Table 4. 
Comparison of raw rubber properties specification of DPNR (Pureprena) and natural rubber (SMR20).

Features Applications

Low stress relaxation and  
low creep

Hydromounts, seals, joint rings, large shock absorbers, suspension 
bushes, helicopter rotor bearings

Low water absorption Underwater applications, large shock absorbers

Good dynamic properties Anti-vibration mountings, surge fenders

Low protein and low ash Medical, pharmaceutical, and food applications

Table 5. 
Areas of application of DPNR.
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3. Carbon black reinforcement of DPNR

The reinforcing of DPNR by carbon black has been studied in the past [46, 47]. For 
mixing carbon black and natural rubber, a high reinforcement can be obtained with 
good dispersion of filler as there is strong physical interaction between the carbon 
black and the rubber. DPNR-CV is a grade of viscosity stabilized at between 60 and 70 
Mooney units. The typical vulcanizate properties of DPNR-CV in comparable to SMR 
CV is shown in Table 6 [46]. DPNR-CV gives lower water absorption and compression 
stress relaxation. Table 7 shows the physical properties of DPNR filled with carbon 
black at 50 phr loading and cure using EV system [46]. Similar results are observed 
where DPNR gives lower water absorption and compression stress relaxation.

The recent evaluation of DPNR (Pureprena) shows that its physical properties are 
comparable to SMR CV and SMR 10 (Table 8). Comparison of DPNR with synthetic 
polyisoprene (IR) is reported where DPNR shows similar tensile properties and low 
water absorption to IR (Table 9) [48]. The rubber compound using DPNR with total 
nitrogen content adjusted in the range of 0.12–0.3% by weight exhibits an improved 
low hysteresis loss property, excellent abrasion resistance, and remarkably excellent 
tear resistance which is advantageous to be used for tire tread [49].

Properties DPNR-CV SMR CV SMR L

Tensile strength, MPa 33 32 33

Elongation at break, % 570 550 520

M100, MPa 2.4 2.9 2.7

M300, MPa 11.5 13.3 14.5

Hardness, IRHD 60 63 59

Resilience, % 69 68 70

Volume swell in water: 7 day/23°C, % 0.6 0.9 0.9

Compression stress relaxation: 25% strain, 
7 day/23°C, %

10.5 12.4 11.5

*Rubber formulation: rubber 100, N330 35, ZnO 5, StA 2, TBBS 0.7, S 2.25. Cheang KT, Rais AR, Basir KB. 
Deproteinised Natural Rubber (DPNR), Malaysian Rubber Board (MRB) Monograph No. 10, C&D Trading, Kuala 
Lumpur, (2003).

Table 6. 
Typical vulcanizate properties of DPNR-CV.

Properties DPNR CV SMR CV

Tensile strength, MPa 26 27

Elongation at break, % 520 480

M300, MPa 11.3 13.5

Resilience, % 63 67

Hardness, shore A 52 55

Volume swell in water: 7 day/23°C, % 0.9 1.3

Compression stress relaxation: %, 25% strain, 7 day/23°C 8.6 11.7

*Rubber formulation: rubber 100, N774 50, ZnO 5, ZEH 2, Permanex TQ 2, MOR 1.44, TBTD 0.6, S 0.6, cured at 
150°C for 20 min. Cheang KT, Rais AR, Basir KB. Deproteinised Natural Rubber (DPNR), Malaysian Rubber Board 
(MRB) Monograph No. 10, C&D Trading, Kuala Lumpur, (2003).

Table 7. 
Physical properties of DPNR.

51

Silica-Reinforced Deproteinized Natural Rubber
DOI: http://dx.doi.org/10.5772/intechopen.85678

4. Silica reinforcement of DPNR

The reinforcement of rubber by silica is different from the reinforcement 
by carbon black. The use of conventional silica has been limited to a white filler 
for colored rubber compounds [2] such as shoe soles, until the introduction of 
bifunctional silanes as coupling agents back in the 1970s [50]. In 1992, Michelin 
patented the silica-filled rubber compound for the production of all-season 
high-performance tires [1], which provide an excellent compromise of low rolling 
resistance, good traction on wet and snow-covered roads, as well as noise reduc-
tion. The rubber compound is a blend of high-vinyl solution SBR and high-cis BR 
filled with highly dispersible silica [51] at a loading of 80 phr and an organosilane 
coupling agent. Since then, a lot of work on reinforcement of silica in SBR-based 
passenger car tires has been investigated [2, 7, 24, 52–54].

The in situ treatment of silica with silane is commonly adopted for mixing 
silica with rubber rather than the use of pre-reacted silica-silane. Compared to 
mixing carbon black, the in situ mixing of silica-silane in rubber requires optimal 

Properties DPNR SMR CV SMR L SMR10

Tensile strength, MPa 28 26 27 27

Elongation at break, % 590 560 570 570

M100, MPa 2.4 2.4 2.4 2.5

M300, MPa 12.0 12.3 12.4 12.3

Hardness, IRHD 71 68 69 70

Resilience, % 55 57 58 55

Abrasion resistance index (ARI), % 109 106 110 114

*Rubber formulation: rubber 100, N234 60, ZnO 3, StA 2, 6PPD 2, Wax 1, TDAE 8, CBS 1.5, S 1.5, cured at 150°C 
for 6 min.

Table 8. 
Physical properties of DPNR (Pureprena).

Properties DPNR# IR## SMR CV

Tensile strength, MPa 24 23 26

Elongation at break, % 700 730 700

M100, MPa 0.8 0.8 0.8

M300, MPa 2.6 2.5 2.6

Hardness, IRHD 42 40 41

Resilience, % 84 84 85

Compression set, 22 h 70°C, % 12 5 11

Volume swell in water: 7 day/23°C, %
3 day/100°C, %

0.1
1.7

0.2
1.5

0.4
3.8

*Rubber formulation: rubber 100, N774 20, ZnO 4, ZEH 2, TMQ 2, accelerator 1.44, accelerator 2 0.7, S 0.7.
#Pureprena.
##SK1-3.
Abd Rahim R, Zaeimoedin TZ, Muhamad AK, Sarkawi SS. New Process Deproteinised Natural Rubber (Pureprena): 
Raw Rubber, Processability and Basic Physical Properties, Malaysian J. Analytical Sciences. 2016; 20(5):1145-1152.

Table 9. 
Comparison of physical properties of DPNR with IR.
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3. Carbon black reinforcement of DPNR

The reinforcing of DPNR by carbon black has been studied in the past [46, 47]. For 
mixing carbon black and natural rubber, a high reinforcement can be obtained with 
good dispersion of filler as there is strong physical interaction between the carbon 
black and the rubber. DPNR-CV is a grade of viscosity stabilized at between 60 and 70 
Mooney units. The typical vulcanizate properties of DPNR-CV in comparable to SMR 
CV is shown in Table 6 [46]. DPNR-CV gives lower water absorption and compression 
stress relaxation. Table 7 shows the physical properties of DPNR filled with carbon 
black at 50 phr loading and cure using EV system [46]. Similar results are observed 
where DPNR gives lower water absorption and compression stress relaxation.

The recent evaluation of DPNR (Pureprena) shows that its physical properties are 
comparable to SMR CV and SMR 10 (Table 8). Comparison of DPNR with synthetic 
polyisoprene (IR) is reported where DPNR shows similar tensile properties and low 
water absorption to IR (Table 9) [48]. The rubber compound using DPNR with total 
nitrogen content adjusted in the range of 0.12–0.3% by weight exhibits an improved 
low hysteresis loss property, excellent abrasion resistance, and remarkably excellent 
tear resistance which is advantageous to be used for tire tread [49].

Properties DPNR-CV SMR CV SMR L

Tensile strength, MPa 33 32 33

Elongation at break, % 570 550 520

M100, MPa 2.4 2.9 2.7

M300, MPa 11.5 13.3 14.5

Hardness, IRHD 60 63 59

Resilience, % 69 68 70

Volume swell in water: 7 day/23°C, % 0.6 0.9 0.9

Compression stress relaxation: 25% strain, 
7 day/23°C, %

10.5 12.4 11.5

*Rubber formulation: rubber 100, N330 35, ZnO 5, StA 2, TBBS 0.7, S 2.25. Cheang KT, Rais AR, Basir KB. 
Deproteinised Natural Rubber (DPNR), Malaysian Rubber Board (MRB) Monograph No. 10, C&D Trading, Kuala 
Lumpur, (2003).

Table 6. 
Typical vulcanizate properties of DPNR-CV.

Properties DPNR CV SMR CV

Tensile strength, MPa 26 27

Elongation at break, % 520 480

M300, MPa 11.3 13.5

Resilience, % 63 67

Hardness, shore A 52 55

Volume swell in water: 7 day/23°C, % 0.9 1.3

Compression stress relaxation: %, 25% strain, 7 day/23°C 8.6 11.7

*Rubber formulation: rubber 100, N774 50, ZnO 5, ZEH 2, Permanex TQ 2, MOR 1.44, TBTD 0.6, S 0.6, cured at 
150°C for 20 min. Cheang KT, Rais AR, Basir KB. Deproteinised Natural Rubber (DPNR), Malaysian Rubber Board 
(MRB) Monograph No. 10, C&D Trading, Kuala Lumpur, (2003).

Table 7. 
Physical properties of DPNR.
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4. Silica reinforcement of DPNR

The reinforcement of rubber by silica is different from the reinforcement 
by carbon black. The use of conventional silica has been limited to a white filler 
for colored rubber compounds [2] such as shoe soles, until the introduction of 
bifunctional silanes as coupling agents back in the 1970s [50]. In 1992, Michelin 
patented the silica-filled rubber compound for the production of all-season 
high-performance tires [1], which provide an excellent compromise of low rolling 
resistance, good traction on wet and snow-covered roads, as well as noise reduc-
tion. The rubber compound is a blend of high-vinyl solution SBR and high-cis BR 
filled with highly dispersible silica [51] at a loading of 80 phr and an organosilane 
coupling agent. Since then, a lot of work on reinforcement of silica in SBR-based 
passenger car tires has been investigated [2, 7, 24, 52–54].

The in situ treatment of silica with silane is commonly adopted for mixing 
silica with rubber rather than the use of pre-reacted silica-silane. Compared to 
mixing carbon black, the in situ mixing of silica-silane in rubber requires optimal 

Properties DPNR SMR CV SMR L SMR10

Tensile strength, MPa 28 26 27 27

Elongation at break, % 590 560 570 570

M100, MPa 2.4 2.4 2.4 2.5

M300, MPa 12.0 12.3 12.4 12.3

Hardness, IRHD 71 68 69 70

Resilience, % 55 57 58 55

Abrasion resistance index (ARI), % 109 106 110 114

*Rubber formulation: rubber 100, N234 60, ZnO 3, StA 2, 6PPD 2, Wax 1, TDAE 8, CBS 1.5, S 1.5, cured at 150°C 
for 6 min.

Table 8. 
Physical properties of DPNR (Pureprena).

Properties DPNR# IR## SMR CV

Tensile strength, MPa 24 23 26

Elongation at break, % 700 730 700

M100, MPa 0.8 0.8 0.8

M300, MPa 2.6 2.5 2.6

Hardness, IRHD 42 40 41

Resilience, % 84 84 85

Compression set, 22 h 70°C, % 12 5 11

Volume swell in water: 7 day/23°C, %
3 day/100°C, %

0.1
1.7

0.2
1.5

0.4
3.8

*Rubber formulation: rubber 100, N774 20, ZnO 4, ZEH 2, TMQ 2, accelerator 1.44, accelerator 2 0.7, S 0.7.
#Pureprena.
##SK1-3.
Abd Rahim R, Zaeimoedin TZ, Muhamad AK, Sarkawi SS. New Process Deproteinised Natural Rubber (Pureprena): 
Raw Rubber, Processability and Basic Physical Properties, Malaysian J. Analytical Sciences. 2016; 20(5):1145-1152.

Table 9. 
Comparison of physical properties of DPNR with IR.
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silanization to be completed to obtain high reinforcement [7]. The silanization is 
influenced by the temperature as it is a chemical reaction. Hence, mixing tempera-
ture is the parameter of paramount importance in mixing silica and rubber in the 
presence of coupling agent such as TESPT [55, 56]. The temperature has a more 
dominant effect than time in the silica-TESPT reaction [23]. In order to achieve a 
sufficient degree of silanization, the temperature during mixing should be between 
150 and 160°C. However, above 160°C either the coupling agent starts to prema-
turely react with the rubber matrix or the TESPT starts to donate sulfur; both result 
in pre-scorch of the compound. A mixing time of at least 10 minutes at 150°C is 
necessary to ensure complete coupling of the silica and the silane and that the reac-
tion between the silica and the silane takes place primarily during the first mixing 
step [50]. In an investigation of cure characteristics of NR and TESPT in compari-
son with SBR, it clearly shows that NR starts to react with TESPT at a temperature 
of 120°C but SBR only reacts with TESPT at a higher temperature of 150°C [56].

4.1 Influence of mixing dump temperature in silica-DPNR compound

The properties of silica-filled compounds show a strong dependence on mixing 
temperature, since the silanization reaction and silica dispersion are key parameters 
in this system [25]. The optimal mixing conditions for silica-filled NR compounds 
with TESPT as a coupling agent are required to obtain high reinforcement in NR 
[56]. The influence of the dump temperature of the first mixing step on the vul-
canization behavior of the DPNR-silica compounds as compared to the NR-silica 
compounds is illustrated in Figure 3. Dump temperature is the final temperature 
reached when the compound is discharged from the internal mixer. The compound 
formulation is described in Table 10. The vulcanization curves and behavior of the 
NR-silica compounds can be divided into three groups according to dump tempera-
ture. The first group encompasses the compounds with low dump temperatures 
(below 150°C), the middle group is represented by the compounds with moderate 
dump temperatures around 150–155°C, and the third group is the compounds 
with high dump temperatures (>155°C). At low dump temperature region, both 
NR-silica and DPNR-silica compounds display pronounced silica flocculation as 
evidenced by initial torque rise, high maximum torques, and long scorch times. At 

Figure 3. 
Vulcanization behavior at 150°C of (a) the NR compounds and (b) the DPNR compounds, mixed till different 
dump temperatures (DT) in the first mixing stage.
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moderate dump temperature region, no appearance of flocculation is observed for 
NR-silica and DPNR-silica compounds but at lower maximum torques and shorter 
scorch times compared to those of the compounds with low dump temperature. 
The maximum torque of the DPNR compound mixed at moderate temperature 
(around 150°C) is comparable with the NR compound at higher dump temperature 
region; both NR- and DPNR-silica compounds display a lower maximum torque 
and no sign of flocculation as the silanization reaction increases and results in a 
reduction of silica-silica interaction. Nonetheless, the decrease in maximum torque 
for the DPNR compound at higher dump temperature is much less compared 
to the NR-silica compound. The low-protein content in DPNR may attribute to 
better silanization in the compound which gives more filler-to-rubber linkages. 
Noticeably in the vulcanization curves for these high dump temperatures, there is 
clear indication of reversion for NR-silica compound. This reversion sign in vulca-
nization curve has also been reported in NR compound in the presence of TESPT at 
temperature higher than 150°C where the behavior is totally different as compared 
to SBR compound [56]. The DPNR-silica compounds show no sign of reversion at 
high dump temperature as seen in NR compounds. This suggests that a different 
network structure in the DPNR contributes to the thermal resistance of the cured 
compound.

A comparison of filler-filler interaction in DPNR-silica-TESPT compounds 
with NR-silica-TESPT as a function of mixing temperature is shown in Figure 4.  
A common way to measure the filler-filler interaction is calculating the Payne 
effect from the strain sweep of the dynamic testing or different in the storage 
modulus of the low or 0.56% and high strain or 100% while maintaining the 
frequency and temperature at constant value. Both NR- and DPNR-silica-TESPT 
show the decreasing trend of Payne effect with increasing dump temperature. 
This trend is due to the increase of silanization reaction with increasing tempera-
ture which results in the efficiency of the silane to hydrophobize the surface of the 
silica. High Payne effect of NR- and DPNR-silica compounds at low dump tem-
perature is in agreement with the sign of flocculation observed in vulcanization 
curve. The results are also in agreement with other works reported on compound 
comprising TESPT showed a reduction of flocculation of silica when mixed at 
higher dump temperature [56, 57].

Figure 5 illustrates the effect of mixing temperature on Wolff ’s filler structure 
parameter, αf. Wolff ’s filler structure parameter, αf, is determined from the ratio 

Ingredients Amount (phr)

Natural rubber (vary as stated in text) 100

Silica Ultrasil 7005 55

Silane TESPT 5

Zinc oxide 2.5

Stearic acid 1

TDAE oil 8

TMQ 2

Sulfur 1.4

CBS 1.7

DPG 2

Table 10. 
Basic compounding formulation used for NR and DPNR.
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silanization to be completed to obtain high reinforcement [7]. The silanization is 
influenced by the temperature as it is a chemical reaction. Hence, mixing tempera-
ture is the parameter of paramount importance in mixing silica and rubber in the 
presence of coupling agent such as TESPT [55, 56]. The temperature has a more 
dominant effect than time in the silica-TESPT reaction [23]. In order to achieve a 
sufficient degree of silanization, the temperature during mixing should be between 
150 and 160°C. However, above 160°C either the coupling agent starts to prema-
turely react with the rubber matrix or the TESPT starts to donate sulfur; both result 
in pre-scorch of the compound. A mixing time of at least 10 minutes at 150°C is 
necessary to ensure complete coupling of the silica and the silane and that the reac-
tion between the silica and the silane takes place primarily during the first mixing 
step [50]. In an investigation of cure characteristics of NR and TESPT in compari-
son with SBR, it clearly shows that NR starts to react with TESPT at a temperature 
of 120°C but SBR only reacts with TESPT at a higher temperature of 150°C [56].

4.1 Influence of mixing dump temperature in silica-DPNR compound

The properties of silica-filled compounds show a strong dependence on mixing 
temperature, since the silanization reaction and silica dispersion are key parameters 
in this system [25]. The optimal mixing conditions for silica-filled NR compounds 
with TESPT as a coupling agent are required to obtain high reinforcement in NR 
[56]. The influence of the dump temperature of the first mixing step on the vul-
canization behavior of the DPNR-silica compounds as compared to the NR-silica 
compounds is illustrated in Figure 3. Dump temperature is the final temperature 
reached when the compound is discharged from the internal mixer. The compound 
formulation is described in Table 10. The vulcanization curves and behavior of the 
NR-silica compounds can be divided into three groups according to dump tempera-
ture. The first group encompasses the compounds with low dump temperatures 
(below 150°C), the middle group is represented by the compounds with moderate 
dump temperatures around 150–155°C, and the third group is the compounds 
with high dump temperatures (>155°C). At low dump temperature region, both 
NR-silica and DPNR-silica compounds display pronounced silica flocculation as 
evidenced by initial torque rise, high maximum torques, and long scorch times. At 

Figure 3. 
Vulcanization behavior at 150°C of (a) the NR compounds and (b) the DPNR compounds, mixed till different 
dump temperatures (DT) in the first mixing stage.
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moderate dump temperature region, no appearance of flocculation is observed for 
NR-silica and DPNR-silica compounds but at lower maximum torques and shorter 
scorch times compared to those of the compounds with low dump temperature. 
The maximum torque of the DPNR compound mixed at moderate temperature 
(around 150°C) is comparable with the NR compound at higher dump temperature 
region; both NR- and DPNR-silica compounds display a lower maximum torque 
and no sign of flocculation as the silanization reaction increases and results in a 
reduction of silica-silica interaction. Nonetheless, the decrease in maximum torque 
for the DPNR compound at higher dump temperature is much less compared 
to the NR-silica compound. The low-protein content in DPNR may attribute to 
better silanization in the compound which gives more filler-to-rubber linkages. 
Noticeably in the vulcanization curves for these high dump temperatures, there is 
clear indication of reversion for NR-silica compound. This reversion sign in vulca-
nization curve has also been reported in NR compound in the presence of TESPT at 
temperature higher than 150°C where the behavior is totally different as compared 
to SBR compound [56]. The DPNR-silica compounds show no sign of reversion at 
high dump temperature as seen in NR compounds. This suggests that a different 
network structure in the DPNR contributes to the thermal resistance of the cured 
compound.

A comparison of filler-filler interaction in DPNR-silica-TESPT compounds 
with NR-silica-TESPT as a function of mixing temperature is shown in Figure 4.  
A common way to measure the filler-filler interaction is calculating the Payne 
effect from the strain sweep of the dynamic testing or different in the storage 
modulus of the low or 0.56% and high strain or 100% while maintaining the 
frequency and temperature at constant value. Both NR- and DPNR-silica-TESPT 
show the decreasing trend of Payne effect with increasing dump temperature. 
This trend is due to the increase of silanization reaction with increasing tempera-
ture which results in the efficiency of the silane to hydrophobize the surface of the 
silica. High Payne effect of NR- and DPNR-silica compounds at low dump tem-
perature is in agreement with the sign of flocculation observed in vulcanization 
curve. The results are also in agreement with other works reported on compound 
comprising TESPT showed a reduction of flocculation of silica when mixed at 
higher dump temperature [56, 57].

Figure 5 illustrates the effect of mixing temperature on Wolff ’s filler structure 
parameter, αf. Wolff ’s filler structure parameter, αf, is determined from the ratio 

Ingredients Amount (phr)

Natural rubber (vary as stated in text) 100

Silica Ultrasil 7005 55

Silane TESPT 5

Zinc oxide 2.5

Stearic acid 1

TDAE oil 8

TMQ 2

Sulfur 1.4

CBS 1.7

DPG 2

Table 10. 
Basic compounding formulation used for NR and DPNR.
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Figure 4. 
Payne effect of silica compounds with silane TESPT as a function of dump temperature (□) NR and (●) 
DPNR.

Figure 5. 
Effect of dump temperature on Wolff ’s filler structure parameter, αf of silica-reinforced compounds: (□) NR 
and (●) DPNR.
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between the increase in rheometer torque during vulcanization of the filled com-
pounds and that of the unfilled gum [24]:

     D  max   −  D  min   _________ 
 D  max  o   −  D  min  o  

   − 1 =  α  f     
 m  f   ___  m  p      (1)

where Dmax − Dmin is the maximum change in torque for the filled rubber, 
Do

max − Do
min is torque difference in unfilled rubber, and mf/mp is the ratio of filler 

to polymer by weight.
As observed earlier with the Payne effect, αf is reduced with increasing dump 

temperature for the DPNR and NR compounds. Better hydrophobation leads to 
a decrease in silica-silica interaction and consequently results in reduced αf. The 
DPNR compound shows a higher αf than the NR compound, indicating a different 
type of filler and rubber network in the two compounds.

The filler-to-rubber interaction of silica-filled DPNR can be assessed from 
bound rubber content (BRC). Bound rubber is the layer of rubber polymer that 
covers the filler surface and unextracted by the solvent during swelling process. The 
bound rubber content is a combination of tightly bound rubber skin and loosely 
bound rubber shell [58]. These combination or referred to as total BRC can be 
measured using the bound rubber measurement in normal atmosphere. The tightly 
bound rubber skin can be measured from bound rubber measurement in an ammo-
nia atmosphere which is referred to as the chemically BRC [59, 60].

The chemically and physically bound rubber content of silica-filled DPNR as 
compared to silica-filled NR is illustrated in Figure 6. The chemically bound rubber 
of both silica-filled NR and DPNR increases with increasing dump temperature up 
to 150°C. The increase of chemically bound rubber as a function of dump tempera-
ture for NR-silica-TESPT system has been reported [56, 25]. This can be explained 
by the higher rate of silanization with increasing mixing temperature. However, 
at 150°C, there is saturation in the amount of TESPT which has reacted and the 
surface of silica covered. Precipitated silica has about four to five silanol groups per 
nm2. Hence, there is no increase in chemically bound rubber for compounds mixed 
till above 150°C dump temperature. Above 150°C, the chemically bound rubber 
slowly decreases for DPNR and NR. In comparison, DPNR has more chemically 

Figure 6. 
Comparison of (a) chemically and (b) physically bound rubber content of silica compound containing TESPT 
at varying dump temperature: (□) NR and (●) DPNR.



Silicon Materials

54

Figure 4. 
Payne effect of silica compounds with silane TESPT as a function of dump temperature (□) NR and (●) 
DPNR.

Figure 5. 
Effect of dump temperature on Wolff ’s filler structure parameter, αf of silica-reinforced compounds: (□) NR 
and (●) DPNR.

55

Silica-Reinforced Deproteinized Natural Rubber
DOI: http://dx.doi.org/10.5772/intechopen.85678

between the increase in rheometer torque during vulcanization of the filled com-
pounds and that of the unfilled gum [24]:

     D  max   −  D  min   _________ 
 D  max  o   −  D  min  o  

   − 1 =  α  f     
 m  f   ___  m  p      (1)

where Dmax − Dmin is the maximum change in torque for the filled rubber, 
Do

max − Do
min is torque difference in unfilled rubber, and mf/mp is the ratio of filler 

to polymer by weight.
As observed earlier with the Payne effect, αf is reduced with increasing dump 

temperature for the DPNR and NR compounds. Better hydrophobation leads to 
a decrease in silica-silica interaction and consequently results in reduced αf. The 
DPNR compound shows a higher αf than the NR compound, indicating a different 
type of filler and rubber network in the two compounds.

The filler-to-rubber interaction of silica-filled DPNR can be assessed from 
bound rubber content (BRC). Bound rubber is the layer of rubber polymer that 
covers the filler surface and unextracted by the solvent during swelling process. The 
bound rubber content is a combination of tightly bound rubber skin and loosely 
bound rubber shell [58]. These combination or referred to as total BRC can be 
measured using the bound rubber measurement in normal atmosphere. The tightly 
bound rubber skin can be measured from bound rubber measurement in an ammo-
nia atmosphere which is referred to as the chemically BRC [59, 60].

The chemically and physically bound rubber content of silica-filled DPNR as 
compared to silica-filled NR is illustrated in Figure 6. The chemically bound rubber 
of both silica-filled NR and DPNR increases with increasing dump temperature up 
to 150°C. The increase of chemically bound rubber as a function of dump tempera-
ture for NR-silica-TESPT system has been reported [56, 25]. This can be explained 
by the higher rate of silanization with increasing mixing temperature. However, 
at 150°C, there is saturation in the amount of TESPT which has reacted and the 
surface of silica covered. Precipitated silica has about four to five silanol groups per 
nm2. Hence, there is no increase in chemically bound rubber for compounds mixed 
till above 150°C dump temperature. Above 150°C, the chemically bound rubber 
slowly decreases for DPNR and NR. In comparison, DPNR has more chemically 

Figure 6. 
Comparison of (a) chemically and (b) physically bound rubber content of silica compound containing TESPT 
at varying dump temperature: (□) NR and (●) DPNR.



Silicon Materials

56

bound rubber than NR, particularly at high dump temperature. In Figure 6(b), 
the small increase in the physically bound rubber of the DPNR-silica and NR-silica 
compounds containing TESPT at higher dump temperature can be explained by the 
saturation of silica-TESPT coupling. Additional interactions above 150°C between 
the non-hydrophobized silica surfaces and rubber are physical of nature.

The effect of dump temperature on the physical properties of silica vulcanizates is 
depicted in Figure 7. At dump temperatures above 150°C, NR vulcanizate shows a clear 
reduction in tensile strength and is in good agreement with the occurrence of reversion 
and decrease in the maximum torque observed in the vulcanization curve. This shows 
that mixing temperature is of importance for the NR-silica compounds. This obser-
vation is also seen in the case of synthetic equivalent of NR, IR [61]. However, this 
reduction in tensile strength at high dump temperature is not seen for the low-protein 
DPNR-silica vulcanizates. The elongation at break for the NR and DPNR vulcanizates 
reduces slightly with increasing dump temperature.

A decrease in both moduli at 300% elongation (M300) and 100% elongation 
(M100) at higher dump temperatures is seen for the NR vulcanizates. In contrast, 
DPNR vulcanizates exhibit higher moduli with the increasing mixing dump tem-
perature. The reduction in the tensile properties of NR at high mixing temperature 
is in good agreement with the occurrence of reversion and decrease in the maximum 
torque observed in their vulcanization curves. In addition, it has been reported 
that the reinforcement index (M300/M100) and tear resistance of NR-silica-TESPT 
vulcanizate is improved with increasing dump temperature to an optimum point 

Figure 7. 
Physical properties of silica vulcanizates: (□) NR and (●) DPNR; (a) tensile strength, (b) elongation at break, 
(c) modulus at 100% elongation (M100), (d) modulus at 300% elongation (M300).
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of 135–150°C [56]. In contrast, reversion is not seen in the vulcanization curve of 
DPNR, and the effect of dump temperature on torque difference is also smaller. 
Another possible reason for the better properties achieved for DPNR is the difference 
in the naturally occurring networking as compared to NR. The network structure 
of purified DPNR has been proposed is associated with phospholipids linking both 
terminal end groups of the rubber chain via hydrogen bonding and ionic linkages, 
while the protein bonds are released because of deproteinization [43].

Commonly, the loss tan δ at 60°C of a cured compound is employed as indica-
tion for the rolling resistance of tires made thereof. The lower the tan δ at 60°C, the 
lower the rolling resistance expected in real tire performance. Figure 8 illustrates 
indications of rolling resistance of the silica-filled vulcanizates. Both NR and DPNR 
vulcanizates show a strong decrease in tan δ at 60°C with increasing dump tempera-
ture. This must obviously be the result of more coupling of silica to the rubber with 
greater silanization efficiency at high temperatures. The DPNR vulcanizates exhibit 
the lowest tan δ at 60°C at high dump temperature. This actually relates well with the 
higher chemically bound rubber content of DPNR compared to the NR compound.

In general, DPNR shows better mechanical and dynamic properties as compared 
to NR. The decrease in the mechanical properties of NR vulcanizates mixed at high 
dump temperature correlates well with the reversion sign in vulcanization curve 
and decrease in the maximum torque. Interestingly, the DPNR-silica compounds 
show no sign of reversion at high dump temperature as seen in NR compounds and 
better retention of the properties.

4.2 Influence of silane coupling agents

Organofunctional silanes used for sulfur-cured rubber compounds can be 
categorized into the following groups [25]:

1. Di- and polysulfidic silanes: [(RO3)▬Si▬(CH2)3▬S]2▬Sx

Figure 8. 
The effect of dump temperature on tan delta at 60°C of silica compound: (□) NR and (●) DPNR.
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bound rubber than NR, particularly at high dump temperature. In Figure 6(b), 
the small increase in the physically bound rubber of the DPNR-silica and NR-silica 
compounds containing TESPT at higher dump temperature can be explained by the 
saturation of silica-TESPT coupling. Additional interactions above 150°C between 
the non-hydrophobized silica surfaces and rubber are physical of nature.

The effect of dump temperature on the physical properties of silica vulcanizates is 
depicted in Figure 7. At dump temperatures above 150°C, NR vulcanizate shows a clear 
reduction in tensile strength and is in good agreement with the occurrence of reversion 
and decrease in the maximum torque observed in the vulcanization curve. This shows 
that mixing temperature is of importance for the NR-silica compounds. This obser-
vation is also seen in the case of synthetic equivalent of NR, IR [61]. However, this 
reduction in tensile strength at high dump temperature is not seen for the low-protein 
DPNR-silica vulcanizates. The elongation at break for the NR and DPNR vulcanizates 
reduces slightly with increasing dump temperature.

A decrease in both moduli at 300% elongation (M300) and 100% elongation 
(M100) at higher dump temperatures is seen for the NR vulcanizates. In contrast, 
DPNR vulcanizates exhibit higher moduli with the increasing mixing dump tem-
perature. The reduction in the tensile properties of NR at high mixing temperature 
is in good agreement with the occurrence of reversion and decrease in the maximum 
torque observed in their vulcanization curves. In addition, it has been reported 
that the reinforcement index (M300/M100) and tear resistance of NR-silica-TESPT 
vulcanizate is improved with increasing dump temperature to an optimum point 

Figure 7. 
Physical properties of silica vulcanizates: (□) NR and (●) DPNR; (a) tensile strength, (b) elongation at break, 
(c) modulus at 100% elongation (M100), (d) modulus at 300% elongation (M300).
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of 135–150°C [56]. In contrast, reversion is not seen in the vulcanization curve of 
DPNR, and the effect of dump temperature on torque difference is also smaller. 
Another possible reason for the better properties achieved for DPNR is the difference 
in the naturally occurring networking as compared to NR. The network structure 
of purified DPNR has been proposed is associated with phospholipids linking both 
terminal end groups of the rubber chain via hydrogen bonding and ionic linkages, 
while the protein bonds are released because of deproteinization [43].

Commonly, the loss tan δ at 60°C of a cured compound is employed as indica-
tion for the rolling resistance of tires made thereof. The lower the tan δ at 60°C, the 
lower the rolling resistance expected in real tire performance. Figure 8 illustrates 
indications of rolling resistance of the silica-filled vulcanizates. Both NR and DPNR 
vulcanizates show a strong decrease in tan δ at 60°C with increasing dump tempera-
ture. This must obviously be the result of more coupling of silica to the rubber with 
greater silanization efficiency at high temperatures. The DPNR vulcanizates exhibit 
the lowest tan δ at 60°C at high dump temperature. This actually relates well with the 
higher chemically bound rubber content of DPNR compared to the NR compound.

In general, DPNR shows better mechanical and dynamic properties as compared 
to NR. The decrease in the mechanical properties of NR vulcanizates mixed at high 
dump temperature correlates well with the reversion sign in vulcanization curve 
and decrease in the maximum torque. Interestingly, the DPNR-silica compounds 
show no sign of reversion at high dump temperature as seen in NR compounds and 
better retention of the properties.

4.2 Influence of silane coupling agents

Organofunctional silanes used for sulfur-cured rubber compounds can be 
categorized into the following groups [25]:

1. Di- and polysulfidic silanes: [(RO3)▬Si▬(CH2)3▬S]2▬Sx

Figure 8. 
The effect of dump temperature on tan delta at 60°C of silica compound: (□) NR and (●) DPNR.
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2. Mercaptosilanes: [(RO3)▬Si▬(CH2)3▬S]2▬SH

3. Blocked mercaptosilanes: [(RO3)▬Si▬(CH2)3▬S]2▬S▬B

where R = CH3 or C2H5 or other groups, B = CN or C7H15C〓O, and x = 0–8.
The comparison of reinforcing effect of different types of silane in DPNR-silica 

compound is given in Table 11. Silane Si-69 is an organosilane TESPT from Evonik. 
X50s is a blend of silane Si69 and N330 black in the ratio 1:1 by weight, and it is in 
solid form. All types of silanes give high reinforcement of silica in DPNR especially 
TESPT with excellent tensile properties and better abrasion resistance.

The commonly and effectively used silane coupling agent in rubber system is 
TESPT. The polysulfidic silanes like TESPT contribute additional sulfur to the com-
pound unlike the other type of silanes. The influence of sulfur ranks in polysulfidic 
silane is compared between silica-DPNR and silica-NR. Bis-triethoxysilylpropyl-
disulfide (TESPD) has an average sulfur rank of 2.2, while TESPT has an average 
sulfur rank of 3.83. The compound is prepared based on the earlier formulation 
(Table 10), and 4.4 phr of TESPD is used as the equivalent moles to 5 phr TESPT in 

Properties Polysulfidic silane Mercaptosilane Block 
mercaptosilane

Silane Si-69 X50S Si 363 NXT

phr 5 10 6.2 5

Tensile strength, MPa 31 31 28 30

Elongation at break, % 560 550 540 600

M100, MPa 2.8 2.9 2.9 2.3

M300, MPa 13.3 14.2 13.1 10.2

Hardness, IRHD 67 69 65 65

Resilience, % 67 68 74 64

Abrasion resistance index (ARI), % 120 123 121 108

*Rubber formulation: rubber 100, Zeosil 1165 55, ZnO 3, StA 2, TMQ 2, TDAE 8, DPG 1.1, CBS 1.5, S 1.5, cured at 
150°C for 10 min.

Table 11. 
Physical properties of DPNR-silica with different type of silanes used.

Figure 9. 
Comparison of Payne effect between TESPT and TESPD compound.
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ethoxy functionality. The TESPD and TESPT were compared on an equimolar basis 
with correction for the missing sulfur in the final mill mixing stage. The optimal 
loading of TESPT is at approximately 9.0% wt relative to the amount of silica [62]. In 
Figure 9, the Payne effect between NR and DPNR compounds is compared. DPNR 
compounds show slightly lower Payne effect compared to NR either with TESPT or 
TESPD. For both NR and DPNR compounds, the Payne effect of compound with 
TESPD is higher than those with TESPT. In this case, the reactivity of TESPT toward 
silica is higher in hydrophobizing silica surface than TESPD in both rubbers. The 
silanization silica with TESPD occurs at lower rate than TESPT. Similar observation 
has been reported where the TESPT-based NR compound shows lower filler-filler 
interaction and better silica dispersion than those of the TESPD compounds [63].

The comparison of BRC between NR- and DPNR-silica compounds both with 
and without silanes is shown in Figure 10. The use of silanes TESPT and TESPD in 
NR- and DPNR-silica compounds results in almost totally chemically BRC forma-
tion. The silanization of silica with TESPD or TESPT has successfully hydrophobize 
silica surface through silica-TESPT and silica-TESPD couplings. The silica-silane 
coupling is translated into reduction of the specific component of the surface energy 
of silica, ɤs

sp, and gives rise in the interaction of rubber and filler. DPNR-TESPT 
shows slightly higher chemically BRC than NR-TESPT-silica compound. In compari-
son, both DPNR and NR compounds with TESPT have higher BRC than compound 
with TESPD. This corresponds well with the lower Payne effect of the DPNR-silica 
compounds with TESPT as compared to with TESPD. For both DPNR- and NR-silica 
compounds without silane, only physically BRC, are formed as no chemically BRC 
is obtained after ammonia treatment. It is interesting to see that NR-silica without 
silane has higher physically BRC compared to DPNR-silica without silane. This 
relates back to the interaction of proteins with silica that provide filler-rubber 

Figure 10. 
Comparison of bound rubber content between TESPT and TESPD compounds.

Compounds TS 
(MPa)

EB (%) M100 
(MPa)

M300 
(MPa)

Hardness 
(shore A)

tan δ at 
60°C

DPNR-silica-TESPT 29.7 460 3.5 18.1 63 0.077

NR-silica-TESPT 28.8 520 2.4 14.1 61 0.094

DPNR-silica-TESPD 29.4 520 3.8 14.9 70 0.139

NR-silica-TESPD 29.5 550 2.6 13.3 64 0.145

*Rubber formulation: rubber 100, Ultrasil7005 55, silane 5, ZnO 2.5, StA 1, TMQ 2, TDAE 8, DPG 2, CBS 1.7, S 
1.4, cured at 150°C for 7 min.

Table 12. 
Comparison of physical properties between DPNR-TESPT and DPNR-TESPD vulcanizates*.
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pound unlike the other type of silanes. The influence of sulfur ranks in polysulfidic 
silane is compared between silica-DPNR and silica-NR. Bis-triethoxysilylpropyl-
disulfide (TESPD) has an average sulfur rank of 2.2, while TESPT has an average 
sulfur rank of 3.83. The compound is prepared based on the earlier formulation 
(Table 10), and 4.4 phr of TESPD is used as the equivalent moles to 5 phr TESPT in 

Properties Polysulfidic silane Mercaptosilane Block 
mercaptosilane

Silane Si-69 X50S Si 363 NXT

phr 5 10 6.2 5

Tensile strength, MPa 31 31 28 30

Elongation at break, % 560 550 540 600

M100, MPa 2.8 2.9 2.9 2.3

M300, MPa 13.3 14.2 13.1 10.2

Hardness, IRHD 67 69 65 65

Resilience, % 67 68 74 64

Abrasion resistance index (ARI), % 120 123 121 108

*Rubber formulation: rubber 100, Zeosil 1165 55, ZnO 3, StA 2, TMQ 2, TDAE 8, DPG 1.1, CBS 1.5, S 1.5, cured at 
150°C for 10 min.

Table 11. 
Physical properties of DPNR-silica with different type of silanes used.

Figure 9. 
Comparison of Payne effect between TESPT and TESPD compound.

59

Silica-Reinforced Deproteinized Natural Rubber
DOI: http://dx.doi.org/10.5772/intechopen.85678

ethoxy functionality. The TESPD and TESPT were compared on an equimolar basis 
with correction for the missing sulfur in the final mill mixing stage. The optimal 
loading of TESPT is at approximately 9.0% wt relative to the amount of silica [62]. In 
Figure 9, the Payne effect between NR and DPNR compounds is compared. DPNR 
compounds show slightly lower Payne effect compared to NR either with TESPT or 
TESPD. For both NR and DPNR compounds, the Payne effect of compound with 
TESPD is higher than those with TESPT. In this case, the reactivity of TESPT toward 
silica is higher in hydrophobizing silica surface than TESPD in both rubbers. The 
silanization silica with TESPD occurs at lower rate than TESPT. Similar observation 
has been reported where the TESPT-based NR compound shows lower filler-filler 
interaction and better silica dispersion than those of the TESPD compounds [63].

The comparison of BRC between NR- and DPNR-silica compounds both with 
and without silanes is shown in Figure 10. The use of silanes TESPT and TESPD in 
NR- and DPNR-silica compounds results in almost totally chemically BRC forma-
tion. The silanization of silica with TESPD or TESPT has successfully hydrophobize 
silica surface through silica-TESPT and silica-TESPD couplings. The silica-silane 
coupling is translated into reduction of the specific component of the surface energy 
of silica, ɤs

sp, and gives rise in the interaction of rubber and filler. DPNR-TESPT 
shows slightly higher chemically BRC than NR-TESPT-silica compound. In compari-
son, both DPNR and NR compounds with TESPT have higher BRC than compound 
with TESPD. This corresponds well with the lower Payne effect of the DPNR-silica 
compounds with TESPT as compared to with TESPD. For both DPNR- and NR-silica 
compounds without silane, only physically BRC, are formed as no chemically BRC 
is obtained after ammonia treatment. It is interesting to see that NR-silica without 
silane has higher physically BRC compared to DPNR-silica without silane. This 
relates back to the interaction of proteins with silica that provide filler-rubber 

Figure 10. 
Comparison of bound rubber content between TESPT and TESPD compounds.

Compounds TS 
(MPa)

EB (%) M100 
(MPa)

M300 
(MPa)

Hardness 
(shore A)

tan δ at 
60°C

DPNR-silica-TESPT 29.7 460 3.5 18.1 63 0.077

NR-silica-TESPT 28.8 520 2.4 14.1 61 0.094

DPNR-silica-TESPD 29.4 520 3.8 14.9 70 0.139

NR-silica-TESPD 29.5 550 2.6 13.3 64 0.145

*Rubber formulation: rubber 100, Ultrasil7005 55, silane 5, ZnO 2.5, StA 1, TMQ 2, TDAE 8, DPG 2, CBS 1.7, S 
1.4, cured at 150°C for 7 min.

Table 12. 
Comparison of physical properties between DPNR-TESPT and DPNR-TESPD vulcanizates*.
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network in the NR-silica [64]. With reduced protein present in the DPNR, less 
network are formed in comparison to NR and this is reflected with lower BRC.

The comparison of physical properties between DPNR-silica-TESPT and 
DPNR-silica-TESPD vulcanizates is shown in Table 12. The tensile strength for all 
vulcanizates is not affected by the type of silane. The tensile properties of DPNR 
vulcanizate are comparable to NR vulcanizates. The indication of rolling resistance 
of the tread compounds can be observed from tan δ at 60°C from temperature 
sweep using dynamic mechanical testing. It is obvious that the use of TESPT gives 
lower tan δ at 60°C for DPNR-silica and NR-silica compounds as when compared 
to those using TESPD. A study on the role of different functionalities in silane on 
silica-filled NR has shown that the TESPT gives superior efficiency than TESPD due 
to the effect of sulfur donation by TESPT [65]. In addition, the DPNR vulcanizates 
generally give lower tan δ at 60°C than the NR vulcanizates which indicate an 
improvement in rolling resistance of tread compound made from DPNR.

4.3 Morphology of silica-reinforced DPNR

The dispersion morphology of silica-DPNR vulcanizates as compared to silica-
NR vulcanizates by AFM morphology in the absence of silane coupling agent is 
illustrated in Figure 11 [58]. The size of the silica aggregates in DPNR without silane 
is bigger than in the NR vulcanizate as seen from the height image at 1 × 1 μm. The 
phase image of DPNR-silica without silane shows smaller silica aggregates of 100nm 
size as dispersed in the matrix. The size of the silica aggregates in the DPNR vulca-
nizate is almost comparable to that in NR, although they seem to be closer together.

An improved micro-dispersion of silica in DPNR and NR vulcanizates with 
the use of TESPT is shown in AFM height images in Figure 12 as compared to 
morphology without coupling agent. Primary particles of silica in the size of 50 nm 
are clearly visible in both DPNR and NR in addition to silica aggregates of approxi-
mately 100nm. The difference between DPNR and NR can be observed from the 
phase image. The distances between the silica aggregates of size 50–100 nm are 

Figure 11. 
Micro-dispersion of silica in NR and DPNR vulcanizates in the absence of silane coupling agent (a) NR-silica 
(b) DPNR-silica.
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clearly visible in the NR-silica-TESPT vulcanizate. However, in DPNR-silica-TESPT, 
the distance between the aggregates looks a little smaller, indicating a somewhat 
better micro-dispersion. Besides, there is an intermediate region between the silica 
and rubber phases, suggesting the bound rubber layer [65–67].

Attempting to analyze the morphology of filler-to-rubber interactions in silica 
compounds at high loading, which in this study is 55 phr of silica, is difficult as the 
silica aggregates are very close together. In order to gain insight into the filler-to-
rubber interaction, TEM network visualization was carried out where the vulcani-
zate was swollen in styrene, styrene polymerized, staining the rubber network and 
visualization using TEM [68].

TEM network visualizations of silica-filled NR and silica-filled DPNR vulca-
nizates without silane coupling agent are depicted in Figure 13. Silica aggregates 
of around 50–100 nm size can be seen as dark particles throughout the DPNR 
and NR vulcanizates. The rubber network can be visualized after the staining 
process, and the region is identified with mesh structure. Likewise, the region of 

Figure 12. 
Micro-dispersion of silica in NR and DPNR vulcanizates in the presence of silane coupling agent (a) NR-silica 
(b) DPNR-silica.

Figure 13. 
Comparison of TEM network visualization micrographs of silica-filled NR and DPNR vulcanizates without 
coupling agent.
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network in the NR-silica [64]. With reduced protein present in the DPNR, less 
network are formed in comparison to NR and this is reflected with lower BRC.

The comparison of physical properties between DPNR-silica-TESPT and 
DPNR-silica-TESPD vulcanizates is shown in Table 12. The tensile strength for all 
vulcanizates is not affected by the type of silane. The tensile properties of DPNR 
vulcanizate are comparable to NR vulcanizates. The indication of rolling resistance 
of the tread compounds can be observed from tan δ at 60°C from temperature 
sweep using dynamic mechanical testing. It is obvious that the use of TESPT gives 
lower tan δ at 60°C for DPNR-silica and NR-silica compounds as when compared 
to those using TESPD. A study on the role of different functionalities in silane on 
silica-filled NR has shown that the TESPT gives superior efficiency than TESPD due 
to the effect of sulfur donation by TESPT [65]. In addition, the DPNR vulcanizates 
generally give lower tan δ at 60°C than the NR vulcanizates which indicate an 
improvement in rolling resistance of tread compound made from DPNR.

4.3 Morphology of silica-reinforced DPNR

The dispersion morphology of silica-DPNR vulcanizates as compared to silica-
NR vulcanizates by AFM morphology in the absence of silane coupling agent is 
illustrated in Figure 11 [58]. The size of the silica aggregates in DPNR without silane 
is bigger than in the NR vulcanizate as seen from the height image at 1 × 1 μm. The 
phase image of DPNR-silica without silane shows smaller silica aggregates of 100nm 
size as dispersed in the matrix. The size of the silica aggregates in the DPNR vulca-
nizate is almost comparable to that in NR, although they seem to be closer together.

An improved micro-dispersion of silica in DPNR and NR vulcanizates with 
the use of TESPT is shown in AFM height images in Figure 12 as compared to 
morphology without coupling agent. Primary particles of silica in the size of 50 nm 
are clearly visible in both DPNR and NR in addition to silica aggregates of approxi-
mately 100nm. The difference between DPNR and NR can be observed from the 
phase image. The distances between the silica aggregates of size 50–100 nm are 

Figure 11. 
Micro-dispersion of silica in NR and DPNR vulcanizates in the absence of silane coupling agent (a) NR-silica 
(b) DPNR-silica.
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clearly visible in the NR-silica-TESPT vulcanizate. However, in DPNR-silica-TESPT, 
the distance between the aggregates looks a little smaller, indicating a somewhat 
better micro-dispersion. Besides, there is an intermediate region between the silica 
and rubber phases, suggesting the bound rubber layer [65–67].

Attempting to analyze the morphology of filler-to-rubber interactions in silica 
compounds at high loading, which in this study is 55 phr of silica, is difficult as the 
silica aggregates are very close together. In order to gain insight into the filler-to-
rubber interaction, TEM network visualization was carried out where the vulcani-
zate was swollen in styrene, styrene polymerized, staining the rubber network and 
visualization using TEM [68].

TEM network visualizations of silica-filled NR and silica-filled DPNR vulca-
nizates without silane coupling agent are depicted in Figure 13. Silica aggregates 
of around 50–100 nm size can be seen as dark particles throughout the DPNR 
and NR vulcanizates. The rubber network can be visualized after the staining 
process, and the region is identified with mesh structure. Likewise, the region of 

Figure 12. 
Micro-dispersion of silica in NR and DPNR vulcanizates in the presence of silane coupling agent (a) NR-silica 
(b) DPNR-silica.

Figure 13. 
Comparison of TEM network visualization micrographs of silica-filled NR and DPNR vulcanizates without 
coupling agent.
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polystyrene is the unstained part. Some silica aggregates in silica-filled NR are 
surrounded by voids or vacuoles, and some have connecting network strands to 
the NR network. This indicates there exist some bondings of silica to the rubber 
networks. This observation is totally different with the network visualization of 
the silica-filled DPNR. The silica aggregates in the DPNR system without silane 
have clear vacuoles surrounding them [62]. The vacuoles are formed through 
polymerization of styrene in the gap between the silica aggregates and the rubber 
chain. The formation of such vacuoles is due to a weak interface between silica 
particles and rubber chains [66]. The weak filler and rubber interaction in the sys-
tem without silane is derived from the silica characteristic of surface energy with 
low dispersive component, ɤsd, which results in less adsorption of rubber chains 
to the surface of the silica. There are less vacuoles present in the NR vulcanizate as 
compared to the DPNR vulcanizate without silane, which suggests higher filler-
to-rubber interactions in the former.

A comparison of the TEM network visualization between NR and DPNR 
vulcanizates with TESPT coupling agent included is shown in Figure 14. The pres-
ence of TESPT results in strong attachment of rubber chain to the surface of silica 
aggregates. No sign of vacuoles present in the system after network visualization. 
This is due to the establishment of chemical bonding between silica-TESPT-rubber 
in the compound during silanization and vulcanization. In addition, the size of 
silica aggregates in both NR and DPNR with TESPT is smaller than those without 
TESPT. This relates to the results of low Payne effect and high chemically BRC for 
NR and DPNR reinforced with silica and silane system. In addition, the vulcani-
zates with silanes exhibit denser rubber network compared to those without silane. 
This is in agreement with the results of cross-link density where the silica-filled NR 
and DPNR with TESPT have higher cross-link density compared to those without 
silane due to sulfur released from TESPT [62].

5. Conclusions

Deproteinized natural rubber is a purified form of natural rubber, which is char-
acterized by its very low nitrogen, ash, and volatile matter contents compared to the 
commercial natural rubber. Similar to natural rubber, DPNR can be reinforced with 
carbon black as well as silica according to the intended applications.

DPNR reinforced with carbon black filler has low creep and stress relaxation, 
low water absorption, low compression set, and a more consistent modulus. Carbon 

Figure 14. 
Comparison of TEM network visualization micrographs of silica-filled (a) NR and (b) DPNR vulcanizates 
with silane coupling agent, TESPT.
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black-filled DPNR exhibits excellent dynamic properties which are suitable for 
engineering applications.

Reinforcement of DPNR by silica filler is different from carbon black as silane 
coupling agent is required. Mixing temperature has a dominant effect in mixing 
DPNR and silica as well as NR and silica in the presence of a coupling agent. NR 
suffers some loss of dynamic and mechanical properties due to thermo-mechanical 
degradation when mixed at above optimum mixing temperature of approximately 
155°C. On the other hand, DPNR shows a smaller influence of dump temperature 
and more constant mechanical properties. Higher silica-silane-rubber coupling in 
DPNR-silica-TESPT compounds is shown with improvement in the dynamic prop-
erties especially the lower tan δ at 60°C which indicates the lower rolling resistance 
of tire. The dispersion morphology of silica and rubber-to-filler interaction in 
DPNR is elucidated by atomic force microscopy and TEM network visualization.
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polystyrene is the unstained part. Some silica aggregates in silica-filled NR are 
surrounded by voids or vacuoles, and some have connecting network strands to 
the NR network. This indicates there exist some bondings of silica to the rubber 
networks. This observation is totally different with the network visualization of 
the silica-filled DPNR. The silica aggregates in the DPNR system without silane 
have clear vacuoles surrounding them [62]. The vacuoles are formed through 
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low dispersive component, ɤsd, which results in less adsorption of rubber chains 
to the surface of the silica. There are less vacuoles present in the NR vulcanizate as 
compared to the DPNR vulcanizate without silane, which suggests higher filler-
to-rubber interactions in the former.

A comparison of the TEM network visualization between NR and DPNR 
vulcanizates with TESPT coupling agent included is shown in Figure 14. The pres-
ence of TESPT results in strong attachment of rubber chain to the surface of silica 
aggregates. No sign of vacuoles present in the system after network visualization. 
This is due to the establishment of chemical bonding between silica-TESPT-rubber 
in the compound during silanization and vulcanization. In addition, the size of 
silica aggregates in both NR and DPNR with TESPT is smaller than those without 
TESPT. This relates to the results of low Payne effect and high chemically BRC for 
NR and DPNR reinforced with silica and silane system. In addition, the vulcani-
zates with silanes exhibit denser rubber network compared to those without silane. 
This is in agreement with the results of cross-link density where the silica-filled NR 
and DPNR with TESPT have higher cross-link density compared to those without 
silane due to sulfur released from TESPT [62].

5. Conclusions

Deproteinized natural rubber is a purified form of natural rubber, which is char-
acterized by its very low nitrogen, ash, and volatile matter contents compared to the 
commercial natural rubber. Similar to natural rubber, DPNR can be reinforced with 
carbon black as well as silica according to the intended applications.

DPNR reinforced with carbon black filler has low creep and stress relaxation, 
low water absorption, low compression set, and a more consistent modulus. Carbon 

Figure 14. 
Comparison of TEM network visualization micrographs of silica-filled (a) NR and (b) DPNR vulcanizates 
with silane coupling agent, TESPT.
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black-filled DPNR exhibits excellent dynamic properties which are suitable for 
engineering applications.

Reinforcement of DPNR by silica filler is different from carbon black as silane 
coupling agent is required. Mixing temperature has a dominant effect in mixing 
DPNR and silica as well as NR and silica in the presence of a coupling agent. NR 
suffers some loss of dynamic and mechanical properties due to thermo-mechanical 
degradation when mixed at above optimum mixing temperature of approximately 
155°C. On the other hand, DPNR shows a smaller influence of dump temperature 
and more constant mechanical properties. Higher silica-silane-rubber coupling in 
DPNR-silica-TESPT compounds is shown with improvement in the dynamic prop-
erties especially the lower tan δ at 60°C which indicates the lower rolling resistance 
of tire. The dispersion morphology of silica and rubber-to-filler interaction in 
DPNR is elucidated by atomic force microscopy and TEM network visualization.
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Abstract

In this chapter, an approach to enhance the radiative recombination of the Ge 
film grown on the Si substrate is presented. The Ge band gap structure could be 
modified by applying a tensile strain and high n-doping in the Ge epilayers. It 
thus becomes a direct band gap material with high photoluminescence efficiency 
which is compatible with mainstream silicon technology. The interdiffusion effect 
between Ge film and Si substrate is also mentioned in this section. We proposed a 
new method to suppress the Si/Ge interdiffusion to reduce the effect of Si atoms on 
the optical property of Ge film due to Si presence.

Keywords: Ge, Si technology, tensile strain, n-doping, photoluminescence, 
interdiffusion

1. Introduction

During the last decades, demands for increased performance of electronic 
devices have led to an extraordinary course of miniaturization of Complementary 
Metal Oxide Semiconductor (CMOS) devices. As this scaling law may soon reach its 
limit, researchers in modern microelectronics try to find solutions to extend Moore’s 
law by using more conventional principles. Two major areas of research have been 
envisaged. The first aims to find solutions that will rely on the exiting existing tech-
nology and physical principles but on a smaller scale. As such, bottom-up nanoscale 
structures, such as semiconducting nanowires, carbon nanotubes or graphene, have 
been proposed as potential candidates for complementing Si technology. The sec-
ond explores new concepts, which rely on introduction of novel functions, such as 
the development of on-chip optical interconnects or the introduction of spintronic 
devices in which not only the electron charge but also the electron spin that can 
carry information. On-chip optical interconnects imply integration of all the optical 
devices with the silicon microelectronic devices on silicon chips and they require an 
efficient Si-based optical source. In addition to the development of new generations 
of high-performance computation and communication systems, an integrated effi-
cient optical source on silicon allows to bridge the gap between the microelectronic 
and optoelectronic industries. A Si-based optical source would allow developing 
silicon photonics and its diffusion toward extended new markets. It would also 
allow opening new possibilities with a strong economic potential by developing 
cost-effective devices intended for a large public diffusion. To date, numerous 
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approaches have been proposed to realize silicon-integrated optical sources, such as 
porous Si, epitaxial semiconducting silicides, Er-doped Si, Si nanocrystals or Ge/Si 
self-assembled quantum dots. However, all above approaches are challenged by the 
lack of enough gain to surpass materials losses to achieve net gain for laser action.

Semiconductor diode lasers are conventionally based on direct band gap materi-
als due to the efficient radiative recombination of direct gap transitions. As discrete 
devices, direct gap III-V semiconductor lasers have achieved great success in many 
important applications, from telecommunications to DVD players. On the other 
hand, indirect semiconductors such as Si and Ge are traditionally considered unsuit-
able for laser diodes because the radiative recombination through indirect transition 
is inefficient as a result of a phonon-assisted process. However, compared to Si, pure 
Ge displays unique optical properties, the direct (Γ) valley of its conduction band is 
only 0.14 eV above the indirect (L) valleys at room temperature while it is larger than 
2 eV in Si. In addition, while Si cannot be used for photodetector due to its transpar-
ency at near infrared wavelength band, Ge has strong direct band gap absorption 
below 1.55 μm and high-speed Ge photodetectors have been demonstrated. Of 
particular interest, it has been shown that application of a tensile strain in Ge allows 
lowering the energy difference between the Γ zone center valley and the indirect L 
valley. The tensile strain also lifts the degeneracy between heavy hole and light hole 
valence bands. On the other hand, n-type doping of Ge leads to a more efficient 
population of the zone center Γ valley and thus enhances optical recombination 
at the Brillouin zone center. The combination of both effects is expected to lead to 
significant optical gains at room temperature and to the demonstration of a laser.

Tensile strain can be induced in Ge via several approaches: applying external 
mechanical stress, growing Ge on a larger lattice parameter substrate, such as 
InGaAs or GeSn buffer layers, or use of thermal mismatch between Ge and Si. In 
the frame of this chapter, we have chosen to study tensile-strained and n-doped 
Ge layers epitaxially grown on Si. The motivation of our study is that this system is 
compatible with the mainstream Si technology. Concerning to the n-doping pro-
cess, while in CVD, PH3 molecules are currently used as a precursor for n-doping, 
by means of MBE we could implement a specific doping cell using a GaP decompo-
sition source to produce diphosphorus (P2) which has a higher sticking coefficient 
than tetrahedral white phosphorus (P4 molecules).

1.1 The Moore’s law or the scaling-down law

Integrated circuits (ICs, also known as microchips or microcircuits) have been a 
major driving force to revolutionize electronic technology in the past few decades. 
ICs are nowadays used in almost all electronic equipment and devices and are 
the foundation of the current generation of computers. An IC is a miniaturized 
electronic circuit consisting of active devices, i.e., transistors and diodes, as well as 
interconnects elements or passive components (resistance and capacity). Among 
all these semiconductors, silicon (Si) is absolutely the most important and widely 
used material in the IC and semiconductor industry owing to its superior proper-
ties and low fabrication cost. Before 2005, silicon IC had been developed in an 
extraordinary pace for almost four decades, known as Moore’s law that the number 
of transistors in an integrated circuit doubles roughly every 18 months [1]. Upon the 
increase of the number of transistors, each transistor also gets smaller, faster and 
cheaper. The scalability is the main reason of the tremendous success of many Si IC 
based technologies, such as Si complimentary metal-oxide-semiconductor (CMOS) 
technology, which is used to fabricate the central processing unit (CPU) of modern 
computers. The scalability of Si-CMOS technology is not only about the shrinkage 
of the dimensions of the devices, but also a number of other factors for maintaining 
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the power density while boosting the performance. For an ideal constant-field 
scaling [2], upon the shrinkage of all the physical dimensions by α (scaling factor), 
the depletion depth d also has to be shrunk by α to assure the device works properly. 
The reduction of the depletion depth requires the increase of doping Nd and the 
decrease of the applied voltage V by a same factor α since d ≈ √NdV [3]. A direct 
consequence of the scaling is the increased circuit density by α2, which dramatically 
reduces the manufacturing costs. A second important result is the increase of the 
circuit speed due to both the reduced transit time in transistors and the capacitance 
in RC delay. However, the applied voltage is found to be impossible to scale by α as 
continuously shrinking the dimensions because of constraints on the threshold bias 
in order to avoid rising standby power in the “off” state. Eventually, the applied 
voltage cannot be scaled anymore, which, unfortunately, already occurred a couple 
of years ago. This results in the increase of the electric field with the scaling, leading 
to the increase of the power density of the circuit. It has been shown that the passive 
power density becomes dominant below the device dimension of 130–65 nm regime 
[4], which effectively breaks off traditional scaling in CMOS.

In order to further increase the clock frequency without the help of the scaling, 
the entire architecture should be re-examined. In today’s CMOS technology, the 
intrinsic speed of the transistor is beyond the speed in any other components of 
the circuit. The intrinsic frequency of a commercial logic circuit transistor is in the 
order of 102 GHz [5], while other technologies can easily achieve even higher speed, 
such as SiGe transistors at 500 GHz [6]. Therefore, the speed bottleneck of the ICs 
results from propagation delay in the passive components, which is dominated by 
RC (resistance capacitance) delay. Thus, design a new interconnects system in ICs 
becomes the key to further enhancement of the speed. A couple of approaches have 
been investigated to replace the predominant aluminum (for electrical conduction) 
and silicon oxide (SiO2, for electrical insulation) interconnects including the use of 
copper and low-k dielectric materials (such as doped SiO2 or polymeric dielectrics) 
to reduce the RC product.

Among all these attempts, the optical interconnect design implemented by 
silicon photonics is extremely promising and can be the potentially ultimate solu-
tion to this problem. As shown in Figure 1, according to the 2008 International 
Technology Roadmap for Semiconductors (ITRS) [5], with continued technology 
node scaling, the relative delay for logic devices and local interconnects decreases. 
However, global interconnects, especially global interconnects without repeaters, 
show a dramatic increase in delay time. All of these arguments show that the on-
chip interconnects are one of the major challenges for the future IC industry.

Figure 1. 
Relative delay vs. process technology node from 2008 ITRS [5].
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Figure 1. 
Relative delay vs. process technology node from 2008 ITRS [5].
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1.2 Silicon photonics

1.2.1 Photonics in optical communications

Photonics is about the science and the technology of generating, manipulating, 
and detecting photons. Silicon, while dominating the semiconductor electronics for 
decades, is naturally a challenge for developing photonics in many communication 
applications [7]. Silicon photonics offer a promising platform for the monolithic 
integration of optics and microelectronics, aiming for many applications including 
the optical interconnects solution to the microelectronics bottleneck [8]. Because 
of its importance and rapid growth, a roadmap of silicon photonics, assessed 
by academic and industrial experts, has been proposed [9]. Light or photon has 
been used to transmit information for over three decades, mainly by using optical 
fibers to form optical interconnection between places in distance. In the past three 
decades, photons have been widely used in optical fiber communication systems, 
especially in long-distance communications. The fundamental reason for the optical 
interconnect advantage is the zero rest mass of a photon, which can greatly reduce 
the required energy. In addition, compared to electrical interconnections, the 
most important advantage using optical fiber communications is the high speed. 
However, many challenges need to be solved to achieve on-chip optical intercon-
nects. The first issue is to integrate all the optical devices with the silicon microelec-
tronic devices on silicon chips. Another challenge is materials used in each device. 
For traditional optical components, III-V materials, such as GaAs and InP, are 
exclusively used due to their excellent optical properties. However, all the materials 
and their fabrication are not compatible with the Si exciting Si-CMOS technology.

1.2.2 Key devices for Si photonics

The on-chip interconnect system contains an integrated light source, a modula-
tor to transfer the electrical signal to an optical signal, a waveguide or waveguide 
device to direct the optical signal to the destination, and finally a photodetector 
to convert the optical signal back to an electrical signal. Most of these devices are 
already developed on a Si platform with high bandwidth capability.

Figure 2 Si photonics key devices are needed to realize on-chip optical inter-
connects: Integrated light source, modulator, waveguide and photo-detector [10]. 
The only missing key device is an electrically pumped laser source, which is the 
compatible with the integrated CMOS technology. As we have mentioned above, 
numerous approaches have been investigated, including porous Si, semiconducting 
silicides, Er-doped Si, Si nanocrystals or Ge/Si self-assembled quantum dots but 
none of them could produce a high emission efficiency at room temperature. From 
the material point of view, in order to achieve a CMOS compatible light source, the 

Figure 2. 
Illustrates several key photonics devices needed to realize Si on-chip interconnections [10].
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use of group IV materials (such as Si, Ge, or Sn) is highly expected. In order to have 
an efficient light source, a direct band gap semiconductor is preferred. At least, 
a local minimum at the Γ point of the conduction band is required to accumulate 
electrons and achieve efficient radiative recombination. This requirement makes 
Si impossible to be an efficient light source because the difference between the 
direct and indirect valleys in Si is larger than 2 eV. Fortunately, germanium, which 
is a group IV material, has a local minimum at the Γ point of the conduction band. 
More attractively is that the lowest energy point in the Ge conduction band is at the 
L point, which is only 0.140 eV lower than the lowest energy at the Γ point at room 
temperature. Therefore, Ge has the potential to be engineered to become a direct 
band gap material and used as an on-chip integrated light source [11, 12].

1.3 Ge band structure engineering

As previously discussed, Ge is the most interesting group-IV material for the 
light emitting process. However, achieving direct band gap in Ge and improving 
the Ge light emitting efficiency are still huge challenges. Indeed, Ge is normally 
recognized as a poor light emitting material due to its indirect band structure. The 
radiative recombination through the indirect band-to-band optical transition is 
inefficient as a result of a phonon-assisted process. The direct band-to-band optical 
transition in Ge is however a very fast process with a radiative recombination rate of 
4–5 orders of magnitude higher than that of the indirect transition [13]. Thus, the 
direct gap emission

Of Ge can be, in principle, as efficient as that from direct gap III-V materials. 
The challenge is that the number of the electrons for the direct optical transition is 
deficient due to an indirect band structure. Fortunately, Ge is a pseudo direct band 
gap material because of a small energy difference (140 meV) between its direct gap 
and indirect gap. It has been shown that with a combination of tensile strain and 
n-type doping Ge can be engineered to be a direct band gap material.

1.3.1 Ge band structure at equilibrium and under injection

The band structure of bulk Ge is shown in Figure 3. The valence band is com-
posed of a light-hole band, a heavy-hole band, and a split-off band from spin-orbit 
interaction. The light-hole band and the heavy-hole band are degenerate at wave 
vector k = 0 or Γ point, which is the maximum of valence band.

The lowest energy point of the conduction band is located at  
k = <111> or L point. The energy difference between the conduction band at L 
point and the valence band at Γ point determines the narrowest band gap in Ge: 

Figure 3. 
Ge band structure at 300 K.
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of its importance and rapid growth, a roadmap of silicon photonics, assessed 
by academic and industrial experts, has been proposed [9]. Light or photon has 
been used to transmit information for over three decades, mainly by using optical 
fibers to form optical interconnection between places in distance. In the past three 
decades, photons have been widely used in optical fiber communication systems, 
especially in long-distance communications. The fundamental reason for the optical 
interconnect advantage is the zero rest mass of a photon, which can greatly reduce 
the required energy. In addition, compared to electrical interconnections, the 
most important advantage using optical fiber communications is the high speed. 
However, many challenges need to be solved to achieve on-chip optical intercon-
nects. The first issue is to integrate all the optical devices with the silicon microelec-
tronic devices on silicon chips. Another challenge is materials used in each device. 
For traditional optical components, III-V materials, such as GaAs and InP, are 
exclusively used due to their excellent optical properties. However, all the materials 
and their fabrication are not compatible with the Si exciting Si-CMOS technology.

1.2.2 Key devices for Si photonics

The on-chip interconnect system contains an integrated light source, a modula-
tor to transfer the electrical signal to an optical signal, a waveguide or waveguide 
device to direct the optical signal to the destination, and finally a photodetector 
to convert the optical signal back to an electrical signal. Most of these devices are 
already developed on a Si platform with high bandwidth capability.

Figure 2 Si photonics key devices are needed to realize on-chip optical inter-
connects: Integrated light source, modulator, waveguide and photo-detector [10]. 
The only missing key device is an electrically pumped laser source, which is the 
compatible with the integrated CMOS technology. As we have mentioned above, 
numerous approaches have been investigated, including porous Si, semiconducting 
silicides, Er-doped Si, Si nanocrystals or Ge/Si self-assembled quantum dots but 
none of them could produce a high emission efficiency at room temperature. From 
the material point of view, in order to achieve a CMOS compatible light source, the 

Figure 2. 
Illustrates several key photonics devices needed to realize Si on-chip interconnections [10].
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use of group IV materials (such as Si, Ge, or Sn) is highly expected. In order to have 
an efficient light source, a direct band gap semiconductor is preferred. At least, 
a local minimum at the Γ point of the conduction band is required to accumulate 
electrons and achieve efficient radiative recombination. This requirement makes 
Si impossible to be an efficient light source because the difference between the 
direct and indirect valleys in Si is larger than 2 eV. Fortunately, germanium, which 
is a group IV material, has a local minimum at the Γ point of the conduction band. 
More attractively is that the lowest energy point in the Ge conduction band is at the 
L point, which is only 0.140 eV lower than the lowest energy at the Γ point at room 
temperature. Therefore, Ge has the potential to be engineered to become a direct 
band gap material and used as an on-chip integrated light source [11, 12].

1.3 Ge band structure engineering

As previously discussed, Ge is the most interesting group-IV material for the 
light emitting process. However, achieving direct band gap in Ge and improving 
the Ge light emitting efficiency are still huge challenges. Indeed, Ge is normally 
recognized as a poor light emitting material due to its indirect band structure. The 
radiative recombination through the indirect band-to-band optical transition is 
inefficient as a result of a phonon-assisted process. The direct band-to-band optical 
transition in Ge is however a very fast process with a radiative recombination rate of 
4–5 orders of magnitude higher than that of the indirect transition [13]. Thus, the 
direct gap emission

Of Ge can be, in principle, as efficient as that from direct gap III-V materials. 
The challenge is that the number of the electrons for the direct optical transition is 
deficient due to an indirect band structure. Fortunately, Ge is a pseudo direct band 
gap material because of a small energy difference (140 meV) between its direct gap 
and indirect gap. It has been shown that with a combination of tensile strain and 
n-type doping Ge can be engineered to be a direct band gap material.

1.3.1 Ge band structure at equilibrium and under injection

The band structure of bulk Ge is shown in Figure 3. The valence band is com-
posed of a light-hole band, a heavy-hole band, and a split-off band from spin-orbit 
interaction. The light-hole band and the heavy-hole band are degenerate at wave 
vector k = 0 or Γ point, which is the maximum of valence band.

The lowest energy point of the conduction band is located at  
k = <111> or L point. The energy difference between the conduction band at L 
point and the valence band at Γ point determines the narrowest band gap in Ge: 

Figure 3. 
Ge band structure at 300 K.
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Eg = 0.664 eV. Because the direct energy gap EΓ2 is much larger than EΓ1 and Eg, 
almost no electrons can occupy such high energy levels. Therefore, we refer direct 
band gap only to EΓ1 throughout this thesis. The part of the conduction band near Γ 
point is called direct valley and the part near L point is called indirect valley. Since 
the energy is 4-fold degenerate with regard to the changes of the secondary total 
angular-momentum quantum number, four L valleys are considered.

Figure 4 shows the electron and the hole distributions of Ge at equilibrium at 
equilibrium and under injection conditions. At equilibrium, most of the thermally 
activated electrons occupy the lowest energy states in the indirect L valleys while it 
is worth noting that in a direct band gap material such as GaAs or InGaAs most of 
the electrons stay in the direct Γ valley.

Under injection conditions, there are a non-negligible amount of electrons in the 
Γ valley owing to the small energy difference (140 meV) between the direct band 
gap and the indirect band gap of Ge, as shown in Figure 4(b). The excess electrons 
in the Γ valley lead to recombination with the holes in the valence band, which is a 
highly efficient light emission process because that the direct band-to-band radia-
tive recombination is generally faster than the nonradiative recombinations, such 
as Auger and defect-assisted processes. But the overall light emission efficiency is 
very low because most of the injected electrons, staying in the L valleys, recombine 
nonradiatively due to a slower indirect phonon-assisted radiative recombination 
than the non-radiative recombinations. On the contrary, the light emission in a 
direct band gap material such as InGaAs is very efficient because almost all injected 
electrons are in the Γ valley thus recombine radiatively. To improve the light emis-
sion efficiency in Ge, more injected electrons are required to be pumped into Γ 
valley at the same carrier injection level. Thus, the band structure of Ge can be 
engineered to accomplish this goal.

1.3.2 Effect of tensile strain on Ge band structure

Efficient direct gap light emission in Ge requires a large amount of electrons in 
the direct valley. The ratio of the number of the direct valley electrons to the indi-
rect L valleys electrons is determined by the energy difference between the direct 
band gap and the indirect band gap at quasi-equilibrium. Band structure is associ-
ated with crystal lattice, which can be changed by the existence of strain. This effect 
can be calculated using a strain-modified k·p formalism, which is known to provide 
an accurate description of the valence and conduction bands all over the Brillouin 
zone [14]. Such a calculation shows that strain changes the energy levels of the 

Figure 4. 
Distributions of electrons and the holes in Ge at equilibrium and under injection [3].
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direct Γ valley, the indirect L valleys the light-hole band, and the heavy-hole band 
relative to vacuum level. Moreover, the light-hole and the heavy-hole band become 
nondegenerate and separate at Γ point. Figure 5 illustrates the variation of direct 
and the indirect band gaps of Ge under strain [14]. We can see both the direct band 
gap and the indirect band gap shrink with tensile strain and the direct band gap 
shrinks faster than the indirect band gap. The direct band gap becomes equal to the 
indirect band gap at ε// ≈ 1.8–1.9% where Ge becomes a direct band gap material. 
The carrier distribution and the light emission properties of 1.8% tensile-strained 
Ge under injection are schematically shown in Figure 6. Since the Ge becomes a 
direct gap material, a considerable amount of the excess electrons occupying the 
direct Γ valley capable of radiative recombination leading to efficient direct gap 
light emission. The overall emission efficiency of the strained Ge is comparable to 
that of direct band gap semiconductors.

Biaxial tensile strain is thus an effective way to transform Ge to a direct band gap 
material, nevertheless two issues exist:

Firstly, highly strained, high-quality single crystalline Ge film is difficult to form 
because the large lattice change causes thermodynamic instability resulting in dis-
locations, surface roughness, and other lattice defects. Tensile strain can be induced 
either by lattice mismatch or by thermal mismatch. The former approach requires a 
substrate material with larger lattice constant than that of Ge. The latter approach 

Figure 5. 
Energy dependence at low temperature (4 K) of the Γ, Δ2, L, and lh extrema as a function of the in-plane 
biaxial strain; (b) variations of the direct and indirect band gap energies as a function of the in-plane biaxial 
strain [14].
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direct Γ valley, the indirect L valleys the light-hole band, and the heavy-hole band 
relative to vacuum level. Moreover, the light-hole and the heavy-hole band become 
nondegenerate and separate at Γ point. Figure 5 illustrates the variation of direct 
and the indirect band gaps of Ge under strain [14]. We can see both the direct band 
gap and the indirect band gap shrink with tensile strain and the direct band gap 
shrinks faster than the indirect band gap. The direct band gap becomes equal to the 
indirect band gap at ε// ≈ 1.8–1.9% where Ge becomes a direct band gap material. 
The carrier distribution and the light emission properties of 1.8% tensile-strained 
Ge under injection are schematically shown in Figure 6. Since the Ge becomes a 
direct gap material, a considerable amount of the excess electrons occupying the 
direct Γ valley capable of radiative recombination leading to efficient direct gap 
light emission. The overall emission efficiency of the strained Ge is comparable to 
that of direct band gap semiconductors.

Biaxial tensile strain is thus an effective way to transform Ge to a direct band gap 
material, nevertheless two issues exist:

Firstly, highly strained, high-quality single crystalline Ge film is difficult to form 
because the large lattice change causes thermodynamic instability resulting in dis-
locations, surface roughness, and other lattice defects. Tensile strain can be induced 
either by lattice mismatch or by thermal mismatch. The former approach requires a 
substrate material with larger lattice constant than that of Ge. The latter approach 

Figure 5. 
Energy dependence at low temperature (4 K) of the Γ, Δ2, L, and lh extrema as a function of the in-plane 
biaxial strain; (b) variations of the direct and indirect band gap energies as a function of the in-plane biaxial 
strain [14].
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requires different thermal expansion coefficient between Ge and the substrate 
material, which is adopted in this research. Up to 0.25–0.30% tensile strain has been 
achieved in Ge epitaxially grown on Si substrate, which will be discussed later. The 
second issue is the excessive change of the band gap in highly tensile-strained in Ge. 
Both the direct band gap and the indirect band gap become 0.53 eV at 1.8% tensile 
strain, as shown in Figure 6. This optical band gap is corresponding to an emission 
wavelength of about 2300 nm, which is far away from the 1550 nm telecommuni-
cation wavelength band, which is also the primary choice for Si photonics. These 
two issues suggest that very high tensile strains are not favorable in both material 
growth and photonics applications. Thus, the increase of the number of the injected 
excess electrons in the Γ valley owing to strain effect is limited. This problem can be 
solved by n-type doping in Ge.

1.4 Growth of tensile-strained Germanium on silicon substrates

1.4.1 Ge band gap engineering induced by tensile strain

Semiconductor diode lasers are conventionally based on direct band gap materi-
als due to the efficient radiative recombination of direct gap transitions. As discrete 
devices, direct band gap III-V semiconductors are the main materials used to 
fabricate semiconductor lasers in telecommunications. On the other hand, indirect 
semiconductors, such as Si, Ge and their SiGe alloys are traditionally considered 
unsuitable for laser diodes due to their indirect band structure. The radiative 
recombination through the indirect band to-band optical transition is inefficient 
as a result of a phonon-assisted process. However, the direct band-to-band optical 
transition in Ge was shown to be very fast, exhibiting radiative recombination rate 
of 4–5 orders of magnitude higher than that of the indirect transition [13, 15]. Thus, 
if we can highly increase the number of electrons in the direct band gap, Ge could 
be used to fabricate diode lasers. Among group-IV indirect semiconductors (Si, and 
SiC), Ge exhibits interesting properties both from the transport and optical points 
of view. Regarding the transport properties, as can be seen from the Table 1, the hole 
mobility of Ge is highest in all semiconductors and its electron mobility is about 2.7 
times higher than that of Si. Thus, Ge is of great interest for high mobility CMOS 
transistors, in particular p-CMOS transistors. Concerning the optical properties, Ge 
can be considered as a pseudo direct band gap material because of a small difference 
in energy between its direct gap and indirect gap, which is 0.140 eV or ∼ 5 kBT at 
room temperature (kB is the Boltzmann constant). Theoretically, it has been shown 
that Ge can be transformed into a direct gap material with ∼1.8–1.9% tensile strain  

Figure 6. 
Electron and hole distributions and light emission at 1.8% tensile-strained Ge.
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[14, 16–18]. Indeed, upon application of biaxial tensile strain, both direct and 
indirect gaps reduce but the direct gap reduces faster. Thus, Ge can progressively 
transform from an indirect gap semiconductor toward a direct gap semiconduc-
tor with the increase of tensile strain. Furthermore, the tensile strain also lifts the 
degeneracy between heavy hole and light hole valence bands. The small effective 
mass of the light hole band reduces the density of states in the valence band, which, 
in turn, decreases the threshold for optical transparency and lasing [14, 18].

Tensile strain can be induced in Ge via several approaches: applying external 
mechanical stress [19], growing Ge on a larger lattice parameter substrate, such as 
InGaAs/GaAs [20, 21] or on relaxed GeSn buffer layers on Si [22, 23], or by taking 
benefit of the thermal mismatch between Ge and Si [18, 24–26]. An interesting 
result recently demonstrated by Jain et al. [27], who realized a Ge-MEMS device 
with 1% tensile strain introduced by a Si3N4 stressor. Compared to bulk Ge, the 
authors observed an enhancement of the photoluminescence intensity up to 260 
times. In the frame of this work, we focus on the effect of band gap engineering of 
Ge films directly grown on Si substrates. The main advantage of the Ge/Si system is 
that it allows direct integration of Ge-based optoelectronic devices into the main-
stream Si technology. In view of device applications, it is vital to obtain high-quality 
epitaxial material growth, i.e., to get Ge epilayers, which have a smooth surface 
and a low density of threading dislocations. To reach such an objective, the chal-
lenge is to control the Ge/Si growth process to overcome the limitation imposed by 
4.2% lattice mismatch between these two materials. Thus, in the following part, we 
present results on the study of Ge growth on Si using a two-step method and on the 
dependence of the strain level on the substrate temperature.

1.4.2 Effect of the growth temperature on the value of tensile strain

After the low-temperature growth step, we have deposited another Ge film at 
higher substrate temperatures. In the following, we will consider the effect of the 
two-step growth process on the tensile strain in the Ge films. All samples have a 
total thickness of ~ 300 nm, which consists of a ~50 nm thick Ge film deposited at 
300°C followed by a 250 nm thick Ge layer grown at various temperatures: 400, 
500, 600, 650, 700, 750 and 770°C. As the tensile strain in Ge layers is induced by 
the difference of the thermal expansion coefficients between Ge and Si, it is natural 
to expect that the level of tensile strain should increase with increasing the growth 
temperature. Figure 7 displays some representative θ–2θ XRD scans taken around 
the Ge(004) reflection. For comparison, we report in dotted lines a XRD scan of a 
sample grown at 300°C of the same thickness.

Table 1. 
Values of the forbidden band gap and mobilities of holes and electrons in group-IV and III-V semiconductors.
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[14, 16–18]. Indeed, upon application of biaxial tensile strain, both direct and 
indirect gaps reduce but the direct gap reduces faster. Thus, Ge can progressively 
transform from an indirect gap semiconductor toward a direct gap semiconduc-
tor with the increase of tensile strain. Furthermore, the tensile strain also lifts the 
degeneracy between heavy hole and light hole valence bands. The small effective 
mass of the light hole band reduces the density of states in the valence band, which, 
in turn, decreases the threshold for optical transparency and lasing [14, 18].

Tensile strain can be induced in Ge via several approaches: applying external 
mechanical stress [19], growing Ge on a larger lattice parameter substrate, such as 
InGaAs/GaAs [20, 21] or on relaxed GeSn buffer layers on Si [22, 23], or by taking 
benefit of the thermal mismatch between Ge and Si [18, 24–26]. An interesting 
result recently demonstrated by Jain et al. [27], who realized a Ge-MEMS device 
with 1% tensile strain introduced by a Si3N4 stressor. Compared to bulk Ge, the 
authors observed an enhancement of the photoluminescence intensity up to 260 
times. In the frame of this work, we focus on the effect of band gap engineering of 
Ge films directly grown on Si substrates. The main advantage of the Ge/Si system is 
that it allows direct integration of Ge-based optoelectronic devices into the main-
stream Si technology. In view of device applications, it is vital to obtain high-quality 
epitaxial material growth, i.e., to get Ge epilayers, which have a smooth surface 
and a low density of threading dislocations. To reach such an objective, the chal-
lenge is to control the Ge/Si growth process to overcome the limitation imposed by 
4.2% lattice mismatch between these two materials. Thus, in the following part, we 
present results on the study of Ge growth on Si using a two-step method and on the 
dependence of the strain level on the substrate temperature.

1.4.2 Effect of the growth temperature on the value of tensile strain

After the low-temperature growth step, we have deposited another Ge film at 
higher substrate temperatures. In the following, we will consider the effect of the 
two-step growth process on the tensile strain in the Ge films. All samples have a 
total thickness of ~ 300 nm, which consists of a ~50 nm thick Ge film deposited at 
300°C followed by a 250 nm thick Ge layer grown at various temperatures: 400, 
500, 600, 650, 700, 750 and 770°C. As the tensile strain in Ge layers is induced by 
the difference of the thermal expansion coefficients between Ge and Si, it is natural 
to expect that the level of tensile strain should increase with increasing the growth 
temperature. Figure 7 displays some representative θ–2θ XRD scans taken around 
the Ge(004) reflection. For comparison, we report in dotted lines a XRD scan of a 
sample grown at 300°C of the same thickness.

Table 1. 
Values of the forbidden band gap and mobilities of holes and electrons in group-IV and III-V semiconductors.
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As the growth temperature increases, the Ge(004) peak linearly shifts to higher 
angles, reaches a saturation value at 700°C and finally remains almost constant for 
further increasing the temperature to 770°C. The in-plane tensile strain observed in 
the temperature range of 700–770°C is 0.24%. The fact that the (004) peak of the 
300°C grown sample is located at 2θ ~ 66°, a value close to that measured on a Ge 
substrate, indicates that the corresponding Ge layer is almost fully relaxed. By using 
a high-resolution XRD, we estimate the rate of strain relaxation is about 95–96%. 
As can be seen in Figure 7, the 2θ angle value of the (004) peak is found to linearly 
increase when the growth temperature increases from 300 to 700°C then remains 
almost constant for further increasing the temperature up to 770°C. We note that 
to obtain the value of the in-plane tensile strain ε//, we first determine the out-of 
plane strain ε⊥ from the θ–2θ XRD curves and then deduce the value of ε// using the 
following relationship: ε///(ε// + ε⊥) = c11/(c11 + 2c12) with c11 = 12.85 × 1010 Pa and 
c12 = 4.83 × 1010 Pa for pure Ge [28]. The highest value of the in-plane tensile strain 
ε// obtained in the growth temperature range of 700–770°C is 0.24%, which is in 
agreement with previous results reported using CVD in which the highest tensile 
strain was in the range of 0.22–0.25% [24–26, 29–33].

As we have already mentioned previous part, one of the unique properties of 
Ge is the very small energy difference between its direct and indirect band gap. 
Thus, Si/Ge interdiffusion represents an obstacle to overcome in order to develop 
Ge-based optoelectronic devices. Si/Ge interdiffusion has been shown to greatly 
affect the optical properties of Si/Ge heterostructures [34] and degrade the per-
formance of metal-oxide semiconductor field-effect transistors (MOSFET) by 
reducing strain and carrier confinement and increasing alloy scattering [35]. To 
prevent interdiffusion or out-diffusion of an element (occurs when the sample was 
annealed at high temperature to enhance the tensile strain value in the Ge film), it 
is common to use a diffusion barrier and materials must be not only nonreactive 
but also are able to strongly adhere to adjacent materials. In electronic or memory 
devices, multilayers of metals, WN2, RuTiN, or RuTiO, are usually used to prevent 
out diffusion of dopants (B and P) or oxidation of devices [36–38]. Such materials 
are, however, difficult insert in a heterostructure where epitaxial growth is needed. 
It is now generally accepted that Si and Ge atoms interdiffuse via both vacancy and 
interstitial-related mechanisms [39]. To prevent Si/Ge interdiffusion, in particular 
to suppress upward diffusion of Si to the deposited Ge layer during growth or 
subsequent annealing, we have experimented an approach to saturate vacancies and 

Figure 7. 
Evolution of θ–2θ XRD scans around the Ge(004) reflection with the growth temperature. The doted XRD scan 
corresponding to a sample grown at 300°C is shown for comparison.
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interstitial sites in the Ge layer near the interface region. We have chosen carbon for 
its small atomic radius (twice as small as Ge), carbon atoms are thus highly mobile 
and can easily diffuse via interstitial mechanism [40–42].

To further confirm the effect of Ge/Si diffusion, we have used high-resolution 
HR-XRD reciprocal space mapping (RSM) equipped with a rotating anode to 
determine the Si composition and the strain level in Ge layers. 004, 224, and −2−24 
RSMs were collected along the four <110> azimuthal directions. Combining the 
(224) map with that along (004) direction, one can measure both parallel and 
perpendicular lattice parameters of the Ge layer. The data obtained in reciprocal 
space are converted in direct space. We show in Figure 8 the values of inter-
reticular distances of the Si substrate and the Ge layer, measured along the (004) 
and (220) planes, of the sample annealed by 10 cycles at 780/900°C for 20 min. 
Note that for the as-grown sample, we obtain a// = 5.669 Å and a⊥ = 5.649 Å, which 
correspond the value of pure Ge (aGe = 5.657 Å). For the annealed sample, we obtain 
a// = 5.656 Å and a⊥ = 5.625 Å. Thus, the volume occupied by this unit cell corre-
sponds to a SixGe1−x alloy with a Si average concentration x = 5% (the corresponding 
average lattice parameter is about 5.646 Å).

Figure 9(a) shows a TEM image taken near the interface region of a sample 
in which we have inserted three separate carbon layers during the first step of Ge 
growth. Starting from a clean and (2 × 1) reconstructed Si surface, we first grow a 
30 nm thick Ge buffer layer at 300°C and then about 4 monolayers (ML) of carbon 
at the same temperature. Since epitaxial growth of the upper Ge layers should be 
conserved, the amount of deposited carbon is crucial. The latter can be determined 
using the change of RHEED patterns. Upon carbon deposition at 300°C, the 
(2 × 1) RHEED pattern characteristic of a clean Ge(001) surface remains almost 
unchanged up to carbon coverage of 6 MLs, beyond which a faint pattern appears. 
Since it is crucial to insure epitaxial growth of the upper Ge layer, a carbon amount 
of 4 MLs is then chosen (the corresponding carbon thickness is ~0.3 nm). After this 
step, a Ge layer is deposited on top of carbon, producing therefore C/Ge stacked 
layers in order to increase the efficiency of carbon-induced diffusion barriers. We 
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Figure 7. 
Evolution of θ–2θ XRD scans around the Ge(004) reflection with the growth temperature. The doted XRD scan 
corresponding to a sample grown at 300°C is shown for comparison.
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interstitial sites in the Ge layer near the interface region. We have chosen carbon for 
its small atomic radius (twice as small as Ge), carbon atoms are thus highly mobile 
and can easily diffuse via interstitial mechanism [40–42].

To further confirm the effect of Ge/Si diffusion, we have used high-resolution 
HR-XRD reciprocal space mapping (RSM) equipped with a rotating anode to 
determine the Si composition and the strain level in Ge layers. 004, 224, and −2−24 
RSMs were collected along the four <110> azimuthal directions. Combining the 
(224) map with that along (004) direction, one can measure both parallel and 
perpendicular lattice parameters of the Ge layer. The data obtained in reciprocal 
space are converted in direct space. We show in Figure 8 the values of inter-
reticular distances of the Si substrate and the Ge layer, measured along the (004) 
and (220) planes, of the sample annealed by 10 cycles at 780/900°C for 20 min. 
Note that for the as-grown sample, we obtain a// = 5.669 Å and a⊥ = 5.649 Å, which 
correspond the value of pure Ge (aGe = 5.657 Å). For the annealed sample, we obtain 
a// = 5.656 Å and a⊥ = 5.625 Å. Thus, the volume occupied by this unit cell corre-
sponds to a SixGe1−x alloy with a Si average concentration x = 5% (the corresponding 
average lattice parameter is about 5.646 Å).

Figure 9(a) shows a TEM image taken near the interface region of a sample 
in which we have inserted three separate carbon layers during the first step of Ge 
growth. Starting from a clean and (2 × 1) reconstructed Si surface, we first grow a 
30 nm thick Ge buffer layer at 300°C and then about 4 monolayers (ML) of carbon 
at the same temperature. Since epitaxial growth of the upper Ge layers should be 
conserved, the amount of deposited carbon is crucial. The latter can be determined 
using the change of RHEED patterns. Upon carbon deposition at 300°C, the 
(2 × 1) RHEED pattern characteristic of a clean Ge(001) surface remains almost 
unchanged up to carbon coverage of 6 MLs, beyond which a faint pattern appears. 
Since it is crucial to insure epitaxial growth of the upper Ge layer, a carbon amount 
of 4 MLs is then chosen (the corresponding carbon thickness is ~0.3 nm). After this 
step, a Ge layer is deposited on top of carbon, producing therefore C/Ge stacked 
layers in order to increase the efficiency of carbon-induced diffusion barriers. We 
have experimented three multilayers of C (0.3 nm)/Ge (18 nm). Figure 9(b) shows 
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Values of inter-reticular distances of Si and Ge, measured along the (004) and (220) planes of a 300 nm thick 
Ge layer deposited on Si at 730°C, followed by 10 cyclic anneals at 780/900°C for 20 min.
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an atomically resolved TEM image taken in the vicinity of the carbon layer. Clearly, 
the underneath Ge layers and also the upper Ge layers are perfectly epitaxial, with-
out any detectable defects. The image also reveals that carbon atoms are distributed 
over a distance of ~2 nm, probably to occupy the interstitial sites of the Ge lattice or 
due to the strain generation arising from carbon insertion.

To verify the efficiency of C/Ge multilayers to prevent Si/Ge interdiffusion, 
we have finally grown a 300 nm thick Ge layer following the two-step growth as 
described previously. The high temperature step was carried out at 730°C. After 
growth, the sample was cyclically annealed by 10 cycles from 780 to 900°C and 
the annealing time was 20 min. In Figure 10, we display SIMS measurements of 
two samples: one without carbon deposition (red curve) and the other contain-
ing three C/Ge multilayers. As can be seen, the as-grown sample (black) shows a 
relatively sharp interface, no long-range upward diffusion of Si from the substrate 
was observed and the deposited Ge layer remains pure. On the other hand, the Si 
profile of the annealed sample, indicated in blue, reveals a pronounced Si upward 
diffusion. The Si content within the Ge film is highly heterogeneous, it continuously 
decreases from the interface to the film surface. The average Si content in the Ge 
film is estimated to be about 5%.

1.5 Phosphorus doping using a GaP decomposition source

Heavy n-doping of Ge films is essential to achieve efficient light emission from 
the direct gap transition. However, heavy n-type doping in Ge is a challenge due to a 
low solubility and a fast diffusivity of dopants. Three elements: phosphorus, arsenic 
and antimony, can be used as n-type doping in group-IV semiconductors. We report 
in Table 2 the solubility of these three elements in Ge [43].

It can be seen that phosphorous has the highest solubility and at a temperature 
not too high. In UHV-CVD, the highest phosphorus concentration of 1.2 × 1019 cm−3 

Figure 9. 
(a) TEM image taken near the interface region illustrating the growth of three multilayers of C (0.3 nm)/Ge 
(18 nm); (b) atomically resolved TEM image taken in the vicinity of the carbon layer.
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was reported [44]. In CVD, the PH3 is commonly used as a gas precursor and 
an activated P concentration of 2 × 1019 cm−3 was obtained at a temperatures of 
600–700°C [12]. A phosphorus concentration up to 4.5 × 1019 cm−3 can be achieved 
by combining delta doping with diffusion barriers to reduce the P out-diffusion 
[45, 46]. It is worth noting that while dopant implantation is commonly used in 
the CMOS process, the activated P concentration is limited at about 1 × 1019 cm−3 
even with the use of diffusion barriers [47], and a higher P concentration seriously 
deteriorates the material quality. Since tetrahedral white phosphorus (P4 molecules) 
is not stable and highly volatile, we have used a specific doping cell based on the 
decomposition of GaP to produce di-phosphorus (P2 molecules) [46–48], which has 
a sticking coefficient of about 10 times larger than that of tetrahedral white phos-
phorus. Thus, the phosphorus concentration in the Ge lattice could be increased 
and we can expect to enhance the efficiency of radiative recombination in Ge.

1.5.1 Specific GaP decomposition source

A photograph of a GaP decomposition cell is shown in Figure 11, which is 
heated by a Ta wire filament supported by PBN rings, similar to standard effusion 
cells. Compared to a valved phosphorus thermal cracker, the GaP cell is easy to 
set up, it operates as any effusion cell and is compatible with MBE environments. 
Using a Ga-trapping cap system, the GaP source can provide high-purity P2 beam 
by decomposition of GaP. Its operation is based on the sublimation of phosphorus 
from GaP at an intermediate temperature range in which Ga has a very low vapor 
pressure. By placing a cap with small apertures on top of the cell (Figure 11(b)), 

Figure 10. 
SIMS profiles measuring the Si content of the as-grown sample (black) and after 10 cyclic anneals at 780/900°C 
for 20 min (blue). The red curve corresponds to a sample in which three short C/Ge multilayers were deposited 
near the interface region.

Table 2. 
Solubility of different n-type dopants in Ge [43].
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was reported [44]. In CVD, the PH3 is commonly used as a gas precursor and 
an activated P concentration of 2 × 1019 cm−3 was obtained at a temperatures of 
600–700°C [12]. A phosphorus concentration up to 4.5 × 1019 cm−3 can be achieved 
by combining delta doping with diffusion barriers to reduce the P out-diffusion 
[45, 46]. It is worth noting that while dopant implantation is commonly used in 
the CMOS process, the activated P concentration is limited at about 1 × 1019 cm−3 
even with the use of diffusion barriers [47], and a higher P concentration seriously 
deteriorates the material quality. Since tetrahedral white phosphorus (P4 molecules) 
is not stable and highly volatile, we have used a specific doping cell based on the 
decomposition of GaP to produce di-phosphorus (P2 molecules) [46–48], which has 
a sticking coefficient of about 10 times larger than that of tetrahedral white phos-
phorus. Thus, the phosphorus concentration in the Ge lattice could be increased 
and we can expect to enhance the efficiency of radiative recombination in Ge.

1.5.1 Specific GaP decomposition source

A photograph of a GaP decomposition cell is shown in Figure 11, which is 
heated by a Ta wire filament supported by PBN rings, similar to standard effusion 
cells. Compared to a valved phosphorus thermal cracker, the GaP cell is easy to 
set up, it operates as any effusion cell and is compatible with MBE environments. 
Using a Ga-trapping cap system, the GaP source can provide high-purity P2 beam 
by decomposition of GaP. Its operation is based on the sublimation of phosphorus 
from GaP at an intermediate temperature range in which Ga has a very low vapor 
pressure. By placing a cap with small apertures on top of the cell (Figure 11(b)), 
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for 20 min (blue). The red curve corresponds to a sample in which three short C/Ge multilayers were deposited 
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Figure 12. 
Evolution of photoluminescence spectrum versus the GaP source temperature. All PL measurements were 
carried out at room temperature.

Ga atoms are trapped by the cap and only the P2 beam can escape. According to the 
supplier [49], a P2/P4 ratio of about 150:1 can be achieved.

1.5.2 Efficiency of phosphorus doping from a GaP source

Figure 12 displays the evolution of the room-temperature photoluminescence 
spectrum versus the temperature of the GaP cell. For all samples, the substrate 
temperature is chosen to be 300°C and the film thickness is 100 nm. The tempera-
ture of the GaP source increases from 600 to 750°C. Note that based on the ref. 
[51], we avoid doping Ge films at 800°C. After growth, all samples were annealed 
in the growth chamber at 750°C during 1 min to activate dopants. As can be seen 
from the figure, the photoluminescence intensity increases with increasing the 
temperature of the GaP source temperature from 600 to 725°C and the highest PL 
intensity is obtained at 725°C. For the GaP source temperature at 750°C, the PL 
is found to decrease. Thus, the PL result, indicating that above 725°C the Ga trap 
from the GaP cell becomes less efficient.

1.5.3 Dependence of the substrate temperature on the doping level

To investigate the effect of the doping level versus the substrate temperature, 
we have therefore kept the GaP source at a constant temperature of 725°C. We 
display in Figure 13 the evolution of the photoluminescence spectrum with the 

Figure 11. 
(a) Photograph of a GaP decomposition cell and (b) schema of the Ga trapping cap [50].
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substrate temperature. The reference sample is a 600 nm thick undoped Ge layer 
deposited at a substrate temperature of 170°C. The temperature of the GaP source 
is 725°C. The spectrum of the reference sample exhibits a very weak intensity 
and the emission from direct band gap is not clearly observed, as expected in 
an indirect band gap semiconductor. The PL intensity, which is very weak for 
the sample grown at 300°C, is found to increase with decreasing the substrate 
temperature and the highest PL intensity is obtained for a substrate temperature 
of 170°C. The evolution of the PL signal follows almost the same trend already 
observed for the electrical measurements not show here and thus confirms a 
high efficiency of P doping at a low substrate temperature of 170°C. The 170°C 
PL spectrum peaks at around 1624 nm (the corresponding energy is 0.765 eV). 
This transition can be attributed to arise from the direct band gap radiative 
recombination in the n-doped Ge layer. It is worth noting that if we compare the 
photoluminescence intensity of the sample doped at 170°C (blue curve) with 
that of the undoped sample (black curve), an intensity enhancement of about 
50 times is obtained. Another noteworthy point is that when comparing the 
energy maximum at around 0.810 eV, arising from the direct band gap emission 
of unstrained and undoped Ge, we observe here a redshift of 45 meV, which can 
be attributed to band gap narrowing at high n-doping levels [52]. Indeed, a low 
temperature growth at 170°C does not induce tensile strain and after annealing 
at 750°C for 1 min, the corresponding Ge films only exhibit a tensile strain as low 
as 0.13%. Thus, the above optical redshift can be directly correlated to the effect 
of n-doping. According to ref. [52], a redshift of 45 meV corresponds to a doping 
level of ~2 × 1019 cm−3. The separate investigation of the effect of the substrate 
temperature on the tensile strain and n-doping of the Ge layer brings fruitful 
information. The substrate temperature is shown to produce an opposite effect on 
these two properties of the Ge film. Higher growth temperatures (up to 770°C) 
induce larger tensile strain while low temperatures favor n doping. It is notewor-
thy that an activated n-doping level higher than 1019 cm−3 can be obtained at a 
growth temperature of 170°C. In addition, it should be pointed out that if Ge is 
directly deposited on Si substrates at a substrate temperature of 170°C, the Ge/Si 
growth does proceed via the Stranski-Krastanov mode. However, once a smooth 
Ge buffer has been formed on Si at 300°C, further Ge deposition on this Ge 
buffer layer will behave similarly as a homoepitaxial Ge growth and the growth is 
two-dimensional in a very large range of substrate temperatures.

Figure 13. 
Evolution of the photoluminescence spectrum versus the growth temperature.



Silicon Materials

82

Figure 12. 
Evolution of photoluminescence spectrum versus the GaP source temperature. All PL measurements were 
carried out at room temperature.

Ga atoms are trapped by the cap and only the P2 beam can escape. According to the 
supplier [49], a P2/P4 ratio of about 150:1 can be achieved.

1.5.2 Efficiency of phosphorus doping from a GaP source

Figure 12 displays the evolution of the room-temperature photoluminescence 
spectrum versus the temperature of the GaP cell. For all samples, the substrate 
temperature is chosen to be 300°C and the film thickness is 100 nm. The tempera-
ture of the GaP source increases from 600 to 750°C. Note that based on the ref. 
[51], we avoid doping Ge films at 800°C. After growth, all samples were annealed 
in the growth chamber at 750°C during 1 min to activate dopants. As can be seen 
from the figure, the photoluminescence intensity increases with increasing the 
temperature of the GaP source temperature from 600 to 725°C and the highest PL 
intensity is obtained at 725°C. For the GaP source temperature at 750°C, the PL 
is found to decrease. Thus, the PL result, indicating that above 725°C the Ga trap 
from the GaP cell becomes less efficient.

1.5.3 Dependence of the substrate temperature on the doping level

To investigate the effect of the doping level versus the substrate temperature, 
we have therefore kept the GaP source at a constant temperature of 725°C. We 
display in Figure 13 the evolution of the photoluminescence spectrum with the 

Figure 11. 
(a) Photograph of a GaP decomposition cell and (b) schema of the Ga trapping cap [50].

83

New Material for Si-Based Light Source Application for CMOS Technology
DOI: http://dx.doi.org/10.5772/intechopen.84994

substrate temperature. The reference sample is a 600 nm thick undoped Ge layer 
deposited at a substrate temperature of 170°C. The temperature of the GaP source 
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and the emission from direct band gap is not clearly observed, as expected in 
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temperature and the highest PL intensity is obtained for a substrate temperature 
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observed for the electrical measurements not show here and thus confirms a 
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PL spectrum peaks at around 1624 nm (the corresponding energy is 0.765 eV). 
This transition can be attributed to arise from the direct band gap radiative 
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50 times is obtained. Another noteworthy point is that when comparing the 
energy maximum at around 0.810 eV, arising from the direct band gap emission 
of unstrained and undoped Ge, we observe here a redshift of 45 meV, which can 
be attributed to band gap narrowing at high n-doping levels [52]. Indeed, a low 
temperature growth at 170°C does not induce tensile strain and after annealing 
at 750°C for 1 min, the corresponding Ge films only exhibit a tensile strain as low 
as 0.13%. Thus, the above optical redshift can be directly correlated to the effect 
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2. Conclusion

To adopt an adequate strategy to produce Ge epilayers for optoelectronic 
applications, first it is important to emphasize that the thermal-induced tensile 
train is limited to a value lying in the range of 0.25–0.30%, which is far from the 
expected value to get direct band gap Ge. Thus, it would be preferable to set up 
growth conditions, which favor n-doping. In other words, heavy n-doping appears 
to be the parameter that is more important than the value of the tensile strain. This 
implies that an adequate growth strategy would be to grow and to n-dope Ge films 
at low temperatures followed by post-growth thermal annealing. Since, Ge films, 
which are grown and n-doped at low temperatures, usually contain a high density 
of point defects (vacancies and interstitials). Therefore, the primary role of post 
thermal annealing is to restore the crystalline quality and to activate dopants into 
substitutional sites, without taking care of the value of tensile strain in the film. The 
efficiency of phosphorus doping may depend on two main parameters: the dopant 
solubility in a matrix and the sticking coefficient of dopants on the film surface. 
These two parameters are probably competing. The sticking coefficient of an atom 
or a molecule on a substrate surface increases with decreasing the substrate tem-
perature. Since our results reveal that P doping is more favorable at low substrate 
temperatures, it appears that the sticking coefficient of the P2 molecules is the 
dominant parameter determining the phosphorus doping level in Ge.
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2. Conclusion

To adopt an adequate strategy to produce Ge epilayers for optoelectronic 
applications, first it is important to emphasize that the thermal-induced tensile 
train is limited to a value lying in the range of 0.25–0.30%, which is far from the 
expected value to get direct band gap Ge. Thus, it would be preferable to set up 
growth conditions, which favor n-doping. In other words, heavy n-doping appears 
to be the parameter that is more important than the value of the tensile strain. This 
implies that an adequate growth strategy would be to grow and to n-dope Ge films 
at low temperatures followed by post-growth thermal annealing. Since, Ge films, 
which are grown and n-doped at low temperatures, usually contain a high density 
of point defects (vacancies and interstitials). Therefore, the primary role of post 
thermal annealing is to restore the crystalline quality and to activate dopants into 
substitutional sites, without taking care of the value of tensile strain in the film. The 
efficiency of phosphorus doping may depend on two main parameters: the dopant 
solubility in a matrix and the sticking coefficient of dopants on the film surface. 
These two parameters are probably competing. The sticking coefficient of an atom 
or a molecule on a substrate surface increases with decreasing the substrate tem-
perature. Since our results reveal that P doping is more favorable at low substrate 
temperatures, it appears that the sticking coefficient of the P2 molecules is the 
dominant parameter determining the phosphorus doping level in Ge.
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Chapter 6

Double-Sided Passivated Contacts
for Solar Cell Applications: An
Industrially Viable Approach
Toward 24% Efficient Large Area
Silicon Solar Cells
Zhi Peng Ling, Zheng Xin, Puqun Wang, Ranjani Sridharan,
Cangming Ke and Rolf Stangl

Abstract

Tunnel layer passivated contacts have been successfully demonstrated for
next-generation silicon solar cell concepts, achieving improved device performance
stemming from the significantly reduced contact recombination of the solar cell
contacts. However, these carrier-selective passivated contacts are currently
deployed only at the rear side of the silicon solar cell, while the front side adopts a
conventional diffused junction and contacting scheme. In this work, we report on
the novelty and feasibility of deploying tunnel layer passivated contacts on both
sides of a silicon wafer-based solar cell, featuring a textured front surface and a
planar rear surface. In particular, we demonstrate that silicon solar cells incorpo-
rating our in-house developed electron-selective thermal-SiOx/poly-Si(n

+) and
hole-selective thermal-SiOx/poly-Si(p

+) passivated contacts have a solar cell effi-
ciency potential approaching 24%. Deploying contact passivation only at the rear
side of the solar cell, we have reached a solar cell efficiency of 21.7%, using con-
ventional screen printing for metallization. We present a systematic approach of
evaluating our in-house developed electron-selective and hole-selective passivated
contacts on both textured and planar lifetime test structures, as well as dark I–V test
structures, to extract the recombination current density j0 and the contact resis-
tance Rc of the passivated contact, which is used for process optimization as well as
for subsequent efficiency potential prediction. The two key challenges aiming at a
double-sided integration of passivated contacts are (1) parasitic absorption within
the front-side highly doped poly-Si capping layer, requiring the processing of
ultrathin (≤10-nm) contact passivation layers. This has been quantified by numer-
ical simulation (using SunSolve™) and also solved experimentally, i.e., processing
ultrathin 3-/10-nm hole/electron extracting SiOx/poly-Si(p

+/n+) passivated contact
layers, reaching an implied open-circuit voltage of 690/703 mV on a planar/tex-
tured silicon surface, which will even further enhance after SiNx capping. (2)
Ensuring process compatibility with conventional screen printing: Screen printing
on electron extracting poly-Si(n+) seems feasible; however, screen printing on hole-
extracting poly-Si(p+) is still a challenge. Solar cell precursors have been processed,
showing excellent pre-metallization results (implied-VOC � 713 mV). According to
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our efficiency potential prediction (using the measured j0 and Rc values of our
developed contact passivation layers), bifacial double-sided passivated contact solar
cells (efficiency potential of �23.2%, using our layers) can clearly outperform rear-
side-only passivated contact solar cells (efficiency potential of �22.5%).

Keywords: passivated contacts, contact passivation, silicon solar cells, double-sided
passivated contacts

1. Introduction

To meet the future energy needs, there is a need to develop low-cost alternative
energy sources to complement the conventional energy sources (e.g., oil, gas, coal)
as well as to address the pressing environmental issues associated with the latter.
Hence, energy-related technology roadmaps are actively being released and revised
toward the future energy needs. One good example is the International Technology
Roadmap for Photovoltaic (ITRPV) [1]. In general, a successful deployment of
any selected solar cell technology will be mainly dominated by (i) cost-effectiveness
of the material and processes, (ii) scalability to high-volume manufacturing,
(iii) device performance, and (iv) long-term stability of product. To progress
toward item (iii), ITRPV predicts a continuous reduction of recombination losses
in the wafer as well as at the front and rear surfaces of the solar cell. According to
Ref. [2–4], given the considerable improvements in the wafer bulk, and surface
passivation layers, the main source of recombination losses in high-efficiency solar
cells is now dominated by the metal contacts. Thus, the ability to greatly reduce
the recombination losses underneath the solar cell metal contacts (i.e., contact
passivation) coupled with other technological advancements will be instrumental
toward attaining the increasing solar cell efficiency targets.

One of the earliest examples of contact passivation can be found in the
heterojunction silicon wafer solar cells, which utilizes a stack of intrinsic and doped
amorphous silicon (a-Si:H) heterojunction layers [5–7] on both surfaces of the
silicon wafer. The ultrathin (<5 nm) intrinsic a-Si:H layer not only serves to pas-
sivate the silicon surface but also to selectively enable hole or electron transport
across this “tunnel layer,” sandwiched between the overlying conductive a-Si:H
layer and the crystalline silicon wafer. In this application, the contact-related
recombination losses with the intrinsic/doped a-Si:H stack is significantly lower
than utilizing the doped a-Si:H layers alone on the crystalline silicon wafers [5],
hence establishing contact passivation for the former case. It can then be general-
ized that contact passivation can be established by deploying ultrathin passivating
(and even in principal insulating, if thick) tunnel layers capped with a highly doped
capping layer material with a suitable doping polarity or work function to form
either hole-selective or electron-selective passivated contacts. Some examples of
high/low work function capping layer materials such as transition metal oxides
(WOx, VOx, etc.) and doped organic materials had been reported [4, 8].

Some prominent examples of single-junction silicon wafer-based high-efficiency
(≥25%) solar cell concepts which adopt contact passivation include the amorphous
silicon heterojunction interdigitated back contact (IBC) solar cell by Kaneka
(26.6%) [9], the tunnel layer passivated interdigitated back contact (IBC) solar cell
by SunPower (25.2%) [10], the polysilicon on oxide (POLO) passivated contact
interdigitated back contact (IBC) solar cell by ISFH (26.1%) [11], and the conven-
tionally front- and rear-contacted tunnel layer passivated contact solar cell
(TOPCon) by the Fraunhofer ISE team (25.7%) [12]. The excellent performance of
the TOPCon cell (despite being conventional front- and rear-contacted, instead of
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being contacted in an all-back-contact configuration) can be attributed to the highly
effective and simplified full-area rear-side passivating contact scheme, which
inserts an electron-selective tunnel layer passivated rear-side contact between the
wafer and the full-area rear-side contact of the solar cell, comprising a wet-
chemically formed silicon oxide tunnel layer (wet-SiOx) and a highly n-doped
polysilicon capping layer. This achieves both excellent interface passivation toward
the silicon wafer and a highly selective collection of excess electron charge carriers.
Although this work was established on a small-sized (4 cm2) float-zone n-type
silicon wafer, adopting a conventional front-side selective emitter, photolithogra-
phy processes, and evaporated contacts, it has set the stage for immense research
interests such as those reported in Refs. [12–26]. Contact passivation presents a
clear advantage over the popular passivated emitter rear contact (PERC) solar cell
concept by UNSW [27], which is currently a large scale adopted by the industry
(as of Jan. 2019), as an even higher solar cell efficiency can be reached (i.e., by
directly passivating the metal solar cell contacts instead of “only” reducing the
metal contact area fraction).

An ideal tunnel layer, suited for contact passivation, (i) exhibits a tunneling
relevant thickness (i.e., <2 nm) [14], (ii) exhibits excellent interface passivation
toward the crystalline silicon wafer [28, 29], and (iii) contributes only minimally to
the total contact resistance of the solar cell (in the order of maximal 1 Ω cm2) [30].
Furthermore, an ideal capping layer, suited for contact passivation, should be either
(i) highly doped or (ii) exhibit a high/low work function [31] in order to ensure
selective excess charge carrier extraction.

The already proven success on electron-selective passivated contacts is also
generating huge interest and research activities on hole-selective passivated con-
tacts now. Pertaining to the feasibility studies of different tunnel layer candidates
for hole-extracting passivated contacts, most previous reports had focused on
using silicon-based oxides formed via either wet-chemical approaches (wet-SiOx)
or UV/ozone photo-oxidation (ozone-SiOx) approaches. In our published works
[28, 29, 32–34], a comprehensive evaluation of passivation quality and interface
properties of silicon-based oxides (SiOx) and atomic layer-deposited aluminum
oxides (ALD-AlOx) had revealed a larger potential for ALD-AlOx to be integrated in
hole-selective passivated contacts as compared to the commonly used wet-SiOx or
ozone-SiOx. This stems from a significantly higher negative fixed interface charge
density (�1 order of magnitude higher at �6 � 1012 cm�2) even at a tunneling
relevant thickness (just a few ALD cycles) while maintaining a relatively low
interface defect density (Dit) of �2 � 1012 cm�2 eV�1, which is comparable to the
Dit of SiOx-based tunnel layers. The high negative fixed interface charges of the
ALD-AlOx tunnel layer will accumulate holes at the c-Si interface, which will
simultaneously enhance hole extraction probability and reduce surface recombina-
tion rates due to an efficient field-effect passivation in addition to the chemical
passivation at the interface, as evident from the higher measured effective carrier
lifetime (two orders of magnitude higher) than the passivation by either wet-SiOx

or ozone-SiOx alone on symmetrically tunnel layer passivated n-type Cz wafers in
our previous work [28]. These findings were consistent with literature for much
thicker AlOx layers [35–39]. For hole-extracting capping layer materials, various
candidates had been suggested, which includes highly p-doped polysilicon, transi-
tion metal oxide films with high work function such as molybdenum oxide (MoOx)
[40–45], tungsten oxide (WOx), vanadium oxide (V2O5), cuprous oxide (Cu2O)
[46], or alternatively organic polymers, such as poly(3,4-ethylenedioxythiophene):
poly(styrenesulfonate) (PEDOT:PSS) [47–49], among others. It is worthy to high-
light that the transition metal oxide films exhibit a tunable work function between
4.7 and 7 eV [50, 51] by an appropriate combination of materials, while organic
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our efficiency potential prediction (using the measured j0 and Rc values of our
developed contact passivation layers), bifacial double-sided passivated contact solar
cells (efficiency potential of �23.2%, using our layers) can clearly outperform rear-
side-only passivated contact solar cells (efficiency potential of �22.5%).

Keywords: passivated contacts, contact passivation, silicon solar cells, double-sided
passivated contacts
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polymers can also exhibit a tunable work function from 3.0 to 5.8 eV by chemical
modification [8]. As an example, Zielke et al. [52] has demonstrated a cell efficiency
of 18.3 and 20.6% for both n-type silicon and p-type silicon solar cells, respectively,
which deploys a rear-side tunnel layer passivated hole-extracting metal contact
using their specifically adapted organic PEDOT:PSS blend as capping layer. Such
findings could open up new opportunities for potentially low-cost novel material
integration for high-efficiency solar cell concepts in the future.

Regarding contact passivation, however, it is to be noted that in most of these
reports, the carrier-selective passivated contacts were mostly deployed at the rear
side of the solar cell, while the front side composes of a conventionally diffused
silicon surface followed by the standard anti-reflection coatings and screen-printed
fire-through metal contacts. Since the rear-side deployed passivated contacts can
achieve an excellently low contact recombination loss, instinctively the next focus
will be to reduce the contact recombination loss at the front side as well in order to
improve device performance. With varying degrees of success using either electron-
selective or hole-selective passivated contacts in a standalone configuration, the
question arises on the feasibility to integrate both electron-selective and hole-
selective passivated contacts together in a typical silicon solar cell architecture.
Regardless of the technological advances, the fundamental driving factors toward
industry adoption will still be the same as outlined earlier (i.e., cost-effectiveness of
the material and processes, manufacturing scalability, device performance, and
product stability). Hence, it is of keen interest in this paper to evaluate the feasibil-
ity of combining our optimized electron-selective and hole-selective passivated
contacts obtained via industrial relevant processes onto an otherwise conventional
front and rear screen-printed silicon solar cells and comparing that to solar cells
with only a rear-side passivated contact scheme.

In this work, we will investigate “conventional” SiOx/poly-Si passivated contacts
to be deployed on both sides of the solar cell, instead of only being deployed rear
side. Using different lifetime test structures and solar cell structures, the following
topics are investigated: (i) the influence of the tunnel oxide choice on the passiv-
ation quality, comparing wet-chemically formed oxides (wet-SiOx), UV photo-
oxidation-formed ozone oxides (ozone-SiOx), and in situ thermal oxidation-formed
oxides (thermal-SiOx); (ii) the impact on the contact passivation quality after
doped silicon capping layers were applied upon the tunnel oxide layers on the same
lifetime test structures (formed via tube diffusion doping of low-pressure chemical
vapor deposition (LPCVD) of intrinsic polysilicon layers, to serve as either electron-
selective or hole-selective capping layers); (iii) the influence of the surface condi-
tions on the passivation quality by both types of electron- or hole-selective passiv-
ated contacts; (iv) the integration of the optimal passivated contacts onto a practical
double-sided passivated contact solar cell structure and studies on the resulting
passivation quality, both prior to and after subsequent anti-reflection passivation
layers (i.e., SiNx layers) were applied; (v) the influence of the capping layer thick-
ness on the absorbable cell current and various parasitic absorption losses via
numerical analysis (SunSolve™) and our experimental approaches to realize
ultrathin poly-Si capping layers; and (vi) the ability to apply screen-printed metal
contacts on the developed electron-selective and hole-selective passivated contacts.

In addition, from the measured passivation quality results on lifetime test
structures, a numerical calculation of the practical solar cell efficiency potential
adopting both of our developed electron-selective and hole-selective passivated
contacts was performed by utilizing the measured saturation current density J0 and
the measured contact resistance Rc from our investigated tunnel layer passivated
contact test structures. This work demonstrates the feasibility and attractiveness of
using industrial relevant processes to develop device quality tunnel oxide/doped
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polysilicon passivated contacts for effective contact passivation on both textured
and planar silicon surfaces. A major highlight of this work is the demonstration of a
practical solar cell efficiency potential approaching 24% on a large area (6-inch
wafer), by deploying the in-house developed passivated contact layers on both sides
of an otherwise conventionally processed silicon solar cells with industrial screen-
printed contacts.

2. Experimental details

Firstly, the in-house development of device quality passivated contacts based
on wet-SiOx/poly-Si(doped), ozone-SiOx/poly-Si(doped), or in situ thermal-SiOx/
poly-Si(doped) stack was established using simple planar symmetrical lifetime test
structures as sketched in Figure 1. Such structures are convenient for assessing (i) the
resulting tunnel layer/doped capping layer stack thickness; (ii) the passivation qual-
ity, attributing from the passivated contacts alone (i.e., determining minority carrier
lifetime τeff, reverse saturation current density J0, and implied open-circuit voltage
iVOC); and (iii) the tunneling resistance (i.e., determining the contact resistance Rc).
Starting from bare diamond-wire cut Cz silicon wafers (NorSun, 190 μm thick, and

Figure 1.
Schematic of the (a-e) symmetrical lifetime and (f) contact resistance test structures utilized for assessing/
optimizing the passivation quality and minimizing the contact resistance of both, electron-selective and hole-
selective passivated contacts, developed on either a wet-SiOx, ozone-SiOx or an in-situ thermal-SiOx tunnel
layer. Using the sketched symmetrically passivated contact test structures, the developed SiOx/poly-Si passivated
contacts were characterized in terms of their passivation quality, doping profiles, film uniformity and contact
resistance.
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polymers can also exhibit a tunable work function from 3.0 to 5.8 eV by chemical
modification [8]. As an example, Zielke et al. [52] has demonstrated a cell efficiency
of 18.3 and 20.6% for both n-type silicon and p-type silicon solar cells, respectively,
which deploys a rear-side tunnel layer passivated hole-extracting metal contact
using their specifically adapted organic PEDOT:PSS blend as capping layer. Such
findings could open up new opportunities for potentially low-cost novel material
integration for high-efficiency solar cell concepts in the future.

Regarding contact passivation, however, it is to be noted that in most of these
reports, the carrier-selective passivated contacts were mostly deployed at the rear
side of the solar cell, while the front side composes of a conventionally diffused
silicon surface followed by the standard anti-reflection coatings and screen-printed
fire-through metal contacts. Since the rear-side deployed passivated contacts can
achieve an excellently low contact recombination loss, instinctively the next focus
will be to reduce the contact recombination loss at the front side as well in order to
improve device performance. With varying degrees of success using either electron-
selective or hole-selective passivated contacts in a standalone configuration, the
question arises on the feasibility to integrate both electron-selective and hole-
selective passivated contacts together in a typical silicon solar cell architecture.
Regardless of the technological advances, the fundamental driving factors toward
industry adoption will still be the same as outlined earlier (i.e., cost-effectiveness of
the material and processes, manufacturing scalability, device performance, and
product stability). Hence, it is of keen interest in this paper to evaluate the feasibil-
ity of combining our optimized electron-selective and hole-selective passivated
contacts obtained via industrial relevant processes onto an otherwise conventional
front and rear screen-printed silicon solar cells and comparing that to solar cells
with only a rear-side passivated contact scheme.
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to be deployed on both sides of the solar cell, instead of only being deployed rear
side. Using different lifetime test structures and solar cell structures, the following
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ation quality, comparing wet-chemically formed oxides (wet-SiOx), UV photo-
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In addition, from the measured passivation quality results on lifetime test
structures, a numerical calculation of the practical solar cell efficiency potential
adopting both of our developed electron-selective and hole-selective passivated
contacts was performed by utilizing the measured saturation current density J0 and
the measured contact resistance Rc from our investigated tunnel layer passivated
contact test structures. This work demonstrates the feasibility and attractiveness of
using industrial relevant processes to develop device quality tunnel oxide/doped
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and planar silicon surfaces. A major highlight of this work is the demonstration of a
practical solar cell efficiency potential approaching 24% on a large area (6-inch
wafer), by deploying the in-house developed passivated contact layers on both sides
of an otherwise conventionally processed silicon solar cells with industrial screen-
printed contacts.
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resulting tunnel layer/doped capping layer stack thickness; (ii) the passivation qual-
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wafer resistivity of 3.4 Ω cm), these wafers received a saw damage etch removal
process, followed by a standard RCA and HF clean process. The next step is the
deposition of the various tunnel oxide layers (see Figure 1(a)). For lifetime test
samples that require the wet-SiOx tunnel layers, these samples were subjected to one
more round of RCA2 process for 5 min (using deionized water, HCl, and H2O2 in the
volume ratio of 0.84:0.08:0.08) in order to form the wet-SiOx tunnel layer. Other
selected lifetime test samples were deposited with a symmetrical ozone-SiOx (UVO-
Cleaner® 42, Jelight Company Inc.). The samples planned for an in situ thermal-SiOx

tunnel layer were processed using the low-pressure chemical vapor deposition
(LPCVD) tool (TS-Series, Tempress) by flowing the oxidative gases prior to the
deposition of the intrinsic poly-Si capping layers. Second, intrinsic poly-Si capping
layers were deposited on top of all tunnel layers investigated, using LPCVD (TS-
Series, Tempress) (see Figure 1(b)). These intrinsic poly-Si capped lifetime test
structures were subsequently subjected to detailed doping optimization studies,
using an industrial relevant high-throughput diffusion tool (Quantum, Tempress) to
obtain device quality electron-selective and hole-selective passivated contacts (see
Figure 1(c)). The increase in passivation quality after the deposition of an additional
SiNx passivation layer was studied using test samples as sketched in Figure 1(d). In
order to assess the total contact resistance Rc, some selected samples as sketched in
Figure 1(c) and (e) (now using a p-type wafer instead of an n-type wafer) were
further symmetrically contacted by thermally evaporated silver (System Control
Technologies), i.e., processing symmetric Ag/poly-Si(n+)/tunnel-oxide/n-Si-
wafer/tunnel-oxide/poly-Si(n+)/Ag samples to study electron extraction and
Ag/poly-Si(p+)/tunnel-oxide/p-Si-wafer/tunnel-oxide/poly-Si(p+)/Ag samples to
study hole extraction (see Figure 1(f)). In such samples, an ohmic straight-line dark
I–V curve can be obtained, from which the contact resistance Rc on each side can be
determined (after subtracting the resistance contribution from the silicon bulk).

Next, considering that typical silicon solar cells are either single-sided textured
or symmetrically textured, it is relevant to explore the passivation quality when
these developed passivated contacts are deployed on textured surfaces as well,
while comparing that to planar references, as sketched in Figure 2. The objective is
to identify the suitability of our developed electron-selective and hole-selective
passivated contacts for textured surfaces and to determine the optimum configura-
tion for a silicon solar cell considering contact passivation for both the front and
rear surfaces.

It will be shown in later sections that the optimum double-sided passivated
contact scheme can be realized by deploying the electron-selective passivated con-
tacts (i.e., poly-Si(n+)/tunnel oxide stacks) on the front textured surface while
deploying the hole-selective passivated contacts (i.e., poly-Si(p+)/tunnel oxide
stacks) on the rear planar surface. Subsequently, the silicon solar cell precursors
with the optimum double-sided passivated contact scheme were experimentally
realized according to the process flow shown in Figure 3 and characterized in terms
of the passivation quality and doping profile, both prior to and after the standard
anti-reflection/passivation dielectric coatings were deposited (i.e., step. 11 and 12,
respectively) via microwave PECVD (MAiA, Meyer Burger), while comparing that
to the symmetrical lifetime test structures. Selected samples were then subjected to

Figure 2.
Comparison of the passivation quality by both (a, b) hole-selective and (c, d) electron-selective passivated
contacts on both planar and textured lifetime test structures.
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a conventional full-area or bifacial screen printing process using commercially
available fire-through paste to contact the electron-selective and hole-selective pas-
sivated contacts, through a high-temperature co-firing process at �740°C in a fast-
firing furnace (BTU) for 1 min. It is to be noted that the time of 1 min accounts for
the total time spent within the fast-firing furnace, moving the intended sample
across five temperature zones with increasing temperatures, with an estimated time
of 5 seconds within the final peak temperature zone. As a final step, an edge
isolation is carried out on the finished solar cell via a nanosecond laser process
(ILS500LT, InnoLas), followed by electrical characterization.

One potential issue with replacing the conventional diffused regions with
carrier-selective passivated contacts (such as the poly-Si(doped)/tunnel oxide stack
in this work) is the presence of parasitic absorption, similar to the case of transpar-
ent conductive oxides or amorphous silicon layers in a heterojunction silicon wafer
solar cell concept. Hence, there is an optimization potential toward simultaneously
achieving excellent passivation quality of both textured and planar surfaces while
minimizing the doped poly-Si capping layer thickness as much as possible in order
to minimize the parasitic absorption issue.

Thus, it has been tested experimentally how thin our developed contact passiv-
ation layers can become while maintaining their excellent passivation quality. This
has been realized by two different experimental approaches: (1) applying etch-back
technology, thereby thinning down the already optimized thick layers, and (2)
diffusion re-optimization for ultrathin LPCVD of intrinsic poly-Si layers.

To provide more insights into the influence of the doped capping layer thickness
on the maximum absorbable current density Jabsorbed, cell attainable in a silicon solar
cell, the simulation program SunSolve™, available on PV Lighthouse [53], was
utilized. The SunSolve™ calculator combines Monte Carlo ray tracing with thin-
film optics to calculate the maximum potential photogeneration current in the solar
cell for the standard AM1.5G spectrum, as well as the corresponding optical losses
occurring elsewhere (i.e., front-reflected, front-escaped, rear-escaped, parasitic

Figure 3.
Potential process flow for a silicon solar cell adopting double-sided passivated contacts and bifacial metal
contacts.
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wafer resistivity of 3.4 Ω cm), these wafers received a saw damage etch removal
process, followed by a standard RCA and HF clean process. The next step is the
deposition of the various tunnel oxide layers (see Figure 1(a)). For lifetime test
samples that require the wet-SiOx tunnel layers, these samples were subjected to one
more round of RCA2 process for 5 min (using deionized water, HCl, and H2O2 in the
volume ratio of 0.84:0.08:0.08) in order to form the wet-SiOx tunnel layer. Other
selected lifetime test samples were deposited with a symmetrical ozone-SiOx (UVO-
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Series, Tempress) (see Figure 1(b)). These intrinsic poly-Si capped lifetime test
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Figure 2.
Comparison of the passivation quality by both (a, b) hole-selective and (c, d) electron-selective passivated
contacts on both planar and textured lifetime test structures.
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a conventional full-area or bifacial screen printing process using commercially
available fire-through paste to contact the electron-selective and hole-selective pas-
sivated contacts, through a high-temperature co-firing process at �740°C in a fast-
firing furnace (BTU) for 1 min. It is to be noted that the time of 1 min accounts for
the total time spent within the fast-firing furnace, moving the intended sample
across five temperature zones with increasing temperatures, with an estimated time
of 5 seconds within the final peak temperature zone. As a final step, an edge
isolation is carried out on the finished solar cell via a nanosecond laser process
(ILS500LT, InnoLas), followed by electrical characterization.

One potential issue with replacing the conventional diffused regions with
carrier-selective passivated contacts (such as the poly-Si(doped)/tunnel oxide stack
in this work) is the presence of parasitic absorption, similar to the case of transpar-
ent conductive oxides or amorphous silicon layers in a heterojunction silicon wafer
solar cell concept. Hence, there is an optimization potential toward simultaneously
achieving excellent passivation quality of both textured and planar surfaces while
minimizing the doped poly-Si capping layer thickness as much as possible in order
to minimize the parasitic absorption issue.

Thus, it has been tested experimentally how thin our developed contact passiv-
ation layers can become while maintaining their excellent passivation quality. This
has been realized by two different experimental approaches: (1) applying etch-back
technology, thereby thinning down the already optimized thick layers, and (2)
diffusion re-optimization for ultrathin LPCVD of intrinsic poly-Si layers.

To provide more insights into the influence of the doped capping layer thickness
on the maximum absorbable current density Jabsorbed, cell attainable in a silicon solar
cell, the simulation program SunSolve™, available on PV Lighthouse [53], was
utilized. The SunSolve™ calculator combines Monte Carlo ray tracing with thin-
film optics to calculate the maximum potential photogeneration current in the solar
cell for the standard AM1.5G spectrum, as well as the corresponding optical losses
occurring elsewhere (i.e., front-reflected, front-escaped, rear-escaped, parasitic

Figure 3.
Potential process flow for a silicon solar cell adopting double-sided passivated contacts and bifacial metal
contacts.
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absorption, edge absorption). Using SunSolve™, we provide a quantitative discus-
sion of the influence of our doped poly-Si capping layer thickness on Jabsorbed, cell
and Jabsorbed, parasitic which will ultimately affect the solar cell performance.

Finally, it is of keen interest to predict the impact of combining both of our
developed electron-selective and hole-selective passivated contacts on the rear (and
front side) of a silicon solar cell. To do this, we utilized Brendel’s model [54] to
predict the efficiency potential of a passivated contact and further enhanced the
model to explicitly consider front-side conventional screen-printed contacts. This is
done by additionally considering the combined front-side saturation current density
J0, front (contributed by both the front-side metal-contacted regions and metal-
passivated regions) and the front-side contact resistance Rc, front of the screen-
printed contacts. Thus, practical iso-efficiency contour plots (under a variation of
the J0, rear and Rc, rear values of the rear-side passivated contact) can be obtained,
allowing us to predict a practical solar cell efficiency potential, given known J0, front,
Rc, front, J0, rear, Rc, rear values. Subsequently, our individually measured J0, rear and
Rc, rear values for our investigated passivated contacts in this work were inserted
into this iso-efficiency contour plot, and a realistic prediction of the solar cell
efficiency potential can be realized for both single-sided passivated contact scheme
and double-sided passivated contact schemes.

Last but not least, the feasibility to contact our developed ultrathin contact
passivation layers by an industrially suited method (i.e., aiming at conventional
screen printing) is investigated, and the remaining issues, still to be solved in order
to reach this goal, are addressed.

Concerning characterization metrology, we used the following tools: The aver-
age thickness and uniformity of the tunnel layers/doped poly-Si capping layers were
determined by ellipsometry (SE-2000, Semilab) over a 9-point mapping measure-
ment. The passivation quality was determined from the injection-dependent effec-
tive carrier lifetime measurements using a contactless flash-based photoconductance
decay tester (WCT-120, Sinton Consulting) operated in both transient and quasi
steady-state modes (QSSPC), which adopts an intrinsic carrier concentration of 8.6
� 109 cm�3 in the calculation of the saturation current densities. To provide further
insights at the tunnel layer/silicon interface, the fixed interface charge density Q f

and the interface defect density distribution Dit(E) were determined using
time-resolved contactless corona charge—Kelvin probe measurements (PV-2000,
Semilab). Considering our ultrathin dielectrics, and its high potential for charge
leakage, PV-2000 utilizes a “Self-Adjusting SteadyState Technique (SASS)” which
takes into consideration the SASS voltage obtained using both positive and negative
corona charges in order to calculate a leakage index (equivalently a correction
factor) which accounts for the dielectric leakage when present and applicable to
both ultrathin and thicker dielectrics, in order to produce a reliable representation
of the Q f and Dit(E) values across different samples. The film structure of the
doped silicon capping layer was determined via Raman spectroscopy (SE-2000,
Semilab). The light and dark I–V measurements were performed on an LED-based
AAA-calibrated I–V tester (Sinus220, Wavelabs).

3. Results and discussion

3.1 Screening of tunnel oxide layers for contact passivation

As mentioned earlier, the development and optimization of contact passivation
layer stacks were initiated on symmetrical planar lifetime test structures as sketched
in Figure 1. Prior to deposition of the doped capping layer, various tunnel oxide
candidates were screened (i.e., wet-SiOx, ozone-SiOx, and thermal-SiOx) in terms of
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their deposition techniques as well as the time required to get tunneling relevant
thicknesses. Starting from our wet-chemically formed oxides (wet-SiOx) via the
standard RCA2 solution, Figure 4(a) shows that the resulting wet-SiOx tunnel
oxide thickness is independent of the oxidation time utilized (1–10 min) and is well
within the tunneling relevant thickness regime (�1.2–1.5 nm). These wet-SiOx

tunnel oxide layers were also found to exhibit a highly leaky interface toward the
silicon bulk, as attempts to determine the wet-SiOx/c-Si interface properties Q f and
Dit(E) were unsuccessful due to its inability to retain the deposited corona charges.
Nonetheless, this is likely to be beneficial for the subsequent charge collection
process, since the charge carriers to be collected can easily tunnel through such an
oxide layer. It is also worthy to note that these symmetrical planar lifetime struc-
tures with only a wet-SiOx tunnel oxide do not passivate well (τeff � 4 μs) and are
only effective when subsequently coupled with a highly doped capping layer to
form a wet-SiOx/poly-Si(doped) passivated contact scheme, as will be shown in the
coming sections.

In contrast, for the investigated UV/ozone photo-oxidation-formed ozone-SiOx

tunnel oxides, Figure 4(b) shows that the resulting ozone-SiOx layer thickness
shows a time dependence of the photo-oxidation time, which increases from
�1.3 nm for an exposure time of 3 min to �2.5 nm for 10 min. Beyond 10 min, the
thickness of the ozone-SiOx layer saturates at �2.7 nm (i.e., surface reaction lim-
ited). Hence, considering the need for tunneling relevant applications (<1.5 nm),
the UV/ozone exposure time should be limited to ≤3 min. Similar to the wet-SiOx

case, the ozone-SiOx tunnel oxides were also found to be leaky in the as-deposited
state, evident from its inability to measure Qf and Dit(E). In terms of passivation,
symmetrically ozone-SiOx passivated planar lifetime samples also do not passivate
well (τeff � 2 μs) and should be coupled with a highly doped capping layer to form
an effective contact passivation scheme as well.

Finally, our investigated in situ thermal oxides were also found to exhibit a depo-
sition time dependence on themeasured oxide thickness, in which an in situ oxidation
time of 30 secs at 570°C was already sufficient to achieve a tunneling relevant
thickness of 1.0 to 1.2 nm. At higher deposition timings (e.g., 5 min), the thickness
increases to �13 nm which is not suitable for tunneling relevant applications.

Figure 4.
(a) Comparison of the wet-chemical (RCA2) oxidation time on the measured wet-SiOx tunnel oxide thickness.
The wet-SiOx thickness does not exhibit a time dependence (1–10 min) and has a thickness range of �1.2–
1.5 nm, relevant for device integration. (b) For ozone-SiOx, the UV exposure time directly affects the ozone-
SiOx tunnel oxide thickness, with a recommended exposure time of ≤3 min to achieve tunneling relevant
thickness.
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absorption, edge absorption). Using SunSolve™, we provide a quantitative discus-
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Finally, it is of keen interest to predict the impact of combining both of our
developed electron-selective and hole-selective passivated contacts on the rear (and
front side) of a silicon solar cell. To do this, we utilized Brendel’s model [54] to
predict the efficiency potential of a passivated contact and further enhanced the
model to explicitly consider front-side conventional screen-printed contacts. This is
done by additionally considering the combined front-side saturation current density
J0, front (contributed by both the front-side metal-contacted regions and metal-
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printed contacts. Thus, practical iso-efficiency contour plots (under a variation of
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screen printing) is investigated, and the remaining issues, still to be solved in order
to reach this goal, are addressed.

Concerning characterization metrology, we used the following tools: The aver-
age thickness and uniformity of the tunnel layers/doped poly-Si capping layers were
determined by ellipsometry (SE-2000, Semilab) over a 9-point mapping measure-
ment. The passivation quality was determined from the injection-dependent effec-
tive carrier lifetime measurements using a contactless flash-based photoconductance
decay tester (WCT-120, Sinton Consulting) operated in both transient and quasi
steady-state modes (QSSPC), which adopts an intrinsic carrier concentration of 8.6
� 109 cm�3 in the calculation of the saturation current densities. To provide further
insights at the tunnel layer/silicon interface, the fixed interface charge density Q f

and the interface defect density distribution Dit(E) were determined using
time-resolved contactless corona charge—Kelvin probe measurements (PV-2000,
Semilab). Considering our ultrathin dielectrics, and its high potential for charge
leakage, PV-2000 utilizes a “Self-Adjusting SteadyState Technique (SASS)” which
takes into consideration the SASS voltage obtained using both positive and negative
corona charges in order to calculate a leakage index (equivalently a correction
factor) which accounts for the dielectric leakage when present and applicable to
both ultrathin and thicker dielectrics, in order to produce a reliable representation
of the Q f and Dit(E) values across different samples. The film structure of the
doped silicon capping layer was determined via Raman spectroscopy (SE-2000,
Semilab). The light and dark I–V measurements were performed on an LED-based
AAA-calibrated I–V tester (Sinus220, Wavelabs).

3. Results and discussion

3.1 Screening of tunnel oxide layers for contact passivation

As mentioned earlier, the development and optimization of contact passivation
layer stacks were initiated on symmetrical planar lifetime test structures as sketched
in Figure 1. Prior to deposition of the doped capping layer, various tunnel oxide
candidates were screened (i.e., wet-SiOx, ozone-SiOx, and thermal-SiOx) in terms of
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their deposition techniques as well as the time required to get tunneling relevant
thicknesses. Starting from our wet-chemically formed oxides (wet-SiOx) via the
standard RCA2 solution, Figure 4(a) shows that the resulting wet-SiOx tunnel
oxide thickness is independent of the oxidation time utilized (1–10 min) and is well
within the tunneling relevant thickness regime (�1.2–1.5 nm). These wet-SiOx

tunnel oxide layers were also found to exhibit a highly leaky interface toward the
silicon bulk, as attempts to determine the wet-SiOx/c-Si interface properties Q f and
Dit(E) were unsuccessful due to its inability to retain the deposited corona charges.
Nonetheless, this is likely to be beneficial for the subsequent charge collection
process, since the charge carriers to be collected can easily tunnel through such an
oxide layer. It is also worthy to note that these symmetrical planar lifetime struc-
tures with only a wet-SiOx tunnel oxide do not passivate well (τeff � 4 μs) and are
only effective when subsequently coupled with a highly doped capping layer to
form a wet-SiOx/poly-Si(doped) passivated contact scheme, as will be shown in the
coming sections.

In contrast, for the investigated UV/ozone photo-oxidation-formed ozone-SiOx

tunnel oxides, Figure 4(b) shows that the resulting ozone-SiOx layer thickness
shows a time dependence of the photo-oxidation time, which increases from
�1.3 nm for an exposure time of 3 min to �2.5 nm for 10 min. Beyond 10 min, the
thickness of the ozone-SiOx layer saturates at �2.7 nm (i.e., surface reaction lim-
ited). Hence, considering the need for tunneling relevant applications (<1.5 nm),
the UV/ozone exposure time should be limited to ≤3 min. Similar to the wet-SiOx

case, the ozone-SiOx tunnel oxides were also found to be leaky in the as-deposited
state, evident from its inability to measure Qf and Dit(E). In terms of passivation,
symmetrically ozone-SiOx passivated planar lifetime samples also do not passivate
well (τeff � 2 μs) and should be coupled with a highly doped capping layer to form
an effective contact passivation scheme as well.

Finally, our investigated in situ thermal oxides were also found to exhibit a depo-
sition time dependence on themeasured oxide thickness, in which an in situ oxidation
time of 30 secs at 570°C was already sufficient to achieve a tunneling relevant
thickness of 1.0 to 1.2 nm. At higher deposition timings (e.g., 5 min), the thickness
increases to �13 nm which is not suitable for tunneling relevant applications.

Figure 4.
(a) Comparison of the wet-chemical (RCA2) oxidation time on the measured wet-SiOx tunnel oxide thickness.
The wet-SiOx thickness does not exhibit a time dependence (1–10 min) and has a thickness range of �1.2–
1.5 nm, relevant for device integration. (b) For ozone-SiOx, the UV exposure time directly affects the ozone-
SiOx tunnel oxide thickness, with a recommended exposure time of ≤3 min to achieve tunneling relevant
thickness.
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Correspondingly, an in situ thermal oxide growth rate of �2.4–2.6 nm/min can be
expected. Interestingly, in contrast to the wet-SiOx and ozone-SiOx tunnel layers, our
as-deposited thermal-SiOx tunnel oxides were able to retain the deposited charges
from the contactless corona charge—Kelvin probe measurements, allowing the fixed
interface charge density and the interface defect density distribution to be determined
(see Figure 5). At the first glance, this already suggests that the in situ thermal-SiOx

exhibits a higher film quality (i.e., non-leaky) than both wet-SiOx and ozone-SiOx. It
is also likely that the thermal-SiOx film structure is more dense, which can be benefi-
cial when coupled with a highly doped silicon capping layer, which could reduce the
out-diffusion of dopants into the c-Si bulk. Table 1 summarizes the measured Qf and
Dit for our investigated tunnel oxides (wet-SiOx, ozone-SiOx, thermal-SiOx) and
compares that to literature-reported values. As plotted in Figure 5, and summarized
in Table 1, the as-deposited in situ thermal-SiOx (�1.2 nm) in this work exhibited a
Qf of�4.3 � 1011 cm�2 and a minimum Dit of �2.5 � 1012 cm�2 eV�1. The energy
distribution of the interface defect densityDit(E) as a function of the silicon band-gap
energy for our in situ thermal-SiOx layers is plotted in Figure 5(b), showing a
minimumDit closer to the valence band, instead of the midgap position. This could be
due to the increase of surface micro-roughness from the processing conditions, lead-
ing to a higher density of dangling bond defects in the higher part of the silicon energy

Figure 5.
The in-situ thermal silicon oxides deposited within the LPCVD process prior to the intrinsic poly-Si layers
exhibited (a) a negative fixed interface charge density Q f of �4.3 � 1011 cm�2 and (b) a minimum interface
defect density Dit(min) of �2.5 � 1012 cm�2 eV�1.

Tunnel oxide Thickness (nm) Qf (cm
�2) Dit (cm

�2 eV�1) References

Thermal-SiOx �1.2 �4.30 � 1011 2.50 � 1012 This work

Wet-SiOx �1.5 Not measurable Not measurable This work

Ozone-SiOx �1.3 Not measurable Not measurable This work

Thermal-SiOx �50–240 +3.00 � 1011 1010 � 7 � 1011 [56–59]

Wet-SiOx �1–2 +1.28 � 1012 5.17 � 1012 [57, 60–64]

Ozone-SiOx �1–2 No data 1.00 � 1013 [55]

ALD-AlOx �1.5 �6.10 � 1012 2.70 � 1012 [28]

Table 1.
Comparison of the fixed interface charge density Qf and the interface defect density distribution Dit(E) for
different investigated tunnel oxides (thermal-SiOx, wet-SiOx, ozone-SiOx) in this work as compared to
literature.
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gap, similar to the observation by Angermann et al. [55] who observed a skewing
toward the conduction band when p-type Si substrates are utilized.

As compared to other thermally grown silicon oxides [56–59] which exhibited
significantly lower Dit values (�1–2 orders), their film thickness was however also
significantly higher at �50–240 nm, making it inappropriate for tunnel layer appli-
cations. On the other hand, the wet-SiOx and ozone-SiOx tunnel oxides reported in
Refs. [55, 57, 60–64] do exhibit measurable Qf and Dit values, unlike our investi-
gated samples, which can be attributed to the deposition method and the post-
deposition annealing conditions. Our wet-SiOx and ozone-SiOx tunnel oxides were
unable to retain the deposited corona charges due to its leaky interface, which
nonetheless could be beneficial for the purpose of tunneling carrier transport.
Another noteworthy tunnel oxide candidate is atomic layer deposition (ALD) of
aluminum oxide (AlOx), whereby in one of our earlier publications [28], we exper-
imentally realized ultrathin ALD-AlOx films in the tunneling regime (�1.5 nm)
which is capable of exhibiting a significantly higher negative Qf of �6 � 1012 cm�2

and a Dit of �2.7 � 1012 cm�2 eV�1. This resulted in a �110-fold increase in the
initial passivation quality prior to the doped capping layers as compared to a con-
ventional wet-SiOx tunnel oxide layer using our test structures (i.e., from 2 to
218 μs) [28]. This finding positions ultrathin ALD-AlOx as a highly attractive tunnel
oxide candidate for hole-extracting selective contacts. In contrast, although the Dit

values of our in situ thermal-SiOx and ALD-AlOx films are comparable, the thermal-
SiOx in this work exhibited one order lower negative fixed interface charge density
which do suggest a reduced field-effect passivation and overall surface passivation
prior to the doped capping layers, which is observed experimentally as well
(τeff � 4.7 μs). Nevertheless, this positions thermal-SiOx as a tunnel oxide candidate
suitable for both electron-extracting and hole-extracting selective contacts.

3.2 Screening LPCVD poly-Si capping layers for contact passivation

As compared to the TOPCon approach by the Fraunhofer ISE’s team, which
deposited doped amorphous silicon films followed by a suitable annealing condition
and hydrogenation process to convert the highly doped amorphous silicon to highly
doped polysilicon capping layers, we implement an alternative approach by first
depositing intrinsic silicon films via the LPCVD approach, followed by either a
phosphorus or boron diffusion process to convert it to a highly doped poly-Si(n+) or
poly-Si(p+) capping layer, respectively. The optimization goal is to incorporate as
much active dopants within the poly-Si layers as possible while reducing or
avoiding the out-diffusion of dopants into the c-Si wafer bulk, which will increase
the surface recombination rates and reduce the device performance, as also
reported in Ref. [65].

As a start, Raman spectroscopy was utilized to monitor the structural evolution
of our in-house deposited silicon capping layers, both in the as-deposited intrinsic
case and after the optimal diffusion process (boron or phosphorus doped). Figure 6
shows that our LPCVD as-deposited intrinsic silicon films were amorphous in film
structure, evident by a single Raman peak centered at a Raman shift of �480cm�1

[66]. Nonetheless, upon either a boron diffusion process or a phosphorus diffusion
process, which takes place at temperatures between 850 and 950°C, these doped
silicon films fully crystallize as evident by a single Raman peak centered at a Raman
shift of �520.5 cm�1 with a full width at half maximum (FWHM) of 5.3 and
4.0 cm�1, respectively. These findings were comparable to our crystalline silicon
wafer reference (Raman shift centered at �520.6 cm�1 and a FWHM of 3.5 cm�1).
The slightly higher FWHM measured for our doped silicon films indicated a mar-
ginally higher structural disorder than a perfect crystalline silicon wafer bulk which
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due to the increase of surface micro-roughness from the processing conditions, lead-
ing to a higher density of dangling bond defects in the higher part of the silicon energy
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different investigated tunnel oxides (thermal-SiOx, wet-SiOx, ozone-SiOx) in this work as compared to
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gap, similar to the observation by Angermann et al. [55] who observed a skewing
toward the conduction band when p-type Si substrates are utilized.

As compared to other thermally grown silicon oxides [56–59] which exhibited
significantly lower Dit values (�1–2 orders), their film thickness was however also
significantly higher at �50–240 nm, making it inappropriate for tunnel layer appli-
cations. On the other hand, the wet-SiOx and ozone-SiOx tunnel oxides reported in
Refs. [55, 57, 60–64] do exhibit measurable Qf and Dit values, unlike our investi-
gated samples, which can be attributed to the deposition method and the post-
deposition annealing conditions. Our wet-SiOx and ozone-SiOx tunnel oxides were
unable to retain the deposited corona charges due to its leaky interface, which
nonetheless could be beneficial for the purpose of tunneling carrier transport.
Another noteworthy tunnel oxide candidate is atomic layer deposition (ALD) of
aluminum oxide (AlOx), whereby in one of our earlier publications [28], we exper-
imentally realized ultrathin ALD-AlOx films in the tunneling regime (�1.5 nm)
which is capable of exhibiting a significantly higher negative Qf of �6 � 1012 cm�2

and a Dit of �2.7 � 1012 cm�2 eV�1. This resulted in a �110-fold increase in the
initial passivation quality prior to the doped capping layers as compared to a con-
ventional wet-SiOx tunnel oxide layer using our test structures (i.e., from 2 to
218 μs) [28]. This finding positions ultrathin ALD-AlOx as a highly attractive tunnel
oxide candidate for hole-extracting selective contacts. In contrast, although the Dit

values of our in situ thermal-SiOx and ALD-AlOx films are comparable, the thermal-
SiOx in this work exhibited one order lower negative fixed interface charge density
which do suggest a reduced field-effect passivation and overall surface passivation
prior to the doped capping layers, which is observed experimentally as well
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case and after the optimal diffusion process (boron or phosphorus doped). Figure 6
shows that our LPCVD as-deposited intrinsic silicon films were amorphous in film
structure, evident by a single Raman peak centered at a Raman shift of �480cm�1

[66]. Nonetheless, upon either a boron diffusion process or a phosphorus diffusion
process, which takes place at temperatures between 850 and 950°C, these doped
silicon films fully crystallize as evident by a single Raman peak centered at a Raman
shift of �520.5 cm�1 with a full width at half maximum (FWHM) of 5.3 and
4.0 cm�1, respectively. These findings were comparable to our crystalline silicon
wafer reference (Raman shift centered at �520.6 cm�1 and a FWHM of 3.5 cm�1).
The slightly higher FWHM measured for our doped silicon films indicated a mar-
ginally higher structural disorder than a perfect crystalline silicon wafer bulk which
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is not too surprising, given the high quantities of dopants (1019–1020 cm�3) incor-
porated in the former.

The corresponding dopant profile within these highly doped silicon capping
layers can be extracted from ECV measurements as shown in Figure 7. After an
optimized diffusion doping process to convert the thermal-SiOx/a-Si(intrinsic)
capping layer stack toward either an electron-selective passivated contact (i.e.,
thermal-SiOx/poly-Si(n

+) stack) or a hole-selective passivated contact (i.e.,
thermal-SiOx/poly-Si(p

+) stack), the ECV measurements revealed a peak doping
concentration within the poly-Si(n+) and poly-Si(p+) capping layers as �1.5 � 1020

and �5 � 1019 cm�3, respectively.
The tunnel oxide in the passivated contact stack not only serves as passivation/

tunneling purposes, but it also likely serves as a blocking layer to reduce the out-
diffusion of dopants from the highly doped silicon capping layer into the crystalline
silicon wafer bulk. The lower active dopant concentration within the poly-Si(p+)
layer can be partially attributed to the lower doping efficiency of boron atoms than
phosphorus atoms [67] based on the theoretical prediction of impurity formation
energies and partially attributed to the higher diffusivity of the boron dopants [68]
into the silicon bulk which resulted in a deeper boron-diffused junction
(see Figure 7). Similar to other reports [65], we also observed experimentally that
it is preferable to concentrate all the dopants within the poly-Si layers, as the

Figure 6.
Raman spectra for our in-house LPCVD of silicon films (�250 nm), comparing the film crystallinity in the as-
deposited state, post-POCl3 diffusion process, and post-BBR3 diffusion process.
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out-diffusion of dopants is expected to lead to increased surface recombination
rates and a corresponding drop in the overall passivation quality as well.

Table 2 summarizes our measured passivation quality results on planar sym-
metrical lifetime test structures with the optimized doped poly-Si(n+) capping
layers on various investigated tunnel oxide candidates (i.e., wet-SiOx, ozone-SiOx,
thermal-SiOx). Table 2 shows that using planar symmetrical lifetime test struc-
tures, our wet-SiOx/poly-Si(n

+) and ozone-SiOx/poly-Si(n
+) passivated samples

were exhibiting implied-VOC values of �719 mV and J0 of �6–9 fA cm�2, while the
thermal-SiOx/poly-Si(n

+) passivated contact stack exhibited an even higher
implied-VOC values of 729 mV, despite a similar J0 of �9 fA cm�2. The enhanced
implied-VOC values for thermal-SiOx/poly-Si(n

+) passivation stack were consistent
with the earlier discussion on the tunnel oxides, in which a thermal-SiOx tunnel
oxide is likely more effective in reducing the out-diffusion of phosphorus dopants
from the poly-Si(n+) into the c-Si wafer bulk, hence providing better overall pas-
sivation quality (implied-VOC increases by �10 mV).

Since a typical silicon solar cell would be further coated with suitable anti-
reflection layers (such as SiNx or AlOx/SiNx stacks) prior to metallization, the
influence of these layers on our symmetrical lifetime samples were evaluated as
well, by capping the passivated contacts with an additional �70-nm-thick SiNx

films symmetrically and its resulting passivation quality evaluated. As summarized
in Table 2, the measured passivation quality further improves with the additional
SiNx capping layers upon all three investigated lifetime test structures with
electron-selective passivated contacts. In particular, the thermal-SiOx/poly-Si(n

+)/
SiNx-capped lifetime structure exhibits high implied-VOC approaching 740 mV,
with single-sided J0 values down to �2.5 fA cm�2, which is already on par with the
best results from the Fraunhofer ISE team [69]. Concurrently, similar studies were
conducted on lifetime test structures with hole-selective passivated contacts, and

Figure 7.
ECV profiles for both (a) electron-selective passivated contacts comprising thermal-SiOx/poly-Si(n

+) stacks
and (b) hole-selective passivated contacts comprising thermal-SiOx/poly-Si(p

+) stacks. The electron-selective
passivated contacts exhibited a higher peak doping concentration than the hole-selective counterpart by a factor
of �2 times. Poly-Si(p+) layers also exhibited a higher out-diffusion of dopants into the c-Si bulk than the poly-
Si(n+) layers, which was found to limit the potentially achievable implied-VOC values (see Table 3).
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selected results are highlighted in Table 3, which demonstrates the potential of our
developed hole-selective contact passivation layers as well (i.e., thermal-SiOx/poly-
Si(p+) or ALD-AlOx/poly-Si(p

+) stacks) with implied-VOC approaching 700 mV in
the as-deposited state and a further enhancement to 713 mV with single-sided J0
values down to �4 fA /cm�2 after applying symmetrical SiNx capping layers. This
can be attributed to the hydrogenation process which occurs spontaneously during
the deposition of the SiNx capping layer, which helps to reduce the interface defect
densities and directly improves the passivation quality [70]. Comparing our results
to the excellent results from the Fraunhofer ISE team [69], which adopts PECVD of
p-doped a-Si:H layers followed by sintering and SiNx capping (with a high implied-
VOC values up to 732 mV and single-sided J0 values <1 fA cm�2), we do identify
optimization potential for our LPCVD of intrinsic silicon capping layer and the
associated boron diffusion optimization thereafter.

Tunnel layer/capping layer Method iVOC

(mV)
Total J0 (fA cm�2) References

Wet-SiOx/poly-Si(n
+) PECVD

Centrotherm
719 � 2 – FhG-ISE

Wet-SiOx/poly-Si(n
+) PECVD RF-MAiA 740 – [69]

Wet-SiOx/poly-Si(n
+) LPCVD Tempress 719 �9 This work

Ozone-SiOx/poly-Si(n
+) LPCVD Tempress 719 �6 This work

Thermal-SiOx/poly-Si(n
+) LPCVD Tempress 729 �9 This work

After a hydrogenation/anti-reflection coating step by SiNx

Wet-SiOx/poly-Si(n
+)/SiNx LPCVD + MAiA 730 �5 This work

Ozone-SiOx/poly-Si(n
+)/SiNx LPCVD + MAiA 732 �4 This work

Thermal-SiOx/poly-Si(n
+)/

SiNx

LPCVD + MAiA 737 �5 This work

The thickness of the tunnel oxides/doped poly-Si layer/SiNx layer is �1.5/250/80 nm, respectively.

Table 2.
Comparison of the passivation quality of electron-selective passivated contacts on planar Cz n-Si symmetrical
lifetime samples, both prior to and after the additional hydrogenation process step via the symmetrical addition
of the SiNx capping layers.

Tunnel layer/capping layer Method iVOC

(mV)
Total J0

(fA cm�2)
References

Thermal-SiOx/poly-Si(p
+) LPCVD Tempress 698 37 This work

ALD-AlOx/poly-Si(p
+) ALD Solaytec +

LPCVD
697 �26 This work

After a hydrogenation/anti-reflection coating step by SiNx

Thermal-SiOx/poly-Si(p
+)/

SiNx

LPCVD +MAiA 713 �8 This work

Thermal-SiOx/poly-Si(p
+)/

SiNx

PECVD Centrotherm 732 �1 [69]

The thickness of the tunnel oxides/doped poly-Si layer/SiNx layer is �1.5/250/80 nm, respectively.

Table 3.
Comparison of the passivation quality of hole-selective passivated contacts on planar Cz n-Si symmetrical
lifetime samples, both prior to and after the additional hydrogenation process step via the symmetrical addition
of the SiNx capping layers.
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3.3 Evaluation of developed contact passivation stacks on textured surfaces

Given the excellent passivation quality from our developed electron-selective
and hole-selective passivated contacts on planar Cz silicon wafers, it is then of
research and commercial interest to evaluate the performance of these layers on
textured surfaces as well, to determine its viability for deployment on a conven-
tional silicon solar cell structure which adopts a front-side textured surface and
either a rear-side planar or textured surface. To evaluate that, the lifetime test
structures as shown in Figure 2 are utilized, featuring either symmetrical planar
surfaces or symmetrical textured surfaces and symmetrically capped by either the
electron-selective (thermal-SiOx/poly-Si(n

+)) or hole-selective (thermal-SiOx/poly-
Si(p+)) passivated contacts. The objective is to identify the suitability of our devel-
oped electron-selective and hole-selective passivated contacts for textured surfaces
as well and to determine the optimum configuration for a silicon solar cell consid-
ering contact passivation for both the front and rear surfaces.

The highlight of this evaluation is plotted in Figure 8. Firstly, considering the
influence of surface conditions on the passivation quality, it can be observed con-
sistently from Figure 8 and summarized in Table 4 that both the electron-selective
and hole-selective passivated contact stacks exhibited significantly better passiv-
ation quality on planar surfaces than on textured surfaces and which were consis-
tent with the best results shown in Tables 2 and 3. Based on a batch average of 18
samples for each investigated lifetime test structure shown in Figure 8, the hole-
selective passivated contacts on symmetrical planar lifetime test structures demon-
strated an effective minority carrier lifetime τeff of�1650 μs, a single-sided J0, rear of
27.5 fA cm�2, and an implied-VOC of 689 mV, which is a significant improvement
over the textured case (τeff of �170 μs, single-sided J0, rear of 265 fA cm�2, and
implied-VOC of 628 mV). Effectively, upon deploying the hole-selective passivated
contact on a textured surface, the τeff and implied-VOC reduce by �90 and �8.9%,
respectively. Similarly, while the electron-selective passivated contacts continued to
exhibit excellent passivation quality on planar surfaces (τeff of �6030 μs, single-
sided J0, rear of 5.4 fA cm�2, implied-VOC of 723 mV), the passivation quality

Figure 8.
Comparison of the passivation quality (i.e. (a) effective carrier lifetime at 1015 cm�3 injection level, (b) rear
side J0 values and (c) implied-VOC values) by electron-selective (thermal-SiOx/poly-Si(n

+)) and hole-selective
(thermal-SiOx/poly-Si(p

+)) passivated contacts on both symmetrical planar and symmetrical textured lifetime
test structures. It can be observed that electron-selective passivated contacts are suitable for applications on both
planar and textured surfaces (with implied-VOC > 720 mV and > 695 mV respectively), while the hole-
selective passivated contacts are only suitable for planar surfaces at the moment (with implied-VOC
approaching 700 mV, compare Table 3).
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reduces on textured surfaces as well (τeff of �1750 μs, single-sided J0, rear of
�17 fA cm�2, implied-VOC of 696 mV). Effectively, upon deploying the electron-
selective passivated contact on a textured surface, the τeff and implied-VOC reduce
by �71 and�3.7%, respectively. Utilizing the same textured lifetime test structures,
the electron-selective passivated contacts experience lower degradation of the pas-
sivation quality than the hole-selective passivated contacts by a factor of 2.4 times
in terms of the implied-VOC values. The lower passivation quality measured on
textured surfaces is not too surprising, given that similar observations were
observed when evaluating silicon dioxide thin-film passivation on either planar or
textured surfaces [71]. In particular, this reduced passivation quality can be attrib-
uted to (i) increased surface area (�73% more surface area for textured [111]
surfaces than planar [100] surfaces), (ii) increased density of dangling bonds at a
[111] surface, and (iii) a higher concentration of interface defects, which could
originate from the mechanical stress in the dielectric-silicon interfaces at creases,
edges, or vertices [72]. Despite this inherent limitation, we demonstrate in this work
that our electron-selective (thermal-SiOx/poly-Si(n

+)) passivated contacts have a
great potential for being deployed on both planar and textured surfaces, while our
hole-selective (thermal-SiOx/poly-Si(p

+)) passivated contacts are currently only
suited on planar surfaces, based on our current developments.

Thus, if a double-sided contact passivation scheme is to be considered, the
results in this work suggest that it is preferable to implement a solar cell structure
with a textured front surface and a planar rear surface, and adopting the electron-
selective passivated contacts at the textured front surface and the hole-selective
passivated contacts at the planar rear surface, as will be shown in the next section.

3.4 Deployment of double-sided passivated contacts at the solar cell level

Based on the findings from the previous section, the deployment of double-sided
passivated contacts at the solar cell level had been experimentally realized on n-type
silicon wafers with a textured front surface and a planar rear surface and adopting
an electron-selective (thermal-SiOx/poly-Si(n

+)) passivated contacts at the textured
front surface and a hole-selective (thermal-SiOx/poly-Si(p

+)) passivated contacts at
the planar rear surface. This is further compared to reference lifetime test structures
with either symmetrical planar surfaces with symmetrical hole-selective passivated
contacts or symmetrical textured surfaces with symmetrical electron-selective pas-
sivated contacts, as sketched in Figure 9. As shown in Figure 9 and summarized in
Table 5, the lifetime test structures within this second batch of samples processed
similarly to Figure 8 were able to consistently deliver excellent passivation qualities
for the planar and textured lifetime test structures. In particular, Table 5 shows that
structure B (symmetrically planar lifetime test structures with symmetrical hole-
selective passivated contacts) was able to again demonstrate an implied-VOC of
�696 mV and a single-sided J0, rear value of �19.5 fA cm�2, while structure C

Structure Surface Pass. contact type τeff (μs) J0, rear (fA cm�2) iVOC (mV)

A Planar Hole-selective 1649 27.5 689

B Textured Hole-selective 170 265 628

C Planar Electron-selective 6030 5.4 723

D Textured Electron-selective 1756 17.4 696

Table 4.
Summary of the average measured passivation quality for both electron-selective and hole-selective passivated
contacts deployed on both symmetrical planar and symmetrical textured silicon lifetime test structures.
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(symmetrically textured lifetime test structures with symmetrical electron-selective
passivated contacts) was able to demonstrate an implied-VOC of �701 mV and a
single-sided J0, rear value of �14 fA cm�2. At the first thoughts, we would expect
structure A (the double-sided passivated contact solar cell precursors) to exhibit a
measured passivation quality that lies between that exhibited by structure B and
structure C. However, the actual measured results revealed that structure A
exhibited a poorer passivation quality than both structure B and structure C. None-
theless, structure A was able to demonstrate quite high implied-VOC of �688 mV
and a total J0 value of �43 fA cm�2, prior to any anti-reflection/passivation
layers, which likely cannot be attained by conventional diffusion of silicon solar
cell precursors.

With a closer look at the key process steps, the key difference between the
symmetrical lifetime test structures and the solar cell structures is that the former
structures can be done in a one-step diffusion process, while the latter structures
would require a series of dielectric masking to achieve single-sided diffused poly-Si
layers with different polarities, starting from the higher-temperature requirement
first (i.e., boron diffusion toward poly-Si(p+) in this work), followed by the diffu-
sion process with a lower-temperature requirement (i.e., phosphorus diffusion
toward poly-Si(n+)). The goal is to reduce the drive-in/out-diffusion of boron
dopants from the poly-Si(p+) layer into the silicon bulk which is expected to lead to
an increased near-surface recombination and poorer passivation quality, as evident

Figure 9.
Comparison of the passivation quality (i.e. (a) effective carrier lifetime at 1015 cm�3 injection level, (b) rear
side J0 values and (c) implied-VOC values) when both the electron-selective (thermal-SiOx /poly-Si(n

+))
passivated contacts and hole-selective passivated contacts (thermal-SiOx /poly-Si(p

+)) are deployed on both
solar cell structure A (front-side textured, rear-side planar silicon wafer), lifetime test structure B
(symmetrically planar), and lifetime test structure C (symmetrically textured).

Structure Surface (poly-Si thickness) Pass. contact type τeff
(μs)

Total J0
(fA cm�2)

iVOC

(mV)

A Front-textured (250 nm)
Rear-planar (250 nm)

Front electron-selective
Rear hole-selective

1273 43.4 688

B Sym.-planar (250 nm) Hole-selective 1883 39.1 696

C Sym.-textured (250 nm) Electron-selective 1943 28.5 701

Table 5.
Summary of the average measured passivation quality for both electron-selective and hole-selective passivated
contacts deployed on different wafer surfaces.
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reduces on textured surfaces as well (τeff of �1750 μs, single-sided J0, rear of
�17 fA cm�2, implied-VOC of 696 mV). Effectively, upon deploying the electron-
selective passivated contact on a textured surface, the τeff and implied-VOC reduce
by�71 and�3.7%, respectively. Utilizing the same textured lifetime test structures,
the electron-selective passivated contacts experience lower degradation of the pas-
sivation quality than the hole-selective passivated contacts by a factor of 2.4 times
in terms of the implied-VOC values. The lower passivation quality measured on
textured surfaces is not too surprising, given that similar observations were
observed when evaluating silicon dioxide thin-film passivation on either planar or
textured surfaces [71]. In particular, this reduced passivation quality can be attrib-
uted to (i) increased surface area (�73% more surface area for textured [111]
surfaces than planar [100] surfaces), (ii) increased density of dangling bonds at a
[111] surface, and (iii) a higher concentration of interface defects, which could
originate from the mechanical stress in the dielectric-silicon interfaces at creases,
edges, or vertices [72]. Despite this inherent limitation, we demonstrate in this work
that our electron-selective (thermal-SiOx/poly-Si(n

+)) passivated contacts have a
great potential for being deployed on both planar and textured surfaces, while our
hole-selective (thermal-SiOx/poly-Si(p

+)) passivated contacts are currently only
suited on planar surfaces, based on our current developments.

Thus, if a double-sided contact passivation scheme is to be considered, the
results in this work suggest that it is preferable to implement a solar cell structure
with a textured front surface and a planar rear surface, and adopting the electron-
selective passivated contacts at the textured front surface and the hole-selective
passivated contacts at the planar rear surface, as will be shown in the next section.

3.4 Deployment of double-sided passivated contacts at the solar cell level

Based on the findings from the previous section, the deployment of double-sided
passivated contacts at the solar cell level had been experimentally realized on n-type
silicon wafers with a textured front surface and a planar rear surface and adopting
an electron-selective (thermal-SiOx/poly-Si(n

+)) passivated contacts at the textured
front surface and a hole-selective (thermal-SiOx/poly-Si(p

+)) passivated contacts at
the planar rear surface. This is further compared to reference lifetime test structures
with either symmetrical planar surfaces with symmetrical hole-selective passivated
contacts or symmetrical textured surfaces with symmetrical electron-selective pas-
sivated contacts, as sketched in Figure 9. As shown in Figure 9 and summarized in
Table 5, the lifetime test structures within this second batch of samples processed
similarly to Figure 8 were able to consistently deliver excellent passivation qualities
for the planar and textured lifetime test structures. In particular, Table 5 shows that
structure B (symmetrically planar lifetime test structures with symmetrical hole-
selective passivated contacts) was able to again demonstrate an implied-VOC of
�696 mV and a single-sided J0, rear value of �19.5 fA cm�2, while structure C

Structure Surface Pass. contact type τeff (μs) J0, rear (fA cm�2) iVOC (mV)

A Planar Hole-selective 1649 27.5 689

B Textured Hole-selective 170 265 628

C Planar Electron-selective 6030 5.4 723

D Textured Electron-selective 1756 17.4 696

Table 4.
Summary of the average measured passivation quality for both electron-selective and hole-selective passivated
contacts deployed on both symmetrical planar and symmetrical textured silicon lifetime test structures.
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(symmetrically textured lifetime test structures with symmetrical electron-selective
passivated contacts) was able to demonstrate an implied-VOC of �701 mV and a
single-sided J0, rear value of �14 fA cm�2. At the first thoughts, we would expect
structure A (the double-sided passivated contact solar cell precursors) to exhibit a
measured passivation quality that lies between that exhibited by structure B and
structure C. However, the actual measured results revealed that structure A
exhibited a poorer passivation quality than both structure B and structure C. None-
theless, structure A was able to demonstrate quite high implied-VOC of �688 mV
and a total J0 value of �43 fA cm�2, prior to any anti-reflection/passivation
layers, which likely cannot be attained by conventional diffusion of silicon solar
cell precursors.

With a closer look at the key process steps, the key difference between the
symmetrical lifetime test structures and the solar cell structures is that the former
structures can be done in a one-step diffusion process, while the latter structures
would require a series of dielectric masking to achieve single-sided diffused poly-Si
layers with different polarities, starting from the higher-temperature requirement
first (i.e., boron diffusion toward poly-Si(p+) in this work), followed by the diffu-
sion process with a lower-temperature requirement (i.e., phosphorus diffusion
toward poly-Si(n+)). The goal is to reduce the drive-in/out-diffusion of boron
dopants from the poly-Si(p+) layer into the silicon bulk which is expected to lead to
an increased near-surface recombination and poorer passivation quality, as evident

Figure 9.
Comparison of the passivation quality (i.e. (a) effective carrier lifetime at 1015 cm�3 injection level, (b) rear
side J0 values and (c) implied-VOC values) when both the electron-selective (thermal-SiOx /poly-Si(n

+))
passivated contacts and hole-selective passivated contacts (thermal-SiOx /poly-Si(p

+)) are deployed on both
solar cell structure A (front-side textured, rear-side planar silicon wafer), lifetime test structure B
(symmetrically planar), and lifetime test structure C (symmetrically textured).

Structure Surface (poly-Si thickness) Pass. contact type τeff
(μs)

Total J0
(fA cm�2)

iVOC

(mV)

A Front-textured (250 nm)
Rear-planar (250 nm)

Front electron-selective
Rear hole-selective

1273 43.4 688

B Sym.-planar (250 nm) Hole-selective 1883 39.1 696

C Sym.-textured (250 nm) Electron-selective 1943 28.5 701

Table 5.
Summary of the average measured passivation quality for both electron-selective and hole-selective passivated
contacts deployed on different wafer surfaces.
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from our measurements as well (see Figure 9). Figure 10 shows a comparison of
the ECV profiles done on the same poly-Si(p+) layer in the as-diffused state and
after an additional diffusion masking and front-side phosphorus diffusion step. It
can be clearly seen in the latter that the boron dopants have out-diffused from the
poly-Si(p+) capping layer into the silicon bulk, which is consistent with the reduced
passivation quality measured on the solar cell precursors. Unfortunately, this issue
is inevitable for our current investigated approach of obtaining the doped silicon
capping layers, although the dopant out-diffusion could be better controlled via
diffusion recipe optimization.

For a conventional silicon wafer solar cell, suitable dielectric thin films or stacks
of thin films (such as SiOx, SiNx, AlOx) would be deposited on the silicon wafer
surfaces to serve as anti-reflection/passivation prior to the metallization step. Sim-
ilarly, in this work, the double-sided passivated contact solar cell precursors shown
in Figure 9 were symmetrically capped with PECVD of �70-nm-thick SiNx films.
The resulting passivation quality before and after additional SiNx capping is plotted
in Figure 11 and listed in Table 6.

It can be seen from Figure 11 that upon the deposition of an additional sym-
metrical SiNx capping layer, there is a striking improvement in the pre-metallized
solar cell precursors, in which the τeff/J0/iVOC values improve from 1.5 ms/48 fA
cm�2/ 690 mV to 2.4 ms/16.5 fA cm�2/713 mV. This improvement can be attributed
to the hydrogenation effects from the overlying SiNx films, which is expected to
further reduce the interface defect densities and improve its corresponding inter-
face passivation quality, as evident from the measured lifetime results presented
earlier. This observation was also consistently observed on the symmetrical lifetime
test structures, in which the textured samples with electron-selective passivated
contacts exhibited improvement in the τeff/J0/iVOC values from �1.9 ms/28.5 fA
cm�2/701 mV to �5.5 ms/13.3 fA cm�2/731 mV, while the planar samples with
hole-selective passivated contacts exhibited improvement in the τeff/J0/iVOC values
from �1.9 ms/39 fA cm�2/696 mV to �3 ms/30.8 fA cm�2/710 mV.

Figure 10.
Measured ECV profile for the poly-Si(p+) region, comparing the as-diffused profile after the first rear-side
boron diffusion (i.e., same compared to the lifetime test structure) and the final boron diffusion profile (i.e.,
after additional steps of masking, the second front-side phosphorus diffusion, and the chemical mask removal
process). For the solar cell precursors, the additional high-temperature process step (second diffusion) causes
out-diffusion of boron dopants from the poly-Si(p+) layer into the silicon wafer bulk, as evident from ECV
measurements.
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3.5 Addressing the parasitic absorption issue for highly doped poly-Si layers

Despite the excellent passivation qualities from the developed passivated con-
tacts, one of the key challenges identified for device integration is the issue of
parasitic absorption by these highly doped poly-Si capping layers. This issue is
found to be more critical when the layers are deployed at the front surface than the
rear surface, as simulation studies will show in the later sections. Hence, in order to
address the parasitic absorption issue, a thinning of the doped poly-Si thickness is
necessary.

Two different experimental approaches have been investigated: (1) applying a
slow silicon etch-back technology, thereby thinning down our already well-
optimized thick layers, and (2) performing a diffusion re-optimization for ultrathin
LPCVD of intrinsic poly-Si layers. The goal is to determine the threshold (lowest

Structure Surface (poly-Si thickness) Pass. contact type τeff
(μs)

Total Jo
(fA cm�2)

iVOC

(mV)

Before
SiNx

Front-textured (250 nm)
Rear-planar (250 nm)

Front electron-selective
Rear hole-selective

1500 48 690

After
SiNx

Front-textured (250 nm)
Rear-planar (250 nm)

Front electron-selective
Rear hole-selective

2400 16.5 713

Table 6.
Summary of the measured passivation quality of a double-sided passivated contact solar cell precursor, before
and after additional SiNx capping.

Figure 11.
Measured passivation quality of the deployed double-sided passivated contacts on the solar cell structure
sketched in Figure 10, both in the as-deposited state and after a symmetrical SiNx capping layer, was applied.
With the symmetrical SiNx capping, which leads to the pre-metallized solar cell precursors, an excellent
implied-VOC of 713 mV was obtained. The corresponding total J0 values improved from 48 to 16.5 fA cm�2, an
approximately threefold improvement.
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from our measurements as well (see Figure 9). Figure 10 shows a comparison of
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can be clearly seen in the latter that the boron dopants have out-diffused from the
poly-Si(p+) capping layer into the silicon bulk, which is consistent with the reduced
passivation quality measured on the solar cell precursors. Unfortunately, this issue
is inevitable for our current investigated approach of obtaining the doped silicon
capping layers, although the dopant out-diffusion could be better controlled via
diffusion recipe optimization.

For a conventional silicon wafer solar cell, suitable dielectric thin films or stacks
of thin films (such as SiOx, SiNx, AlOx) would be deposited on the silicon wafer
surfaces to serve as anti-reflection/passivation prior to the metallization step. Sim-
ilarly, in this work, the double-sided passivated contact solar cell precursors shown
in Figure 9 were symmetrically capped with PECVD of �70-nm-thick SiNx films.
The resulting passivation quality before and after additional SiNx capping is plotted
in Figure 11 and listed in Table 6.

It can be seen from Figure 11 that upon the deposition of an additional sym-
metrical SiNx capping layer, there is a striking improvement in the pre-metallized
solar cell precursors, in which the τeff/J0/iVOC values improve from 1.5 ms/48 fA
cm�2/ 690 mV to 2.4 ms/16.5 fA cm�2/713 mV. This improvement can be attributed
to the hydrogenation effects from the overlying SiNx films, which is expected to
further reduce the interface defect densities and improve its corresponding inter-
face passivation quality, as evident from the measured lifetime results presented
earlier. This observation was also consistently observed on the symmetrical lifetime
test structures, in which the textured samples with electron-selective passivated
contacts exhibited improvement in the τeff/J0/iVOC values from �1.9 ms/28.5 fA
cm�2/701 mV to �5.5 ms/13.3 fA cm�2/731 mV, while the planar samples with
hole-selective passivated contacts exhibited improvement in the τeff/J0/iVOC values
from �1.9 ms/39 fA cm�2/696 mV to �3 ms/30.8 fA cm�2/710 mV.

Figure 10.
Measured ECV profile for the poly-Si(p+) region, comparing the as-diffused profile after the first rear-side
boron diffusion (i.e., same compared to the lifetime test structure) and the final boron diffusion profile (i.e.,
after additional steps of masking, the second front-side phosphorus diffusion, and the chemical mask removal
process). For the solar cell precursors, the additional high-temperature process step (second diffusion) causes
out-diffusion of boron dopants from the poly-Si(p+) layer into the silicon wafer bulk, as evident from ECV
measurements.
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3.5 Addressing the parasitic absorption issue for highly doped poly-Si layers

Despite the excellent passivation qualities from the developed passivated con-
tacts, one of the key challenges identified for device integration is the issue of
parasitic absorption by these highly doped poly-Si capping layers. This issue is
found to be more critical when the layers are deployed at the front surface than the
rear surface, as simulation studies will show in the later sections. Hence, in order to
address the parasitic absorption issue, a thinning of the doped poly-Si thickness is
necessary.

Two different experimental approaches have been investigated: (1) applying a
slow silicon etch-back technology, thereby thinning down our already well-
optimized thick layers, and (2) performing a diffusion re-optimization for ultrathin
LPCVD of intrinsic poly-Si layers. The goal is to determine the threshold (lowest

Structure Surface (poly-Si thickness) Pass. contact type τeff
(μs)

Total Jo
(fA cm�2)

iVOC
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SiNx
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Rear-planar (250 nm)

Front electron-selective
Rear hole-selective
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2400 16.5 713

Table 6.
Summary of the measured passivation quality of a double-sided passivated contact solar cell precursor, before
and after additional SiNx capping.
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Measured passivation quality of the deployed double-sided passivated contacts on the solar cell structure
sketched in Figure 10, both in the as-deposited state and after a symmetrical SiNx capping layer, was applied.
With the symmetrical SiNx capping, which leads to the pre-metallized solar cell precursors, an excellent
implied-VOC of 713 mV was obtained. The corresponding total J0 values improved from 48 to 16.5 fA cm�2, an
approximately threefold improvement.
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thickness) of the poly-Si films necessary to achieve the same excellent passivation
quality as the thicker counterparts while reducing the parasitic absorption issue as
much as possible.

Using our slow silicon etch (SSE) solution (DIW:KOH (3.5%):NaOCL (63.25%)
at 80°C), an etch rate of �0.1 nm/s was determined, which was consistently
observed for both poly-Si(n+) and poly-Si(p+) capping layers. Figure 12 highlights
the influence of the resulting doped poly-Si capping layer thickness on the mea-
sured passivation quality.

Interestingly, for hole-selective passivated contacts, the passivation quality can
be preserved for a poly-Si(p+) thickness from a thick �250 nm down to ultrathin
layers of approximately �3 nm, with measured τeff of �1.5 ms and implied-VOC of
�690 mV, respectively. This suggests that a simple SSE etch could be an effective
approach to reduce the poly-Si(p+) capping layer thickness to an ultrathin (i.e.,
some nm ony) level. However, for electron-selective passivated contacts, the pas-
sivation quality was preserved only from �250 nm down to �70 nm, with
measured τeff > 6 ms and implied-VOC > 720 mV, respectively. A further thickness
reduction (<70 nm) leads to a severe degradation of passivation quality. As an
example, upon reduction of the poly-Si(n+) layer from 69 nm to 47 nm, the mea-
sured τeff and implied-VOC reduce by 86 and 6.5%, respectively. Hence,
considering the preference to deploy electron-selective passivated contacts
(thermal-SiOx/poly-Si(n

+)) on the textured surface, we have to investigate
alternative approaches (as outlined in the following) to obtain ultrathin poly-Si(n+)
capping layers suitable for device integration at the front textured surface of a
double-sided passivated contact solar cell.

One of the alternative approaches to obtain ultrathin poly-Si(n+) layers is to
directly deposit an ultrathin intrinsic poly-Si capping layer, followed by a further
optimization of the phosphorus diffusion conditions. The goal is to obtain a highly
doped thin poly-Si(n+) capping layer which can achieve excellent passivation qual-
ity similar to the thicker poly-Si(n+) counterparts while minimizing the in-diffusion
of phosphorus dopants into the silicon bulk. To achieve this, ultrathin (�10 nm)

Figure 12.
Influence of the decreasing doped poly-Si capping layer thickness via the slow silicon etch process on the
measured (a) minority carrier lifetime τeff and (b) implied-VOC values for symmetrically planar lifetime test
structures. Promising results are observed on hole-selective passivated contacts, in which the passivation quality
is preserved for a poly-Si(p+) capping layer thickness reduction from a thick �250 nm down to a thin �3 nm.
In contrast, the passivation quality of the electron-selective passivated contacts with poly-Si(n+) capping layer
was preserved down to a thickness of �70 nm, beyond which there is a drastic drop in passivation quality. The
“star” symbol refers to the case where there is no doped poly-Si capping layer (i.e., only the tunnel oxide SiOx
layer).
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intrinsic LPCVD of poly-Si films was deposited on both symmetrical lifetime test
structures (textured and planar) and solar cell precursors (i.e., front-side textured,
rear-side planar surfaces), followed by the phosphorus diffusion optimization pro-
cess as mentioned above. The best results from the optimization process are
highlighted in Figure 13 and Table 7.

Comparing these results to the thick (�250 nm) thermal-SiOx/poly-Si(n
+) pas-

sivated contacts (Table 6), the thin (�10 nm) thermal-SiOx/poly-Si(n
+) passivated

contacts on similar lifetime test structures (textured and planar) also exhibited
excellent passivation qualities, attaining an implied-VOC of 703 and 727 mV for the
textured and planar case, respectively, after a symmetrical SiNx capping step.
Excellent film and diffusion uniformity was observed from the photoluminescence
images; an example is shown in Figure 13(c) for the solar cell precursor structure
(i.e., front-side textured, rear-side planar) with an electron-selective passivated
contact being deposited on both sides (no SiNx capping). However, it was observed
that the absolute implied-VOC values are slightly lower (few millivolts) than the
thicker counterparts.

Figure 13.
Excellent passivation quality demonstrated from our in-house developed electron-selective (thermal-SiOx/poly-
Si(n+)) passivated contact with thin (�10 nm) poly-Si(n+) capping layers applied on both (a) symmetrical
textured lifetime test structures, with iVOC reaching 686 mV, and (b) symmetrical planar lifetime test
structures, with iVOC reaching �720 mV, which further improves to 703 and 727 mV, respectively, after an
additional standard SiNx capping layer. Good film and doping uniformity can be observed from the PL images
for both the symmetrical lifetime test structures and solar cell precursors (i.e., front-side textured, rear-side
planar) as shown in (c).

Structure Surface (poly-Si thickness) SiNx

capped?
τeff
(μs)

Total J0
(fA cm�2)

iVOC

(mV)

A Sym. planar (10 nm) No 4229 16 719

A Sym. planar (10 nm) Yes 7277 10 727

B Sym. textured (10 nm) No 961 67 686

B Sym. textured (10 nm) Yes 1928 31 703

C Asym. front txt., rear planar
(10 nm)

No 2982 22 713

C Asym. front txt, rear planar
(10 nm)

Yes 6557 Inj. dep 741

Table 7.
Summary of the measured passivation quality parameters (τeff, total J0, implied-VOC) for an electron-selective
passivated contact comprising an in situ thermal-SiOx tunnel layer coupled with a thin (�10 nm) poly-Si(n+)
capping layer, evaluated on lifetime test structures which are symmetrically planar (structure A),
symmetrically textured (structure B), and front-side textured and rear-side planar solar cell precursors
(structure C).
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thickness) of the poly-Si films necessary to achieve the same excellent passivation
quality as the thicker counterparts while reducing the parasitic absorption issue as
much as possible.

Using our slow silicon etch (SSE) solution (DIW:KOH (3.5%):NaOCL (63.25%)
at 80°C), an etch rate of �0.1 nm/s was determined, which was consistently
observed for both poly-Si(n+) and poly-Si(p+) capping layers. Figure 12 highlights
the influence of the resulting doped poly-Si capping layer thickness on the mea-
sured passivation quality.

Interestingly, for hole-selective passivated contacts, the passivation quality can
be preserved for a poly-Si(p+) thickness from a thick �250 nm down to ultrathin
layers of approximately �3 nm, with measured τeff of �1.5 ms and implied-VOC of
�690 mV, respectively. This suggests that a simple SSE etch could be an effective
approach to reduce the poly-Si(p+) capping layer thickness to an ultrathin (i.e.,
some nm ony) level. However, for electron-selective passivated contacts, the pas-
sivation quality was preserved only from �250 nm down to �70 nm, with
measured τeff > 6 ms and implied-VOC > 720 mV, respectively. A further thickness
reduction (<70 nm) leads to a severe degradation of passivation quality. As an
example, upon reduction of the poly-Si(n+) layer from 69 nm to 47 nm, the mea-
sured τeff and implied-VOC reduce by 86 and 6.5%, respectively. Hence,
considering the preference to deploy electron-selective passivated contacts
(thermal-SiOx/poly-Si(n

+)) on the textured surface, we have to investigate
alternative approaches (as outlined in the following) to obtain ultrathin poly-Si(n+)
capping layers suitable for device integration at the front textured surface of a
double-sided passivated contact solar cell.

One of the alternative approaches to obtain ultrathin poly-Si(n+) layers is to
directly deposit an ultrathin intrinsic poly-Si capping layer, followed by a further
optimization of the phosphorus diffusion conditions. The goal is to obtain a highly
doped thin poly-Si(n+) capping layer which can achieve excellent passivation qual-
ity similar to the thicker poly-Si(n+) counterparts while minimizing the in-diffusion
of phosphorus dopants into the silicon bulk. To achieve this, ultrathin (�10 nm)

Figure 12.
Influence of the decreasing doped poly-Si capping layer thickness via the slow silicon etch process on the
measured (a) minority carrier lifetime τeff and (b) implied-VOC values for symmetrically planar lifetime test
structures. Promising results are observed on hole-selective passivated contacts, in which the passivation quality
is preserved for a poly-Si(p+) capping layer thickness reduction from a thick �250 nm down to a thin �3 nm.
In contrast, the passivation quality of the electron-selective passivated contacts with poly-Si(n+) capping layer
was preserved down to a thickness of �70 nm, beyond which there is a drastic drop in passivation quality. The
“star” symbol refers to the case where there is no doped poly-Si capping layer (i.e., only the tunnel oxide SiOx
layer).
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intrinsic LPCVD of poly-Si films was deposited on both symmetrical lifetime test
structures (textured and planar) and solar cell precursors (i.e., front-side textured,
rear-side planar surfaces), followed by the phosphorus diffusion optimization pro-
cess as mentioned above. The best results from the optimization process are
highlighted in Figure 13 and Table 7.

Comparing these results to the thick (�250 nm) thermal-SiOx/poly-Si(n
+) pas-

sivated contacts (Table 6), the thin (�10 nm) thermal-SiOx/poly-Si(n
+) passivated

contacts on similar lifetime test structures (textured and planar) also exhibited
excellent passivation qualities, attaining an implied-VOC of 703 and 727 mV for the
textured and planar case, respectively, after a symmetrical SiNx capping step.
Excellent film and diffusion uniformity was observed from the photoluminescence
images; an example is shown in Figure 13(c) for the solar cell precursor structure
(i.e., front-side textured, rear-side planar) with an electron-selective passivated
contact being deposited on both sides (no SiNx capping). However, it was observed
that the absolute implied-VOC values are slightly lower (few millivolts) than the
thicker counterparts.

Figure 13.
Excellent passivation quality demonstrated from our in-house developed electron-selective (thermal-SiOx/poly-
Si(n+)) passivated contact with thin (�10 nm) poly-Si(n+) capping layers applied on both (a) symmetrical
textured lifetime test structures, with iVOC reaching 686 mV, and (b) symmetrical planar lifetime test
structures, with iVOC reaching �720 mV, which further improves to 703 and 727 mV, respectively, after an
additional standard SiNx capping layer. Good film and doping uniformity can be observed from the PL images
for both the symmetrical lifetime test structures and solar cell precursors (i.e., front-side textured, rear-side
planar) as shown in (c).

Structure Surface (poly-Si thickness) SiNx

capped?
τeff
(μs)

Total J0
(fA cm�2)

iVOC

(mV)

A Sym. planar (10 nm) No 4229 16 719

A Sym. planar (10 nm) Yes 7277 10 727

B Sym. textured (10 nm) No 961 67 686

B Sym. textured (10 nm) Yes 1928 31 703

C Asym. front txt., rear planar
(10 nm)

No 2982 22 713

C Asym. front txt, rear planar
(10 nm)

Yes 6557 Inj. dep 741

Table 7.
Summary of the measured passivation quality parameters (τeff, total J0, implied-VOC) for an electron-selective
passivated contact comprising an in situ thermal-SiOx tunnel layer coupled with a thin (�10 nm) poly-Si(n+)
capping layer, evaluated on lifetime test structures which are symmetrically planar (structure A),
symmetrically textured (structure B), and front-side textured and rear-side planar solar cell precursors
(structure C).
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To provide more insights, ECV measurements were performed on the thin poly-
Si(n+) layers on both the textured and planar surfaces and compared to the thick
reference as shown in Figure 14. The following observations can be made: (i) the
thin poly-Si(n+) layer exhibits a higher phosphorus dopant concentration
(�5 � 1020 cm�3) than the thicker counterpart (�2 � 1020 cm�3); and (ii) the poly-
Si(n+) layer on the textured surface exhibits a higher dopants in-diffusion than the
planar surface, which could partially explain the lower measured implied-VOC

values for the former (i.e., 686 mV as compared to 719 mV).
Similar to the thick poly-Si(n+) capped samples, an additional symmetrical SiNx

capping further enhances the overall passivation quality, such that the textured and
planar lifetime structures now exhibit an improvement in the implied-VOC by 17
and 8 mV, which is a relative improvement of 2.5 and 1.1%, respectively.

To summarize, we have demonstrated on a textured silicon surface the ability to
obtain an excellently passivating SiNx-capped electron-selective passivated contact
(thermal-SiOx/poly-Si(n

+)) with sufficiently thin poly-Si(n+) thickness (�10 nm)
to reduce the parasitic absorption issue while maintaining excellent passivation
qualities (implied-VOC values exceeding 700 mV). Re-optimizing the diffusion
recipe for an ultrathin LPCVD of intrinsic poly-Si layer therefore solves the limita-
tions encountered when using slow silicon etch technology, which limited the
obtainable poly-Si(n+) layer thickness to �70 nm (i.e., observing a drastic drop in
passivation quality for thinner layers).

3.6 Simulation studies: reducing parasitic absorption from highly doped
poly-Si layers

The excellent results from the earlier sections clearly demonstrate the potential
of deploying double-sided passivated contacts for next-generation silicon solar cell

Figure 14.
Comparison of the ECV profile for �10-nm-thick poly-Si(n+) layer on both planar and textured silicon
surfaces. Additionally included is the ECV profile for a thick poly-Si(n+) capping layer for comparison purpose.
A higher dopant in-diffusion is observed for the textured surfaces, which partially explains the lower measured
implied-VOC values.
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concepts, which in this work had been entirely realized on commercially available
industrial tools. However, as mentioned earlier, one of the key issues if contact
passivation is to be applied front-side also is to minimize parasitic absorption
within the highly doped front-side poly-Si capping layer. Highly doped poly-Si is
similar to transparent conductive oxide (TCO) layers deployed for silicon
heterojunction solar cells, non-zero extinction coefficients, resulting in the inevita-
ble parasitic absorption. This is even more pronounced, if applied front-side,
thereby directly reducing the absorbable photogeneration current in the silicon
wafer bulk (as the incident light is then first entering the parasitically absorbing
poly-Si capping layer before entering the silicon wafer).

Hence, the objective of this section is to utilize an appropriate numerical
calculation method to determine the parasitic absorption as a function of the (rear or
front side) poly-Si capping layer thickness and then subsequently predict the
corresponding solar cell efficiency potential of the correspondingly optimized passiv-
ated contact, being rear-side-only or front- and rear-side deployed in a solar cell. To
address the above, the simulation program SunSolve™, available on PV Lighthouse
[53], was utilized to study the impact of the doped poly-Si capping layer thickness on
the maximum absorbable current density within the silicon wafer bulk Jabsorbed, cell.
Besides calculating Jabsorbed, cell, the various optical losses can also be determined (i.e.,
front-reflected, front-escaped, rear-escaped, parasitic absorption in each layer, edge
absorption) for the investigated solar cell precursors in this work.

To enhance the accuracy of the optical calculations, ellipsometry measurements
were performed on all in-house fabricated samples, i.e., measuring our deployed
dielectric films (SiNx, SiOx, AlOx) as well as our optimized doped poly-Si capping
layers, followed by a fitting and extraction of the wavelength-dependent optical
refractive indices (n, k). These wavelength-dependent refractive indices were then
imported into the SunSolve™ simulation program for a more realistic prediction
of the current loss analysis, based on our own developed contact passivation layers.
As an example, Figure 15 shows the fitted wavelength-dependent refractive indices
for the doped poly-Si layers in this work, which is further compared to the crystal-
line silicon reference [73]. As seen, the doped poly-Si layers do exhibit a higher
extinction coefficient (k) compared to a c-Si reference within the visible to near-
infrared region (400–900 nm). This again indicates that parasitic absorption is
inevitable and should be minimized by thickness reduction while not compromising
on the passivation quality. Further optimization work should also try to reduce the
extinction coefficient of the poly-Si capping layers itself, i.e., by changing its chem-
ical composition.

The current loss analysis results for a rear-side passivated contact solar cell
(using SunSolve™) are shown in Figure 16. In order to account for internal back
reflection, a local full-area metal contact scheme has been assumed (see Figure 16)
(this can be realized by local laser ablation, forming contact openings in the SiNx

passivation layer and a subsequent full-area metallization).
It can be seen that for a solar cell with a conventional front-side boron-diffused

junction and a rear-side electron-selective passivated contact (thermal-SiOx/poly-
Si(n+)), the parasitic absorption arising from the rear-side poly-Si(n+) capping layer
can be directly addressed by reducing the rear-side poly-Si film thickness (e.g., the
parasitic absorption current loss reduces from 0.55 mA cm�2 for a 250-nm-thick
poly-Si(n+) layer to 0.02 mA cm�2 for a 10-nm-thick poly-Si(n+) layer). The
reduction in the parasitic absorption directly enhances the potentially absorbable
current in the wafer bulk (Jabsorbed, cell), which in this case improves from �40.7 to
�41.1 mA cm�2.

Interestingly, it was observed that for a poly-Si capping layer thickness lower
than 25 nm, the Jabsorbed, cell saturates at �41.1 mA cm�2. On hindsight, we would
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To provide more insights, ECV measurements were performed on the thin poly-
Si(n+) layers on both the textured and planar surfaces and compared to the thick
reference as shown in Figure 14. The following observations can be made: (i) the
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planar surface, which could partially explain the lower measured implied-VOC

values for the former (i.e., 686 mV as compared to 719 mV).
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obtain an excellently passivating SiNx-capped electron-selective passivated contact
(thermal-SiOx/poly-Si(n

+)) with sufficiently thin poly-Si(n+) thickness (�10 nm)
to reduce the parasitic absorption issue while maintaining excellent passivation
qualities (implied-VOC values exceeding 700 mV). Re-optimizing the diffusion
recipe for an ultrathin LPCVD of intrinsic poly-Si layer therefore solves the limita-
tions encountered when using slow silicon etch technology, which limited the
obtainable poly-Si(n+) layer thickness to �70 nm (i.e., observing a drastic drop in
passivation quality for thinner layers).

3.6 Simulation studies: reducing parasitic absorption from highly doped
poly-Si layers

The excellent results from the earlier sections clearly demonstrate the potential
of deploying double-sided passivated contacts for next-generation silicon solar cell

Figure 14.
Comparison of the ECV profile for �10-nm-thick poly-Si(n+) layer on both planar and textured silicon
surfaces. Additionally included is the ECV profile for a thick poly-Si(n+) capping layer for comparison purpose.
A higher dopant in-diffusion is observed for the textured surfaces, which partially explains the lower measured
implied-VOC values.
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concepts, which in this work had been entirely realized on commercially available
industrial tools. However, as mentioned earlier, one of the key issues if contact
passivation is to be applied front-side also is to minimize parasitic absorption
within the highly doped front-side poly-Si capping layer. Highly doped poly-Si is
similar to transparent conductive oxide (TCO) layers deployed for silicon
heterojunction solar cells, non-zero extinction coefficients, resulting in the inevita-
ble parasitic absorption. This is even more pronounced, if applied front-side,
thereby directly reducing the absorbable photogeneration current in the silicon
wafer bulk (as the incident light is then first entering the parasitically absorbing
poly-Si capping layer before entering the silicon wafer).

Hence, the objective of this section is to utilize an appropriate numerical
calculation method to determine the parasitic absorption as a function of the (rear or
front side) poly-Si capping layer thickness and then subsequently predict the
corresponding solar cell efficiency potential of the correspondingly optimized passiv-
ated contact, being rear-side-only or front- and rear-side deployed in a solar cell. To
address the above, the simulation program SunSolve™, available on PV Lighthouse
[53], was utilized to study the impact of the doped poly-Si capping layer thickness on
the maximum absorbable current density within the silicon wafer bulk Jabsorbed, cell.
Besides calculating Jabsorbed, cell, the various optical losses can also be determined (i.e.,
front-reflected, front-escaped, rear-escaped, parasitic absorption in each layer, edge
absorption) for the investigated solar cell precursors in this work.

To enhance the accuracy of the optical calculations, ellipsometry measurements
were performed on all in-house fabricated samples, i.e., measuring our deployed
dielectric films (SiNx, SiOx, AlOx) as well as our optimized doped poly-Si capping
layers, followed by a fitting and extraction of the wavelength-dependent optical
refractive indices (n, k). These wavelength-dependent refractive indices were then
imported into the SunSolve™ simulation program for a more realistic prediction
of the current loss analysis, based on our own developed contact passivation layers.
As an example, Figure 15 shows the fitted wavelength-dependent refractive indices
for the doped poly-Si layers in this work, which is further compared to the crystal-
line silicon reference [73]. As seen, the doped poly-Si layers do exhibit a higher
extinction coefficient (k) compared to a c-Si reference within the visible to near-
infrared region (400–900 nm). This again indicates that parasitic absorption is
inevitable and should be minimized by thickness reduction while not compromising
on the passivation quality. Further optimization work should also try to reduce the
extinction coefficient of the poly-Si capping layers itself, i.e., by changing its chem-
ical composition.

The current loss analysis results for a rear-side passivated contact solar cell
(using SunSolve™) are shown in Figure 16. In order to account for internal back
reflection, a local full-area metal contact scheme has been assumed (see Figure 16)
(this can be realized by local laser ablation, forming contact openings in the SiNx

passivation layer and a subsequent full-area metallization).
It can be seen that for a solar cell with a conventional front-side boron-diffused

junction and a rear-side electron-selective passivated contact (thermal-SiOx/poly-
Si(n+)), the parasitic absorption arising from the rear-side poly-Si(n+) capping layer
can be directly addressed by reducing the rear-side poly-Si film thickness (e.g., the
parasitic absorption current loss reduces from 0.55 mA cm�2 for a 250-nm-thick
poly-Si(n+) layer to 0.02 mA cm�2 for a 10-nm-thick poly-Si(n+) layer). The
reduction in the parasitic absorption directly enhances the potentially absorbable
current in the wafer bulk (Jabsorbed, cell), which in this case improves from �40.7 to
�41.1 mA cm�2.

Interestingly, it was observed that for a poly-Si capping layer thickness lower
than 25 nm, the Jabsorbed, cell saturates at �41.1 mA cm�2. On hindsight, we would
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expect that as the poly-Si capping layer thickness reduces, photons which were not
absorbed in the first pass within the cell bulk would now have an increased proba-
bility of being parasitically absorbed at the rear-side metal contacts. Indeed, the
numerical calculations confirm that hypothesis in which the calculated parasitic
absorption within the rear-side metal contacts increases from �0.73 mA cm�2 with

Figure 16.
Numerically calculated absorbed photogeneration current in the silicon solar cell bulk (Jabsorbed, cell) and the
parasitic absorption contributed by the rear-side poly-Si(n+) capping layer (Jabsorbed, parasitic (rear-polySi)), as a
function of its thickness from 250 nm down to 0 nm, for a rear-side passivated contact solar cell, adopting a
conventional front-side boron-diffused emitter junction, and the investigated rear-side electron-selective
passivated contacts (tunnel oxide/poly-Si(n+)). Reducing the rear-side poly-Si(n+) layer thickness leads to a
significant reduction on parasitic absorption (up to 0.55 mA cm�2) and a corresponding gain in the
photogeneration current Jabsorbed, cell (up to 0.4 mA cm�2). Interestingly, Jabsorbed, cell saturates for a poly-Si(n+)
layer thickness lower than 25 nm, despite a further reduction of rear-side parasitic absorption (see text).

Figure 15.
Optical indices extracted for the doped poly-Si layers in this work, based on ellipsometry measurements and its
subsequent fitting by the Tauc-Lorentz model. Also included is the crystalline silicon optical index data for
reference. The poly-Si films do exhibit higher extinction coefficient values than the c-Si wafer bulk within the
visible to near-infrared regions (400–900 nm), clearly indicating the need to optimize the poly-Si capping layer
thickness in order to reduce parasitic absorption.
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a 250-nm-thick poly-Si to �0.78 mA cm�2 with a 10-nm-thick poly-Si layer. Addi-
tionally, there was also a clear increasing trend in the front-escaped current density
from �1.91 mA cm�2 with a 250-nm-thick poly-Si to �2 mA cm�2 with a 10-nm-
thick poly-Si layer. These two effects were found to limit the potential Jabsorbed, cell
in case of deploying very thin rear-side poly-Si capping layers.

Hence, for the purpose of device integration, our numerical findings suggest that
when considering tunnel oxide/poly-Si(doped) passivated contacts at the rear sur-
face, it would suffice to shrink down the rear-side poly-Si thickness to 25 nm
(thinner layers will not further improve the photogeneration current Jabsorbed, cell
within the silicon wafer). However, a thicker rear-side poly-Si layer may be more
suited to accommodate screen-printed, industrial fire-through metal contacts,
without damaging the interface passivation (see the next section). Hence, a
trade-off of between these two requirements is needed and to be investigated
in the future work.

Figure 17 presents a pie chart summary for the current loss analysis of the
simulated solar cell structure shown in Figure 16, which adopts a rear-side poly-
Si(n+) capping layer with an experimentally realizable thickness of 10 nm as men-
tioned in the earlier sections. Based on this single-sided (rear-side) passivated
contact solar cell structure, the parasitic absorption contribution by the rear-side
poly-Si(n+) layer leads to a negligible low 0.04% of the total AM1.5G incident
current density of 46.32 mA cm�2, amounting to 0.02 mA cm�2 only. The bulk of
the incident photon current density is absorbed by the silicon wafer (88.72%),
although this could be further enhanced when better front-side anti-reflection
coatings are available for deployment (currently, a front-reflected current density
loss of 4.66% is calculated for our in-house deployed thin-film AlOx/SiNx anti-
reflection stack). The second highest current loss channel is the front-escaped
current density at 4.32%. Please note that this loss channel cannot be reduced:
Photons which are desired to enter the silicon wafer will also be able to leave it.
Actually, the higher the percentage loss due to front surface escape, the better the
optical performance of the solar cell. The metal grid at the front and rear accounts
for a total current loss of 2.05% based on our in-house available screen designs.
Taking all optical current losses into account, the maximum absorbable photon
current density in the silicon wafer is �41.1 mA cm�2.

Extending the analysis from a solar cell with a single rear-side-only passivated
contact toward double-sided passivated contacts, the same current loss analysis

Figure 17.
Pie chart representing the SunSolve™ current loss analysis for the solar cell structure sketched in Figure 16,
featuring an experimentally realizable rear-side poly-Si(n+) capping layer thickness of 10 nm. In this case, the
rear-side poly-Si(n+) capping layer exhibits a negligible parasitic absorption of 0.04% at 0.02 mA cm�2, out of
the total incident current density of 46.32 mA cm�2 for the utilized AM1.5G solar spectrum. For a rear-side-
only passivated contact solar cell, the maximum absorbable photocurrent density in the silicon wafer is
�41.1 mA cm�2 (88.72% of the incoming solar spectrum).
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expect that as the poly-Si capping layer thickness reduces, photons which were not
absorbed in the first pass within the cell bulk would now have an increased proba-
bility of being parasitically absorbed at the rear-side metal contacts. Indeed, the
numerical calculations confirm that hypothesis in which the calculated parasitic
absorption within the rear-side metal contacts increases from �0.73 mA cm�2 with

Figure 16.
Numerically calculated absorbed photogeneration current in the silicon solar cell bulk (Jabsorbed, cell) and the
parasitic absorption contributed by the rear-side poly-Si(n+) capping layer (Jabsorbed, parasitic (rear-polySi)), as a
function of its thickness from 250 nm down to 0 nm, for a rear-side passivated contact solar cell, adopting a
conventional front-side boron-diffused emitter junction, and the investigated rear-side electron-selective
passivated contacts (tunnel oxide/poly-Si(n+)). Reducing the rear-side poly-Si(n+) layer thickness leads to a
significant reduction on parasitic absorption (up to 0.55 mA cm�2) and a corresponding gain in the
photogeneration current Jabsorbed, cell (up to 0.4 mA cm�2). Interestingly, Jabsorbed, cell saturates for a poly-Si(n+)
layer thickness lower than 25 nm, despite a further reduction of rear-side parasitic absorption (see text).

Figure 15.
Optical indices extracted for the doped poly-Si layers in this work, based on ellipsometry measurements and its
subsequent fitting by the Tauc-Lorentz model. Also included is the crystalline silicon optical index data for
reference. The poly-Si films do exhibit higher extinction coefficient values than the c-Si wafer bulk within the
visible to near-infrared regions (400–900 nm), clearly indicating the need to optimize the poly-Si capping layer
thickness in order to reduce parasitic absorption.
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a 250-nm-thick poly-Si to �0.78 mA cm�2 with a 10-nm-thick poly-Si layer. Addi-
tionally, there was also a clear increasing trend in the front-escaped current density
from �1.91 mA cm�2 with a 250-nm-thick poly-Si to �2 mA cm�2 with a 10-nm-
thick poly-Si layer. These two effects were found to limit the potential Jabsorbed, cell
in case of deploying very thin rear-side poly-Si capping layers.

Hence, for the purpose of device integration, our numerical findings suggest that
when considering tunnel oxide/poly-Si(doped) passivated contacts at the rear sur-
face, it would suffice to shrink down the rear-side poly-Si thickness to 25 nm
(thinner layers will not further improve the photogeneration current Jabsorbed, cell
within the silicon wafer). However, a thicker rear-side poly-Si layer may be more
suited to accommodate screen-printed, industrial fire-through metal contacts,
without damaging the interface passivation (see the next section). Hence, a
trade-off of between these two requirements is needed and to be investigated
in the future work.

Figure 17 presents a pie chart summary for the current loss analysis of the
simulated solar cell structure shown in Figure 16, which adopts a rear-side poly-
Si(n+) capping layer with an experimentally realizable thickness of 10 nm as men-
tioned in the earlier sections. Based on this single-sided (rear-side) passivated
contact solar cell structure, the parasitic absorption contribution by the rear-side
poly-Si(n+) layer leads to a negligible low 0.04% of the total AM1.5G incident
current density of 46.32 mA cm�2, amounting to 0.02 mA cm�2 only. The bulk of
the incident photon current density is absorbed by the silicon wafer (88.72%),
although this could be further enhanced when better front-side anti-reflection
coatings are available for deployment (currently, a front-reflected current density
loss of 4.66% is calculated for our in-house deployed thin-film AlOx/SiNx anti-
reflection stack). The second highest current loss channel is the front-escaped
current density at 4.32%. Please note that this loss channel cannot be reduced:
Photons which are desired to enter the silicon wafer will also be able to leave it.
Actually, the higher the percentage loss due to front surface escape, the better the
optical performance of the solar cell. The metal grid at the front and rear accounts
for a total current loss of 2.05% based on our in-house available screen designs.
Taking all optical current losses into account, the maximum absorbable photon
current density in the silicon wafer is �41.1 mA cm�2.

Extending the analysis from a solar cell with a single rear-side-only passivated
contact toward double-sided passivated contacts, the same current loss analysis
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Pie chart representing the SunSolve™ current loss analysis for the solar cell structure sketched in Figure 16,
featuring an experimentally realizable rear-side poly-Si(n+) capping layer thickness of 10 nm. In this case, the
rear-side poly-Si(n+) capping layer exhibits a negligible parasitic absorption of 0.04% at 0.02 mA cm�2, out of
the total incident current density of 46.32 mA cm�2 for the utilized AM1.5G solar spectrum. For a rear-side-
only passivated contact solar cell, the maximum absorbable photocurrent density in the silicon wafer is
�41.1 mA cm�2 (88.72% of the incoming solar spectrum).
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approach was applied to front- and rear-side passivated contact solar cells,
exhibiting an optically negligible rear-side capping layer thickness of 3 nm, as
experimentally realized. As sketched in Figure 18, this solar cell structure consists
of a front-side textured surface with our developed electron-selective (tunnel
oxide/poly-Si(n+)) passivated contacts, and a rear-side planar surface with our
developed hole-selective (tunnel oxide/poly-Si(p+)) passivated contacts. This is
followed by the standard dielectric coatings (SiOx, SiNx, AlOx) at both surfaces to
serve both passivation and anti-reflection purposes, prior to the screen-printed fire-
through metal contacts at both sides. Adopting an experimentally realizable rear-
side poly-Si(p+) capping layer thickness of 3 nm (see earlier section), the influence
of the front-side poly-Si capping layer thickness on the Jabsorbed, cell is investigated.
Figure 18 shows that the parasitic absorption by the front-side poly-Si capping layer
has a much more severe and significant impact on the remaining absorbable current
density in the solar cell bulk (Jabsorbed, cell). If contact passivation is applied front-
side, Jabsorbed, parasitic (front poly-Si) is as high as �20.8 mA cm�2 for a 250-nm-thick
poly-Si(n+) layer, and it reduces to �1 mA cm�2 for a 5-nm-thick poly-Si(n+) layer.
Front-side poly-Si layer thickness reduction therefore directly translates into a
significant gain in Jabsorbed, cell, approximately by the same amount (i.e., increasing
from �21 to �40.3 mA cm�2).

Accordingly, the pie chart current loss analysis for the double-sided passivated
contact solar cell structure depicted in Figure 3 is shown in Figure 19 for the case of
an experimentally realizable front-side poly-Si(n+) capping layer thickness of
10 nm and an experimentally realizable rear-side poly-Si(p+) capping layer thick-
ness of 3 nm. Figure 19 shows that the presence of the 10-nm-thick front-side poly-
Si(n+) capping layer contributes to a comparatively higher parasitic absorption loss
(4.32%) than the rear-side poly-Si(p+) capping layer (0.01%), based on a total
incident current density of 46.32 mA cm�2 (AM1.5G spectrum). The remaining
potentially absorbable current density within the solar cell bulk stands at �85.56%
(�39.6 mA cm�2), which is �3.16% lower than a rear-side-only passivated contact
scheme. Hence, it is clear that although double-sided passivated contact solar cells
could deliver excellent passivation on both sides of the wafer (thereby reaching
higher open-circuit voltages VOC than rear-side-only passivated contact solar cells
or conventional diffused solar cells), there is still a trade-off with increased front-
side parasitic absorption, demanding more optimization efforts.

Figure 18.
Numerically calculated photon current absorption for a double-sided passivated contact solar cell. The rear-side
hole-selective poly-Si(p+) capping layer thickness is fixed at 3 nm, while the front-side electron-selective poly-
Si(n+) capping layer thickness is varied from 0 nm to 250 nm. Front-side parasitic within the poly-Si(n+)
capping layer (Jabsorbed, parasitic (front poly-Si)) has a severe impact on the absorbable photon current density
within the silicon wafer (Jabsorbed, cell).
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3.7 Compatibility of screen printing (using conventional screen-printing
pastes) on our developed passivated contact layers

In earlier sections, the feasibility of the electron-selective and hole-selective
passivated contacts has been demonstrated, both on symmetrical lifetime test
structures and asymmetrical solar cell precursors as sketched in Figure 11 (in the as-
deposited state and after an additional symmetrical SiNx capping). The remaining
solar cell fabrication step would be the formation of metal contacts toward these
thin-film passivated contacts, without damaging the passivation quality underneath
these contacts. As a first attempt, conventional metal contacting schemes, i.e.,
screen printing, as commonly deployed for conventional silicon solar cells
(exhibiting double-sided diffused junctions), were performed on our lifetime and
solar cell precursors. In particular, we tested our industrial in-house fire-through
and non-fire-through screen-printing pastes, based on Ag, Ag/Al, or Al material
formulations. The corresponding results were compared to a nonindustrial research
reference contact, deploying thermally evaporated Ag contacts.

In summary, so far, using conventional screen-printing pastes, screen printing
works only on comparatively thick poly-Si(n+) layers, i.e., requiring a poly-Si(n+)
thickness of 150 nm or larger. So far, it does not work on poly-Si(p+) layers. The
SEM results presented in Figure 20 sum up these observations.

(I) A fire-through Ag paste (as conventionally used to contact n-doped silicon
material) is able to contact our standard �250-nm-thick poly-Si(n+) layers con-
formably, without any issues, i.e., exhibiting a low contact resistance (13 mΩ cm2)
and no void issues or punch-through effects underneath the contact (see Figure 20
(top, left)). The investigated fire-through Ag paste is suitable for rear-side
contacting poly-Si(n+) capping layers down to a thickness of 150 nm; however, it
fails to contact our ultrathin �10-nm poly-Si(n+) capping layer, as outlined in some
more detail later.

Deploying industrial screen printing for rear-side-only passivated contact solar
cells, we currently reach a solar cell efficiency of 21.7%, using our 250-nm “stan-
dard” rear-side SiOx/poly-Si(n

+) contact passivation layers (see Figure 21 and
Table 8).

Figure 19.
Pie chart representing the SunSolve™ current loss analysis for the double-sided passivated contact solar cell
structure sketched in Figure 18, featuring a rear-side poly-Si(p+) capping layer thickness of 3 nm and a front-
side poly-Si(n+) capping layer thickness of 10 nm. The 10-nm-thin front-side poly-Si(n+) capping layer still
contributes to the parasitic absorption (4.32% at 0.2 mA cm�2), whereas parasitic absorption within the 3-nm
rear-side poly-Si(p+) capping layer can be neglected, based on a total incident current density of
46.32 mA cm�2 for the utilized AM1.5G solar spectrum. For the double-sided passivated contact solar cell, the
maximum absorbable photocurrent density in the silicon wafer is now �39.6 mA cm�2 (85.56% of the
incoming solar spectrum).
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approach was applied to front- and rear-side passivated contact solar cells,
exhibiting an optically negligible rear-side capping layer thickness of 3 nm, as
experimentally realized. As sketched in Figure 18, this solar cell structure consists
of a front-side textured surface with our developed electron-selective (tunnel
oxide/poly-Si(n+)) passivated contacts, and a rear-side planar surface with our
developed hole-selective (tunnel oxide/poly-Si(p+)) passivated contacts. This is
followed by the standard dielectric coatings (SiOx, SiNx, AlOx) at both surfaces to
serve both passivation and anti-reflection purposes, prior to the screen-printed fire-
through metal contacts at both sides. Adopting an experimentally realizable rear-
side poly-Si(p+) capping layer thickness of 3 nm (see earlier section), the influence
of the front-side poly-Si capping layer thickness on the Jabsorbed, cell is investigated.
Figure 18 shows that the parasitic absorption by the front-side poly-Si capping layer
has a much more severe and significant impact on the remaining absorbable current
density in the solar cell bulk (Jabsorbed, cell). If contact passivation is applied front-
side, Jabsorbed, parasitic (front poly-Si) is as high as �20.8 mA cm�2 for a 250-nm-thick
poly-Si(n+) layer, and it reduces to �1 mA cm�2 for a 5-nm-thick poly-Si(n+) layer.
Front-side poly-Si layer thickness reduction therefore directly translates into a
significant gain in Jabsorbed, cell, approximately by the same amount (i.e., increasing
from �21 to �40.3 mA cm�2).

Accordingly, the pie chart current loss analysis for the double-sided passivated
contact solar cell structure depicted in Figure 3 is shown in Figure 19 for the case of
an experimentally realizable front-side poly-Si(n+) capping layer thickness of
10 nm and an experimentally realizable rear-side poly-Si(p+) capping layer thick-
ness of 3 nm. Figure 19 shows that the presence of the 10-nm-thick front-side poly-
Si(n+) capping layer contributes to a comparatively higher parasitic absorption loss
(4.32%) than the rear-side poly-Si(p+) capping layer (0.01%), based on a total
incident current density of 46.32 mA cm�2 (AM1.5G spectrum). The remaining
potentially absorbable current density within the solar cell bulk stands at �85.56%
(�39.6 mA cm�2), which is �3.16% lower than a rear-side-only passivated contact
scheme. Hence, it is clear that although double-sided passivated contact solar cells
could deliver excellent passivation on both sides of the wafer (thereby reaching
higher open-circuit voltages VOC than rear-side-only passivated contact solar cells
or conventional diffused solar cells), there is still a trade-off with increased front-
side parasitic absorption, demanding more optimization efforts.

Figure 18.
Numerically calculated photon current absorption for a double-sided passivated contact solar cell. The rear-side
hole-selective poly-Si(p+) capping layer thickness is fixed at 3 nm, while the front-side electron-selective poly-
Si(n+) capping layer thickness is varied from 0 nm to 250 nm. Front-side parasitic within the poly-Si(n+)
capping layer (Jabsorbed, parasitic (front poly-Si)) has a severe impact on the absorbable photon current density
within the silicon wafer (Jabsorbed, cell).
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3.7 Compatibility of screen printing (using conventional screen-printing
pastes) on our developed passivated contact layers

In earlier sections, the feasibility of the electron-selective and hole-selective
passivated contacts has been demonstrated, both on symmetrical lifetime test
structures and asymmetrical solar cell precursors as sketched in Figure 11 (in the as-
deposited state and after an additional symmetrical SiNx capping). The remaining
solar cell fabrication step would be the formation of metal contacts toward these
thin-film passivated contacts, without damaging the passivation quality underneath
these contacts. As a first attempt, conventional metal contacting schemes, i.e.,
screen printing, as commonly deployed for conventional silicon solar cells
(exhibiting double-sided diffused junctions), were performed on our lifetime and
solar cell precursors. In particular, we tested our industrial in-house fire-through
and non-fire-through screen-printing pastes, based on Ag, Ag/Al, or Al material
formulations. The corresponding results were compared to a nonindustrial research
reference contact, deploying thermally evaporated Ag contacts.

In summary, so far, using conventional screen-printing pastes, screen printing
works only on comparatively thick poly-Si(n+) layers, i.e., requiring a poly-Si(n+)
thickness of 150 nm or larger. So far, it does not work on poly-Si(p+) layers. The
SEM results presented in Figure 20 sum up these observations.

(I) A fire-through Ag paste (as conventionally used to contact n-doped silicon
material) is able to contact our standard �250-nm-thick poly-Si(n+) layers con-
formably, without any issues, i.e., exhibiting a low contact resistance (13 mΩ cm2)
and no void issues or punch-through effects underneath the contact (see Figure 20
(top, left)). The investigated fire-through Ag paste is suitable for rear-side
contacting poly-Si(n+) capping layers down to a thickness of 150 nm; however, it
fails to contact our ultrathin �10-nm poly-Si(n+) capping layer, as outlined in some
more detail later.

Deploying industrial screen printing for rear-side-only passivated contact solar
cells, we currently reach a solar cell efficiency of 21.7%, using our 250-nm “stan-
dard” rear-side SiOx/poly-Si(n

+) contact passivation layers (see Figure 21 and
Table 8).

Figure 19.
Pie chart representing the SunSolve™ current loss analysis for the double-sided passivated contact solar cell
structure sketched in Figure 18, featuring a rear-side poly-Si(p+) capping layer thickness of 3 nm and a front-
side poly-Si(n+) capping layer thickness of 10 nm. The 10-nm-thin front-side poly-Si(n+) capping layer still
contributes to the parasitic absorption (4.32% at 0.2 mA cm�2), whereas parasitic absorption within the 3-nm
rear-side poly-Si(p+) capping layer can be neglected, based on a total incident current density of
46.32 mA cm�2 for the utilized AM1.5G solar spectrum. For the double-sided passivated contact solar cell, the
maximum absorbable photocurrent density in the silicon wafer is now �39.6 mA cm�2 (85.56% of the
incoming solar spectrum).
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Reducing the rear-side poly-Si(n+) capping layer thickness (separate batch,
hereby only reaching 21.3% for the solar cell with the 250-nm-thick poly-Si refer-
ence layer), we were able to observe a clear increase in short-circuit current density
(see Table 9). By thinning down the rear-side poly-Si(n+) capping layer thickness
from 250 nm down to 150 nm, using etch-back technology, we gain �0.4 mA cm�2

in short-circuit current density, reaching again a best cell efficiency of 21.7%. Up to
a thickness of 150 nm, the poly-Si(n+) thinning did neither significantly affect the
open-circuit voltage Voc nor the fill factor of the solar cell (compare Table 8).
However, the samples with a 100-nm rear-side poly-Si capping layer exhibit a drop
in Voc (�15 mV). This resulted from a local punch through of the screen-printed
metal paste, similar to the SEM image as shown in Figure 20 (top, right).

(II) A fire-through Ag/Al paste (as conventionally used to contact p-doped
silicon material) could not contact our standard �250-nm-thick poly-Si(p+) layers
properly: There are several regions where the paste is observed to consume the
poly-Si(p+) layer, causing a thinning of the poly-Si(p+) layer and some local

Figure 20.
SEM images taken for poly-Si(n+) and poly-Si(p+) layers contacted via conventional screen printing, using
various commercially available pastes: (i) bifacial fire-through pastes, i.e., Ag paste for contacting n-doped Si
and Al paste for contacting p-doped Si, and (ii) non-fire-through Ag/Al pastes, using laser ablation to form
local contact openings prior to screen printing. Screen printing works only in case of contacting moderately thick
(150–250 nm) electron-extracting poly-Si(n+) capping layers. In all other cases, issues like void formation or a
local “punch through” of the metal paste (locally contacting the c-Si wafer instead of the poly-Si capping layer)
occur.

Figure 21.
(a) Measured I–V curve of our current rear-side passivated contact record efficiency cell, exhibiting a rear-side
wet-chemically formed SiOx tunnel layer, a 250-nm poly-Si(n+) capping layer, and a conventionally formed
(boron-diffused, AlOx/SiNx passivated and screen printed) front-side contact. (b) The correspondingly
measured external/internal quantum efficiency, EQE, IQE, and the measured reflectance for the same cell.
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“punch-through” areas (see Figure 20 (top, right)). This in turn leads to local
shunting (in case of using an n-type wafer) and to a severe degradation of contact
passivation quality, as evident from the final measured cell Voc values.

This issue can be likely attributed to the presence of the Al alloy within the paste,
which is typically responsible for forming the back surface field regions in conven-
tional silicon solar cells. Al alloying is known to partially consume crystalline silicon
material: thus, our thin poly-Si(p+) capping layers will be consumed upon contact
firing of the screen-printed Ag/Al paste, leading to the just outlined local “punch-
through” effects.

(III) A non-fire-through pure Al paste (as conventionally used to contact a
p-doped silicon wafer in order to form locally Al-alloyed back-surface-field (BSF)
regions within the wafer) was found to create large voids in several regions (see
Figure 20 (bottom, right)) and to consume the entire poly-Si(p+) passivated con-
tacts, leading to a drastic drop in contact passivation quality and measured device
performance.

It is possible to use femtosecond laser ablation, in order to create damage-free
local contact openings (i.e., locally ablating the overlaying SiNx layer without dam-
aging the underlying poly-Si(p+) capping layer). Using a femtosecond laser at an
ultraviolet wavelength of 330 nm, the onset of laser fluence for optimized SiNx

ablation is 0.08 J cm�2. Within the optimized process window, the lifetime is
preserved after laser ablation (as indicated by photoluminescence imaging), and the
SiNx is fully ablated (as indicated by optical microscope imaging) (see Figure 22).
However, the paste composition of the screen-printing paste has to be altered, in
order to enable a subsequent damage-free contacting of our (thick or ultrathin)
poly-Si(p+) layers. Corresponding research activities, in cooperation with a paste
manufacturer, are currently initiated.

Cell type:
thickness
of rear poly-Si(n+)

Voc

(mV)
Jsc

(mA cm�2)
FF
(%)

Eff
(%)

250 nm 678 39.7 80.5 21.7

Table 8.
I–V data of the rear-side passivated contact record cell, deploying conventional bifacial screen printing for
metallization.

Cell type: thickness of
rear poly-Si(n+)

Voc

(mV)
Jsc

(mA cm�2)
FF
(%)

Eff
(%)

250 nm 672 39.4 80.2 21.3

150 nm 676 39.8 80.7 21.7

100 nm 660 39.6 80.2 21.0

Table 9.
I–V data of rear-side passivated contact solar cells, with a varying rear-side poly-Si(n+) capping layer
thickness.

117

Double-Sided Passivated Contacts for Solar Cell Applications: An Industrially Viable Approach…
DOI: http://dx.doi.org/10.5772/intechopen.85039



Reducing the rear-side poly-Si(n+) capping layer thickness (separate batch,
hereby only reaching 21.3% for the solar cell with the 250-nm-thick poly-Si refer-
ence layer), we were able to observe a clear increase in short-circuit current density
(see Table 9). By thinning down the rear-side poly-Si(n+) capping layer thickness
from 250 nm down to 150 nm, using etch-back technology, we gain �0.4 mA cm�2

in short-circuit current density, reaching again a best cell efficiency of 21.7%. Up to
a thickness of 150 nm, the poly-Si(n+) thinning did neither significantly affect the
open-circuit voltage Voc nor the fill factor of the solar cell (compare Table 8).
However, the samples with a 100-nm rear-side poly-Si capping layer exhibit a drop
in Voc (�15 mV). This resulted from a local punch through of the screen-printed
metal paste, similar to the SEM image as shown in Figure 20 (top, right).

(II) A fire-through Ag/Al paste (as conventionally used to contact p-doped
silicon material) could not contact our standard �250-nm-thick poly-Si(p+) layers
properly: There are several regions where the paste is observed to consume the
poly-Si(p+) layer, causing a thinning of the poly-Si(p+) layer and some local

Figure 20.
SEM images taken for poly-Si(n+) and poly-Si(p+) layers contacted via conventional screen printing, using
various commercially available pastes: (i) bifacial fire-through pastes, i.e., Ag paste for contacting n-doped Si
and Al paste for contacting p-doped Si, and (ii) non-fire-through Ag/Al pastes, using laser ablation to form
local contact openings prior to screen printing. Screen printing works only in case of contacting moderately thick
(150–250 nm) electron-extracting poly-Si(n+) capping layers. In all other cases, issues like void formation or a
local “punch through” of the metal paste (locally contacting the c-Si wafer instead of the poly-Si capping layer)
occur.

Figure 21.
(a) Measured I–V curve of our current rear-side passivated contact record efficiency cell, exhibiting a rear-side
wet-chemically formed SiOx tunnel layer, a 250-nm poly-Si(n+) capping layer, and a conventionally formed
(boron-diffused, AlOx/SiNx passivated and screen printed) front-side contact. (b) The correspondingly
measured external/internal quantum efficiency, EQE, IQE, and the measured reflectance for the same cell.
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“punch-through” areas (see Figure 20 (top, right)). This in turn leads to local
shunting (in case of using an n-type wafer) and to a severe degradation of contact
passivation quality, as evident from the final measured cell Voc values.

This issue can be likely attributed to the presence of the Al alloy within the paste,
which is typically responsible for forming the back surface field regions in conven-
tional silicon solar cells. Al alloying is known to partially consume crystalline silicon
material: thus, our thin poly-Si(p+) capping layers will be consumed upon contact
firing of the screen-printed Ag/Al paste, leading to the just outlined local “punch-
through” effects.

(III) A non-fire-through pure Al paste (as conventionally used to contact a
p-doped silicon wafer in order to form locally Al-alloyed back-surface-field (BSF)
regions within the wafer) was found to create large voids in several regions (see
Figure 20 (bottom, right)) and to consume the entire poly-Si(p+) passivated con-
tacts, leading to a drastic drop in contact passivation quality and measured device
performance.

It is possible to use femtosecond laser ablation, in order to create damage-free
local contact openings (i.e., locally ablating the overlaying SiNx layer without dam-
aging the underlying poly-Si(p+) capping layer). Using a femtosecond laser at an
ultraviolet wavelength of 330 nm, the onset of laser fluence for optimized SiNx

ablation is 0.08 J cm�2. Within the optimized process window, the lifetime is
preserved after laser ablation (as indicated by photoluminescence imaging), and the
SiNx is fully ablated (as indicated by optical microscope imaging) (see Figure 22).
However, the paste composition of the screen-printing paste has to be altered, in
order to enable a subsequent damage-free contacting of our (thick or ultrathin)
poly-Si(p+) layers. Corresponding research activities, in cooperation with a paste
manufacturer, are currently initiated.

Cell type:
thickness
of rear poly-Si(n+)

Voc

(mV)
Jsc

(mA cm�2)
FF
(%)

Eff
(%)

250 nm 678 39.7 80.5 21.7

Table 8.
I–V data of the rear-side passivated contact record cell, deploying conventional bifacial screen printing for
metallization.

Cell type: thickness of
rear poly-Si(n+)

Voc

(mV)
Jsc

(mA cm�2)
FF
(%)

Eff
(%)

250 nm 672 39.4 80.2 21.3

150 nm 676 39.8 80.7 21.7

100 nm 660 39.6 80.2 21.0

Table 9.
I–V data of rear-side passivated contact solar cells, with a varying rear-side poly-Si(n+) capping layer
thickness.
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(IV) As expected, our research reference thermal evaporated Ag contacts were
able to form damage-free conformal low resistivity contacts to our developed
SiOx/poly-Si(p

+) and ALD-AlOx/poly-Si(p
+) passivated contacts, thereby enabling a

nonindustrial full-area reference contact on hole-extracting poly-Si(p+) capping
layers [34].

As just outlined above, using our conventional screen-printing metal pastes and
fast-firing conditions, thus far we were not able to successfully contact hole-
extracting poly-Si(p+) layers as well as ultrathin 10-nm electron-extracting poly-
Si(n+) layers. Thus, a closer attention toward (i) an optimization of the metal paste
itself, i.e., tuning its chemical composition, and (ii) an optimization of the fast-
firing conditions, applied after screen printing, in order to form a low resistivity
contact, is necessary.

To address the latter, an asymmetric lifetime test structure, featuring a textured
front surface and a planar rear surface, symmetrically passivated contact by our
ultrathin (�10 nm) electron-selective, thermal-SiOx/poly-Si(n

+) passivated contact
layers, was utilized. The passivation quality of these samples in the as-deposited
state was measured first, followed by a symmetrical deposition of the
passivation/anti-reflective SiNx film, and its passivation quality was remeasured.
Then, the samples were subjected to different fast-firing peak temperatures (650,
660, 680, 700, 720, 740, 760°C), thereby mimicking different fast-firing conditions
after screen printing, and the resulting final passivation quality was remeasured
again (see Figure 23).

For our ultrathin 10-nm SiOx/poly-Si(n
+) contact passivation layers, a severe

degradation of passivation quality after fast-firing is observed (see Figure 23). In
the as-deposited state, our asymmetrical lifetime test structures with electron-
selective passivated contacts were exhibiting good passivation quality with average
τeff/J0/iVoc values of �3.3 ms /35.4 fA cm�2/704 mV. Upon the subsequent sym-
metrical SiNx capping, the passivation quality got further enhanced, i.e., reaching
excellent average τeff/J0/iVoc values of �7.3 ms /14.4 fA cm�2 /720 mV. However,
after an additional short high-temperature treatment, in case of using our ultrathin
10-nm electron-extracting contact passivation layers, the passivation quality drops
significantly. For example, if we adopt a fast-firing peak temperature of 740°C
(which is currently utilized for our conventional double-sided diffused silicon solar
cells), a drastic drop in passivation quality occurs, in which the τeff/J0/iVoc values
degrade to �1.2 ms/91 fA cm�2/684 mV. This effect is less severe, but still signifi-
cant, if lower fast-firing peak temperatures can be deployed (see Figure 23). It
seems like our current ultrathin electron-selective passivation layers are not firing
stable, especially if deploying high peak firing temperatures (they still do
outperform conventionally diffused front-side contacts, though). Interestingly, this

Figure 22.
(Left) Sketch of the laser process to locally laser ablate SiNx on top of thin-film poly-Si, in order to form local
contact openings for further metallization, aiming at conventional screen printing, using a non-fire-through
paste. (Right) Photoluminescence images and optical microscope images inside the opening, taken for a screened
range of laser fluence.
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is not the case for the 250-nm-thick “standard” layers. ECV measurements confirm
that after fast-firing, the dopants within the poly-Si(n+) capping layer have out-
diffused into the silicon wafer bulk, thereby effectively reducing field-effect pas-
sivation and thus the observed lifetimes of the samples. More detailed investigations
are currently ongoing.

Thus, more efforts to render our ultrathin contact passivation layers firing
stable, i.e., by deploying lower peak firing temperatures and/or changing the
chemical composition of the ultrathin LPCVD of poly-Si capping layers, are neces-
sary. Furthermore, efforts to optimize the composition of the screen-printing paste
itself, in order to be able to successfully contact ultrathin poly-Si layers using screen
printing, will be undertaken. An alternative work plan is to investigate low-
temperature inline plating, as a possible approach to contact our ultrathin
SiOx/poly-Si contact passivation layers.

3.8 Cell efficiency potential prediction: single-sided versus double-sided
contact passivation

As already indicated in the introduction part, we can determine a practical solar cell
efficiency potential of our investigated solar cell structures, adopting either a rear-side-
only passivated contact scheme or a double-sided passivated contact scheme. Using
Brendel’smodel [54], and explicitly consideringmeasured front-side contact resistance
and contact recombination parameters (i.e., the combined front-side saturation current
density J0, front, combing the contributions from both the non-metallized/passivated
regions J0, non-metal and from themetallized regions J0, metal), it is possible to calculate a
practical solar cell efficiency potential as a function of the rear-side passivated contact
layer properties, i.e., the rear-side recombination current density J0, rear and the rear-
side contact resistance Rc, rear of the rear-side passivated solar cell contact. By fixing the
front-side J0, front andRc, front contributions, iso-efficiency contour plots can be calcu-
lated as a function of the rear-side J0, rear and the rear-side Rc, rear (thereby generalizing
Brendel’s model [54]). The goal of the cell efficiency prediction is twofold: (1) to
determine if adopting a double-sided passivated contacts scheme is better than the
single-sided (rear) passivated contact scheme and (2) to determine if a full-area rear-
side contacting scheme is better than a bifacial contacting scheme.

Firstly, Figure 24 shows a comparison of solar cells with a rear-side-only pas-
sivated contact scheme, comprising a conventional front-side textured surface
with a boron-diffused emitter, passivated by a standard AlOx/SiNx double-layer

Figure 23.
Comparison of the measured passivation quality for the asymmetrical lifetime test structures comprising a
textured front and a planar rear surface, passivated with electron-extracting thermal-SiOx/10 nm-poly-Si(n+)
passivated contacts, in the as deposited state, after additional SiNx deposition and after a fast-firing belt furnace
temperature treatment. The straight lines are a guide to the eyes.
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(IV) As expected, our research reference thermal evaporated Ag contacts were
able to form damage-free conformal low resistivity contacts to our developed
SiOx/poly-Si(p

+) and ALD-AlOx/poly-Si(p
+) passivated contacts, thereby enabling a

nonindustrial full-area reference contact on hole-extracting poly-Si(p+) capping
layers [34].

As just outlined above, using our conventional screen-printing metal pastes and
fast-firing conditions, thus far we were not able to successfully contact hole-
extracting poly-Si(p+) layers as well as ultrathin 10-nm electron-extracting poly-
Si(n+) layers. Thus, a closer attention toward (i) an optimization of the metal paste
itself, i.e., tuning its chemical composition, and (ii) an optimization of the fast-
firing conditions, applied after screen printing, in order to form a low resistivity
contact, is necessary.

To address the latter, an asymmetric lifetime test structure, featuring a textured
front surface and a planar rear surface, symmetrically passivated contact by our
ultrathin (�10 nm) electron-selective, thermal-SiOx/poly-Si(n

+) passivated contact
layers, was utilized. The passivation quality of these samples in the as-deposited
state was measured first, followed by a symmetrical deposition of the
passivation/anti-reflective SiNx film, and its passivation quality was remeasured.
Then, the samples were subjected to different fast-firing peak temperatures (650,
660, 680, 700, 720, 740, 760°C), thereby mimicking different fast-firing conditions
after screen printing, and the resulting final passivation quality was remeasured
again (see Figure 23).

For our ultrathin 10-nm SiOx/poly-Si(n
+) contact passivation layers, a severe

degradation of passivation quality after fast-firing is observed (see Figure 23). In
the as-deposited state, our asymmetrical lifetime test structures with electron-
selective passivated contacts were exhibiting good passivation quality with average
τeff/J0/iVoc values of �3.3 ms /35.4 fA cm�2/704 mV. Upon the subsequent sym-
metrical SiNx capping, the passivation quality got further enhanced, i.e., reaching
excellent average τeff/J0/iVoc values of �7.3 ms /14.4 fA cm�2 /720 mV. However,
after an additional short high-temperature treatment, in case of using our ultrathin
10-nm electron-extracting contact passivation layers, the passivation quality drops
significantly. For example, if we adopt a fast-firing peak temperature of 740°C
(which is currently utilized for our conventional double-sided diffused silicon solar
cells), a drastic drop in passivation quality occurs, in which the τeff/J0/iVoc values
degrade to �1.2 ms/91 fA cm�2/684 mV. This effect is less severe, but still signifi-
cant, if lower fast-firing peak temperatures can be deployed (see Figure 23). It
seems like our current ultrathin electron-selective passivation layers are not firing
stable, especially if deploying high peak firing temperatures (they still do
outperform conventionally diffused front-side contacts, though). Interestingly, this

Figure 22.
(Left) Sketch of the laser process to locally laser ablate SiNx on top of thin-film poly-Si, in order to form local
contact openings for further metallization, aiming at conventional screen printing, using a non-fire-through
paste. (Right) Photoluminescence images and optical microscope images inside the opening, taken for a screened
range of laser fluence.
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is not the case for the 250-nm-thick “standard” layers. ECV measurements confirm
that after fast-firing, the dopants within the poly-Si(n+) capping layer have out-
diffused into the silicon wafer bulk, thereby effectively reducing field-effect pas-
sivation and thus the observed lifetimes of the samples. More detailed investigations
are currently ongoing.

Thus, more efforts to render our ultrathin contact passivation layers firing
stable, i.e., by deploying lower peak firing temperatures and/or changing the
chemical composition of the ultrathin LPCVD of poly-Si capping layers, are neces-
sary. Furthermore, efforts to optimize the composition of the screen-printing paste
itself, in order to be able to successfully contact ultrathin poly-Si layers using screen
printing, will be undertaken. An alternative work plan is to investigate low-
temperature inline plating, as a possible approach to contact our ultrathin
SiOx/poly-Si contact passivation layers.

3.8 Cell efficiency potential prediction: single-sided versus double-sided
contact passivation

As already indicated in the introduction part, we can determine a practical solar cell
efficiency potential of our investigated solar cell structures, adopting either a rear-side-
only passivated contact scheme or a double-sided passivated contact scheme. Using
Brendel’smodel [54], and explicitly consideringmeasured front-side contact resistance
and contact recombination parameters (i.e., the combined front-side saturation current
density J0, front, combing the contributions from both the non-metallized/passivated
regions J0, non-metal and from themetallized regions J0, metal), it is possible to calculate a
practical solar cell efficiency potential as a function of the rear-side passivated contact
layer properties, i.e., the rear-side recombination current density J0, rear and the rear-
side contact resistance Rc, rear of the rear-side passivated solar cell contact. By fixing the
front-side J0, front andRc, front contributions, iso-efficiency contour plots can be calcu-
lated as a function of the rear-side J0, rear and the rear-side Rc, rear (thereby generalizing
Brendel’s model [54]). The goal of the cell efficiency prediction is twofold: (1) to
determine if adopting a double-sided passivated contacts scheme is better than the
single-sided (rear) passivated contact scheme and (2) to determine if a full-area rear-
side contacting scheme is better than a bifacial contacting scheme.

Firstly, Figure 24 shows a comparison of solar cells with a rear-side-only pas-
sivated contact scheme, comprising a conventional front-side textured surface
with a boron-diffused emitter, passivated by a standard AlOx/SiNx double-layer

Figure 23.
Comparison of the measured passivation quality for the asymmetrical lifetime test structures comprising a
textured front and a planar rear surface, passivated with electron-extracting thermal-SiOx/10 nm-poly-Si(n+)
passivated contacts, in the as deposited state, after additional SiNx deposition and after a fast-firing belt furnace
temperature treatment. The straight lines are a guide to the eyes.
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anti-reflection coating and metallized by conventional screen printing (using a fire-
through Ag-Al paste). The rear side composes of our developed electron-selective
passivated contacts (thermal-SiOx/poly-Si(n

+)), utilizing an experimentally achiev-
able �10-nm-thick poly-Si(n+) layer and either a full-area Ag contact or a bifacial
Ag contact with a contact area fraction similar to the front side (6%). For the
efficiency potential prediction, a conservative, industrial feasible J0, front value of
131 fA cm�2 and Rc, front value of �5 mΩ cm2 have been used. This corresponds to a
J0, front, pass value of 45 fA cm�2 underneath the AlOx/SiNx passivated B-diffused
regions [74] and a J0, front, metal value of 1480 fA cm�2 underneath the metal
contacts [2, 75, 76], assuming a front-side metal contact area fraction of 6%.

Regarding our developed rear-side SiOx/poly-Si(n
+) contact passivation layers,

the corresponding properties have been measured explicitly: Utilizing the symmet-
rical planar lifetime test structures with electron-selective passivated contacts
discussed in earlier sections, the single-sided J0, rear, pass values for the as-deposited
and for the additionally SiNx-capped samples were measured as 4.5 and 2.5 fA cm�2,
respectively. The recombination current density underneath the metal contact
J0, rear, metal has been determined separately as �100 fA cm�2, using intensity-
dependent PL imaging and our in-house developed Griddler software [77]. Please
note that metal contact recombination after industrial screen printing is signifi-
cantly reduced (more than one order of magnitude) if deploying contact passivation
(i.e., comparing a J0, front, metal value of 1480 fA cm�2 to a J0, rear, metal value of

Figure 24.
Practical solar cell efficiency potential for a rear-side-only passivated contact solar cell (as a function of the
quality of the rear-side passivated contact, i.e., its recombination current density J0, rear and its contact resistance
Rc, rear), adopting a conventional front-side boron-diffused emitter and a rear-side electron-selective SiOx/poly-
Si(n+) passivated contact, realized either in a full-area contact configuration or in a bifacial contact
configuration. The measured current recombination densities J0, rear and the correspondingly measured contact
resistances Rc, rear of our developed rear-side SiOx/poly-Si(n

+) electron-extracting passivated contacts are
inserted within the iso-efficiency plot (blue dot, full-area contact; black square, bifacial contact). The
corresponding practical solar cell efficiency potential using our developed SiOx/poly-Si(n

+) passivated contacts
is 22.3%, if a full-area rear-side contact is deployed, and 22.5%, if a bifacial contact is deployed.
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�100 fA cm�2). Thus, a combined J0, rear value can be determined to be 8.35 and
100 fA cm�2 in case of a rear-side bifacial contact scheme or a full-area rear-side
contact scheme, respectively (see Figure 24).

As discussed in Brendel’s paper [54], in case of a rear-side bifacial contact, the
recombination current density J0, rear scales with the rear-side contact area fraction,
whereas the effective rear-side contact resistance Rc, rear scales inversely with the
rear-side contact area fraction. Again, regarding our developed rear-side SiOx/poly-
Si(n+) contact passivation layers, the contact resistance Rc, rear of our developed
tunnel layer passivated contact has been measured explicitly: Based on our dark I–V
test structures, as described in the introduction part of this paper and outlined in
Figure 1(f), the values for the bifacial and full-area rear-side contacts were mea-
sured to be 0.22 Ω cm2 and 13.3 mΩ cm2, respectively. These J0, rear and Rc, rear

values were then inserted into our calculated iso-efficiency contour plot in
Figure 24, allowing a realistic prediction of the efficiency potential for a rear-side
passivated contact solar cell in a bifacial or full-area configuration: As can be seen,
the practical solar cell efficiency potential of a solar cell, adopting a conventional
front-side boron-diffused emitter and a simple full-area rear-side passivated con-
tact, is 22.3%. In case a bifacial contact is deployed, the practical solar cell
efficiency potential is 22.5%. Using a rear-side bifacial contact instead of a full-area
rear-side contact can therefore slightly enhance the solar cell efficiency by a
relative gain of 0.9%.

The corresponding calculation of the practical efficiency potential for double-
sided passivated contact solar cells is shown in Figure 25. As discussed in earlier
sections, this solar cell concept features an optimized solar cell architecture consid-
ering our experimental finding, i.e., featuring a textured front surface with an
electron-selective passivated contact (thermal-SiOx/poly-Si(n

+)) and a planar rear
surface with a hole-selective passivated contact (thermal-SiOx/poly-Si(p

+)). The
front surface of these cells is capped by a double-layer anti-reflection/passivation
coating (SiOx/SiNx) and assumed to be contacted via screen-printed fire-through
Ag contacts. The rear-side hole-selective passivated contacts are assumed to be
either contacted by a full-area Ag contact or to be capped by a double-layer anti-
reflection/passivation coating (AlOx/SiNx), forming a screen-printed bifacial fire-
through Ag-Al contact.

Accordingly, in order to equate the rear-side J0, rear and Rc, rear values for these
two different contact schemes, we apply measured values, and we then plot the
practical efficiency potential as a function of the quality of the front-side passivated
contact (J0, front and Rc, front). The rear-side J0, rear value underneath the hole-
selective passivated contact region was determined from the symmetrical lifetime
test structures mentioned in earlier sections, while the rear-side Rc, rear value was
determined using the dark I–V test structures sketched in Figure 1(f) for the full-
area case (using thermal evaporated Ag instead of screen printed Ag) and corre-
spondingly inversely scaled with the contact-area fraction in case of the bifacial
contact. It is to be noted that for our developed poly-Si(p+) capping layers, the
conventional screen-printing pastes were observed to consume the relatively thin
poly-Si capping layer, thereby significantly degrading the rear-side J0, metal and
Rc, rear values (as reported in the former section). Nonetheless, in order to predict
the practical efficiency potential of double-sided passivated contact solar cells, we
assume this problem to be solved, i.e., we assume that applying a screen-printed
contact on a hole-extracting poly-Si(p+) capping layer will degrade our measured
contact properties only in the same way as we observe it in case of an electron-
extracting contact. Thus, as a first order of approximation, we assume the same
J0, metal values for a metal contacting the hole-selective passivated contact as
we measured it in case of a 250-nm-thick screen-printed SiOx/poly-Si(n

+)
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anti-reflection coating and metallized by conventional screen printing (using a fire-
through Ag-Al paste). The rear side composes of our developed electron-selective
passivated contacts (thermal-SiOx/poly-Si(n

+)), utilizing an experimentally achiev-
able �10-nm-thick poly-Si(n+) layer and either a full-area Ag contact or a bifacial
Ag contact with a contact area fraction similar to the front side (6%). For the
efficiency potential prediction, a conservative, industrial feasible J0, front value of
131 fA cm�2 and Rc, front value of �5 mΩ cm2 have been used. This corresponds to a
J0, front, pass value of 45 fA cm�2 underneath the AlOx/SiNx passivated B-diffused
regions [74] and a J0, front, metal value of 1480 fA cm�2 underneath the metal
contacts [2, 75, 76], assuming a front-side metal contact area fraction of 6%.

Regarding our developed rear-side SiOx/poly-Si(n
+) contact passivation layers,

the corresponding properties have been measured explicitly: Utilizing the symmet-
rical planar lifetime test structures with electron-selective passivated contacts
discussed in earlier sections, the single-sided J0, rear, pass values for the as-deposited
and for the additionally SiNx-capped samples were measured as 4.5 and 2.5 fA cm�2,
respectively. The recombination current density underneath the metal contact
J0, rear, metal has been determined separately as �100 fA cm�2, using intensity-
dependent PL imaging and our in-house developed Griddler software [77]. Please
note that metal contact recombination after industrial screen printing is signifi-
cantly reduced (more than one order of magnitude) if deploying contact passivation
(i.e., comparing a J0, front, metal value of 1480 fA cm�2 to a J0, rear, metal value of

Figure 24.
Practical solar cell efficiency potential for a rear-side-only passivated contact solar cell (as a function of the
quality of the rear-side passivated contact, i.e., its recombination current density J0, rear and its contact resistance
Rc, rear), adopting a conventional front-side boron-diffused emitter and a rear-side electron-selective SiOx/poly-
Si(n+) passivated contact, realized either in a full-area contact configuration or in a bifacial contact
configuration. The measured current recombination densities J0, rear and the correspondingly measured contact
resistances Rc, rear of our developed rear-side SiOx/poly-Si(n

+) electron-extracting passivated contacts are
inserted within the iso-efficiency plot (blue dot, full-area contact; black square, bifacial contact). The
corresponding practical solar cell efficiency potential using our developed SiOx/poly-Si(n

+) passivated contacts
is 22.3%, if a full-area rear-side contact is deployed, and 22.5%, if a bifacial contact is deployed.
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�100 fA cm�2). Thus, a combined J0, rear value can be determined to be 8.35 and
100 fA cm�2 in case of a rear-side bifacial contact scheme or a full-area rear-side
contact scheme, respectively (see Figure 24).
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whereas the effective rear-side contact resistance Rc, rear scales inversely with the
rear-side contact area fraction. Again, regarding our developed rear-side SiOx/poly-
Si(n+) contact passivation layers, the contact resistance Rc, rear of our developed
tunnel layer passivated contact has been measured explicitly: Based on our dark I–V
test structures, as described in the introduction part of this paper and outlined in
Figure 1(f), the values for the bifacial and full-area rear-side contacts were mea-
sured to be 0.22 Ω cm2 and 13.3 mΩ cm2, respectively. These J0, rear and Rc, rear

values were then inserted into our calculated iso-efficiency contour plot in
Figure 24, allowing a realistic prediction of the efficiency potential for a rear-side
passivated contact solar cell in a bifacial or full-area configuration: As can be seen,
the practical solar cell efficiency potential of a solar cell, adopting a conventional
front-side boron-diffused emitter and a simple full-area rear-side passivated con-
tact, is 22.3%. In case a bifacial contact is deployed, the practical solar cell
efficiency potential is 22.5%. Using a rear-side bifacial contact instead of a full-area
rear-side contact can therefore slightly enhance the solar cell efficiency by a
relative gain of 0.9%.
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ering our experimental finding, i.e., featuring a textured front surface with an
electron-selective passivated contact (thermal-SiOx/poly-Si(n

+)) and a planar rear
surface with a hole-selective passivated contact (thermal-SiOx/poly-Si(p

+)). The
front surface of these cells is capped by a double-layer anti-reflection/passivation
coating (SiOx/SiNx) and assumed to be contacted via screen-printed fire-through
Ag contacts. The rear-side hole-selective passivated contacts are assumed to be
either contacted by a full-area Ag contact or to be capped by a double-layer anti-
reflection/passivation coating (AlOx/SiNx), forming a screen-printed bifacial fire-
through Ag-Al contact.

Accordingly, in order to equate the rear-side J0, rear and Rc, rear values for these
two different contact schemes, we apply measured values, and we then plot the
practical efficiency potential as a function of the quality of the front-side passivated
contact (J0, front and Rc, front). The rear-side J0, rear value underneath the hole-
selective passivated contact region was determined from the symmetrical lifetime
test structures mentioned in earlier sections, while the rear-side Rc, rear value was
determined using the dark I–V test structures sketched in Figure 1(f) for the full-
area case (using thermal evaporated Ag instead of screen printed Ag) and corre-
spondingly inversely scaled with the contact-area fraction in case of the bifacial
contact. It is to be noted that for our developed poly-Si(p+) capping layers, the
conventional screen-printing pastes were observed to consume the relatively thin
poly-Si capping layer, thereby significantly degrading the rear-side J0, metal and
Rc, rear values (as reported in the former section). Nonetheless, in order to predict
the practical efficiency potential of double-sided passivated contact solar cells, we
assume this problem to be solved, i.e., we assume that applying a screen-printed
contact on a hole-extracting poly-Si(p+) capping layer will degrade our measured
contact properties only in the same way as we observe it in case of an electron-
extracting contact. Thus, as a first order of approximation, we assume the same
J0, metal values for a metal contacting the hole-selective passivated contact as
we measured it in case of a 250-nm-thick screen-printed SiOx/poly-Si(n

+)
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electron-selective passivated contact (100 fA cm�2), and we utilized measured
Rc, rear values which we extracted using a thermal evaporated Ag contact instead of
a screen-printed contacts, i.e., obtaining Rc, rear values of 0.225 and 13.5 mΩ cm2 for
the bifacial and full-area rear-contacts, respectively. The corresponding practical
efficiency potential, as a function of the quality of the rear-side hole-extracting
passivated contact (J0, rear and Rc, rear), is shown in Figure 25.

Comparing a front-side electron-extracting passivated contact to a convention-
ally applied front-side hole-extracting diffused contact (front-side boron-diffused
emitter, passivated with ALOx/SiNx and metallized by bifacial screen printing)
greatly improves the front surface passivation quality, reducing the J0, front value
from �131 to �12 fA cm�2, respectively. This can be (1) attributed to the excellent
passivation quality of the developed electron-selective passivated contacts itself
(6.65 fA cm�2 on a textured silicon surface), which cannot be attained by conven-
tional boron diffusion and AlOx/SiNx capping (�45 fA cm�2). Furthermore, the
metal front-side contacts are now passivated (assuming J0, metal, �100 fA cm�2,
after industrial screen printing, as measured on 250-nm-thick poly-Si(n+) capping
layers) instead of directly touching the doped silicon wafer (J0, metal, �1480
fA cm�2). Therefore, a double-sided passivated contact solar cell has a good poten-
tial to obtain higher VOC values at the cell level than a rear-side-only passivated

Figure 25.
Practical solar cell efficiency potential for a double-sided passivated contact solar cell (as a function of the
quality of the rear-side hole-extracting passivated contact, i.e., its recombination current density J0, rear and its
contact resistance Rc, rear), adopting an ultrathin 10-nm electron-selective SiOx/poly-Si(n

+) passivated contact
on the textured front-side and a hole-selective SiOx/poly-Si(p

+) passivated contact on the planar rear-side,
realized either in a full-area contact configuration or in a bifacial contact configuration. The adopted J0, metal,
J0, non-metal, and Rc values are based on own measurements (see text). The estimated current recombination
density J0, rear and the correspondingly estimated contact resistance Rc, rear of our developed hole-extracting
passivated contact (assuming that the observed screen-printing issues have been solved) are inserted within the
iso-efficiency plot (blue dot, full-area contact; black square, bifacial contact). The corresponding practical solar
cell efficiency potential using our developed electron- and hole-extracting SiOx/poly-Si passivated contacts is
22.3%, if a full-area rear-side contact is deployed, and 23.2%, if a bifacial contact is deployed.
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contact solar cell. To give an example, a bifacial double-sided passivated contact
solar cell exhibits much lower total surface recombination (J0, front + J0, rear values
of 32.7 fA cm�2) than a bifacial rear-side-only passivated contact solar cell
(J0, front + J0, rear values of �139.5 fA cm�2), which is �4 times lower. The improved
surface passivation should also directly translate to higher cell efficiencies, which
is clearly shown comparing Figure 25 to Figure 24. According to Figure 25, a
double-sided passivated contact solar cell, using our developed SiOx/poly-Si(n

+)
and SiOx/poly-Si(p

+) passivated contacts, exhibits a practical solar cell efficiency
potential of �22.3 and �23.2%, respectively, using full-area or bifacial rear-side
contacts. To recap, the corresponding practical efficiency potential in case of a rear-
side-only passivated contact solar cell was 22.3 and 22.5%, respectively. Thus, in
case of adopting a bifacial metallization scheme, a double-sided passivated contact
solar cell is able to clearly outperform a rear-side-only passivated contact solar cell
(practical efficiency potential of �23.2% as compared to 22.5%, using our developed
contact passivation layers).

Again, the bifacial contact scheme appears more advantageous than
deploying full-area rear-side contacts, exhibiting a significant 0.9% absolute (4%
relative) increase in practical efficiency potential (analyzing double-sided passiv-
ated contact solar cells). If we compare bifacial silicon solar cells with a double-
sided passivated contact scheme to rear-side-only passivated contact scheme, a
respectable gain in cell efficiency by 0.7% absolute (�3% relative) is attainable.
Interestingly, if we compare silicon solar cells which utilized full-area rear-side
metal contacts, the practical cell efficiency potential for the double-sided passivated
contact cell appears to be comparable to the rear-side-only passivated contact cell
(both efficiency potentials are in the range of 22.3%). Given comparable J0, rear, Rc,

rear, and Rc, front values between the two schemes, it seems to indicate that a
solar cell adopting a full-area rear-side passivated contact scheme exhibits a low
sensitivity of the J0, front values on the potential cell efficiency over a range of
12–131 fA cm�2 (i.e., the full-area rear-side contact is then limiting the cell effi-
ciency). However, when bifacial contacts are considered, the performance gain by
applying additional front-side passivation is substantial. This can be mainly
attributed to the reduced recombination underneath the front-side solar cell
contacts (further suppressing front-side recombination from 131 to 12 fA cm�2

while maintaining a low front-side contact resistance, i.e., comparing
5–13 mΩ cm2).

One suggestion to further improve the cell efficiency is to utilize laser-
assisted local openings into the rear-side dielectrics (as demonstrated in Figure 22)
and apply a full-area non-fire-through metal contact, which is expected to
improve the rear interface reflectance and the corresponding collectable
photocurrents.

To summarize, the net surface passivation quality on both the solar cell
front-side and rear-side can be significantly improved by incorporating our in-
house developed carrier-selective passivated contacts. A double-sided passivated
contact scheme is predicted to deliver a �3% relative improvement of solar cell
performance, as compared to a rear-side-only passivated contact scheme. Using
a rear-side-only passivated contact scheme, i.e., deploying our in-house developed
SiOx/poly-Si(n

+) passivated contact layers and applying conventional bifacial
screen printing, we have realized a solar cell efficiency of 21.7% (exhibiting a
practical efficiency potential of 22.5%, using our standard boron-diffused front-
side contact). The still prevailing challenge is to realize an industrial feasible
metallization scheme on hole-extracting poly-Si(p+) contact passivation layers,
i.e., to develop suitable pastes to contact p-doped poly-Si by means of
screen printing.
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electron-selective passivated contact (100 fA cm�2), and we utilized measured
Rc, rear values which we extracted using a thermal evaporated Ag contact instead of
a screen-printed contacts, i.e., obtaining Rc, rear values of 0.225 and 13.5 mΩ cm2 for
the bifacial and full-area rear-contacts, respectively. The corresponding practical
efficiency potential, as a function of the quality of the rear-side hole-extracting
passivated contact (J0, rear and Rc, rear), is shown in Figure 25.

Comparing a front-side electron-extracting passivated contact to a convention-
ally applied front-side hole-extracting diffused contact (front-side boron-diffused
emitter, passivated with ALOx/SiNx and metallized by bifacial screen printing)
greatly improves the front surface passivation quality, reducing the J0, front value
from �131 to �12 fA cm�2, respectively. This can be (1) attributed to the excellent
passivation quality of the developed electron-selective passivated contacts itself
(6.65 fA cm�2 on a textured silicon surface), which cannot be attained by conven-
tional boron diffusion and AlOx/SiNx capping (�45 fA cm�2). Furthermore, the
metal front-side contacts are now passivated (assuming J0, metal, �100 fA cm�2,
after industrial screen printing, as measured on 250-nm-thick poly-Si(n+) capping
layers) instead of directly touching the doped silicon wafer (J0, metal, �1480
fA cm�2). Therefore, a double-sided passivated contact solar cell has a good poten-
tial to obtain higher VOC values at the cell level than a rear-side-only passivated

Figure 25.
Practical solar cell efficiency potential for a double-sided passivated contact solar cell (as a function of the
quality of the rear-side hole-extracting passivated contact, i.e., its recombination current density J0, rear and its
contact resistance Rc, rear), adopting an ultrathin 10-nm electron-selective SiOx/poly-Si(n

+) passivated contact
on the textured front-side and a hole-selective SiOx/poly-Si(p

+) passivated contact on the planar rear-side,
realized either in a full-area contact configuration or in a bifacial contact configuration. The adopted J0, metal,
J0, non-metal, and Rc values are based on own measurements (see text). The estimated current recombination
density J0, rear and the correspondingly estimated contact resistance Rc, rear of our developed hole-extracting
passivated contact (assuming that the observed screen-printing issues have been solved) are inserted within the
iso-efficiency plot (blue dot, full-area contact; black square, bifacial contact). The corresponding practical solar
cell efficiency potential using our developed electron- and hole-extracting SiOx/poly-Si passivated contacts is
22.3%, if a full-area rear-side contact is deployed, and 23.2%, if a bifacial contact is deployed.
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contact solar cell. To give an example, a bifacial double-sided passivated contact
solar cell exhibits much lower total surface recombination (J0, front + J0, rear values
of 32.7 fA cm�2) than a bifacial rear-side-only passivated contact solar cell
(J0, front + J0, rear values of �139.5 fA cm�2), which is �4 times lower. The improved
surface passivation should also directly translate to higher cell efficiencies, which
is clearly shown comparing Figure 25 to Figure 24. According to Figure 25, a
double-sided passivated contact solar cell, using our developed SiOx/poly-Si(n

+)
and SiOx/poly-Si(p

+) passivated contacts, exhibits a practical solar cell efficiency
potential of �22.3 and �23.2%, respectively, using full-area or bifacial rear-side
contacts. To recap, the corresponding practical efficiency potential in case of a rear-
side-only passivated contact solar cell was 22.3 and 22.5%, respectively. Thus, in
case of adopting a bifacial metallization scheme, a double-sided passivated contact
solar cell is able to clearly outperform a rear-side-only passivated contact solar cell
(practical efficiency potential of �23.2% as compared to 22.5%, using our developed
contact passivation layers).

Again, the bifacial contact scheme appears more advantageous than
deploying full-area rear-side contacts, exhibiting a significant 0.9% absolute (4%
relative) increase in practical efficiency potential (analyzing double-sided passiv-
ated contact solar cells). If we compare bifacial silicon solar cells with a double-
sided passivated contact scheme to rear-side-only passivated contact scheme, a
respectable gain in cell efficiency by 0.7% absolute (�3% relative) is attainable.
Interestingly, if we compare silicon solar cells which utilized full-area rear-side
metal contacts, the practical cell efficiency potential for the double-sided passivated
contact cell appears to be comparable to the rear-side-only passivated contact cell
(both efficiency potentials are in the range of 22.3%). Given comparable J0, rear, Rc,

rear, and Rc, front values between the two schemes, it seems to indicate that a
solar cell adopting a full-area rear-side passivated contact scheme exhibits a low
sensitivity of the J0, front values on the potential cell efficiency over a range of
12–131 fA cm�2 (i.e., the full-area rear-side contact is then limiting the cell effi-
ciency). However, when bifacial contacts are considered, the performance gain by
applying additional front-side passivation is substantial. This can be mainly
attributed to the reduced recombination underneath the front-side solar cell
contacts (further suppressing front-side recombination from 131 to 12 fA cm�2

while maintaining a low front-side contact resistance, i.e., comparing
5–13 mΩ cm2).

One suggestion to further improve the cell efficiency is to utilize laser-
assisted local openings into the rear-side dielectrics (as demonstrated in Figure 22)
and apply a full-area non-fire-through metal contact, which is expected to
improve the rear interface reflectance and the corresponding collectable
photocurrents.

To summarize, the net surface passivation quality on both the solar cell
front-side and rear-side can be significantly improved by incorporating our in-
house developed carrier-selective passivated contacts. A double-sided passivated
contact scheme is predicted to deliver a �3% relative improvement of solar cell
performance, as compared to a rear-side-only passivated contact scheme. Using
a rear-side-only passivated contact scheme, i.e., deploying our in-house developed
SiOx/poly-Si(n

+) passivated contact layers and applying conventional bifacial
screen printing, we have realized a solar cell efficiency of 21.7% (exhibiting a
practical efficiency potential of 22.5%, using our standard boron-diffused front-
side contact). The still prevailing challenge is to realize an industrial feasible
metallization scheme on hole-extracting poly-Si(p+) contact passivation layers,
i.e., to develop suitable pastes to contact p-doped poly-Si by means of
screen printing.

123

Double-Sided Passivated Contacts for Solar Cell Applications: An Industrially Viable Approach…
DOI: http://dx.doi.org/10.5772/intechopen.85039



4. Conclusion

In this work, we demonstrate the potential of incorporating our in-house devel-
oped industrial relevant electron-selective (thermal-SiOx/poly-Si(n

+)) and hole-
selective (thermal-SiOx/poly-Si(p

+)) passivated contacts into double-sided passiv-
ated contact solar cells. Using measured properties of our developed contact pas-
sivation layers (i.e., determining the recombination current density j0 and the
contact resistance Rc), we predict a practical efficiency potential approaching 24%,
if device integrating them into a front-side textured, electron-extracting, and rear-
side planar, hole-extracting solar cell architecture, applying conventional screen
printing for contact formation (using a n-type 6-inch Cz wafer with a resistivity of
3.4 Ω cm). Thus far, we have reached a solar cell efficiency of 21.7%, rear side only
integrating an electron-extracting SiOx/poly-Si(n

+) passivated contact and using
conventional screen printing.

Our methodology of developing/optimizing (ultrathin) contact passivation
layers is outlined as follows: First, we were comparing different tunnel oxides for
their suitability to form passivated contacts when capped with highly doped poly-
Si, i.e., we analyzed ultrathin (<1.5 nm) industrial relevant SiOx tunnel layers (i.e.,
wet-chemically formed silicon oxide (wet-SiOx), UV/ozone photo-oxidation-
formed silicon oxides (ozone-SiOx), and in situ formed thermal silicon oxides,
using low-pressure chemical vapor deposition (LPCVD) (thermal-SiOx)).
Combining specifically designed lifetime and dark I–V test structures, we were
able to extract the single-sided saturation current density j0 and its associated
contact resistance Rc for our developed electron-selective and hole-selective
passivating contacts. A subsequent optimization of the LPCVD of intrinsic poly-Si
capping layers followed by conventional tube diffusion was undertaken, maximiz-
ing doping efficiency while minimizing in-diffusion of dopants from the poly-Si
capping layer through the SiOx tunnel layer (which can act as a diffusion barrier)
into the silicon wafer. After a subsequent standard SiNx passivation step, we
reached implied open-circuit voltage iVoc values exceeding 730 mV for electron-
selective SiOx/poly-Si(n

+) passivated contacts and exceeding 710 mV for hole-
selective SiOx/poly-Si(p

+) passivated contacts, formed on a planar silicon
surface, using an in situ LPCVD-grown thermal-SiOx tunnel layer prior the
LPCVD of the (intrinsic) poly-Si capping layer, and a subsequent tube diffusion.
Applying these layers on a textured silicon surface, the electron-extracting
SiOx/poly-Si(n

+) passivated contact still performed well (iVoc > 700 mV),
whereas the hole-extracting SiOx/poly-Si(p

+) passivated contact showed
unsatisfying performance on a textured surface (iVoc �630 mV).

Subsequently, an asymmetric, front-side textured electron-extracting, rear-side
planar hole-extracting passivated lifetime structure was processed, reaching an iVoc

of 713 mV. Two key challenges have been identified when aiming at a double-sided
passivated contact device integration of these layers:

(I) Parasitic absorption: There is always a significant amount of parasitic
absorption within the poly-Si capping layer, which reduces the absorbed
photogeneration current within the silicon wafer, and therefore the
maximum possible short-circuit current of the solar cell. Thus, the poly-Si
capping layers have to be designed to be as thin as technologically possible.
This issue is even by far more important, if aiming at an additional front-side
(i.e., double-sided) device integration of passivated contact. Numerical
simulations (calibrated toward our developed contact passivation layers)
indicate that a 10-nm-thin poly-Si layer still leads to a photogeneration
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(i.e., short-circuit current) loss of �1 mA/cm2, if front-side integrated,
whereas the photogeneration loss saturates at 0.05 mA/cm2 for thicknesses
lower than 25 nm, if rear-side integrated. A 25-nm-thin, front-side integrated
passivated contact will already exhibit a parasitic absorption loss of
5 mA/cm2, which is no longer suited for device integration (please note that
the relation between the parasitic absorption loss and the thickness of the
front-side integrated poly-Si contact passivation layer is rather exponential
than linear in this case). In order to develop ultrathin (≤ 10 nm) contact
passivation layers, two different process methodologies have been
developed: (1) using etch-back technology that is starting from 250-nm-
thick poly-Si “standard” layers (as described above) and applying a slow
silicon etch (SSE) to reduce the thickness in a controlled way. Using this
technology, we were able to obtain ultrathin 3–4-nm hole-extracting
SiOx/poly-Si(p

+) passivated contacts, which are basically maintaining the
passivation properties of the thick layers (our corresponding 3–4-nm-thin
SiOx/poly-Si(p

+) contact passivation layers reached an implied open-circuit
voltage iVoc of �690 mV on a planar silicon surface). However, etch-back
technology for electron-extracting passivated contacts was possible only
down to a thickness of 70 nm. (2) Therefore, we re-optimized the diffusion
conditions for ultrathin (10 nm) LPCVD of intrinsic poly-Si layers, which
were subsequently subjected to phosphorous tube diffusion in order to
obtain 10-nm-thin poly-Si(n+) electron-extracting capping layers suitable
for front-side device integration. Our 10-nm SiOx/poly-Si(n

+)/SiNx contact
passivation layers reached an implied open-circuit voltage iVoc of 720 mV on
a textured silicon surface.

(II) Compatibility with conventional screen printing: For “thick” (250–150 nm)
electron-extracting SiOx/poly-Si(n

+)/SiNx contact passivation layers,
conventional screen printing creates no issue. Correspondingly, rear-side-
only passivated contact solar cells have been processed, reaching a solar cell
efficiency of 21.7% (exhibiting a wet-chemically formed SiOx tunnel layer
and a 250-nm poly-Si(n+) capping layer further passivated by SiNx at the
rear side of the solar cell and exhibiting a conventional boron-diffused, AlOx/
SiNx passivated standard emitter at the front side of the solar cell,
subsequently being metalized by conventional bifacial screen printing).

However, contacting hole-extracting poly-Si(p+) layers or ultrathin
electron-extracting poly-Si(n+) layers is a challenge. Trying to contact hole-
extracting poly-Si(p+) layers by screen printing, using conventional fire-through
Ag/Al pastes (as used to contact p-doped silicon material), we observe several
local “punch-through” contact regions, where the paste is completely consuming
the underlying poly-Si(p+) capping layer, causing a severe degradation of contact
passivation quality underneath the metal contact (i.e., there is no more contact
passivation). This issue can be attributed to local aluminum alloying processes,
which take place during fast-firing of Al containing screen-printing pastes: Al
alloying is known to partially consume crystalline silicon material; thus, our thin
poly-Si(p+) capping layers will be consumed upon contact firing, leading to the
just outlined local “punch-through” effects. Therefore, the chemical composition
of the screen-printing paste itself has to be altered, in order to enable a subsequent
damage-free contacting of our (thick or ultrathin) poly-Si(p+) capping layers.
Corresponding research activities, in cooperation with a paste manufacturer,
are currently initiated.
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4. Conclusion

In this work, we demonstrate the potential of incorporating our in-house devel-
oped industrial relevant electron-selective (thermal-SiOx/poly-Si(n

+)) and hole-
selective (thermal-SiOx/poly-Si(p

+)) passivated contacts into double-sided passiv-
ated contact solar cells. Using measured properties of our developed contact pas-
sivation layers (i.e., determining the recombination current density j0 and the
contact resistance Rc), we predict a practical efficiency potential approaching 24%,
if device integrating them into a front-side textured, electron-extracting, and rear-
side planar, hole-extracting solar cell architecture, applying conventional screen
printing for contact formation (using a n-type 6-inch Cz wafer with a resistivity of
3.4 Ω cm). Thus far, we have reached a solar cell efficiency of 21.7%, rear side only
integrating an electron-extracting SiOx/poly-Si(n

+) passivated contact and using
conventional screen printing.

Our methodology of developing/optimizing (ultrathin) contact passivation
layers is outlined as follows: First, we were comparing different tunnel oxides for
their suitability to form passivated contacts when capped with highly doped poly-
Si, i.e., we analyzed ultrathin (<1.5 nm) industrial relevant SiOx tunnel layers (i.e.,
wet-chemically formed silicon oxide (wet-SiOx), UV/ozone photo-oxidation-
formed silicon oxides (ozone-SiOx), and in situ formed thermal silicon oxides,
using low-pressure chemical vapor deposition (LPCVD) (thermal-SiOx)).
Combining specifically designed lifetime and dark I–V test structures, we were
able to extract the single-sided saturation current density j0 and its associated
contact resistance Rc for our developed electron-selective and hole-selective
passivating contacts. A subsequent optimization of the LPCVD of intrinsic poly-Si
capping layers followed by conventional tube diffusion was undertaken, maximiz-
ing doping efficiency while minimizing in-diffusion of dopants from the poly-Si
capping layer through the SiOx tunnel layer (which can act as a diffusion barrier)
into the silicon wafer. After a subsequent standard SiNx passivation step, we
reached implied open-circuit voltage iVoc values exceeding 730 mV for electron-
selective SiOx/poly-Si(n

+) passivated contacts and exceeding 710 mV for hole-
selective SiOx/poly-Si(p

+) passivated contacts, formed on a planar silicon
surface, using an in situ LPCVD-grown thermal-SiOx tunnel layer prior the
LPCVD of the (intrinsic) poly-Si capping layer, and a subsequent tube diffusion.
Applying these layers on a textured silicon surface, the electron-extracting
SiOx/poly-Si(n

+) passivated contact still performed well (iVoc > 700 mV),
whereas the hole-extracting SiOx/poly-Si(p

+) passivated contact showed
unsatisfying performance on a textured surface (iVoc �630 mV).

Subsequently, an asymmetric, front-side textured electron-extracting, rear-side
planar hole-extracting passivated lifetime structure was processed, reaching an iVoc

of 713 mV. Two key challenges have been identified when aiming at a double-sided
passivated contact device integration of these layers:

(I) Parasitic absorption: There is always a significant amount of parasitic
absorption within the poly-Si capping layer, which reduces the absorbed
photogeneration current within the silicon wafer, and therefore the
maximum possible short-circuit current of the solar cell. Thus, the poly-Si
capping layers have to be designed to be as thin as technologically possible.
This issue is even by far more important, if aiming at an additional front-side
(i.e., double-sided) device integration of passivated contact. Numerical
simulations (calibrated toward our developed contact passivation layers)
indicate that a 10-nm-thin poly-Si layer still leads to a photogeneration
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(i.e., short-circuit current) loss of �1 mA/cm2, if front-side integrated,
whereas the photogeneration loss saturates at 0.05 mA/cm2 for thicknesses
lower than 25 nm, if rear-side integrated. A 25-nm-thin, front-side integrated
passivated contact will already exhibit a parasitic absorption loss of
5 mA/cm2, which is no longer suited for device integration (please note that
the relation between the parasitic absorption loss and the thickness of the
front-side integrated poly-Si contact passivation layer is rather exponential
than linear in this case). In order to develop ultrathin (≤ 10 nm) contact
passivation layers, two different process methodologies have been
developed: (1) using etch-back technology that is starting from 250-nm-
thick poly-Si “standard” layers (as described above) and applying a slow
silicon etch (SSE) to reduce the thickness in a controlled way. Using this
technology, we were able to obtain ultrathin 3–4-nm hole-extracting
SiOx/poly-Si(p

+) passivated contacts, which are basically maintaining the
passivation properties of the thick layers (our corresponding 3–4-nm-thin
SiOx/poly-Si(p

+) contact passivation layers reached an implied open-circuit
voltage iVoc of �690 mV on a planar silicon surface). However, etch-back
technology for electron-extracting passivated contacts was possible only
down to a thickness of 70 nm. (2) Therefore, we re-optimized the diffusion
conditions for ultrathin (10 nm) LPCVD of intrinsic poly-Si layers, which
were subsequently subjected to phosphorous tube diffusion in order to
obtain 10-nm-thin poly-Si(n+) electron-extracting capping layers suitable
for front-side device integration. Our 10-nm SiOx/poly-Si(n

+)/SiNx contact
passivation layers reached an implied open-circuit voltage iVoc of 720 mV on
a textured silicon surface.

(II) Compatibility with conventional screen printing: For “thick” (250–150 nm)
electron-extracting SiOx/poly-Si(n

+)/SiNx contact passivation layers,
conventional screen printing creates no issue. Correspondingly, rear-side-
only passivated contact solar cells have been processed, reaching a solar cell
efficiency of 21.7% (exhibiting a wet-chemically formed SiOx tunnel layer
and a 250-nm poly-Si(n+) capping layer further passivated by SiNx at the
rear side of the solar cell and exhibiting a conventional boron-diffused, AlOx/
SiNx passivated standard emitter at the front side of the solar cell,
subsequently being metalized by conventional bifacial screen printing).

However, contacting hole-extracting poly-Si(p+) layers or ultrathin
electron-extracting poly-Si(n+) layers is a challenge. Trying to contact hole-
extracting poly-Si(p+) layers by screen printing, using conventional fire-through
Ag/Al pastes (as used to contact p-doped silicon material), we observe several
local “punch-through” contact regions, where the paste is completely consuming
the underlying poly-Si(p+) capping layer, causing a severe degradation of contact
passivation quality underneath the metal contact (i.e., there is no more contact
passivation). This issue can be attributed to local aluminum alloying processes,
which take place during fast-firing of Al containing screen-printing pastes: Al
alloying is known to partially consume crystalline silicon material; thus, our thin
poly-Si(p+) capping layers will be consumed upon contact firing, leading to the
just outlined local “punch-through” effects. Therefore, the chemical composition
of the screen-printing paste itself has to be altered, in order to enable a subsequent
damage-free contacting of our (thick or ultrathin) poly-Si(p+) capping layers.
Corresponding research activities, in cooperation with a paste manufacturer,
are currently initiated.
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Furthermore, it seems that our current ultrathin, 10-nm electron-extracting
poly-Si(n+) layers are not firing stable, especially if deploying high peak firing
temperatures (they still do outperform conventionally diffused front-side contacts,
though). Interestingly, this is not the case for our “standard” 250-nm-thick layers.
ECV measurements confirm that after contact firing (fast-firing in order to form
low resistivity contacts), the dopants within the poly-Si(n+) capping layer have out-
diffused into the silicon wafer bulk, thereby effectively reducing field-effect pas-
sivation and thus the observed implied open-circuit voltage of the samples after
contact firing. Thus, more efforts to render our ultrathin contact passivation layers
firing stable, i.e., by deploying lower peak firing temperatures and/or changing the
chemical composition of the ultrathin LPCVD of poly-Si capping layers itself, are
necessary.

An alternative work plan is to investigate low-temperature metallization
approaches, like inline plating.

Nevertheless, despite still having to solve a suited industrial metallization
scheme for our ultrathin (≤ 10-nm) in-house developed industrial electron- and
hole-selective SiOx/poly-Si/SiNx passivated contact layers, due to their excellent
passivation and contact resistance properties, these layers have a huge potential to
get device integrated into a double-sided passivated contact solar cell architecture,
which exhibits a practical efficiency potential of 23.2%, using our measured layer
properties for a corresponding numerical prediction. Double-sided passivated con-
tact solar cells deploying bifacial contacts are definitely able to outperform rear-
side-only passivated contact solar cells in the near future.
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Furthermore, it seems that our current ultrathin, 10-nm electron-extracting
poly-Si(n+) layers are not firing stable, especially if deploying high peak firing
temperatures (they still do outperform conventionally diffused front-side contacts,
though). Interestingly, this is not the case for our “standard” 250-nm-thick layers.
ECV measurements confirm that after contact firing (fast-firing in order to form
low resistivity contacts), the dopants within the poly-Si(n+) capping layer have out-
diffused into the silicon wafer bulk, thereby effectively reducing field-effect pas-
sivation and thus the observed implied open-circuit voltage of the samples after
contact firing. Thus, more efforts to render our ultrathin contact passivation layers
firing stable, i.e., by deploying lower peak firing temperatures and/or changing the
chemical composition of the ultrathin LPCVD of poly-Si capping layers itself, are
necessary.

An alternative work plan is to investigate low-temperature metallization
approaches, like inline plating.

Nevertheless, despite still having to solve a suited industrial metallization
scheme for our ultrathin (≤ 10-nm) in-house developed industrial electron- and
hole-selective SiOx/poly-Si/SiNx passivated contact layers, due to their excellent
passivation and contact resistance properties, these layers have a huge potential to
get device integrated into a double-sided passivated contact solar cell architecture,
which exhibits a practical efficiency potential of 23.2%, using our measured layer
properties for a corresponding numerical prediction. Double-sided passivated con-
tact solar cells deploying bifacial contacts are definitely able to outperform rear-
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Chapter 7

Controllable Synthesis of Few-
Layer Graphene on β-SiC(001)
Olga V. Molodtsova, Alexander N. Chaika 
and Victor Yu. Aristov

Abstract

Few-layer graphene exhibits exceptional properties that are of interest for 
fundamental research and technological applications. Nanostructured graphene 
with self-aligned domain boundaries and ripples is one of very promising materials 
because the boundaries can reflect electrons in a wide range of energies and host spin-
polarized electronic states. In this chapter, we discuss the ultra-high vacuum synthesis 
of few-layer graphene on the technologically relevant semiconducting β-SiC/Si(001) 
wafers. Recent experimental results demonstrate the possibility of controlling the 
preferential domain boundary direction and the number of graphene layers in the 
few-layer graphene synthesized on the β-SiC/Si(001) substrates. Both these goals can 
be achieved utilizing vicinal silicon wafers with small miscuts from the (001) plane. 
This development may lead to fabricating new tunable electronic nanostructures 
made from graphene on β-SiC, opening up opportunities for new applications.

Keywords: silicon carbide, graphene, synthesis, nanodomains, ARPES, LEEM, 
μ-LEED, XPS, STM

1. Introduction

Extensive studies of mono- and few-layer graphene films, conducted during 
the last two decades, have revealed unique electronic properties of these low-
dimensional materials [1–7], which make them very promising for developing 
new nanoscale carbon-based electronic technologies [8–13]. Its unique transport 
properties make graphene a very attractive alternative to silicon in the traditional 
electronic technologies. However, for successful applications, it is necessary to 
develop methods of synthesizing low-cost, high-quality graphene films on insulat-
ing or semiconducting substrates of sufficiently large size.

Many methods of fabricating ultrathin graphene films have been reported. 
For example, graphene can be prepared using mechanical or chemical exfoliation 
from bulk graphite crystals [1, 3, 4, 14]. The mechanically exfoliated graphene 
layers demonstrate exceptional properties of two-dimensional electron gas, such 
as extremely high mobility of the charge carriers [15, 16]. However, the exfoliated 
graphene layers are hardly suitable for technological purposes. The procedures 
using unzipping of carbon nanotubes, reduction of graphite oxide, chemical vapor 
deposition, and high-temperature thermal graphitization of single-crystalline 
substrates were developed to fabricate large-area graphene films [1, 17–22]. To 
eliminate possible problems associated with the graphene film transfer from one 
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substrate to another, various methods have been developed for direct growing 
graphene on the technologically relevant non-conducting substrates [23–30].

The hexagonal silicon carbide (α-SiC) wafers are considered the most promising 
semiconducting substrates for technological synthesis of high-quality graphene films 
[31–37]. Ultrathin graphene films are usually fabricated on α-SiC using silicon atom 
sublimation and graphitization of the carbon-enriched surface layers at temperatures 
above 1000°C [31]. Epitaxial graphene layers synthesized on α-SiC in ultra-high 
vacuum (UHV) and argon atmosphere demonstrate 2D electronic properties 
[38–41], which are nearly equivalent to the properties of ultrathin graphene films 
mechanically exfoliated from bulk graphite crystals. The angle resolved photoelec-
tron spectroscopy (ARPES) studies of the 11-layer graphene on 6H-SiC(000-1) 
revealed sharp linear dispersions at the K-points typical of monolayer graphene [42].

However, the high price and small size of the single-crystalline α-SiC wafers 
are not compatible with commercial applications. In order to reduce the price of 
SiC wafers, epitaxial growth of cubic silicon carbide (β-SiC) thin films on silicon 
wafers was proposed in the 1980s [43]. Using this method, β-SiC thin films with 
thickness of several microns could be grown on standard silicon wafers with 
diameters above 30 cm [44–47] that is highly appealing for direct integration 
into existing electronic technologies. Fabrication of ultrathin graphene films 
on β-SiC surfaces, using high-temperature annealing in UHV, was reported 
for the first time in 2009, when Miyamoto et al. succeeded in synthesizing 
few-layer graphene on the β-SiC/Si(011) wafers [48]. Then, a number of works 
demonstrating the feasibility of graphene synthesis on β-SiC/Si wafers of 
different orientations have been published [48–103]. Mostly, these studies have 
been conducted on β-SiC(111) thin films [51–61, 65–81] and single-crystalline 
SiC(111) wafers [62–64]. However, some studies have been carried out on 
β-SiC(001) [50, 61, 82–93, 101, 102] and even on polycrystalline β-SiC substrates 
[94]. Since Si(001) is widely used in electronic devices, few-layer graphene films 
synthesized on the β-SiC/Si(001) wafers can be fully compatible with the exist-
ing lithographic processing technologies.

This chapter is focused on the controllable UHV synthesis of few-layer graphene 
on the β-SiC thin films grown on the technologically relevant Si(001) wafers. Along 
with detailed atomic and electronic structure studies we present the recent results 
which uncover the mechanism of layer-by-layer graphene growth on β-SiC/Si(001) 
and pave the way to synthesize uniform few-layer graphene nanoribbons with 
desirable number of layers and self-aligned nanodomain boundaries on the low-cost 
silicon wafers.

2.  Atomic and electronic structure of few-layer graphene synthesized  
on β-SiC/Si(001)

Few-layer graphene synthesis on the β-SiC/Si(001) wafers was demonstrated 
for the first time in the near-edge X-ray absorption fine structure (NEXAFS), 
core-level photoelectron spectroscopy (PES), ARPES, and local scanning tunnel-
ing microscopy (STM) experiments [50]. Later, the few-layer graphene formation 
on the β-SiC/Si(001) substrates during high-temperature annealing in UHV was 
proved by independent Raman spectroscopy experiments [82]. These works showed 
quasi-free-standing character of the synthesized graphene overlayers. Raman 
spectroscopy data also revealed the presence of a large number of defects in the 
few-layer graphene grown on the β-SiC/Si(001) wafers with the average distance 
between them on the order of 10 nm [82]. However, the origin of these defects 
could be uncovered only in comprehensive studies using a set of complementary 
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high-resolution micro-spectroscopic techniques, namely, low energy electron 
microscopy (LEEM), micro low energy electron diffraction (μ-LEED), core-level 
PES, ARPES, and atomic-resolution STM [85, 87].

Figure 1 shows typical large-area STM images taken from a β-SiC(001) surface 
before and after trilayer graphene synthesis in UHV [85, 87]. The image of the 
β-SiC(001)-c(2 × 2) structure (Figure 1(a)) reveals extra carbon atoms (bright pro-
trusions) on the surface and monatomic steps. The root mean square (RMS) rough-
ness analysis of the STM images demonstrates substantial enhancement of the surface 
roughness after the trilayer graphene synthesis. For comparison, the histograms 
calculated from the STM images of the same size (100 × 100 nm2) before and after 
trilayer graphene synthesis are shown on Figure 1(d), (i), and (j). Note that RMS of 

Figure 1. 
Large-area STM images of SiC(001)-c(2 × 2) (a) and trilayer graphene/SiC(001) ((b), (c), (g), and (h)). 
Panels (b) and (c) illustrate the continuity of the graphene overlayer near the multiatomic step (b) and APD 
boundary (c). The images in panels (g) and (h) emphasize the nanodomains elongated along the  [1  ̄  1  0]  (g) 
and [110] directions (h) observed on the left (area G) and right side (area H) of the APD boundary in panel 
(c), respectively. The STM images were measured at U = −3.0 V and I = 60 pA (a), U = −1.0 V and I = 60 pA 
(b), U = −0.8 V and I = 50 pA (c), U = −0.8 V and I = 60 pA (g), and U = −0.7 V and I = 70 pA (h). The 
white arrows in panels (c) and (h) indicate a monatomic step on the SiC substrate. (d), (i), and (j) Roughness 
analysis of the STM images in panels (a), (g), and (h). The histograms were calculated from surface areas of 
the same size (100 × 100 nm2) for direct comparison of the surface roughness before and after trilayer graphene 
synthesis. (e), (f), (k), and (l) Cross-sections (1–2), (3–4), (5–6), and (7–8) of the images in panels (b), (c), 
and (h). Reproduced from Ref. [87] with permission of IOP.



Silicon Materials

134

substrate to another, various methods have been developed for direct growing 
graphene on the technologically relevant non-conducting substrates [23–30].
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semiconducting substrates for technological synthesis of high-quality graphene films 
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above 1000°C [31]. Epitaxial graphene layers synthesized on α-SiC in ultra-high 
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[38–41], which are nearly equivalent to the properties of ultrathin graphene films 
mechanically exfoliated from bulk graphite crystals. The angle resolved photoelec-
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ing lithographic processing technologies.
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on the β-SiC thin films grown on the technologically relevant Si(001) wafers. Along 
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which uncover the mechanism of layer-by-layer graphene growth on β-SiC/Si(001) 
and pave the way to synthesize uniform few-layer graphene nanoribbons with 
desirable number of layers and self-aligned nanodomain boundaries on the low-cost 
silicon wafers.

2.  Atomic and electronic structure of few-layer graphene synthesized  
on β-SiC/Si(001)

Few-layer graphene synthesis on the β-SiC/Si(001) wafers was demonstrated 
for the first time in the near-edge X-ray absorption fine structure (NEXAFS), 
core-level photoelectron spectroscopy (PES), ARPES, and local scanning tunnel-
ing microscopy (STM) experiments [50]. Later, the few-layer graphene formation 
on the β-SiC/Si(001) substrates during high-temperature annealing in UHV was 
proved by independent Raman spectroscopy experiments [82]. These works showed 
quasi-free-standing character of the synthesized graphene overlayers. Raman 
spectroscopy data also revealed the presence of a large number of defects in the 
few-layer graphene grown on the β-SiC/Si(001) wafers with the average distance 
between them on the order of 10 nm [82]. However, the origin of these defects 
could be uncovered only in comprehensive studies using a set of complementary 
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high-resolution micro-spectroscopic techniques, namely, low energy electron 
microscopy (LEEM), micro low energy electron diffraction (μ-LEED), core-level 
PES, ARPES, and atomic-resolution STM [85, 87].

Figure 1 shows typical large-area STM images taken from a β-SiC(001) surface 
before and after trilayer graphene synthesis in UHV [85, 87]. The image of the 
β-SiC(001)-c(2 × 2) structure (Figure 1(a)) reveals extra carbon atoms (bright pro-
trusions) on the surface and monatomic steps. The root mean square (RMS) rough-
ness analysis of the STM images demonstrates substantial enhancement of the surface 
roughness after the trilayer graphene synthesis. For comparison, the histograms 
calculated from the STM images of the same size (100 × 100 nm2) before and after 
trilayer graphene synthesis are shown on Figure 1(d), (i), and (j). Note that RMS of 

Figure 1. 
Large-area STM images of SiC(001)-c(2 × 2) (a) and trilayer graphene/SiC(001) ((b), (c), (g), and (h)). 
Panels (b) and (c) illustrate the continuity of the graphene overlayer near the multiatomic step (b) and APD 
boundary (c). The images in panels (g) and (h) emphasize the nanodomains elongated along the  [1  ̄  1  0]  (g) 
and [110] directions (h) observed on the left (area G) and right side (area H) of the APD boundary in panel 
(c), respectively. The STM images were measured at U = −3.0 V and I = 60 pA (a), U = −1.0 V and I = 60 pA 
(b), U = −0.8 V and I = 50 pA (c), U = −0.8 V and I = 60 pA (g), and U = −0.7 V and I = 70 pA (h). The 
white arrows in panels (c) and (h) indicate a monatomic step on the SiC substrate. (d), (i), and (j) Roughness 
analysis of the STM images in panels (a), (g), and (h). The histograms were calculated from surface areas of 
the same size (100 × 100 nm2) for direct comparison of the surface roughness before and after trilayer graphene 
synthesis. (e), (f), (k), and (l) Cross-sections (1–2), (3–4), (5–6), and (7–8) of the images in panels (b), (c), 
and (h). Reproduced from Ref. [87] with permission of IOP.
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micrometer-scale β-SiC(001)-c(2 × 2) STM images typically varied between 1.0 and 
1.5 Å, while the RMS values calculated from the images of trilayer graphene were in 
the range of 3.0–5.0 Å. The increase of the surface roughness after graphene synthesis 
is related to the atomic-scale rippling typical for free-standing graphene [104, 105]. 
STM investigations conducted in different surface areas of several samples [87] 
confirmed the continuity of the few-layer graphene films covering the β-SiC/Si(001) 
wafers. As an example, Figure 1(b) and (c) shows STM images measured at bias 
voltages corresponding to the bandgap of β-SiC. STM imaging was stable even in the 
vicinity of multiatomic steps (Figure 1(b)) and anti-phase domain (APD) boundaries 
(Figure 1(c)), separating the areas where the β-SiC crystal lattice is rotated by 90°.

STM studies [85, 87] showed that the top graphene layer consists of nanodo-
mains connected to one another through domain boundaries (Figure 1(g) and 
(h)). The nanodomain boundaries (NBs) are preferentially aligned with the two 
orthogonal <110> directions of the SiC crystal lattice, as indicated in Figure 
1(g) and (h). The domains are elongated in the [110] and  [1  ̄  1 0]  directions on 
the right and left side of the APD boundary, respectively (Figure 1(c)). The 
length and width of the nanodomains on the SiC(001) substrate were in the 
range of 20–200 nm and 5–30 nm, respectively. These values correlate well with 
the average distance between defects derived from the Raman spectroscopy 
studies [82].

The continuity and uniform thickness of the graphene overlayer synthesized on 
the β-SiC/Si(001) wafers were confirmed in the LEEM experiments (Figure 2). The 
bright-field (BF) LEEM image measured at small electron energy shows uniform 
contrast throughout the all probed micrometer-sized surface area, including the 
regions containing defects (steps and APD boundaries). The number of graphene 
layers can be determined from the number of oscillations in the reflectivity I-V 
curves measured in a small energy window [106, 107]. In the reflectivity spectra 
shown on Figure 2(h), one can see three reproducible minima, which correspond to 
the uniform trilayer graphene coverage. The graphene film thickness is homogeneous 

Figure 2. 
(a) 20 μm BF LEEM micrograph, recorded with an electron energy of 3.4 eV, proving the uniform thickness 
of trilayer graphene on β-SiC/Si(001) wafers. (b) and (c) DF LEEM images from different diffraction spots 
(shown in panels (e) and (f)) demonstrating the contrast reversal on micrometer-scale areas with two rotated 
graphene domain families. (d)–(f) μ-LEED patterns from the surface areas shown by black circles in panels 
(a)–(c). The diameters of the sampling areas are 5 μm (a) and 1.5 μm ((b) and (c)), E = 52 eV. (g) μ-PES 
C 1s spectra taken at two photon energies. The diameter of the probed area is 10 μm. (h) Electron reflectivity 
spectra recorded for surface regions 1, 2, and 3 as labeled in panel (b). Reproduced from [85] with permission 
of Tsinghua and Springer.
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over the surface and I-V curves are almost identical in the surface areas appearing 
dark and white in the dark-field (DF) LEEM images, as Figure 2(h) illustrates.

The μ-LEED patterns taken from micrometer-sized surface areas (Figure 2(d)) 
typically revealed 12 sharp double-split spots and 12 substantially less intense 
singular spots, corresponding to the nanostructured graphene, and singular spots 
from the SiC(001) substrate. The μ-LEED patterns measured from different APDs 
(Figure 2(e) and (f )) demonstrate 12 non-equidistant spots and six less intense 
singular graphene spots. The diffraction patterns measured from the APDs are 
rotated relative to one another by 90°. These LEEM and μ-LEED data demonstrate 
that each micrometer-sized APD contains graphene nanodomain families with 
three preferential lattice orientations, giving six preferential lattice orientations 
on larger (millimeter-scale) surface areas. For the trilayer graphene, four of these 
six lattice orientations are prevailing in the top layer. The core-level C 1s spectra 
measured from this sample (Figure 2(g)) demonstrate only two components with 
binding energies (BE) corresponding to silicon carbide (lower BE) and graphene 
(higher BE) in accordance with other core-level PES studies [50], proving the weak 
interaction of the few-layer graphene with β-SiC(001).

Atomically resolved STM studies presented in Figure 3 disclose the origin 
of 12 double-split spots in the LEED patterns (Figure 2(d)). STM images in 
Figure 3(a) and (b) demonstrate nanodomains elongated in the [110] and   [1  ̄  1 0]   
directions, respectively. The 2D fast Fourier transform (FFT) of the STM images 
consists of two systems of spots, which are related to two graphene lattices 
rotated by 27°. Inset in Figure 3(b) shows one of the FFT patterns. According 
to the μ-LEED data (Figure 2(e) and (f )), the graphene domain lattices are 

Figure 3. 
(a and b) 19.5 × 13 nm2 atomically resolved STM images of trilayer graphene nanodomains on SiC(001) 
elongated along the [110] (a) and  [1  ̄  1  0]  directions (b). The images were taken from different surface areas 
at U = −10 mV and I = 60 pA. The inset in panel (b) shows an FFT pattern with two 27°-rotated systems of 
spots. (c–e) Models explaining the origin of the 12 double-split diffraction spots in the LEED pattern shown in 
Figure 2(d). The insets in panels (c) and (d) are STM images of the <110>-directed domain boundaries. The 
four differently colored hexagons—red, blue, green, and brown—represent the four preferential domain lattice 
orientations. The inset in panel (e) shows a LEED pattern taken at Ep = 65 eV, demonstrating 1 × 1 substrate 
spots (highlighted by yellow arrows) along with 12 double-split graphene spots, indicated by one dotted arrow 
for each orientation. Reproduced from Ref. [87] with permission of IOP.
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micrometer-scale β-SiC(001)-c(2 × 2) STM images typically varied between 1.0 and 
1.5 Å, while the RMS values calculated from the images of trilayer graphene were in 
the range of 3.0–5.0 Å. The increase of the surface roughness after graphene synthesis 
is related to the atomic-scale rippling typical for free-standing graphene [104, 105]. 
STM investigations conducted in different surface areas of several samples [87] 
confirmed the continuity of the few-layer graphene films covering the β-SiC/Si(001) 
wafers. As an example, Figure 1(b) and (c) shows STM images measured at bias 
voltages corresponding to the bandgap of β-SiC. STM imaging was stable even in the 
vicinity of multiatomic steps (Figure 1(b)) and anti-phase domain (APD) boundaries 
(Figure 1(c)), separating the areas where the β-SiC crystal lattice is rotated by 90°.

STM studies [85, 87] showed that the top graphene layer consists of nanodo-
mains connected to one another through domain boundaries (Figure 1(g) and 
(h)). The nanodomain boundaries (NBs) are preferentially aligned with the two 
orthogonal <110> directions of the SiC crystal lattice, as indicated in Figure 
1(g) and (h). The domains are elongated in the [110] and  [1  ̄  1 0]  directions on 
the right and left side of the APD boundary, respectively (Figure 1(c)). The 
length and width of the nanodomains on the SiC(001) substrate were in the 
range of 20–200 nm and 5–30 nm, respectively. These values correlate well with 
the average distance between defects derived from the Raman spectroscopy 
studies [82].

The continuity and uniform thickness of the graphene overlayer synthesized on 
the β-SiC/Si(001) wafers were confirmed in the LEEM experiments (Figure 2). The 
bright-field (BF) LEEM image measured at small electron energy shows uniform 
contrast throughout the all probed micrometer-sized surface area, including the 
regions containing defects (steps and APD boundaries). The number of graphene 
layers can be determined from the number of oscillations in the reflectivity I-V 
curves measured in a small energy window [106, 107]. In the reflectivity spectra 
shown on Figure 2(h), one can see three reproducible minima, which correspond to 
the uniform trilayer graphene coverage. The graphene film thickness is homogeneous 

Figure 2. 
(a) 20 μm BF LEEM micrograph, recorded with an electron energy of 3.4 eV, proving the uniform thickness 
of trilayer graphene on β-SiC/Si(001) wafers. (b) and (c) DF LEEM images from different diffraction spots 
(shown in panels (e) and (f)) demonstrating the contrast reversal on micrometer-scale areas with two rotated 
graphene domain families. (d)–(f) μ-LEED patterns from the surface areas shown by black circles in panels 
(a)–(c). The diameters of the sampling areas are 5 μm (a) and 1.5 μm ((b) and (c)), E = 52 eV. (g) μ-PES 
C 1s spectra taken at two photon energies. The diameter of the probed area is 10 μm. (h) Electron reflectivity 
spectra recorded for surface regions 1, 2, and 3 as labeled in panel (b). Reproduced from [85] with permission 
of Tsinghua and Springer.
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over the surface and I-V curves are almost identical in the surface areas appearing 
dark and white in the dark-field (DF) LEEM images, as Figure 2(h) illustrates.

The μ-LEED patterns taken from micrometer-sized surface areas (Figure 2(d)) 
typically revealed 12 sharp double-split spots and 12 substantially less intense 
singular spots, corresponding to the nanostructured graphene, and singular spots 
from the SiC(001) substrate. The μ-LEED patterns measured from different APDs 
(Figure 2(e) and (f )) demonstrate 12 non-equidistant spots and six less intense 
singular graphene spots. The diffraction patterns measured from the APDs are 
rotated relative to one another by 90°. These LEEM and μ-LEED data demonstrate 
that each micrometer-sized APD contains graphene nanodomain families with 
three preferential lattice orientations, giving six preferential lattice orientations 
on larger (millimeter-scale) surface areas. For the trilayer graphene, four of these 
six lattice orientations are prevailing in the top layer. The core-level C 1s spectra 
measured from this sample (Figure 2(g)) demonstrate only two components with 
binding energies (BE) corresponding to silicon carbide (lower BE) and graphene 
(higher BE) in accordance with other core-level PES studies [50], proving the weak 
interaction of the few-layer graphene with β-SiC(001).

Atomically resolved STM studies presented in Figure 3 disclose the origin 
of 12 double-split spots in the LEED patterns (Figure 2(d)). STM images in 
Figure 3(a) and (b) demonstrate nanodomains elongated in the [110] and   [1  ̄  1 0]   
directions, respectively. The 2D fast Fourier transform (FFT) of the STM images 
consists of two systems of spots, which are related to two graphene lattices 
rotated by 27°. Inset in Figure 3(b) shows one of the FFT patterns. According 
to the μ-LEED data (Figure 2(e) and (f )), the graphene domain lattices are 

Figure 3. 
(a and b) 19.5 × 13 nm2 atomically resolved STM images of trilayer graphene nanodomains on SiC(001) 
elongated along the [110] (a) and  [1  ̄  1  0]  directions (b). The images were taken from different surface areas 
at U = −10 mV and I = 60 pA. The inset in panel (b) shows an FFT pattern with two 27°-rotated systems of 
spots. (c–e) Models explaining the origin of the 12 double-split diffraction spots in the LEED pattern shown in 
Figure 2(d). The insets in panels (c) and (d) are STM images of the <110>-directed domain boundaries. The 
four differently colored hexagons—red, blue, green, and brown—represent the four preferential domain lattice 
orientations. The inset in panel (e) shows a LEED pattern taken at Ep = 65 eV, demonstrating 1 × 1 substrate 
spots (highlighted by yellow arrows) along with 12 double-split graphene spots, indicated by one dotted arrow 
for each orientation. Reproduced from Ref. [87] with permission of IOP.
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preferentially rotated by ±13.5° from the [110] and  [1  ̄  1 0]  crystallographic direc-
tions of the substrate, which almost coincide with the preferential directions 
of the nanodomain boundaries. These two families of 27°-rotated domains are 
rotated by 90° relative to one another and produce two systems of 12 non-equi-
distant spots in the FFT and μ-LEED patterns (e.g. see Figure 2(e) and (f )). The 
sum of two 90°-rotated patterns with 12 non-equidistant spots produce the LEED 
pattern of graphene/β-SiC/Si(001) with 12 double-split spots, as the models 
shown in Figure 3(c–e) illustrate. These two orthogonal 27°-rotated domain 
families are usually resolved as horizontal and vertical nanoribbons in STM 
experiments (Figure 1(g) and (h)). The DF LEEM images taken from different 
reflexes in either of the double-split spots show a reversed contrast and confirm 
that the 27°-rotated domain families typically cover micrometer-sized surface 
regions in different APDs (Figure 2(b) and (c)).

Atomic-resolution STM images of the trilayer graphene on β-SiC(001) mea-
sured inside the nanodomains usually revealed either hexagonal (Figure 4(a)) or 
honeycomb (Figure 4(d)) patterns distorted by atomic-scale rippling [104]. The 
line profile shown in Figure 4(c) reveals random vertical corrugations related to 
the atomic-scale rippling and regular oscillations with a period of ~ 2.5 Å cor-
responding to the graphene honeycomb lattice. Typical dimensions of the ripples 
are about several nanometers laterally and 1 Å vertically (Figure 4(b)), coinciding 
with values predicted by the theory for free-standing monolayer graphene [104]. 
The random picometer-scale distortions of the sp2-hybridized carbon bond lengths 
in graphene/β-SiC/Si(001) are illustrated using smaller area STM images presented 
in Figure 4(d–f ).

Figure 4. 
(a) 13.4 × 13.4 nm2 STM image of trilayer graphene on β-SiC(001), illustrating atomic-scale rippling. The 
image was measured at U = 0.1 V and I = 60 pA. (b) and (c) Cross-sections (1–2) and (3–4) from the image 
in panel (a). (d–f) STM images of the trilayer graphene, demonstrating random picometer-scale distortions 
of the honeycomb lattice. The images were measured at U = 22 mV and I = 70 pA (d) and U = 22 mV and 
I = 65 pA (e and f). One of the distorted hexagons is shown in (f) for clarity. Reproduced from Ref. [103] with 
permission of Elsevier.
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The uniformity of the atomic and electronic structure of the trilayer 
graphene/β-SiC/Si(001) on a millimeter-scale was confirmed by ARPES [85]. As 
an example, the photoemission studies of the π band are shown in Figures 5 and 6. 
Since ARPES technique probes millimeter-scale sample areas, the effective surface 
Brillouin zone of graphene on β-SiC(001) comprises Brillouin zones of all rotated 
lattices (Figure 5(a)). The identical sharp linear dispersions typical of quasi-
free-standing graphene are observed for all rotated domain variants (Figure 5(b) 
and (c)), with the Dirac points located at the Fermi level. The ARPES dispersion 
measured from the trilayer graphene/β-SiC/Si(001) sample along the   Γ ̄     –   K ̄   - 
direction of the surface Brillouin zone (Figure 6(b)) reveals the π band reaching 
the Fermi level. Figure 6(b) also displays a dispersion of the π band that backfolds 
at ~2.5 eV BE and originates from the M-point of the rotated graphene domain. In 
order to determine the position of the Dirac point, the dispersions were measured 
in a detection geometry perpendicular to the   Γ ̄     –   K ̄   -direction (short black line in 
Figure 6(a)) where the interference effects are suppressed and both sides of the 
Dirac cone are observed [108]. The ARPES data shown in Figure 6(c) reveal sharp 
linear dispersions and tiny additional bands between the two split Dirac cones. 
According to the theoretical calculations presented in Ref. [93], the observed 
ARPES dispersions may correspond to a quasi-free-standing Bernal-stacked ABA-
trilayer graphene formed on β-SiC(001).

The experimental data presented in this section were obtained during high-
resolution studies of the trilayer graphene grown on a low-index β-SiC/Si(001) 
wafer using high-temperature annealing in UHV. They demonstrate the fabrica-
tion of uniform nanostructured graphene with two preferential NB directions 

Figure 5. 
ARPES characterization of trilayer graphene grown on β-SiC(001). (a) Effective surface Brillouin zone due 
to superposition of four rotated domain variants (A, B, A′, and B′). (b) and (c) Dispersion of π-band in 
graphene measured along directions 1 and 2 in (a). Reproduced from Ref. [85] with permission of Tsinghua and 
Springer.

Figure 6. 
ARPES characterization of trilayer graphene grown on β-SiC(001). (a) Effective surface Brillouin zone due to 
superposition of four domain lattices (A, B, A′, and B′). (b) and (c) Dispersion of π-band in trilayer graphene 
measured by ARPES along directions 1 and 2 in (a). Reproduced from Ref. [85] with permission of Tsinghua 
and Springer.
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preferentially rotated by ±13.5° from the [110] and  [1  ̄  1 0]  crystallographic direc-
tions of the substrate, which almost coincide with the preferential directions 
of the nanodomain boundaries. These two families of 27°-rotated domains are 
rotated by 90° relative to one another and produce two systems of 12 non-equi-
distant spots in the FFT and μ-LEED patterns (e.g. see Figure 2(e) and (f )). The 
sum of two 90°-rotated patterns with 12 non-equidistant spots produce the LEED 
pattern of graphene/β-SiC/Si(001) with 12 double-split spots, as the models 
shown in Figure 3(c–e) illustrate. These two orthogonal 27°-rotated domain 
families are usually resolved as horizontal and vertical nanoribbons in STM 
experiments (Figure 1(g) and (h)). The DF LEEM images taken from different 
reflexes in either of the double-split spots show a reversed contrast and confirm 
that the 27°-rotated domain families typically cover micrometer-sized surface 
regions in different APDs (Figure 2(b) and (c)).

Atomic-resolution STM images of the trilayer graphene on β-SiC(001) mea-
sured inside the nanodomains usually revealed either hexagonal (Figure 4(a)) or 
honeycomb (Figure 4(d)) patterns distorted by atomic-scale rippling [104]. The 
line profile shown in Figure 4(c) reveals random vertical corrugations related to 
the atomic-scale rippling and regular oscillations with a period of ~ 2.5 Å cor-
responding to the graphene honeycomb lattice. Typical dimensions of the ripples 
are about several nanometers laterally and 1 Å vertically (Figure 4(b)), coinciding 
with values predicted by the theory for free-standing monolayer graphene [104]. 
The random picometer-scale distortions of the sp2-hybridized carbon bond lengths 
in graphene/β-SiC/Si(001) are illustrated using smaller area STM images presented 
in Figure 4(d–f ).

Figure 4. 
(a) 13.4 × 13.4 nm2 STM image of trilayer graphene on β-SiC(001), illustrating atomic-scale rippling. The 
image was measured at U = 0.1 V and I = 60 pA. (b) and (c) Cross-sections (1–2) and (3–4) from the image 
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I = 65 pA (e and f). One of the distorted hexagons is shown in (f) for clarity. Reproduced from Ref. [103] with 
permission of Elsevier.
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The uniformity of the atomic and electronic structure of the trilayer 
graphene/β-SiC/Si(001) on a millimeter-scale was confirmed by ARPES [85]. As 
an example, the photoemission studies of the π band are shown in Figures 5 and 6. 
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measured from the trilayer graphene/β-SiC/Si(001) sample along the   Γ ̄     –   K ̄   - 
direction of the surface Brillouin zone (Figure 6(b)) reveals the π band reaching 
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Figure 6(a)) where the interference effects are suppressed and both sides of the 
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linear dispersions and tiny additional bands between the two split Dirac cones. 
According to the theoretical calculations presented in Ref. [93], the observed 
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The experimental data presented in this section were obtained during high-
resolution studies of the trilayer graphene grown on a low-index β-SiC/Si(001) 
wafer using high-temperature annealing in UHV. They demonstrate the fabrica-
tion of uniform nanostructured graphene with two preferential NB directions 

Figure 5. 
ARPES characterization of trilayer graphene grown on β-SiC(001). (a) Effective surface Brillouin zone due 
to superposition of four rotated domain variants (A, B, A′, and B′). (b) and (c) Dispersion of π-band in 
graphene measured along directions 1 and 2 in (a). Reproduced from Ref. [85] with permission of Tsinghua and 
Springer.

Figure 6. 
ARPES characterization of trilayer graphene grown on β-SiC(001). (a) Effective surface Brillouin zone due to 
superposition of four domain lattices (A, B, A′, and B′). (b) and (c) Dispersion of π-band in trilayer graphene 
measured by ARPES along directions 1 and 2 in (a). Reproduced from Ref. [85] with permission of Tsinghua 
and Springer.
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on millimeter-sized samples. Such nanoribbon systems supported on the Si(001) 
wafers are very promising because the presence of the self-aligned boundaries can 
provide a sizeable energy gap in graphene [10]. However, for technological applica-
tions it is highly desirable to control the thickness of the graphene overlayer and 
reduce the number of the preferential NB orientations from two to one. Note that 
thickness of the few-layer graphene synthesized on β-SiC/Si(001) wafers by differ-
ent groups, utilizing very similar UHV thermal treatment procedures, varied from 
one to several monolayers [50, 82–93, 101].

3. Layer-by-layer graphene growth on β-SiC/Si(001)

For detailed understanding the mechanisms of the surface transformation and 
layer-by-layer graphene growth on β-SiC/Si(001) in UHV at high temperatures 
a series of experimental studies with in-situ control of the surface atomic and 
electronic structure during heating have been conducted [102, 109]. Figure 7 
summarizes the β-SiC(001) surface transformations during annealing in UHV, 
monitored using in-situ core-level PES (Figure 7(a–g)) and ex-situ LEED and 
STM (Figure 7(h–l)).

Figure 7. 
(a–g) In-situ core-level PES studies of β-SiC/Si(001) during heating in UHV. (a) Temperature of the sample 
during the PES measurements. (b–g) Time evolution of the C 1s core-level spectra recorded in snapshot 
regime during heating. A single spectrum taken in the corresponding temperature interval (shown in panel 
(a)) is presented. (h–l) Evolution of the SiC(001) surface atomic structure probed by LEED and STM. The 
3 × 2, 5 × 2, c(4 × 2), and c(2 × 2) reconstructions are consecutively formed on the SiC(001) surface in the 
temperature range of 800–1300°C before the graphene overlayer formation. Reproduced from Ref. [109] with 
permission of Elsevier.
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The first steps toward successful graphene synthesis on β-SiC/Si(001) 
relate to the removal of the protective silicon oxide layer and the fabrication of 
a contaminant-free SiC(001)1 × 1 surface structure. This reconstruction can 
be fabricated after outgassing the sample holder and flash-heating the β-SiC/
Si(001) wafers at 1000–1100°C. Then, the fabrication of a graphene overlayer 
includes the deposition of several monolayers (MLs) of silicon atoms onto the 
clean, carbon-rich SiC(001)1 × 1 surface and annealing at gradually increas-
ing temperatures. Depending on the quality of the β-SiC thin film grown on 
the Si(001) wafer, the deposition and annealing cycles can be repeated until 
sharp 1 × 1 LEED pattern is observed.

Figure 7(a–g) shows the results of the PES experiments with real-time control 
during the direct-current sample heating with silicon deposited onto SiC(001)1 × 1 
surface structure [109]. During the measurements, a current was applied to heat 
the sample up to 1350°C (Figure 7(a)). The C 1s core-level spectra were taken in a 
snapshot mode during the sample heating with an acquisition time of 1s/spectrum, 
using a photon energy of 750 eV. Six core-level spectra taken at different stages of 
the surface graphitization are shown in Figure 7(b–g). Two main C 1s peak com-
ponents can be distinguished in the spectra, which change their relative intensity 
with increasing temperature. Note that the absolute (but not the relative) binding 
energies of the individual components in this experiment could be modified by the 
voltage applied across the β-SiC/Si(001) wafer.

At lower temperatures (Figure 7(b)), a strong peak corresponding to the 
bulk carbon atoms dominates in the PES spectra. At temperatures above 1200°C 
(Figure 7(d–f )), an additional component (shifted to higher BE) starts to grow, 
while the relative intensity of the bulk component decreases. The change of the 
C 1s core-level shape corresponds to the carbonization of the top surface layers at 
high temperatures. At temperatures close to the silicon melting point (1350°C), 
the carbon-carbon bonds undergo a transition to sp2 hybridization corresponding 
to graphene lattice formation (Figure 7(g)). Ex-situ LEED measurements proved 
the existence of a graphene overlayer on the β-SiC/Si(001) wafer used for the PES 
experiments presented in Figure 7(b–g).

Figure 7(h–l) shows step-by-step LEED and STM studies of the β-SiC(001) 
surface atomic structure after heating in UHV at various temperatures. They prove 
consecutive fabrication of different β-SiC(001) surface reconstructions in accor-
dance with Refs. [110, 111]. The LEED and STM data in Figure 7(h–l) were obtained 
after consecutive heating of the same β-SiC/Si(001) sample in UHV to 1000, 
1150, 1200, 1250, and 1350°C, and cooling to room temperature. After annealing 
at temperatures of 700–1000°C a uniform, Si-rich SiC(001)3 × 2-reconstructed 
surface with large (001)-oriented terraces is fabricated (Figure 7(h)). Increasing 
the annealing temperature from 1000 to 1250°C leads to consecutive fabrication of 
the silicon-terminated 5 × 2 (Figure 7(i)), c(4 × 2) (Figure 7(j)), 2 × 1, and carbon-
terminated c(2 × 2) reconstructions (Figure 7(k)). According to the LEED and STM 
studies, the most uniform graphene overlayers on β-SiC(001) can be obtained after 
flash heating (10–20 s) of the c(2 × 2) reconstruction at 1350°C with post-annealing 
at 600–700°C, which is similar to the method used for the synthesis of graphene on 
α-SiC [39, 112, 113]. The LEED pattern shown in Figure 7(l) reveals sharp substrate 
spots and 12 double-split graphene spots related to the formation of the few-layer 
graphene nanodomain network similar to the one presented in Figures 1 and 3.

The exact number of the graphene layers synthesized on β-SiC(001) during 
UHV heating could strongly depend on the vacuum conditions, annealing tempera-
ture and duration [70]. To uncover the mechanism of the layer-by-layer graphene 
growth on the β-SiC/Si(001) substrates and find the way to control the number 
of synthesized graphene layers and preferential nanodomain boundary direction, 
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α-SiC [39, 112, 113]. The LEED pattern shown in Figure 7(l) reveals sharp substrate 
spots and 12 double-split graphene spots related to the formation of the few-layer 
graphene nanodomain network similar to the one presented in Figures 1 and 3.

The exact number of the graphene layers synthesized on β-SiC(001) during 
UHV heating could strongly depend on the vacuum conditions, annealing tempera-
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growth on the β-SiC/Si(001) substrates and find the way to control the number 
of synthesized graphene layers and preferential nanodomain boundary direction, 
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in-situ high-resolution core-level and angle-resolved photoelectron spectroscopy, 
LEEM and μ-LEED studies have been carried out [102].

Figure 8 shows μ-LEED, LEEM I-V, ARPES and micro X-ray photoelectron 
spectroscopy (μ-XPS) data obtained from the same sample region in-situ dur-
ing the high-temperature surface graphitization in UHV. The μ-LEED pattern 
and C 1s core level spectra taken in bulk- and surface-sensitive regimes from the 
β-SiC(001)-c(2 × 2) reconstruction prepared prior to graphene synthesis are shown 
in Figure 8(a). Then, the temperature of the β-SiC/Si(001) wafer was increased and 
graphene spots were observed in the μ-LEED patterns. The first graphene monolayer 
(Figure 8(b)) was formed after 10 short flashes at temperatures in the range from 
1250 to 1300°C and pressures not exceeding 5 × 10−9 mbar. For the fabrication of 2 
and 3 ML graphene (Figure 8(c) and (d)), 50 and 100 flash heating cycles, respec-
tively, were applied at 1300°C. The number of the synthesized graphene layers was 
defined from the number of minima in the low energy part of the electron reflectiv-
ity I-V curves presented in Figure 8 (top). The graphs in Figure 8 (bottom) depict 
the evolution of the C 1s spectra acquired in normal emission from a circular sample 
area (d = 2 μm) at 325, 330, 400, and 450 eV photon energies for a SiC(001)-c(2 × 2) 
reconstruction (a), mono- (b), bi- (c), and trilayer graphene (d). The selected 
photon energies correspond to different surface sensitivities of the XPS measure-
ments with the highest sensitivity achieved at 325 and 330 eV. The C 1s spectra were 
decomposed into individual components corresponding to different carbon atom 
chemical bonds [102]. The results of the C 1s spectra decomposition are presented in 
Figure 8 together with the experimental data (black circles) where the red line is the 

Figure 8. 
In-situ LEEM, μ-LEED, ARPES, and XPS showing control over the SiC(001) surface graphitization 
during heating in UHV. (a) μ-LEED (top) and μ-XPS data (bottom) obtained from the SiC(001)-c(2 × 2) 
reconstruction. To illustrate the difference between the c(2 × 2) and graphene spectra, the C 1s spectrum from 
the 1 ML graphene/SiC(001) system is presented (bottom line). (b–d) μ-LEED, LEEM I-V reflectivity spectra, 
ARPES constant energy maps, and μ-XPS data obtained from one of APDs of the graphene/SiC(001) system at 
approximately 1 ML (b), 2 ML (c), and 3 ML (d) coverage. Top row: μ-LEED taken from a circular sample 
area (d = 0.5 μm) using a 44 eV electron beam (left) and LEEM I-V curves demonstrating one (b), two (c), 
and three (d) minima (indicated by arrows) corresponding to the number of the synthesized graphene layers 
(right). Middle row: Photoemission angular distribution maps taken at 0.5 eV (left) and 1.5 eV (right) binding 
energies, measured using a 47 eV photon energy. Bottom row: C 1s core level spectra (black circles) obtained 
with 330, 400 and 450 eV photon beams for 1, 2 and 3 ML from a circular sample areas (d = 2 μm) and results 
of the spectra decomposition. Reproduced from Ref. [102] with permission of ACS.
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graphene peak (Gr), the blue line is the bulk SiC peak, the brown line is the surface 
β-SiC(001)-c(2 × 2) component, the green dashed line is the background and the 
cyan line is the envelope. One can note that each spectrum displays only two main 
components. The Gr peak is shifted by ∼1.65 eV toward higher BE relative to the 
bulk SiC peak located at 282.9 eV. The intensity of the bulk SiC component decreases 
both with decreasing photon energy and increasing number of graphene layers. No 
other components except Gr and SiC were detected in the C 1s spectra, confirming 
the absence of strong chemical interactions between the graphene overlayer and 
β-SiC, which would provide additional components with higher BE [103]. The inten-
sities of the individual components in the photoemission spectra shown in Figure 8 
can be used as a reference to distinguish between mono-, bi-, and trilayer graphene 
on the β-SiC/Si(001) wafers using XPS technique only. Measuring the XPS spectra 
in the normal emission geometry with 330, 400, and 450 eV photon energies, using 
the fast dynamic-XPS stations with real-time control of the core level spectra shape 
[109], one can stop the synthesis procedure when a desirable number of graphene 
layers (1, 2, or 3 ML) is synthesized.

The in-situ ARPES and μ-LEED measurements (Figure 8) uncover the origin 
of the 12 singular spots located between 12 double spots in the LEED pattern 
taken from the trilayer graphene synthesized on β-SiC(001) (Figure 2(d)) and 
explain the mechanism of the layer-by-layer graphene growth. The singular spots 
in Figure 2(d) are aligned with the SiC substrate spots in contrast with the ±13.5° 
rotated diffraction patterns corresponding to the rotated graphene nanodomain 
lattices shown in Figure 3. The middle row of images in Figure 8 shows the ARPES 
intensity constant-energy maps taken at E = EF – 0.5 eV and E = EF – 1.5 eV as a 
function of graphene coverage. The ARPES maps prove the conical shape of the 
Fermi surface for all preferential graphene nanodomain lattice orientations (two 
non-rotated lattices and four lattices rotated by ±13.5° relative to the two orthogo-
nal <110> directions) at three graphene coverages studied. Notably, both μ-LEED 
and ARPES maps measured for the 1 ML graphene/SiC(001) system reveal almost 
the same intensities of the features corresponding to the non-rotated and ± 13.5° 
rotated domain lattices. The intensity of the diffraction spots and ARPES features 
corresponding to the non-rotated lattices is systematically suppressed when 
graphene coverage increases from 1 ML (Figure 8(b)) to 2 ML (Figure 8(c)), and 
then to 3 ML (Figure 8(d)). The non-rotated graphene lattice orientations are 
prevailing only at the beginning of the β-SiC(001) surface graphitization. In con-
trast, when graphene coverage reaches several monolayers, most of the β-SiC(001) 
surface is covered by nanodomains with four preferential graphene lattice orienta-
tions, rotated ±13.5° relative to the two orthogonal <110> directions (Figure 2(d)).

Figure 9 shows (a) LEEM and (b–e) ARPES data obtained from the 1 ML 
graphene/β-SiC(001) sample. Figure 9(b) and (c) shows the constant energy 
ARPES intensity maps measured from different APDs marked as B and C on panel 
(a). Figure 9(d) and (e) shows the dispersions obtained by a cut through the exper-
imental data as indicated by the dashed lines in panels (b) and (c), respectively. 
Eighteen identical linear dispersions are clearly resolved, proving that domains with 
all six preferential lattice orientations at 1 ML graphene coverage exhibit the same 
electronic structure typical of free-standing monolayer graphene.

The prevalence of the μ-LEED and ARPES features associated with the non-
rotated lattices at sub-monolayer coverages is a key to understand the mechanism 
of the graphene growth on the β-SiC/Si(001) wafers. Figure 10(a–c) illustrates 
how the non-rotated graphene domain lattice can match the SiC(001)-c(2 × 2) 
reconstruction. If the lattice parameters of the c(2 × 2) square unit cell (red square) 
are doubled, it matches well to a slightly distorted square (green lines) connecting 
carbon atoms of the graphene lattice, which can be laterally translated to cover 
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how the non-rotated graphene domain lattice can match the SiC(001)-c(2 × 2) 
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the entire c(2 × 2) surface by the graphene overlayer (Figure 10(a) and (c)). The 
mismatch of these two quadrilaterals is below 2%, which is likely sufficient to 
initiate the growth of the non-rotated graphene monolayer on SiC(001)-c(2 × 2). 
Such a small mismatch cannot be found for other possible surface structures. 
Therefore, the SiC(001)-c(2 × 2) reconstruction is a necessary step for successful 
high-temperature graphene synthesis on β-SiC(001). This is very similar to results 
of the STM studies performed on β-SiC(111) [71], where the transition from a 
typical (√3 × √3)R30° to an intermediate (3/2 × √3)R30° structure matching the 
graphene (2 × 2) unit cell was observed before the formation of the honeycomb 
(1 × 1) overlayer.

Figure 9. 
LEEM and ARPES characterization of the nanostructured monolayer graphene. (a) DF-LEEM taken from the 
1ML graphene/SiC(001) system. (b) and (c) Corresponding photoemission patterns taken for domains B and 
C in panel (a) at E – EF = 0.5 eV, from a circular sample area (d = 2 μm, hv = 47 eV). (d) and (e) Dispersion 
of the Dirac cones obtained by a cut through the data as shown by the dashed lines in patterns (b) and (c). 
Reproduced from Ref. [102] with permission of ACS.
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The model in Figure 10 suggests that carbon dimers of the c(2 × 2) reconstruc-
tion (indicated by dotted black oval in Figure 10(a)) may be considered the smallest 
building blocks of the non-rotated graphene lattice, since the distance between 
carbon atoms in the dimers (1.31 Å) is reasonably close to that of the graphene 
honeycomb lattice (1.46 Å). In order for graphene growth to begin, extra carbon 
atoms must be present on the c(2 × 2) surface to provide the substantially higher 
density of carbon atoms in the graphene lattice. Additional carbon atoms are actu-
ally observed during the STM studies as random bright protrusions (Figure 1) or 
linear <110>-directed atomic chains decorating the SiC(001)-c(2 × 2) reconstruction 
(Figure 10(e)). These adatoms form chemical bonds with the dimers of the c(2 × 2) 
reconstruction at high temperatures and initiate the preferential growth of graphene 
nanodomains with lattices non-rotated relative to the SiC <110> directions. These 
domains cannot grow to micrometer-scale due to the presence of linear defects on 
the SiC(001)-c(2 × 2) surface (Figure 10(e)) and the mismatch between the c(2 × 2) 
and graphene lattices producing strain in the overlayer. However, the reasonably 
small mismatch of the c(2 × 2) and the graphene lattice (Figure 10(a)) leads to the 
prevalence of the two non-rotated lattice variants in the graphene/SiC(001) system 
until the first monolayer is complete. The next layers presumably grow on top of 
the first monolayer starting from the linear defects on the surface (either steps 
or < 110>-directed linear atomic chains), which is supported by the very fast sup-
pression of the non-rotated domain features in the μ-LEED and ARPES maps with 
increasing graphene coverage (Figure 8). The second and third graphene layers can 

Figure 10. 
Model of few-layer graphene growth on β-SiC(001). (a) A schematic model showing the non-rotated graphene 
lattice on top of the SiC(001)-c(2 × 2) reconstruction. Carbon and silicon atoms are shown as gray and yellow 
spheres, respectively, with c(2 × 2) carbon dimers highlighted by red spheres. The red square indicates the 
c(2 × 2) unit cell, the green square shows the distorted coincidence quadrilateral resembling a doubled c(2 × 2) 
unit cell. (b) Quasi-3D view of the SiC(001)-c(2 × 2) reconstruction. (c) A model of the graphene honeycomb 
lattice with the quadrilaterals showing the surface and overlayer cells. (d) A schematic model of the few-layer 
graphene growth on SiC(001): At the beginning, domains with a non-rotated honeycomb lattice nucleate in 
accordance with panel (a), then ±13.5°-rotated lattices start to grow from the linear defects, which become the 
nanodomain boundaries in the nanostructured graphene overlayer. (e,f) Atomically resolved STM images of 
the SiC(001)-c(2 × 2) surface (e) and trilayer graphene synthesized on a β-SiC/Si(001) wafer (f). Reproduced 
from Ref. [102] with permission of ACS.
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ally observed during the STM studies as random bright protrusions (Figure 1) or 
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and graphene lattices producing strain in the overlayer. However, the reasonably 
small mismatch of the c(2 × 2) and the graphene lattice (Figure 10(a)) leads to the 
prevalence of the two non-rotated lattice variants in the graphene/SiC(001) system 
until the first monolayer is complete. The next layers presumably grow on top of 
the first monolayer starting from the linear defects on the surface (either steps 
or < 110>-directed linear atomic chains), which is supported by the very fast sup-
pression of the non-rotated domain features in the μ-LEED and ARPES maps with 
increasing graphene coverage (Figure 8). The second and third graphene layers can 
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Model of few-layer graphene growth on β-SiC(001). (a) A schematic model showing the non-rotated graphene 
lattice on top of the SiC(001)-c(2 × 2) reconstruction. Carbon and silicon atoms are shown as gray and yellow 
spheres, respectively, with c(2 × 2) carbon dimers highlighted by red spheres. The red square indicates the 
c(2 × 2) unit cell, the green square shows the distorted coincidence quadrilateral resembling a doubled c(2 × 2) 
unit cell. (b) Quasi-3D view of the SiC(001)-c(2 × 2) reconstruction. (c) A model of the graphene honeycomb 
lattice with the quadrilaterals showing the surface and overlayer cells. (d) A schematic model of the few-layer 
graphene growth on SiC(001): At the beginning, domains with a non-rotated honeycomb lattice nucleate in 
accordance with panel (a), then ±13.5°-rotated lattices start to grow from the linear defects, which become the 
nanodomain boundaries in the nanostructured graphene overlayer. (e,f) Atomically resolved STM images of 
the SiC(001)-c(2 × 2) surface (e) and trilayer graphene synthesized on a β-SiC/Si(001) wafer (f). Reproduced 
from Ref. [102] with permission of ACS.
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start to grow from the linear defects line-by-line [114] which define the positions and 
orientations of the nanodomain boundaries in the few-layer graphene/β-SiC(001) 
(Figure 10(f)). In this case, it is energetically favorable for graphene lattices in 
neighboring nanodomains to be rotated by 27° relative to one another, as the model 
in Figure 10(d) (bottom part) illustrates. The comparison of the atomic resolution 
STM images of the SiC(001)-c(2 × 2) and trilayer graphene/SiC(001) clearly shows 
the coincidence of the carbon atomic chain directions in the former structure (Figure 
10(e)) and nanodomain boundary directions in the latter (Figure 10(f)). This result 
suggests that controlling the density and orientation of defects on β-SiC/Si(001) (e.g., 
steps on vicinal substrates) could allow the average size of the graphene domains 
and their orientation to be tuned. This can open a way for synthesis of self-aligned 
graphene nanoribbons supported by the technologically relevant β-SiC substrate.

4.  Fabrication of self-aligned graphene nanoribbons using β-SiC thin 
films grown on vicinal Si(001) wafers

Synthesis of the uniform self-aligned trilayer graphene nanoribbon structure 
using β-SiC thin films grown on the vicinal Si(001) wafers with a miscut of 2° was 
reported in Ref. [93]. STM studies revealed that nanodomains on the vicinal sample 
are preferentially elongated in one direction (coinciding with the step direction of 
the bare SiC(001) substrate). This is illustrated in Figure 11(a) and (b). Remarkably, 
the direction of the nanodomain boundaries in the trilayer graphene was the same 
in different APDs of the 2°-off β-SiC/Si(001) sample [93]. Figure 11(c) shows an 
atomically resolved STM image containing three nanodomains and three boundaries 
(NB). Detailed analysis of the STM images measured from various graphene/SiC/
Si(001) samples showed that NBs are frequently rotated by 3.5° relative to the [110] 
crystallographic direction as depicted in Figure 11(e). Since the graphene lattices in 
neighboring nanodomains are rotated by ±13.5° from the same [110] direction, they 
are asymmetrically rotated relative to the NBs. The lattices in neighboring domains 
are rotated by 10° counterclockwise (GrL)) and 17° clockwise (GrR) relative to the 

Figure 11. 
(a) STM image of the vicinal SiC(001)-3 × 2 surface. The step direction is close to the [110] direction of the SiC 
crystal lattice. (b) Large-area STM image of graphene nanoribbons synthesized on the vicinal SiC(001). (c) 
and (d) Atomically resolved STM images of the graphene surface. The domain lattices are rotated 17° clockwise 
(GrR) and 10° anticlockwise (GrL) relative to the NB. The NB is itself rotated 3.5° anticlockwise from the [110] 
direction. (e) Schematic model of the NB for the asymmetrically rotated nanodomains in panels (c) and (d). 
For the angles shown a periodic structure of distorted pentagons and heptagons is formed. (f) Effective surface 
Brillouin zone corresponding to four rotated graphene domain variants. (g) Dispersion of the π-band in the 
graphene along the KA-KB direction indicated in panel (f) [93].
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NB (Figure 11(c)). As Figure 11(e) illustrates, this asymmetry leads to the formation 
of a periodic structure along the boundaries, with a period of 1.37 nm. The periodic 
structure consists of distorted heptagons and pentagons, which is consistent with the 
atomically resolved STM image measured at the NB (Figure 11(d)). ARPES mea-
surements, conducted on the same sample, showed sharp linear dispersions in the 
K-points for all preferential graphene lattice orientations (Figure 11(f) and (g)).

Recent theoretical studies [115] have demonstrated that graphene domain 
boundaries with a periodic atomic structure can reflect electrons over a large 
range of energies. This would provide a possibility to control the charge carriers in 
graphene without the need to introduce an energy bandgap. Figure 12(a) shows a 
schematic of a graphene nanogap device utilized for investigations of the transport 
properties of graphene synthesized on the β-SiC/2°-off Si(001) wafer [93]. The 
voltage was applied perpendicular to the nanodomain boundaries to investigate the 
local transport properties of the self-aligned nanoribbon system with asymmetri-
cally rotated graphene domain lattices (Figure 11). According to the theory [115], 
a charge transport gap of   E  g   = ℏ  ν  F     2π ___ 3d   ≈   1.38 ______ d (nm)    (eV)   could be 
induced by a non-symmetric rotation of graphene lattices in neighboring domains, 
where ħ is the reduced Planck’s constant, νF is the Fermi velocity, and d is the peri-
odicity along the NB. As indicated in Figure 11(d) and (e), the asymmetric rotation 
of the graphene lattices in the nanostructured trilayer graphene synthesized on 
β-SiC/2°-off Si(001) leads to a 1.37 nm periodicity along the NB. The formation 
of this periodic structure could be responsible for a transport gap of about 1.0 eV, 
which was observed in the low-temperature transport measurements (Figure 12). 
The transport gap is observed at temperatures below 100 K (Figure 12(b) and (c)). 
According to the dI/dV spectra shown in Figure 12(d), the transport gap is ~1.3 eV 
at 50 and 10 K and substantially smaller (~0.4 eV) at 100 K. The conductivity of 
the trilayer graphene/β-SiC(001) nanogap device is only 0.01 μS at small voltages 

Figure 12. 
(a) Schematic drawing of the nanogap device fabricated on the trilayer graphene/β-SiC/2°-off Si(001) sample. 
(b) I-V curves measured at 150, 200, 250 and 300 K. (c) I-V curves measured at 10, 50, and 100 K. (b) and 
(c) are measured with the current directed across the self-aligned NBs. (d) Corresponding dI/dV curves for 
temperatures below 150 K. Reproduced from Ref. [93] with permission of ACS.
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10(e)) and nanodomain boundary directions in the latter (Figure 10(f)). This result 
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using β-SiC thin films grown on the vicinal Si(001) wafers with a miscut of 2° was 
reported in Ref. [93]. STM studies revealed that nanodomains on the vicinal sample 
are preferentially elongated in one direction (coinciding with the step direction of 
the bare SiC(001) substrate). This is illustrated in Figure 11(a) and (b). Remarkably, 
the direction of the nanodomain boundaries in the trilayer graphene was the same 
in different APDs of the 2°-off β-SiC/Si(001) sample [93]. Figure 11(c) shows an 
atomically resolved STM image containing three nanodomains and three boundaries 
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graphene along the KA-KB direction indicated in panel (f) [93].
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NB (Figure 11(c)). As Figure 11(e) illustrates, this asymmetry leads to the formation 
of a periodic structure along the boundaries, with a period of 1.37 nm. The periodic 
structure consists of distorted heptagons and pentagons, which is consistent with the 
atomically resolved STM image measured at the NB (Figure 11(d)). ARPES mea-
surements, conducted on the same sample, showed sharp linear dispersions in the 
K-points for all preferential graphene lattice orientations (Figure 11(f) and (g)).

Recent theoretical studies [115] have demonstrated that graphene domain 
boundaries with a periodic atomic structure can reflect electrons over a large 
range of energies. This would provide a possibility to control the charge carriers in 
graphene without the need to introduce an energy bandgap. Figure 12(a) shows a 
schematic of a graphene nanogap device utilized for investigations of the transport 
properties of graphene synthesized on the β-SiC/2°-off Si(001) wafer [93]. The 
voltage was applied perpendicular to the nanodomain boundaries to investigate the 
local transport properties of the self-aligned nanoribbon system with asymmetri-
cally rotated graphene domain lattices (Figure 11). According to the theory [115], 
a charge transport gap of   E  g   = ℏ  ν  F     2π ___ 3d   ≈   1.38 ______ d (nm)    (eV)   could be 
induced by a non-symmetric rotation of graphene lattices in neighboring domains, 
where ħ is the reduced Planck’s constant, νF is the Fermi velocity, and d is the peri-
odicity along the NB. As indicated in Figure 11(d) and (e), the asymmetric rotation 
of the graphene lattices in the nanostructured trilayer graphene synthesized on 
β-SiC/2°-off Si(001) leads to a 1.37 nm periodicity along the NB. The formation 
of this periodic structure could be responsible for a transport gap of about 1.0 eV, 
which was observed in the low-temperature transport measurements (Figure 12). 
The transport gap is observed at temperatures below 100 K (Figure 12(b) and (c)). 
According to the dI/dV spectra shown in Figure 12(d), the transport gap is ~1.3 eV 
at 50 and 10 K and substantially smaller (~0.4 eV) at 100 K. The conductivity of 
the trilayer graphene/β-SiC(001) nanogap device is only 0.01 μS at small voltages 

Figure 12. 
(a) Schematic drawing of the nanogap device fabricated on the trilayer graphene/β-SiC/2°-off Si(001) sample. 
(b) I-V curves measured at 150, 200, 250 and 300 K. (c) I-V curves measured at 10, 50, and 100 K. (b) and 
(c) are measured with the current directed across the self-aligned NBs. (d) Corresponding dI/dV curves for 
temperatures below 150 K. Reproduced from Ref. [93] with permission of ACS.
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and 100 μS at larger voltages when the electric current start to flow. This gives a high 
on-off current ratio of 104.

This successful demonstration of the transport gap opening in the nanostruc-
tured trilayer graphene (Figure 12) became possible because the NBs were uniformly 
aligned with the step direction of the vicinal β-SiC(001) substrate (Figure 11), 
i.e., perpendicular to the current direction in the electric measurements. Note that 
although the NBs with asymmetrical rotation of the graphene lattices were most 
frequently observed, boundaries with other atomic structures were also resolved in 
detailed atomic resolution STM studies of several few-layer graphene/β-SiC/Si(001) 
samples [85, 87, 93, 101, 102]. Despite the differences in the atomic structure, STM 
images generally revealed extreme distortions of the overlayer near the NBs (e.g., 
Figures 1(g) and 12). The graphene overlayer in these areas was usually bent upward 
and downward, forming semi-tubes with typical diameters of several nanometers. 
According to the STM data, the radii of curvature of the ripples in the few-layer 
graphene on β-SiC/Si(001) wafers were typically in the range of 2–5 nm [101]. As 
revealed the theoretical calculations and recent experimental studies [101], the 
ripples formed at the NBs could also be responsible for the opening transport gap in 
graphene/β-SiC/Si(001). The self-aligned nanodomain boundaries with ripples can 
also be utilized to add the spin degree of freedom to graphene [101], since spin-orbit 
coupling can be induced by the curvature of the ripples [116].

5. Conclusions

We have summarized the results of high-resolution studies of the atomic and elec-
tronic structure of few-layer graphene synthesized in UHV on β-SiC thin films epitaxi-
ally grown on the technologically relevant Si(001) wafers. LEEM, μ-LEED, ARPES, and 
STM studies revealed that graphene overlayer on the β-SiC/Si(001) substrates consists 
of nanodomains with six preferential lattice orientations and two preferential nanodo-
main boundary directions. The number of the boundary directions can be reduced to 
one using vicinal wafers with small miscuts from the Si(001) plane. Thus, self-aligned 
graphene nanoribbon system supported by a wide-gap semiconductor substrate could 
be fabricated using 2°-off Si(001) wafer. In-situ studies of the few-layer graphene 
synthesis on the β-SiC/Si(001) wafers performed in UHV using micro-spectroscopic 
methods demonstrate that thickness of the graphene overlayer can be controlled in the 
course of the high-temperature synthesis and the procedure can be stopped when a 
desirable number of graphene layers (e.g., 1, 2, or 3 ML) is synthesized.
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and 100 μS at larger voltages when the electric current start to flow. This gives a high 
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i.e., perpendicular to the current direction in the electric measurements. Note that 
although the NBs with asymmetrical rotation of the graphene lattices were most 
frequently observed, boundaries with other atomic structures were also resolved in 
detailed atomic resolution STM studies of several few-layer graphene/β-SiC/Si(001) 
samples [85, 87, 93, 101, 102]. Despite the differences in the atomic structure, STM 
images generally revealed extreme distortions of the overlayer near the NBs (e.g., 
Figures 1(g) and 12). The graphene overlayer in these areas was usually bent upward 
and downward, forming semi-tubes with typical diameters of several nanometers. 
According to the STM data, the radii of curvature of the ripples in the few-layer 
graphene on β-SiC/Si(001) wafers were typically in the range of 2–5 nm [101]. As 
revealed the theoretical calculations and recent experimental studies [101], the 
ripples formed at the NBs could also be responsible for the opening transport gap in 
graphene/β-SiC/Si(001). The self-aligned nanodomain boundaries with ripples can 
also be utilized to add the spin degree of freedom to graphene [101], since spin-orbit 
coupling can be induced by the curvature of the ripples [116].

5. Conclusions

We have summarized the results of high-resolution studies of the atomic and elec-
tronic structure of few-layer graphene synthesized in UHV on β-SiC thin films epitaxi-
ally grown on the technologically relevant Si(001) wafers. LEEM, μ-LEED, ARPES, and 
STM studies revealed that graphene overlayer on the β-SiC/Si(001) substrates consists 
of nanodomains with six preferential lattice orientations and two preferential nanodo-
main boundary directions. The number of the boundary directions can be reduced to 
one using vicinal wafers with small miscuts from the Si(001) plane. Thus, self-aligned 
graphene nanoribbon system supported by a wide-gap semiconductor substrate could 
be fabricated using 2°-off Si(001) wafer. In-situ studies of the few-layer graphene 
synthesis on the β-SiC/Si(001) wafers performed in UHV using micro-spectroscopic 
methods demonstrate that thickness of the graphene overlayer can be controlled in the 
course of the high-temperature synthesis and the procedure can be stopped when a 
desirable number of graphene layers (e.g., 1, 2, or 3 ML) is synthesized.
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Chapter 8

Ceramics (Si- and Al-Based 
Oxides)-Graphene Hybrids and 
Advanced Applications
Mujtaba Ikram and Muhammad Umer Farooq

Abstract

This book chapter will describe the recent advancements in advanced carbon-
ceramics based hybrid materials, enhanced properties and efficient applications. 
There are various fabrication methods, Firstly, authors will discuss a solvothermal/
hot-pressing method which is employed to fabricate hybrids composed of cross-
linked γ-Al2O3 nanorods and reduced graphite oxide (rGO) platelets. After calcina-
tion and hot-press processing, monoliths of Al2O3-rGO hybrids are obtained with 
improved physical properties. It is found that the oxygen-containing groups on 
graphene oxide benefit to the adsorption of Al-(OC3H7)3 (aluminum isopropoxide), 
leading to the uniform dispersion of rGO with Al2O3 which is hydrolyzed from 
aluminum isopropoxide in solvothermal reactions. Further, this research methodol-
ogy has been extended to another ceramics-graphene nanostructure assembly, i.e., 
silica-rGO hybrids, by optimizing experimental conditions for the hydrothermal 
and hot pressing process. This book chapter will be a significant contribution for 
the applications of ceramics-graphene assembly nanomaterials, which can be 
made by simple fabrication route and which can be further applied as electrolytes, 
catalysts, conductive, electrochemically active, and as dielectric materials for the 
high-temperature applications due to enhanced physical properties.

Keywords: graphene, ceramics, enhanced physical properties, solvothermal,  
hot pressing, calcination, hydrolyzed, platelets, reduced graphene oxide,  
thermal properties, electrical properties, dielectric properties, mechanical properties

1. Introduction

In recent years, hybrid nanostructures have achieved great technological 
interest, because of the ability of the nanostructures which intends to design and 
manufacture hybrid materials with enhanced physical properties [1, 2]. For a 
desired technological application, various excellent properties can be combined 
into a single hybrid nanostructure, this is an excellent feature of the hybrid nano-
structures. Moreover, in hybrid nanostructures, the enhanced electronic interac-
tions among various types of components are possible, which is the main reason to 
enhance the physical properties of hybrids [3, 4]. In ceramics-graphene hybrids, 
enhanced physical properties can be used in the high electrical, mechanical, and 
thermal applications, because of higher electrical conductivity, thermal conductiv-
ity, dielectric and better mechanical properties [5]. Due to the versatile physical 
and chemical properties [6, 7], graphene has opted in huge scientific activities in 



159

Chapter 8

Ceramics (Si- and Al-Based 
Oxides)-Graphene Hybrids and 
Advanced Applications
Mujtaba Ikram and Muhammad Umer Farooq

Abstract

This book chapter will describe the recent advancements in advanced carbon-
ceramics based hybrid materials, enhanced properties and efficient applications. 
There are various fabrication methods, Firstly, authors will discuss a solvothermal/
hot-pressing method which is employed to fabricate hybrids composed of cross-
linked γ-Al2O3 nanorods and reduced graphite oxide (rGO) platelets. After calcina-
tion and hot-press processing, monoliths of Al2O3-rGO hybrids are obtained with 
improved physical properties. It is found that the oxygen-containing groups on 
graphene oxide benefit to the adsorption of Al-(OC3H7)3 (aluminum isopropoxide), 
leading to the uniform dispersion of rGO with Al2O3 which is hydrolyzed from 
aluminum isopropoxide in solvothermal reactions. Further, this research methodol-
ogy has been extended to another ceramics-graphene nanostructure assembly, i.e., 
silica-rGO hybrids, by optimizing experimental conditions for the hydrothermal 
and hot pressing process. This book chapter will be a significant contribution for 
the applications of ceramics-graphene assembly nanomaterials, which can be 
made by simple fabrication route and which can be further applied as electrolytes, 
catalysts, conductive, electrochemically active, and as dielectric materials for the 
high-temperature applications due to enhanced physical properties.

Keywords: graphene, ceramics, enhanced physical properties, solvothermal,  
hot pressing, calcination, hydrolyzed, platelets, reduced graphene oxide,  
thermal properties, electrical properties, dielectric properties, mechanical properties

1. Introduction

In recent years, hybrid nanostructures have achieved great technological 
interest, because of the ability of the nanostructures which intends to design and 
manufacture hybrid materials with enhanced physical properties [1, 2]. For a 
desired technological application, various excellent properties can be combined 
into a single hybrid nanostructure, this is an excellent feature of the hybrid nano-
structures. Moreover, in hybrid nanostructures, the enhanced electronic interac-
tions among various types of components are possible, which is the main reason to 
enhance the physical properties of hybrids [3, 4]. In ceramics-graphene hybrids, 
enhanced physical properties can be used in the high electrical, mechanical, and 
thermal applications, because of higher electrical conductivity, thermal conductiv-
ity, dielectric and better mechanical properties [5]. Due to the versatile physical 
and chemical properties [6, 7], graphene has opted in huge scientific activities in 



Silicon Materials

160

progress of research and development for the field of science and technology. The 
combination of suitable electrical, mechanical, thermal, and physical properties 
can apply not only for a broad spectrum of applications but also as a basic essential 
unite for the fundamental and advanced technological research [8, 9]. In hybrids or 
composite, scientists worldwide have been impressed by the unique combination 
of individual physical properties of graphene [8], that makes graphene an ideal 
option, or as an advanced component in both the hybrids as well as composites. 
For monolithic ceramics, in particular, physical properties of graphene have been 
researched and investigated as an ideal component in the monolithic ceramics-
graphene hybrids or composite [10, 11]. Due to the higher strength, stiffness, and 
high-temperature stability, monolithic ceramics are used and known commonly as 
a very promising structural material for mechanical and high-temperature applica-
tions [12, 13]. But the field of application is still vacant due to mechanical unreli-
ability, and very lower electrical conductivity, and limited physical properties of the 
monolithic ceramics.

Due to graphene’s extraordinary physical properties [14, 15], incorporating 
graphene in the ceramics can have great potential for electro-conductive, and high 
mechanical applications. In graphene-ceramics hybrids, enhanced physical proper-
ties could be implemented in a wide range of the material related applications in the 
field of aerospace, processing industries, and military based applications. [16, 17] 
In view of the fabrication routes [17, 18], development of the graphene ceramic 
hybrids is still complicated due to reinforcement particle at a very nanometric scale. 
For fabrication methodology, practical issues can be classified into wide categories 
such as (1) in ceramic nanostructures, homogenous dispersion of the graphene is 
important for enhanced physical properties; (2) easy processing route of graphene-
ceramics hybrids or nanocomposites is necessary; (3) interfacial bonding and 
interaction between graphene and ceramic nanostructures are very important as it 
directly reduces the physical properties of the graphene-ceramics hybrids or nano-
composites. For ceramics-graphene hybrids, uniform dispersion of the graphene 
in the ceramic matrices is an important factor [12]. Due to the high surface area of 
graphene [8], proper graphene dispersion is a very important factor, which further 
ensures efficient load transfer between graphene and available ceramics nanostruc-
tures in the hybrids. This is major concerns during the incorporation of graphene 
in the ceramics, due to the higher surface area of graphene [6]. For this purpose, 
scientists have used various dispersing agents [19, 20]. The use of dispersing agent 
gives rise to higher surface potential, double layer formation, as well possibility of 
strong electrostatic repulsion, which helps to uniform dispersion of graphene in 
graphene-ceramics hybrids. Mechanical dispersion of graphene is possible through 
many routes such as ultra-sonication, ball milling, and stirring [7, 21].

The enhanced physical properties of graphene-ceramic materials depend upon 
many factors such as thin layers of graphene, fine particles size and phase homoge-
neity [22]. For graphene-ceramics hybrids, well aligned and controlled nanostruc-
tures are important in toughening of hybrids. In literature, there are available many 
fabrication ways of graphene-ceramics hybrids such as powder processing, colloidal 
processing and sol-gel fabrication. In most of the work on graphene-ceramics 
by conventional powder routes, physical properties are not as good as expected 
because graphene is prone to agglomeration due to van der Waals forces. Therefore, 
in this chapter, our focus is on new solvothermal-hot press method, which is used 
to fabricate alumina-rGO, and silica-rGO hybrids, with a systematic study on 
enhanced physical properties of the hybrids for efficient application. In hybrids, 
the physical properties are enhanced by a great degree, because of use of calcination 
conditions, as well as the hot-pressing conditions. The two structural ceramics, 
which we will discuss in this chapter, are alumina and silica, respectively.
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Ceramics usually have a brittle attribute with low strength [11]. Among many 
ceramics, alumina is one of the widely used structural ceramic due to the shaping 
capability, and the good thermal conductivity [12]. Alumina has applications in 
the field of high-speed cutting tools, dental implants and insulators [13, 14]. To 
improve the mechanical properties, carbon nanotubes have been used to enhance 
the fracture toughness (by a degree of 94%), hardness (by a degree of 13%), and 
flexural strength (by a degree of 6.4%) of the alumina [15]. Ball-milled alumina/
zirconia/graphene composite has been investigated with 40% enhanced fracture 
toughness by adding the graphene platelets [16]. In another work, alumina-rGO 
nanocomposites have been fabricated by the dry sol-gel method, from which it was 
indicated that BET surface area of rGO is essential to enhance the surface charge 
properties of hybrids [17]. In another work, alumina-graphene composite films 
have been reported with low optical gap (1.53 eV) [18]. Alumina-rGO nanocom-
posite by in-situ deposition have shown morphologies of nanoparticles of alumina 
structures on rGO with BET surface area of 242.4 m2 g−1 and the low porosity [19]. 
Alumina/rGO/poly(ethylenimine) composite has been used to capture carbon diox-
ide from the flue gas [20]. In a microwave preparation of alumina-rGO composites, 
the grain size of alumina matrix was reduced to 180 nm compared to 475 nm of the 
conventional sintering process, leading to an increase in Young’s modulus of 180 
from 148 GPa under the same measurement condition [21]. In this chapter, we will 
discuss the preparation of hybrids consisting of γ-Al2O3 nanorods and rGO by a 
solvothermal method. This solvothermal method is used to form hybrids composed 
of cross-linked γ-Al2O3 nanorods and reduced graphite oxide (rGO) platelets. With 
further hot pressing, a hybrid monolith has been made for the systematic study on 
enhanced physical properties of the hybrids.

The second structural ceramics, which we will discuss in this chapter, is silica. 
Among various kinds of the ceramics, silica particles are one of the widely used 
additive ceramic due to its functionalized ability and stability with a range of mate-
rials [23, 24]. Silica has various applications in the domain of polymer, biomedical, 
and composite engineering [25]. To improve the physical properties, rGO has been 
used to enhance thermal conductivity (0.452 Wm−1 K−1), storage modulus (3.56) 
and dielectric constant (77.23) of epoxy/SiO2/rGO hybrid [26]. In another work, 
in-situ sol-gel processed silica nanoparticles decorated with graphene oxide sheets 
are obtained, from which it was found that presence of rGO is essential to improve 
the corrosion resistance, dispersion, and the barrier properties of hybrid [27]. In 
another work, SiO2-graphene hybrids have shown superior gas sensing response 
(31.5%) towards 50 ppm NH3 for 850 s, in comparison to rGO based sensor (1.5%) 
[28]. Using one-step hydrothermal method, SiO2-rGO nanohybrid has shown 
comparatively better BET surface area (676 m2 g−1) and 98.8% Cr(VI) adsorption 
efficiency [29]. SiO2 supported polyvinylidene fluoride has shown high dielectric 
constant (72.94) and low dielectric loss (0.059), which is due to the addition of 
ultrathin graphene [30]. Among the field of diverse inorganic particles, still, there 
is need to do much of scientific research for enhanced physical properties of silica-
carbon based hybrids.

2. Experimental setup/fabrication route for ceramics-graphene hybrids

There are many fabrication methods for graphene-ceramics materials. Here 
in this chapter, In brief, the preparation of ceramics-graphene hybrids was done 
by mixing GO with cyclohexane and corresponding metal alkoxide followed by 
a solvothermal reaction. For the preparation, 0.1 g of GO was firstly dispersed in 
35 ml cyclohexane, after which desired amount of corresponding metal alkoxide was 
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which we will discuss in this chapter, are alumina and silica, respectively.
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Ceramics usually have a brittle attribute with low strength [11]. Among many 
ceramics, alumina is one of the widely used structural ceramic due to the shaping 
capability, and the good thermal conductivity [12]. Alumina has applications in 
the field of high-speed cutting tools, dental implants and insulators [13, 14]. To 
improve the mechanical properties, carbon nanotubes have been used to enhance 
the fracture toughness (by a degree of 94%), hardness (by a degree of 13%), and 
flexural strength (by a degree of 6.4%) of the alumina [15]. Ball-milled alumina/
zirconia/graphene composite has been investigated with 40% enhanced fracture 
toughness by adding the graphene platelets [16]. In another work, alumina-rGO 
nanocomposites have been fabricated by the dry sol-gel method, from which it was 
indicated that BET surface area of rGO is essential to enhance the surface charge 
properties of hybrids [17]. In another work, alumina-graphene composite films 
have been reported with low optical gap (1.53 eV) [18]. Alumina-rGO nanocom-
posite by in-situ deposition have shown morphologies of nanoparticles of alumina 
structures on rGO with BET surface area of 242.4 m2 g−1 and the low porosity [19]. 
Alumina/rGO/poly(ethylenimine) composite has been used to capture carbon diox-
ide from the flue gas [20]. In a microwave preparation of alumina-rGO composites, 
the grain size of alumina matrix was reduced to 180 nm compared to 475 nm of the 
conventional sintering process, leading to an increase in Young’s modulus of 180 
from 148 GPa under the same measurement condition [21]. In this chapter, we will 
discuss the preparation of hybrids consisting of γ-Al2O3 nanorods and rGO by a 
solvothermal method. This solvothermal method is used to form hybrids composed 
of cross-linked γ-Al2O3 nanorods and reduced graphite oxide (rGO) platelets. With 
further hot pressing, a hybrid monolith has been made for the systematic study on 
enhanced physical properties of the hybrids.

The second structural ceramics, which we will discuss in this chapter, is silica. 
Among various kinds of the ceramics, silica particles are one of the widely used 
additive ceramic due to its functionalized ability and stability with a range of mate-
rials [23, 24]. Silica has various applications in the domain of polymer, biomedical, 
and composite engineering [25]. To improve the physical properties, rGO has been 
used to enhance thermal conductivity (0.452 Wm−1 K−1), storage modulus (3.56) 
and dielectric constant (77.23) of epoxy/SiO2/rGO hybrid [26]. In another work, 
in-situ sol-gel processed silica nanoparticles decorated with graphene oxide sheets 
are obtained, from which it was found that presence of rGO is essential to improve 
the corrosion resistance, dispersion, and the barrier properties of hybrid [27]. In 
another work, SiO2-graphene hybrids have shown superior gas sensing response 
(31.5%) towards 50 ppm NH3 for 850 s, in comparison to rGO based sensor (1.5%) 
[28]. Using one-step hydrothermal method, SiO2-rGO nanohybrid has shown 
comparatively better BET surface area (676 m2 g−1) and 98.8% Cr(VI) adsorption 
efficiency [29]. SiO2 supported polyvinylidene fluoride has shown high dielectric 
constant (72.94) and low dielectric loss (0.059), which is due to the addition of 
ultrathin graphene [30]. Among the field of diverse inorganic particles, still, there 
is need to do much of scientific research for enhanced physical properties of silica-
carbon based hybrids.

2. Experimental setup/fabrication route for ceramics-graphene hybrids

There are many fabrication methods for graphene-ceramics materials. Here 
in this chapter, In brief, the preparation of ceramics-graphene hybrids was done 
by mixing GO with cyclohexane and corresponding metal alkoxide followed by 
a solvothermal reaction. For the preparation, 0.1 g of GO was firstly dispersed in 
35 ml cyclohexane, after which desired amount of corresponding metal alkoxide was 
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added drop by drop to the GO suspension above. Centrifugation was used to separate 
the products which were then washed out several times with cyclohexane. The solid 
samples thus obtained are denoted as (Ceramics Oxide)x/GO. (Ceramic Oxide)
x/GO was dispersed again in 50 ml cyclohexane and then transferred to a 100 ml 
Teflon-lined stainless-steel autoclave for hydrothermal reaction. After the reaction 
was carried out, samples denoted as (Ceramic Oxide)x/rGO. (Ceramic Oxide)x/
rGO was then calcinated at a temperature above 700 K for a specific interval of time 
to form Ceramics Oxide/rGO hybrids. Graphene-ceramics hybrid powder contain-
ing different wt.% of rGO were obtained using the same method. Hot pressing of 
ceramics-graphene hybrid powder was performed in a vacuum furnace (model 
number OTF-1200X-VHP4). The flowchart fabrication scheme of gamma alumina-
rGO hybrid with detailed experimental conditions is represented in Figure 1.

Figure 2. 
Flow chart fabrication scheme for SiO2-rGO hybrids.

Figure 1. 
Flow chart fabrication scheme for γ-Al2O3-rGO hybrids.
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Figure 2 shows the fabrication flowchart of silica-rGO hybrids, which are 
obtained using specific temperature and hot pressing conditions.

3.  Physical properties of alumina-graphene hybrids for technological 
and applied applications

TGA (shown in Figure 3) of γ-Al2O3-rGO powder samples show that different 
calcination times has led to different concentrations of rGO in the hybrids. The 
TGA curves of all hybrids show a stable weight loss between 400 and 600°C, as a 
result of the removal of all carbon-related materials, and other impurities (if any) 
after heating these hybrids to 800°C in an air atmosphere. For the samples with 3-, 
2- and 1-h calcination time, the 7.705, 12.830 and 16.707 wt.% loss were calculated. 
For 1-h sample, the unique weight loss is observed.

SEM image in (Figure 4a) for bare Al2O3 shows particles like morphology. 
The size of particles has ranged from 500 nm to few micrometers. TEM image in 
(Figure 4b) shows elongated nanocrystals or nanorods of bare Al2O3. Sample before 
calcination but after autoclave heating has been referred as Al(O)x/rGO. SEM 
image of Al(O)x/rGO after heating in an autoclave at a temperature of 453 K for 
6 h but before calcination is shown in the Figure 4c. Even after calcination at 723 K 
for 2 h, the SEM image in Figure 4d shows the same particle like morphology but 
size of particles has ranged from 1 micrometers to few micrometers. TEM image of 
γ-Al2O3-rGO hybrids after calcination at 723 K for 2 h is shown in the Figure 4e. It 
shows elongated and fine nanorods of γ-Al2O3 with rGO layer in hybrids. The TEM 
image in Figure 4e indicates the presence of a very thin rGO layer, which acts as a 
continuum matrix in these hybrids.

The presence of rGO can also be confirmed by closely observing Figure 4e. In 
this figure, low-contrast features are actually edges or small portions of the graphene 
sheet (Figure 4e) on which γ-Al2O3 is uniformly distributed in dense concentra-
tions. Further, the selected area electron diffraction pattern presented in Figure 4f 
shows the inter-planar spacing’s of D = 0.175 nm and D = 0.151 nm, corresponding 
to the (200) and (111) planes of γ-Al2O3. The fabrication of the γ-Al2O3 phase was 

Figure 3. 
TGA curves of γ-Al2O3-rGO hybrids using calcination time of 1, 2 and 3 h in air atmosphere up to 800°C.
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Figure 2 shows the fabrication flowchart of silica-rGO hybrids, which are 
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2- and 1-h calcination time, the 7.705, 12.830 and 16.707 wt.% loss were calculated. 
For 1-h sample, the unique weight loss is observed.

SEM image in (Figure 4a) for bare Al2O3 shows particles like morphology. 
The size of particles has ranged from 500 nm to few micrometers. TEM image in 
(Figure 4b) shows elongated nanocrystals or nanorods of bare Al2O3. Sample before 
calcination but after autoclave heating has been referred as Al(O)x/rGO. SEM 
image of Al(O)x/rGO after heating in an autoclave at a temperature of 453 K for 
6 h but before calcination is shown in the Figure 4c. Even after calcination at 723 K 
for 2 h, the SEM image in Figure 4d shows the same particle like morphology but 
size of particles has ranged from 1 micrometers to few micrometers. TEM image of 
γ-Al2O3-rGO hybrids after calcination at 723 K for 2 h is shown in the Figure 4e. It 
shows elongated and fine nanorods of γ-Al2O3 with rGO layer in hybrids. The TEM 
image in Figure 4e indicates the presence of a very thin rGO layer, which acts as a 
continuum matrix in these hybrids.

The presence of rGO can also be confirmed by closely observing Figure 4e. In 
this figure, low-contrast features are actually edges or small portions of the graphene 
sheet (Figure 4e) on which γ-Al2O3 is uniformly distributed in dense concentra-
tions. Further, the selected area electron diffraction pattern presented in Figure 4f 
shows the inter-planar spacing’s of D = 0.175 nm and D = 0.151 nm, corresponding 
to the (200) and (111) planes of γ-Al2O3. The fabrication of the γ-Al2O3 phase was 
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TGA curves of γ-Al2O3-rGO hybrids using calcination time of 1, 2 and 3 h in air atmosphere up to 800°C.
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confirmed from the XRD results as shown in Figures 5 and 6, respectively. The 
inset of Figure 6 shows the XRD of a sample without GO (γ-Al2O3). In the XRD 
spectra of all three samples with calcination times of 1, 2, and 3 h, the presence 
of characteristic peaks of γ-Al2O3 is evident and (matched with JCPDS card no. 
10-0425). Further, a relatively broad nature of sharp peaks is observed in the XRD 
of γ-Al2O3 and rGO hybrids (after calcination, Figure 5) and in the inset of Figure 6 
(for pure γ-Al2O3). This suggests a nanocrystalline structure of γ-Al2O3 with nanorod 
morphology, which is also quite evident from the TEM images (Figure 4e).

Figure 4. 
(a) SEM and (b) TEM images of pure γ-Al2O3. SEM images of Al(O)x/GO (c) before calcination at autoclave 
heating of 453 K for 6 h and (d) after calcination at 723 K for 2 h. (e) TEM image of γ-Al2O3-rGO after 
calcination at 723 K for 2 h, and (f) SAED pattern of γ-Al2O3-rGO hybrid at 723 K for 2 h.

Figure 5. 
XRD of γ-Al2O3-rGO (1-h calcination time), γ-Al2O3-rGO (2-h calcination time) and γ-Al2O3-rGO (3-h 
calcination time).
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In all cases after calcination for 1, 2 and 3 h in Figure 5, the characteristic peaks 
of GO that usually appear at 10.28 are also invisible in these hybrids. The total 
changes in the peaks of the XRD pattern before and after calcination indicate the 
effects of hydrothermal and calcination treatments.

Raman spectroscopy is conducted on these hybrids to confirm the presence of 
carbon, shown in Figure 7. The Raman spectra of the sample indicate that rGO is 
present in hybrids with 1-, 2- and 3-h calcination time. For calcinated samples with 
different times (1, 2, and 3 h), the Raman intensity decreases with calcination time, 
consistent with TGA results. The G-band value is different in the Raman spectrum 
of all γ-Al2O3 and rGO hybrids as compared to pristine graphene. This reveals the 
presence of prominent electronic interactions between γ-Al2O3 and rGO in hybrids.

The nanohybrids of γ-Al2O3-rGO with 3, 2, and 1-h calcination time have BET 
surface areas of 361, 408, and 379 m2•g−1, respectively. For bare γ-Al2O3, the BET 
surface area is 280 m2•g−1. The bulk densities of γ-Al2O3-rGO with 3-, 2-, and 1-h 
calcination time have values of 1.61, 1.37, and 0.92 g cm−3, respectively. For bare 
γ-Al2O3, the bulk density is 2.75 g cm−3. Clearly, the presence of rGO has led to high 
BET surface-area values. Presence of rGO in hybrid can increase the BET surface 
area, pore volume, and thermal conductivity. The higher surface areas, pore volume, 
thermal and electrical conductivity are significant factors from an applied applica-
tion point of view. Further as the calcination temperature increased, the crystallinity 
of γ-Al2O3 and rGO hybrids was considerably enhanced as shown in the XRD of 
γ-Al2O3 and rGO hybrids which are taken from 500 to 800 K as in Figure 8. For the 
analysis, calcination time is kept constant (1 h) and further calcination temperature 
was set as 500, 600, 650, 700, 750, and 800 K, respectively. Actually, most of the 
samples do not show any characteristics peaks for the rGO in XRD (Figure 8).

Now, the crystallinity of γ-alumina is a major concern. Further, it is found 
that sharp, broad and prominent peaks are obtained for γ-alumina at the higher 
calcination temperature. But the peaks were weaker or not prominent, when 
there was a lower calcination temperature such as 500, 600, and 650, respectively. 

Figure 6. 
XRD of γ-Al2O3-rGO before calcination and inset is XRD of pure γ-Al2O3, fabricated at 723 K.
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consistent with TGA results. The G-band value is different in the Raman spectrum 
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Hot-pressed γ-Al2O3 and rGO nanohybrid samples were fabricated at a temperature 
of 900°C. Hot pressing can affect the quality of graphene. Preserving the quality 
of graphene as much as possible is a major factor in the enhanced properties of 
graphene hybrids [19–21]. The SEM morphology of all samples after hot pressing is 
shown in the Figure 9.

The Raman and XRD data for γ-Al2O3-rGO calcinated at 2 h, before and after 
hot pressing, are shown in Figures 10 and 11, respectively. Before hot pressing, 

Figure 7. 
Raman spectra of γ-Al2O3-rGO (1-h calcination time), γ-Al2O3-rGO (2-h calcination time) and γ-Al2O3-rGO 
(3-h calcination time).

Figure 8. 
XRD of γ-Al2O3-rGO hybrids taken from 500 to 800 K.
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the D band for the sample is found at 1345.21 cm−1. After hot pressing, it is found 
at 1350.89 cm−1. Before hot pressing, the G band is found at 1588.46 cm−1. After hot 
pressing, the G band is found at 1592.33 cm−1. This shift in D and G bands is due to 
the electronic interaction between γ-Al2O3 and rGO during hot press processing. 

Figure 9. 
SEM images of hot pressed samples (a) γ-Al2O3-rGO (1 h calcination time), (b) γ-Al2O3-rGO (2-h calcination 
time), (c) γ-Al2O3-rGO (3-h calcination time), and (d) pure γ-Al2O3 (1-h calcination time).

Figure 10. 
Raman of γ-Al2O3-rGO (2-h calcination time) before and after hot-pressing.
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There is not much effect on the integrity of alumina nanorods during hot pressing 
as this is also confirmed by XRD (Figure 11).

The three hot-pressed samples of γ-Al2O3-rGO hybrids with calcination times 
from 1, 2, and 3 h and pure γ-Al2O3 (calcinated at 1 h) were studied for properties 
studies. Electrical conductivity as a function of the concentration of rGO in the 
hybrid is shown in the Figure 12.

It is also found that the electrical conductivity increases with more rGO content. 
The electrical conductivities of γ-Al2O3-rGO calcinated at 1, 2, and 3 h were 8.2 × 101, 
7.8 × 101, and 6.7 × 101 S•m−1, respectively. There is conductivity (5.1 × 10−10 S•m−1) 
found in bare γ-Al2O3 samples, which confirms that the bare alumina is highly non-
conductive. Previous reports show that little carbon (2%) in alumina-carbon hybrids 
can enhance conductivity up to great level (from 10−12 S•m−1 to 10−1 S•m−1). The 
improvement of the electrical properties is due to heat treatment, and it has been 
attributed to mechanisms such as restoration of sp2 C▬C bonds and cross-linking 
between reduced GO sheets during the thermal annealing process [28]. These 

Figure 12. 
Electrical conductivity vs. % rGO with error bar.

Figure 11. 
XRD of γ-Al2O3-rGO (2-h calcination time) before and after hot pressing.
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samples showed a significant increase and improvement in thermal conductivity. 
This is mainly because of the excess surface electrons and the layered structure of 
rGO. Thin rGO layers can independently have higher conductivities. The thermal 
conductivity of pure alumina was reported 0.5 Wm−1 K−1 at 75°C, which prepared by 
hydrolysis and solvothermal method. The thermal conductivity of γ-Al2O3-rGO with 
1-, 2- and 3-h calcination time and bare γ-Al2O3 (1-h calcination time) as a function 
of varying temperatures is shown in Figure 13. At a room temperature of 25°C, the 
thermal conductivities of pure γ-Al2O3 and γ-Al2O3-rGO (3, 2 and 1-h calcination 
time) were found to be 0.81, 1.4, 2.37, and 2.53 Wm−1 K−1, respectively. As the tem-
perature was increased, the thermal conductivity gradually increased in all hybrids 
of γ-Al2O3-rGO and bare γ-Al2O3.

In the case of ceramic materials, porosity is one of the main reasons for decreases 
in the overall thermal conductivity. The dielectric properties of γ-Al2O3-rGO hybrids 
and bare γ-Al2O3 were measured using an LCR meter, as shown in Figure 14. For 
γ-Al2O3, its dielectric constant is found to be around 9.8, which is closer to that of 
pure alumina.

For the 3-h calcinated hybrid, the dielectric constant is significantly increased 
and is multiplied by a factor of 12, which indicates the presence of a first percolation 
threshold. However, when the rGO content is enhanced in the hybrids by decreasing 
calcination time to 2 h, the dielectric constant further decreases and approaches the 
value of pure γ-Al2O3. This is attributed to an anomalous trend that produces drastic 
changes that are usually suffered by most ceramic materials and matrix micro-
structures. By further decreasing the calcination temperature of hybrids to 1 h, the 
dielectric constant increases by four orders of magnitude, which indicates the pres-
ence of a second percolation threshold that is achieved through this higher value of 
dielectric constant. Similarly, the dielectric loss indicates very similar behavior in 
the real part of the dielectric constant as shown inset of Figure 14. Dielectric loss 
of Al2O3-rGO hybrid with 1-h calcination time is much increased, as more rGO in 
hybrid and this more rGO can make conductive layers’ network of rGO in between 
alumina nanorods; this would cause significant leakage current, and thus result 
in a high dielectric loss. The existence of a double percolation threshold in such 
γ-Al2O3 and rGO hybrids can be significant for technological and applied applica-
tions because it can be used to enhance the dielectric properties in γ-Al2O3 and rGO 

Figure 13. 
Thermal conductivity as function of temperature (black, red and green curves are for γ-Al2O3-rGO with 1-, 
2- and 3-h calcination time with error bar.
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found in bare γ-Al2O3 samples, which confirms that the bare alumina is highly non-
conductive. Previous reports show that little carbon (2%) in alumina-carbon hybrids 
can enhance conductivity up to great level (from 10−12 S•m−1 to 10−1 S•m−1). The 
improvement of the electrical properties is due to heat treatment, and it has been 
attributed to mechanisms such as restoration of sp2 C▬C bonds and cross-linking 
between reduced GO sheets during the thermal annealing process [28]. These 

Figure 12. 
Electrical conductivity vs. % rGO with error bar.

Figure 11. 
XRD of γ-Al2O3-rGO (2-h calcination time) before and after hot pressing.
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samples showed a significant increase and improvement in thermal conductivity. 
This is mainly because of the excess surface electrons and the layered structure of 
rGO. Thin rGO layers can independently have higher conductivities. The thermal 
conductivity of pure alumina was reported 0.5 Wm−1 K−1 at 75°C, which prepared by 
hydrolysis and solvothermal method. The thermal conductivity of γ-Al2O3-rGO with 
1-, 2- and 3-h calcination time and bare γ-Al2O3 (1-h calcination time) as a function 
of varying temperatures is shown in Figure 13. At a room temperature of 25°C, the 
thermal conductivities of pure γ-Al2O3 and γ-Al2O3-rGO (3, 2 and 1-h calcination 
time) were found to be 0.81, 1.4, 2.37, and 2.53 Wm−1 K−1, respectively. As the tem-
perature was increased, the thermal conductivity gradually increased in all hybrids 
of γ-Al2O3-rGO and bare γ-Al2O3.

In the case of ceramic materials, porosity is one of the main reasons for decreases 
in the overall thermal conductivity. The dielectric properties of γ-Al2O3-rGO hybrids 
and bare γ-Al2O3 were measured using an LCR meter, as shown in Figure 14. For 
γ-Al2O3, its dielectric constant is found to be around 9.8, which is closer to that of 
pure alumina.

For the 3-h calcinated hybrid, the dielectric constant is significantly increased 
and is multiplied by a factor of 12, which indicates the presence of a first percolation 
threshold. However, when the rGO content is enhanced in the hybrids by decreasing 
calcination time to 2 h, the dielectric constant further decreases and approaches the 
value of pure γ-Al2O3. This is attributed to an anomalous trend that produces drastic 
changes that are usually suffered by most ceramic materials and matrix micro-
structures. By further decreasing the calcination temperature of hybrids to 1 h, the 
dielectric constant increases by four orders of magnitude, which indicates the pres-
ence of a second percolation threshold that is achieved through this higher value of 
dielectric constant. Similarly, the dielectric loss indicates very similar behavior in 
the real part of the dielectric constant as shown inset of Figure 14. Dielectric loss 
of Al2O3-rGO hybrid with 1-h calcination time is much increased, as more rGO in 
hybrid and this more rGO can make conductive layers’ network of rGO in between 
alumina nanorods; this would cause significant leakage current, and thus result 
in a high dielectric loss. The existence of a double percolation threshold in such 
γ-Al2O3 and rGO hybrids can be significant for technological and applied applica-
tions because it can be used to enhance the dielectric properties in γ-Al2O3 and rGO 

Figure 13. 
Thermal conductivity as function of temperature (black, red and green curves are for γ-Al2O3-rGO with 1-, 
2- and 3-h calcination time with error bar.
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hybrids with the addition of a small rGO % in the hybrid. From compressive and 
tensile stress-strain analysis, it is evident that with an increase of rGO content in the 
hybrid the mechanical compressive and tensile strength is increased as compared 
to pure alumina. This further caused more strength in alumina hybrids, i.e., higher 
compressive, tensile strength and higher compressive young modulus values for 
these hybrids (Figures 15 and 16). The enhanced mechanical properties of γ-Al2O3 
and rGO hybrids can be attributed to covalent interaction of rGO with γ-Al2O3 and 
to efficient load transfers between rGO and nanorods of γ-Al2O3. Further, this is 
closely bound with the elongated and fine γ-Al2O3 nanorods and atomic-level rGO 
layers with a covalent interaction with γ-Al2O3. Young modulus of γ-Al2O3-rGO with 
1-, 2- and 3-h calcination time and γ-Al2O3 with 1-h calcination time are calculated 
as 3.7, 3.2, 2.65 and 1.80 GPa. In this case, lower tensile and compressive strength 
in alumina can be due to the availability of powder instead of single crystals of 
alumina. Increase in calcination temperature has reduced wt.% of rGO in a hybrid. 
This is the reason of having more strength in hybrids with lower calcination 

Figure 14. 
Dielectric properties vs. % rGO in γ-Al2O3-rGO hybrid with error bar.

Figure 15. 
Compressive and tensile strength as a function of rGO for hybrid γ-Al2O3-rGO with error bars.
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temperature. The maximum value of Young’s modulus (3.7 GPa) is determined in 
1-h calcinated alumina-rGO hybrid, as also shown in Figure 16.

Thus, elongated dimensions of nanorods are a major cause of higher mechanical 
strength in these hybrids. In γ-Al2O3-rGO monoliths, higher calcination temperature 
enhances length, diameter and aspect ratios of γ-Al2O3 nanorods. Presence of more rGO 
and higher aspect ratio elongated alumina rods determines the interface interaction 
between rGO platelets and alumina. A 90% increase in tensile strength and 75% in com-
pressive strength occurs when the content of rGO is increased from 0 to 7.705 wt.% in the 
hybrid calcination of a hybrid at 3-h processing time. With the increase of rGO, alumina-
rGO hybrids have shown higher values for young modulus. The hybrids with 1-h 
calcination time show good enhancement in its electrical conductivity (8.2 × 101 S m−1) 
due to the availability of more surface electrons of rGO. This is best-reported values for 
conductivity. After hot press process, there is a wide increase in electrical conductivity 
values when there is a decrease of calcination temperature from 3 to 1-h processing time 
in these hybrids. Further, the thermal conductivity of γ-Al2O3-rGO is enhanced by more 
than 80% compared to that of bare γ-Al2O3 when there is an increase in rGO content up 
to 7.705 wt.% in γ-Al2O3 and rGO hybrids. There is a 77% increase in thermal conductiv-
ity using this solvothermal method in these γ-Al2O3 and rGO hybrids. Physical properties 
such as the BET surface area and bulk density are also improved. Elongated dimensions 
of nanorods are a major cause of higher mechanical strength in these hybrids. Dielectric 
constant increases by four orders of magnitude through second percolation threshold 
with the addition of small rGO in a hybrid. Enhancement in physical properties can be 
due to well aligned, elongated and fine nanorods morphology of alumina in hybrids, 
calcination, and hot press processing further played an important role by sustaining 
quality rGO in hybrids. These nanohybrids of alumina monoliths and rGO can be further 
applied as catalysts, electrolytes, and as electrochemically active materials because of 
their nanometer dimensions and enhanced physical properties.

4.  Physical properties of silica-graphene hybrids for technological 
applied applications

With rGO in the SiO2-rGO hybrids, the hybrids powder shows a prominent 
change in the color after calcination. TGA of SiO2-rGO powder samples shows that 

Figure 16. 
Compressive Young’s modulus as % rGO in alumina-rGO hybrids.
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hybrids with the addition of a small rGO % in the hybrid. From compressive and 
tensile stress-strain analysis, it is evident that with an increase of rGO content in the 
hybrid the mechanical compressive and tensile strength is increased as compared 
to pure alumina. This further caused more strength in alumina hybrids, i.e., higher 
compressive, tensile strength and higher compressive young modulus values for 
these hybrids (Figures 15 and 16). The enhanced mechanical properties of γ-Al2O3 
and rGO hybrids can be attributed to covalent interaction of rGO with γ-Al2O3 and 
to efficient load transfers between rGO and nanorods of γ-Al2O3. Further, this is 
closely bound with the elongated and fine γ-Al2O3 nanorods and atomic-level rGO 
layers with a covalent interaction with γ-Al2O3. Young modulus of γ-Al2O3-rGO with 
1-, 2- and 3-h calcination time and γ-Al2O3 with 1-h calcination time are calculated 
as 3.7, 3.2, 2.65 and 1.80 GPa. In this case, lower tensile and compressive strength 
in alumina can be due to the availability of powder instead of single crystals of 
alumina. Increase in calcination temperature has reduced wt.% of rGO in a hybrid. 
This is the reason of having more strength in hybrids with lower calcination 

Figure 14. 
Dielectric properties vs. % rGO in γ-Al2O3-rGO hybrid with error bar.

Figure 15. 
Compressive and tensile strength as a function of rGO for hybrid γ-Al2O3-rGO with error bars.
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temperature. The maximum value of Young’s modulus (3.7 GPa) is determined in 
1-h calcinated alumina-rGO hybrid, as also shown in Figure 16.

Thus, elongated dimensions of nanorods are a major cause of higher mechanical 
strength in these hybrids. In γ-Al2O3-rGO monoliths, higher calcination temperature 
enhances length, diameter and aspect ratios of γ-Al2O3 nanorods. Presence of more rGO 
and higher aspect ratio elongated alumina rods determines the interface interaction 
between rGO platelets and alumina. A 90% increase in tensile strength and 75% in com-
pressive strength occurs when the content of rGO is increased from 0 to 7.705 wt.% in the 
hybrid calcination of a hybrid at 3-h processing time. With the increase of rGO, alumina-
rGO hybrids have shown higher values for young modulus. The hybrids with 1-h 
calcination time show good enhancement in its electrical conductivity (8.2 × 101 S m−1) 
due to the availability of more surface electrons of rGO. This is best-reported values for 
conductivity. After hot press process, there is a wide increase in electrical conductivity 
values when there is a decrease of calcination temperature from 3 to 1-h processing time 
in these hybrids. Further, the thermal conductivity of γ-Al2O3-rGO is enhanced by more 
than 80% compared to that of bare γ-Al2O3 when there is an increase in rGO content up 
to 7.705 wt.% in γ-Al2O3 and rGO hybrids. There is a 77% increase in thermal conductiv-
ity using this solvothermal method in these γ-Al2O3 and rGO hybrids. Physical properties 
such as the BET surface area and bulk density are also improved. Elongated dimensions 
of nanorods are a major cause of higher mechanical strength in these hybrids. Dielectric 
constant increases by four orders of magnitude through second percolation threshold 
with the addition of small rGO in a hybrid. Enhancement in physical properties can be 
due to well aligned, elongated and fine nanorods morphology of alumina in hybrids, 
calcination, and hot press processing further played an important role by sustaining 
quality rGO in hybrids. These nanohybrids of alumina monoliths and rGO can be further 
applied as catalysts, electrolytes, and as electrochemically active materials because of 
their nanometer dimensions and enhanced physical properties.

4.  Physical properties of silica-graphene hybrids for technological 
applied applications

With rGO in the SiO2-rGO hybrids, the hybrids powder shows a prominent 
change in the color after calcination. TGA of SiO2-rGO powder samples shows that 

Figure 16. 
Compressive Young’s modulus as % rGO in alumina-rGO hybrids.
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different initial GO suspensions (0.1, 0.2, and 0.3 g) have led to different concentra-
tions of rGO in the hybrids. The TGA curves of all hybrids show a stable weight loss 
up to 100°C, as a result of moisture loss and between 150 and 300°C, as a removal of 
unreduced GO functional groups, and from 350 to 600°C, as a result of removal of 
all carbon related materials which are due to the decomposition of rGO, and other 
impurities (if any) after heating SiO2-rGO hybrids to 800°C in an air atmosphere. By 
keeping 1-h calcination time, with initial 0.1 g GO suspension in hybrid, the wt.% 
loss of 1.55 was calculated. With initial 0.2 g GO suspension in hybrid, the wt.% loss 
of 6.75 was calculated. With initial 0.3 g GO suspension in hybrid, the wt.% loss of 
10.82 was calculated. From the wt.% loss, it is found that % rGO is determined as 
1.55, 6.75 and 10.82 in the SiO2-rGO hybrids, which are obtained from 0.1, 0.2 and 
0.3 g GO suspensions, respectively. All powder samples before calcination (at 800 K 
for 1 h) but after autoclave heating (at 420 K for 4 h) have been referred to as Si(O)x/
rGO. Lower and higher magnification SEM images for hybrid SiO2-rGO-1.55% (calci-
nated at 800 K for 1 h) are shown as in Figure 17a and b. From SEM images, it is clear 
that SiO2 have sphere morphology with location side by side along with overlapping 
and wide size distribution of spheres, ensuring very close contact among SiO2 spheres 
in the whole network. The diameters of spheres have variation in size ranging from 
5 nm to 3 μm. Bare SiO2 particles (calcinated at 800 K for 1 h) have shown spherical 
morphology with the little rough surface as shown in the Figure 17b and d. The rough 
texture of SiO2 sphere is confirmed by the closely looking to Figure 17d. Diameters of 
SiO2 spheres vary in size from 1 μm to a few micrometers. TEM is carried out to verify 
the morphology, which is obtained in SEM. Further, TEM image of SiO2-rGO-1.55% 
shows that the SiO2 spheres were uniformly encapsulated by the thin layers of rGO 
(marked with an arrow) as in the Figure 17e. After hydrothermal (420 K for 4 h) and 
calcination (800 K for 1 h) treatments, in SiO2-rGO-1.55% hybrid, the SiO2 spheres is 
fully decorated with small rGO sheets.

In Figure 17e, the low-contrast features are small portions of the graphene 
layers on which SiO2 spheres are uniformly distributed. After thermal treatments, 
uniform distribution of SiO2 spheres and rGO sheets is the main factor for enhanced 
properties of the SiO2-rGO hybrid. TEM image of SiO2-rGO-1.55% is shown in the 

Figure 17. 
SEM images of (a) SiO2-rGO-1.55% (b) pure SiO2 fabricated at a calcination temperature of 800 K for 1 h 
at lower magnification. SEM images of same (c) SiO2-rGO-1.55% (d) pure SiO2 at higher magnification. 
(e) TEM images of same SiO2-rGO-1.55% at lower magnifications, inset is SAED pattern for same sample and 
(f) TEM images of same pure SiO2 at lower magnifications.
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Figure 17e, from TEM image it is evident that diameters of SiO2 spheres ranges 
from few nanometers to few micrometers, and agreed with SEM results. For the 
SiO2-rGO-1.55% hybrid, the selected area electron diffraction (SAED) pattern is 
presented in the inset of Figure 17e, and it shows the hybrid is composed of SiO2 
spheres and thin rGO layers. In SAED pattern, the electron diffraction rings indi-
cate the amorphous nature of SiO2. Rough texture and the non-uniform surface 
of a pure SiO2 sphere are confirmed from TEM results in Figure 17f. Diameters of 
spherical SiO2 vary from 1 μm to a few micrometers as evident from TEM charac-
terization (Figure 17f, and in agreement with SEM results of Figure 17b and d. For 
more insight into structural properties of SiO2-rGO hybrids, the fabrication of the 
amorphous SiO2 was confirmed from the XRD results as shown in the Figure 18. 
XRD peak of the pure SiO2 confirmed the presence of amorphous SiO2 in the 
sample, which is prepared from the same method and under same experimental 
conditions but without the addition of GO.

In the XRD spectra of all the samples with % rGO of 1.55, 6.75 and 10.82 and 
pure SiO2, the presence of characteristic peaks of amorphous SiO2 is evident and 
matched with JCPDS card no. 01-086-1561. Relatively intense and broader peaks are 
observed in the XRD of pure SiO2, SiO2-rGO-1.55% and SiO2-rGO-6.75% hybrids in 
comparison to SiO2-rGO-10.82% hybrid. In XRD pattern (Figure 18), the absence 
of XRD peak at 10.28o is the evidence of the successful reduction of GO in hybrids 
after hydrothermal and calcination treatments. Raman spectroscopy confirmed the 
presence of carbon in hybrids. Meanwhile, SiO2-rGO hybrids were tested for FTIR 
spectra to evaluate the reduction of GO and successful attachments of SiO2 spheres 
with rGO platelets, as shown in Figure 19. With 1.55, 6.75 and 10.82 wt.% rGO, it is 
found that SiO2-rGO hybrids have shown IR band at 3417 and 1396 cm−1, which are 
mainly due to the stretching and bending vibrations of ▬OH structural group and 
stretching vibrations of absorbed water.

All hybrids have shown the IR band at 1642 cm−1, which is due to the bending 
vibration of absorbed water molecules. In SiO2-rGO hybrids, the IR bands at 1110, 
800 and 479 cm−1 are assigned to the Si-O-Si asymmetric stretching and bending 
vibrations, respectively. According to previous reports, the IR bands at 1110, 800 
and 479 cm−1 are main IR characteristics bands for amorphous nature of silica, 
and such bands appear in IR spectra of all three SiO2-rGO hybrids. In hybrids, IR 
band at 380 cm−1 is associated with the Si-OH wagging mode. In-between 500 
and 780 cm−1, the appearance of IR bands is mainly because of assembling of SiO2 
spheres and rGO platelets in hybrids. Below 1000 cm−1, IR bands are mainly due 

Figure 18. 
XRD of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO and pure SiO2 fabricated at a calcination 
temperature of 800 K for 1 h.
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different initial GO suspensions (0.1, 0.2, and 0.3 g) have led to different concentra-
tions of rGO in the hybrids. The TGA curves of all hybrids show a stable weight loss 
up to 100°C, as a result of moisture loss and between 150 and 300°C, as a removal of 
unreduced GO functional groups, and from 350 to 600°C, as a result of removal of 
all carbon related materials which are due to the decomposition of rGO, and other 
impurities (if any) after heating SiO2-rGO hybrids to 800°C in an air atmosphere. By 
keeping 1-h calcination time, with initial 0.1 g GO suspension in hybrid, the wt.% 
loss of 1.55 was calculated. With initial 0.2 g GO suspension in hybrid, the wt.% loss 
of 6.75 was calculated. With initial 0.3 g GO suspension in hybrid, the wt.% loss of 
10.82 was calculated. From the wt.% loss, it is found that % rGO is determined as 
1.55, 6.75 and 10.82 in the SiO2-rGO hybrids, which are obtained from 0.1, 0.2 and 
0.3 g GO suspensions, respectively. All powder samples before calcination (at 800 K 
for 1 h) but after autoclave heating (at 420 K for 4 h) have been referred to as Si(O)x/
rGO. Lower and higher magnification SEM images for hybrid SiO2-rGO-1.55% (calci-
nated at 800 K for 1 h) are shown as in Figure 17a and b. From SEM images, it is clear 
that SiO2 have sphere morphology with location side by side along with overlapping 
and wide size distribution of spheres, ensuring very close contact among SiO2 spheres 
in the whole network. The diameters of spheres have variation in size ranging from 
5 nm to 3 μm. Bare SiO2 particles (calcinated at 800 K for 1 h) have shown spherical 
morphology with the little rough surface as shown in the Figure 17b and d. The rough 
texture of SiO2 sphere is confirmed by the closely looking to Figure 17d. Diameters of 
SiO2 spheres vary in size from 1 μm to a few micrometers. TEM is carried out to verify 
the morphology, which is obtained in SEM. Further, TEM image of SiO2-rGO-1.55% 
shows that the SiO2 spheres were uniformly encapsulated by the thin layers of rGO 
(marked with an arrow) as in the Figure 17e. After hydrothermal (420 K for 4 h) and 
calcination (800 K for 1 h) treatments, in SiO2-rGO-1.55% hybrid, the SiO2 spheres is 
fully decorated with small rGO sheets.

In Figure 17e, the low-contrast features are small portions of the graphene 
layers on which SiO2 spheres are uniformly distributed. After thermal treatments, 
uniform distribution of SiO2 spheres and rGO sheets is the main factor for enhanced 
properties of the SiO2-rGO hybrid. TEM image of SiO2-rGO-1.55% is shown in the 

Figure 17. 
SEM images of (a) SiO2-rGO-1.55% (b) pure SiO2 fabricated at a calcination temperature of 800 K for 1 h 
at lower magnification. SEM images of same (c) SiO2-rGO-1.55% (d) pure SiO2 at higher magnification. 
(e) TEM images of same SiO2-rGO-1.55% at lower magnifications, inset is SAED pattern for same sample and 
(f) TEM images of same pure SiO2 at lower magnifications.
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Figure 17e, from TEM image it is evident that diameters of SiO2 spheres ranges 
from few nanometers to few micrometers, and agreed with SEM results. For the 
SiO2-rGO-1.55% hybrid, the selected area electron diffraction (SAED) pattern is 
presented in the inset of Figure 17e, and it shows the hybrid is composed of SiO2 
spheres and thin rGO layers. In SAED pattern, the electron diffraction rings indi-
cate the amorphous nature of SiO2. Rough texture and the non-uniform surface 
of a pure SiO2 sphere are confirmed from TEM results in Figure 17f. Diameters of 
spherical SiO2 vary from 1 μm to a few micrometers as evident from TEM charac-
terization (Figure 17f, and in agreement with SEM results of Figure 17b and d. For 
more insight into structural properties of SiO2-rGO hybrids, the fabrication of the 
amorphous SiO2 was confirmed from the XRD results as shown in the Figure 18. 
XRD peak of the pure SiO2 confirmed the presence of amorphous SiO2 in the 
sample, which is prepared from the same method and under same experimental 
conditions but without the addition of GO.

In the XRD spectra of all the samples with % rGO of 1.55, 6.75 and 10.82 and 
pure SiO2, the presence of characteristic peaks of amorphous SiO2 is evident and 
matched with JCPDS card no. 01-086-1561. Relatively intense and broader peaks are 
observed in the XRD of pure SiO2, SiO2-rGO-1.55% and SiO2-rGO-6.75% hybrids in 
comparison to SiO2-rGO-10.82% hybrid. In XRD pattern (Figure 18), the absence 
of XRD peak at 10.28o is the evidence of the successful reduction of GO in hybrids 
after hydrothermal and calcination treatments. Raman spectroscopy confirmed the 
presence of carbon in hybrids. Meanwhile, SiO2-rGO hybrids were tested for FTIR 
spectra to evaluate the reduction of GO and successful attachments of SiO2 spheres 
with rGO platelets, as shown in Figure 19. With 1.55, 6.75 and 10.82 wt.% rGO, it is 
found that SiO2-rGO hybrids have shown IR band at 3417 and 1396 cm−1, which are 
mainly due to the stretching and bending vibrations of ▬OH structural group and 
stretching vibrations of absorbed water.

All hybrids have shown the IR band at 1642 cm−1, which is due to the bending 
vibration of absorbed water molecules. In SiO2-rGO hybrids, the IR bands at 1110, 
800 and 479 cm−1 are assigned to the Si-O-Si asymmetric stretching and bending 
vibrations, respectively. According to previous reports, the IR bands at 1110, 800 
and 479 cm−1 are main IR characteristics bands for amorphous nature of silica, 
and such bands appear in IR spectra of all three SiO2-rGO hybrids. In hybrids, IR 
band at 380 cm−1 is associated with the Si-OH wagging mode. In-between 500 
and 780 cm−1, the appearance of IR bands is mainly because of assembling of SiO2 
spheres and rGO platelets in hybrids. Below 1000 cm−1, IR bands are mainly due 

Figure 18. 
XRD of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO and pure SiO2 fabricated at a calcination 
temperature of 800 K for 1 h.
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to reduced oxygen and ▬OH groups, which is a further indication of a successful 
reduction of GO in hybrids after hydrothermal and calcination treatments. FTIR 
spectra of all hybrids possess less pronounced IR bands, and which are associated 
with the presence of amorphous silica. Amorphous silica can be distinguished from 
crystalline silica based on far FTIR region measurements. For more information of 
the chemical composition and elemental states, the XPS spectroscopy of hybrids is 
carried out. With 1.55, 6.75 and 10.82 wt.% rGO, XPS spectra of SiO2-rGO hybrids 
is presented in Figure 20.

In case of all the hybrids, XPS spectra show distinct peaks for C1s, O1s, O2s, 
Si2s, and Si2p. In case of SiO2-rGO-10.82% hybrid, the intensity ratios of the C1s 
peak to the Si 2 s and Si 2p peaks are measured, and intensity ratios are higher in 
comparison to hybrids with 6.75 and 1.55% rGO. This may be due to more rGO in 
hybrids, as confirmed by the TGA results. The samples were tested for Brunauer-
Emmett-Teller (BET) surface areas. In hybrids, higher % of rGO helps to increase 
surface area compared to that of pure SiO2. With 1.55, 6.75 and 10.82% rGO, the 
nanohybrids of SiO2-rGO have BET surface areas of 611.21 ± 19.02, 677.53 ± 25.21, 
and 712.01 ± 13.21 m2•g−1, respectively. For pure SiO2, the BET surface area is 
333.07 ± 21.57 m2•g−1. With 1.55, 6.75 and 10.82% rGO, the bulk densities of SiO2-
rGO have values of 1.41 ± 0.07, 1.29 ± 0.19, and 0.89 ± 0.03 g cm−3, respectively. 
For bare SiO2, the bulk density is 2.75 ± 0.12 g cm−3. It is found that mesoporosity 

Figure 19. 
FTIR of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO.

Figure 20. 
XPS spectra of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO.
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is highest with mesopores volume % of 90.52, which is measured for pure SiO2. It 
is quite clear that minimum mesopores volume % is 57.11, which is calculated for 
SiO2-rGO hybrid with 10.82% rGO. With higher wt.% of SiO2, hybrids have shown 
an increase of mesopores volume %. Clearly, the presence of more rGO has led to 
higher BET surface area in hybrids. Well-aligned SiO2 spheres with ultrathin rGO 
platelets resulted in a higher surface area and lower density compared to pure SiO2. 
In hybrids, the presence of more rGO has increased the BET surface area, which 
is the main reason for enhanced thermal and electrical conductivity due to the 
availability of more surface electrons of rGO platelets. The higher value of surface 
areas, electrical conductivity and thermal conductivity are significant factors for 
applications in thermal and electrical engineering. The effect of hot pressing pres-
sure on SiO2 and rGO hybrid was conducted. Raman spectroscopy is conducted on 
SiO2-rGO-6.75, which are hot pressed at 10, 20 and 30 MPa, respectively. The higher 
hot pressing pressure led the D peak intensity to reduce. For SiO2-rGO-6.75 hybrid 
at 30 MPa, D peak is almost disappeared as compared to the hot-pressing pressure 
of 10 and 20 MPa. It shows that higher hot pressing pressure leads to remove defects 
from the rGO platelets and reconstruction of sp2 carbon network in hybrid. The 
D/G intensity ratio has reduced with higher hot pressing pressure. Solvothermal-
hot press processed SiO2 and rGO hybrids have shown a significant improvement 
in the physical properties such as the electrical conductivity, thermal conductivity, 
tensile strength and the dielectric constant. In SiO2-rGO-10.8% hybrid, the electri-
cal conductivity of 0.143 S•m−1 is calculated. For the same sample, the thermal 
conductivity of 1.612 Wm−1 K−1 is calculated, which is enhanced by more than 255%. 
With little rGO in hybrid, dielectric constant increases by seven orders of magnitude 
through second percolation threshold, such values for dielectric constants are higher. 
In solvothermal-hot press processed SiO2-rGO, improved physical properties are due 
to more rGO platelets, high-temperature calcination, high-temperature hot pressing 
and formation of conductive pathways between rGO platelets and SiO2 spheres.

5. Conclusions

This book chapter has explained ceramics-graphene hybrids, enhanced properties 
and possible applications in ceramics-graphene industry. Further, by the solvothermal-
hot pressing method, a complete systematic study on enhanced physical properties 
of the hybrids has been made, which can further implement hybrids in advanced 
technological applications. This can lead to a significant contribution for the applica-
tions of ceramics-graphene assembly nanomaterials which can be further applied as 
electrolytes, catalysts, conductive, electrochemically active, and as dielectric materials 
for the high-temperature applications due to enhanced physical properties.
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Figure 19. 
FTIR of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO.

Figure 20. 
XPS spectra of SiO2-rGO hybrids with 1.55, 6.75 and 10.8% rGO.
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With little rGO in hybrid, dielectric constant increases by seven orders of magnitude 
through second percolation threshold, such values for dielectric constants are higher. 
In solvothermal-hot press processed SiO2-rGO, improved physical properties are due 
to more rGO platelets, high-temperature calcination, high-temperature hot pressing 
and formation of conductive pathways between rGO platelets and SiO2 spheres.

5. Conclusions

This book chapter has explained ceramics-graphene hybrids, enhanced properties 
and possible applications in ceramics-graphene industry. Further, by the solvothermal-
hot pressing method, a complete systematic study on enhanced physical properties 
of the hybrids has been made, which can further implement hybrids in advanced 
technological applications. This can lead to a significant contribution for the applica-
tions of ceramics-graphene assembly nanomaterials which can be further applied as 
electrolytes, catalysts, conductive, electrochemically active, and as dielectric materials 
for the high-temperature applications due to enhanced physical properties.
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