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Abstract

Intermetallic phases, as a group of materials which have a great practical importance, both 
in the past and in the present day, are subject of research on the basis of physicochemical 
and mechanical properties. The presented studies were conducted for Fe40Al5Cr0.2TiB 
intermetallic alloy, their purpose was to determine the corrosion resistance of this alloy 
in an oxidizing environment, at temperatures up to 1373 K. The test material was made 
of Fe40Al5Cr0.2TiB intermetallic alloy after plastic processing. The kinetics of corrosion, 
allotropic variants according to the temperature of the process and the surface condition 
after corrosion were determined during the study. Based on the results obtained, the veri-
fication was performed under operating conditions. Taking into account the properties 
of the FeAl alloys, the working conditions and material requirements of turbochargers, 
studies have been undertaken to determine the possibility of the use of Fe40Al5Cr0.2TiB 
intermetallic alloys for components of the hot turbocharger of the automobile with com-
pression ignition engines. The components of the hot turbocharger parts were used from 
the test material. The tests distance of turbocharger was 80,000 km.

Keywords: FeAl, corrosion, high temperature, application, Al2O3 layer

1. Introduction

Introducing the new materials to industrial practice enables us to build more and more dura-
ble and reliable components for machines and equipment that are suitable for use in high tem-
perature and other special conditions. Undoubtedly, this group of innovative and advanced 
construction materials introduced over the past 30 years includes intermetallic alloys [1] The 
wide interest in these alloys is mainly due to their unique properties, which in particular 
include: excellent oxidation, carburizing and sulphate resistance, good corrosion resistance 
in seawater and melted salts, high resistivity at room temperature (which also increases with 
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the increase of temperature), as well as high abrasion, erosion and cavitation resistance [2–4]. 
So much interest in FeAl alloys is due to the fact that during the high temperature processes 
in the oxidizing atmospheres a protective layer of aluminum oxide is formed on the surface of 
these materials forms. The layer prevents the degradation of the metallic core. These materi-
als can therefore be used as construction material for working in the atmospheric industrial 
gases, contaminated with SO2, O2 and steam [5].

Bystrzycki and others asserted that a set of favorable properties induces the use of intermetal-
lic alloys as a material working at elevated temperatures in industrial atmosphere. The limita-
tion may, however, be the fragility of these materials [6].

The structure of the alloy is stable however the presence of a pro-eutectoid phase in FeAl 
leads to a deterioration in the creep resistance [7].

As one of the major limitations of the practical application of FeAl alloys is their low plasticity 
(which makes it impossible to process with conventional methods). In the first step, FeAl alloys 
were focused on the feasibility of alloys. The result of this work was a doctoral thesis entitled 
“Ways to increase the plasticity of the alloy on the matrix of FeAl” [8]. The positive results of the 
conducted research became the inspiration for further research and development of these mate-
rials. The result of the study was the determination of corrosion resistance in a liquid environ-
ment, but above all resistance to high temperature gas corrosion. The next step was to verify the 
results obtained under real-life conditions in turbocharged performance tests where some com-
ponents were made from FeAl [9, 10]. Alloys of aluminum and iron intermetallic compounds are 
considered to be future-proof materials for applications in environments with high temperature 
corrosion, due to their good oxidation resistance (especially in an environment containing sulfur 
and chlorine). This has been confirmed by the results of the research presented in this paper.

The initial development of research concerning of the Fe-Al intermetallic alloys was aimed at 
modifying them with suitable alloying elements, such as zirconium, yttrium, boron, manga-
nese, chromium, vanadium, titanium, cobalt and nickel. The research of modified intermetal-
lic alloys with a variety of modifying elements has been conducted by numerous research 
centres around the world. It has been found that the most effective additives that improve 
the strength of intermetallic alloys at elevated temperatures and also plasticity and corrosion 
resistance both for isothermal and cyclic oxidation were: zirconium, boron and fine dispersion 
of Y2O3. Furthermore, the positive effects of alloying additives, both in oxygen and aggres-
sive oxygen and sulfur-containing gas mixtures, on the kinetics of oxidation of intermetallic 
alloys have been found. The results, obtained by numerous authors, clearly demonstrate the 
slowdown of the process of the Al2O3 scale development due to the modification of the FeAl 
phase with the appropriate amount of the element. The addition of Cr and Ti results in an 
increasing of the Fe-Al oxidation rate during the early stages of the reaction, but these addi-
tives have improved the adhesion of the scale and the morphology. In addition, they reduced 
the reaction rate for long periods [11–13].

For the FeAl alloys, elements of bathtubs for bath aluminizing and grate bars for furnaces 
(which have successfully passed long-term operating tests at 1273 K) are already being made 
[4]. Practical applications also include intermetallic (FeAl) pallets and racks for furnaces used 
in heat-chemical treatment as well as rails for roller hearth furnaces and rolls for transporting 
hot rolled steel sheets [1, 4].

Intermetallic Compounds - Formation and Applications2

2. Oxidation kinetics and Al2O3 morphology after heat-resistance 
tests

The test material was made of Fe40Al5Cr0.2TiB intermetallic alloy after plastic processing. The 
smelting process was carried out under vacuum. To homogenize the chemical composition, 
homogenizing annealing was performed at a temperature of 1323 K for 72 h. The resulting material 
was plastically extruded to improve the mechanical properties of the alloy for practical applica-
tion. Fine-tuning was carried out using a proprietary technology that is patentable. The devel-
oped method makes it possible to perform reprocessing of hard-to-change materials in a repetitive 
manner without cracks [14].The chemical composition of the test alloy is shown in Table 1.

The oxidation kinetics of the Fe40Al5Cr0.2TiB intermetallic alloy at 1173, 1223, 1273 and 
1373 K for 500 h is shown in Figures 1 and 2. The processes of complex diffusion in the 
Fe40Al5Cr0.2TiB intermetallic alloy and the aluminum oxide layer determine the speed of 
the process. The kinetics studies (Figures 1 and 2) show that the process is parabolic in accor-
dance with the relation dX/dt = k’

p (t)/X. The measured rates of reaction did not strictly reflect 
this law, i.e. at constant temperature k’

p = f(t) ≠ const deviations from the standard parabolic 
equation result from the formation of different Al2O3 oxide variants, grain growth and / or for-
mation of mixed oxides that appear during the oxidation reaction. Thus, in spite of the above 
limitations, it is convenient to approximate the reaction rates to the classical formula (Eq. (1)):

   x   2   – layer thickness,  c m   2      2   k   ′   p   −  constant rate of oxidation,     c m   2  ____ s          t − time,  s  (1)

Table 2 shows constants of the oxidation rate for the respective process temperatures, values 
of which correspond to the parabolic oxidation course (Figures 1 and 2).

The research on corrosion products made with scanning electron microscope is presented in 
Figures 3–10. The type of oxides on the surface of oxidized samples was determined by X-ray 
phase analysis. The results are shown in Figures 11–13. At a temperature of 1173 K, the α and 
θ form of Al2O3 oxides were observed (Figure 11). After oxidation at a temperature of 1273 K, 
a small amount of metastable θ − Al2O3 and a stable α− Al2O3 form of oxides were observed 
(Figure 12). Only stable α-Al2O3 is present at 1373 K (Figure 13). The growth rate of Al2O3 
scale, in the palaces where it has lost contact with the alloy, is similar to places that where the 
contact remains. This phenomenon occurs because the rate of evaporation of aluminum from 
the surface of the metallic phase and its transport in the gas phase towards the inner surface 
of the scale is faster than diffusion of oxygen through the Al2O3 scale. The whiskers appear on 
the surface of Al2O3 scale. This effect is related to the presence of compression stresses in the 
oxide, which are formed under isothermal conditions following the transverse growth phe-
nomenon. Despite the presence of Fe and Cr in the alloys, the created oxides of these metals  

Fe40Al5Cr0.2TiB Fe Al Cr Ti B

% Mass 68.21 23.66 5.77 0.15 0.015

Table 1. Chemical composition Fe40Al5Cr0.2TiB alloy.
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have several orders of magnitude higher compressibility decomposition than the oxides 
forming the protective scale of Al2O3. For this reason, Al in the Fe40Al5Cr0.2TiB intermetallic 
alloy can be selectively oxidized to stable form of Al2O3 oxides on the melt surface. From a 
thermodynamic point of view, the only protective oxide that is likely to form as a stable layer 
on the Fe40Al5Cr0.2TiB intermetallic alloy is Al2O3 [15].

Figure 1. The total weight gain (sample + chips oxide in the crucible) measured after oxidation.

Figure 2. The change in mass intermetallic alloy Fe40Al5Cr0.2TiB in time to 500 h in parabolic coordinates.

Intermetallic Compounds - Formation and Applications4

The structure and growth mechanism of the protective Al2O3 scale on heat-resistant alloys 
depends to a great extent on the type of metal in the matrix. Alloys on the FeAl intermetallic 
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layer is formed throughout its surface at the time of contact of the hot metallic phase with 
oxygen, regardless of temperature.

The thermal expansion of the alloy affects the level of stress that forms between the oxide and 
the metallic phase during temperature changes. Relaxation of these stresses can occur when the  
oxide layer comes off the metallic substrate.

The phase composition of the Al2O3 scale, which is formed on the alloys and intermetallic 
phases on the iron matrix, is influenced by: their chemical composition, the crystallographic 
structure of the metallic substrate and the temperature at which the oxidation process is car-
ried out. Within the temperature range of 1073–1223 K, in the initial oxidation state, on the 
surface of many iron alloys, especially the FeAl intermetallic phase, an increase in metastable 
alumina θ, γ and δ is observed. After a period of time, a protective layer from the α-Al2O3 
phase is produced. The addition of chromium to the FeAl alloy accelerates the phase transfor-
mation θ → α and increases its corrosion resistance [16–18].

Figure 5. The surface condition of the sample after the corrosion tests at 1223 K for 100 h: a – oxidized surface, b – formed 
on the surface morphology of the oxide.

Figure 6. X-ray microanalysis of the chemical composition of the areas indicated on the sample surface after corrosion 
research at 1223 K for 100 h.

Intermetallic Compounds - Formation and Applications6

One hypothesis assumes that the growth of metastable phases is related to the phenomenon 
of epitaxia.

Most of the metallic phases as well as metastable alumina crystallize in the regular grid, 
whereas alumina – in the hexagonal network. The growth velocity of the θ-Al2O3 phase is 
larger by one order of magnitude than in the case of α-Al2O3 phase, and its increase occurs as 
a result of core metal diffusion and depends on the concentration of vacancies in the cation 
subnetwork. The period of time required to form the continuous α-Al2O3 layer is reduced 
with increase of oxidation temperature [19].

The morphology of Al2O3 oxides varies depending on the process temperature: from the nee-
dles appearing at 1173 K to the oxides in the form of grains at 1373 K.

The θ-Al2O3 phase grows on FeAl alloys in the form of lamellar grains allowing the external 
surface of the scale to become strongly developed. Transformation of metastable alumina 
phases into the α-Al2O3 phase starts at the metal-oxide border [18, 19]. This transformation is 

Figure 8. X-ray microanalysis of the chemical composition of the areas indicated on the sample surface after corrosion 
research at 1273 K for 100 h.

Figure 7. The surface condition of the sample after the corrosion tests at 1273 K for 100 h: a – oxidized surface, b – formed 
on the surface morphology of the oxide.
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accompanied by a reduction in the volume of the oxide phase, which results in tensile stresses 
in the layer. The relaxation of these stresses results in numerous microcracks in which the new 
alumina is built up. Such microcapsules, filled with oxides, form a characteristic grid on the 
surface of the scale, which resembles a spider web [20, 21].

The growth of α-Al2O3 scale occurs as a result of the predominant, intra-articular transport 
of oxygen across the grain boundaries in the oxide. Because of low concentration of point 
defects in the α-Al2O3 phase, the aluminum and oxygen network diffusion in this oxide 
is not taken into account in the balance of mass transport through the layer of corrosion 
product [22, 23].

Figure 9. The surface condition of the sample after the corrosion tests at 1373 K for 100 h: a – oxidized surface, b – formed 
on the surface morphology of the oxide.

Figure 10. X-ray microanalysis of the chemical composition of the areas indicated on the sample surface after corrosion 
research at 1373 K for 100 h.

Intermetallic Compounds - Formation and Applications8

Figure 12. X-ray diffraction of the products of corrosion of the sample after oxidation at the temperature 1273 K in time 
48 h.

Figure 11. X-ray diffraction of the products of corrosion of the sample after oxidation at the temperature 1173 K in time 
48 h.
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3. The thickness of the corrosive layer

The kinetics of the corrosion process and the parabolic constant of the oxidation process (kp) 
were the basis for determining the thickness of the corrosive layer. The kp values for tempera-
tures of 1173, 1223, 1273, 1373 K were calculated from the relation (Eq. (2)):

   
 k  p  ‘’  −  constant rate of oxidation,   (   g   2  ⋅ c m   −4  ⋅  s   −1  )   
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The results obtained for individual oxidation times are presented in Table 2.

Taking into account the corrosion kinetics and the oxygen density of the Al2O3 compound, 
the theoretical thickness of the corrosion layer (based on the oxidation time and process tem-
perature) was calculated. The thickness of the corrosion layer was calculated from the relation 
(Eq. (3)):

    
Δ  m  O  
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ρAl2O3 = 1.98 g / cm3 – calculated oxygen density in Al2O3 compound, X – layer thickness [cm].

The results of the calculations are shown in Figure 14. The real (occurring on the surface) 
thickness of the corrosion layer is lower because, during its growth, part of this layer comes 

Figure 13. X-ray diffraction of the products of corrosion of the sample after oxidation at the temperature 1373 K in time 
48 h.
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off due to different coefficients of thermal expansion of the substrate and corrosion products. 
Figures 15 and 16 show a cross-sectional image of a sample after corrosion tests. In order to 
protect the corrosion layer, the surface was covered with nickel (Figure 15). It has been shown 
that the corrosion layer consists of an area coherently adjacent to the substrate when tested 
at a temperature of 1173 K for 500 h and a corrosive layer inconsistent with numerous dis-
continuities for samples subjected to corrosion testing at 1373 K. This phenomenon does not 
depend on the process time.

Figure 15. The Al2O3 layer after corrosion tests at temperature 1173 K in time 500 h.

Figure 14. Diagram of the layer thickness calculated from the density of oxygen in Al2O3 compound for the time of 500 h.
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3. The operating tests on the intermediate phase of FeAl

Many Fe40Al alloy tests have shown its high resistance to high temperature corrosion in 
environment rich in chlorine and sulfur compounds. This confirms the possibility of using 
these materials for elements operating at high temperatures in the atmosphere of exhaust and 
industrial gases. The high-temperature strength of FeAl alloys is better than the strength of 
polymer composites and typically used aluminum alloys, so FeAl Fe alloys can be used on 
rotating elements [24]. Such conditions occur for example in turbochargers of car engines.

Turbochargers are one of the basic components of an internal combustion engine that influ-
ence its parameters. They consist of a turbine (the so-called hot part), driven on the flue side 
and a compressor (so-called cold part) on the compressed air side, set on a common shaft. The 
rotating assembly is the main element of its structure, which is held in the central body with 
plain bearings [25].

Due to high temperature of operating turbine, the basic issue is the selection of a material 
resistant to high temperatures, oxidation, aggressive working environment and creep (defor-
mation). The exhaust gas temperature of the compression-ignition engine is about 973 K, and 
for spark-ignition engines it can be over 1273 K.

Due to the high temperature of exhaust gas and continuous changes of pressure, as well as a 
high rotational speed of up to 200 000 rpm it is necessary to use heat resistant materials [26, 27].

The durability of the turbocharger is also influenced by the presence of impurities entering 
the interior of the intake system, exhaust system and lubrication, and therefore the materials 
used for its components should exhibit abrasion resistance [28].

Taking into account the properties of alloys on the FeAl alloy phase and the working condi-
tions and material requirements of turbochargers, studies have been undertaken to determine 
the feasibility of the use of Fe40Al5Cr0.2TiB intermetallic alloys for components of the hot 
parts of turbocharger of a car with a compression ignition engine.

Figure 16. The Al2O3 layer after corrosion tests at 1373 K in time 100 h.
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The tests were performed on the Fe40Al5Cr0.2TiB intermetallic alloy which has been used as 
a material for making the axles of rollers for pressure control system in the suction manifold 
and the sleeve at the sealing ring of the turbocharger impeller (Figures 17, 18). These elements 
are made of Fe40Al5Cr0.2TiB intermetallic alloy. The turbocharger was operated in road con-
ditions for a distance of 80 000 km. After the tests, the turbocharger was dismantled and the 
components of the Fe40Al5Cr0.2TiB intermetallic alloy were tested.

The comparison of appearance of surface elements made from intermetallic Fe40Al5Cr0.2TiB 
alloy, after operating at a distance of 80 000 km indicates that there are no signs of tribological 
wear on them, and the surface is damage free.

The study of the rolls axis surface after their lifetime has been done with Hitachi S-4200 elec-
tronic scanning microscope. On the rollers surface small amounts of corrosion products and 
so-called carbon deposit (compounds derived from burnt engine oil) were found. The pres-
ence of single surface inequalities, which may be the result of the occurrence of metallurgical 
faults of the type of rupture, was also shown (Figures 19, 20).

Figure 18. The axles of the pressure control regulator rollers before the test and the place in embedded.

Figure 17. Turbine lid. The arrow indicates the sealing made of the alloy based on FeAl intermetallic phase matrix.
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The turbocharger operating conditions (high temperature, corrosive environment) make the 
turbocharger one of the most unreliable components of the engine. This failure can be reduced 
by using modern materials, including alloys based on FeAl’s intermetallic phase.

In the research, the tests of application FeAl alloys on the axle of the variable-geometry steer-
ing wheel control vanes were made. Conventional solutions often cause the turbocharger to 
malfunction due to the clogging of the rollers and their mounting axles, resulting in the lack of 
proper pressure control in the suction manifold. The use of FeAl alloys on the exhaust control 

Figure 19. Surface view of the roll axis control system made Fe40Al5Cr0.2TiB intermetallic alloy. Visible metallurgical 
defects in the form of shrinkage porosity.

Figure 20. Surface of the roller axle of the control unit made of intermetallic alloy Fe40Al5Cr0.2TiB.
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rollers axis was characterized by the correct operation of a turbocharger operated under high 
engine load conditions over a distance 80,000 km.

Determining the predictable lifetime of alloys based on FeAl’s intermetallic phase as heat-
resistant components working in the hot turbocharger section requires further investigation 
in this field, including verification for longer operating distances.

4. Summary

Summarizing the description of the processes involved in the high temperature corrosion of FeAl 
alloys, it seems appropriate to analyze key achievements concerning this issue in recent years.

Protecting metals from oxidation at high temperatures is one of the important problems of 
modern technology. Understanding the rate of process under certain conditions is essential 
both in theory and in practice. The phenomenon of gas corrosion is a source of many serious 
technical problems due to the large number of different technological processes running at 
high temperatures. The process which is limiting the growth of the protective oxide scale is 
volumetric diffusion. In industrial conditions we usually deal with different atmospheres, 
often very of variable composition, and also with non-isothermal conditions.

The possibility of reaction on metal surfaces and the composition of gas corrosion products 
can be predicted on the basis of thermodynamic data. Oxidation of metals of good heat-resis-
tance is a type of evenly spread corrosion that is uniform across the entire surface to produce 
a layer of products having the same thickness throughout the corroded area. The rate of cor-
rosion is most often determined by the growth of the mass of the sample or the volume of 
obtained products or spent gas substitutions calculated per unit of surface of the corroding 
metal surface, sometimes by determining the reaction rate of the reaction zone (depth of the 
corrosion zone) [29, 30]. When analyzing the kinetics of the metal oxidation process, it is 
important to define the kinetic law that the process follows and also to determine the reaction 
rate. The activation energy of the oxidation process (determined from kinetic measurements) 
is the energy of the slowest-running partial process, which determines the speed of the scale 
growth. It is assumed that the primary requirement for the oxide layer is to be airtight and to 
protect the metal from further corrosion is its greater volume relative to the volume of metal 
from which the oxide is formed, in accordance with the Pilling-Bedworth rule.

In case of large differences in volume, strong stresses, layer cracks and rapid oxygen diffusion 
paths may occur [31, 32]. Oxidation studies based on intermetallic compounds from the Fe-Al 
system show that a continuous layer of aluminum oxide forms on the surface of the coatings. 
Such an α-Al2O3 oxide layer generated on the coatings during cyclic oxidation at 1373 K and 
100 h shows significantly better corrosion resistance than θ-Al2O3 oxide produced on the alloy 
surface of the FeAl alloy [33].

FeAl alloys should be used for construction materials, protective coatings and materials 
working in high-temperature corrosion conditions. The high-temperature strength of FeAl 
alloys is better than composites and used aluminum alloys, thus FeAl alloys can be used on 
spinning components [24].
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Studies have shown that the growth of α-Al2O3 scale occurs with the involvement of oxygen 
transport at the intracellular boundaries in the oxide. Because of the low concentration of 
point defects in the α-Al2O3 phase, the network diffusion of aluminum and oxygen in this 
oxide is not included in the mass balance sheet by the corrosion product layer [22, 23]. The 
calculations and experiments carried out show that aluminum transport in the absence of 
contact of corrosion products with melt substrate (pore occurrence) occurs by the aluminum 
alloy evaporation. It is sufficient for the formation of oxide. X-rays showed that at 1373 K after 
48 h α-Al2O3 is the dominant component of the scale.

Taking into account the properties of the FeAl alloy, the working conditions and material 
requirements of the turbochargers, studies have been carried out to determine the feasibility 
of the use of the Fe40Al5Cr0.2TiB intermetallic alloy for hot-dipped turbocharger compo-
nents. Axis of the pressure control rollers in the suction manifold and the sleeve at the seal-
ing ring of the turbocharger rotor ring were made. Operation was performed under extreme 
turbocharger operation conditions (high load engine operation). The conditions produced 
during the test often lead to a turbocharger failure, which results in damage to the exhaust 
control system due to the seizure of the control mechanism. Performance tests have yielded a 
positive result, preserving turbocharger performance for 80 000 km.

5. Conclusion

1. The kinetics of the corrosion process of the high temperature alloy Fe40Al5Cr0.2TiB after 
the incubation period is in accordance with the parabolic law. Deviations from the para-
bolic course in the initial period are due to the fact that different allotropic variants of Al2O3 
oxide and grain growth occur.

2. The α-Al2O3 scale formed on the surface is characterized by different thermal expansion 
compared to the thermal expansion of the FeAl phase. Diffusion of the thermal expansion 
coefficient results in the formation of microcracks in the case of cyclic reduction and tem-
perature rise, leading to the falling of the protective oxide layer. The rate of growth of the 
scale in places where it has lost contact with the alloy (porosity) is the same as where the 
contact was maintained.

3. In the multicomponent alloy Fe40Al5Cr0.2TiB corrosion products formed on the surface 
of the material in the temperature range 1273 -1373 K the dominant oxide is α-Al2O3. The 
proportion of other oxides, e.g. Cr2O3, is negligible. This is due to the fact that the oxides of 
the remaining elements in the alloy, such as iron, chromium, have several orders of mag-
nitude higher decomposition. For this reason Al in the Fe40Al5Cr0.2TiB alloy is selectively 
oxidized to form stable α-Al2O3 oxide on the melt surface.

4. Morphology and phase composition of the scale are characterized by differentiation depend-
ing on the temperature at which the oxidation process takes place. In the temperature range 
up to 1223 K, metastable θ oxides are observed. Over time, the crystallographic network 
rebuilds to the α-Al2O3 phase. At higher temperatures, the time at which the continuous 
α-Al2O3 layer is produced decreases. Only α-Al2O3 phase was observed at 1373 K after 48 h.
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5. The thickness of the corrosion layer determined on the basis of the kinetics of the discon-
tinuous process shows differentiation compared to the results of thermogravimetric meas-
urements. The thickness of the corrosion layer measured on the surface of the oxidized 
samples in the crucibles is lower, as it decays during the cooling process due to the differ-
ent coefficients of thermal expansion of the substrate.

6. The use of the Fe40Al5Cr0.2TiB intermetallic alloy for hot turbocharger parts as nickel 
alloy alternatives with compression ignition has allowed operation while preserving the 
nominal compressor characteristics during the entire operating test. Surface condition tests 
carried out on elements after the course of 80 000 km showed no signs of tribological wear 
and the surface of these elements was free of corrosion damage.
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Abstract

This study focuses on primary impurities, called intermetallics, in the microstructure of 
Al-Si-X alloys, their formation, effects and treatments to eliminate or ameliorate their 
deleterious effects. Intermetallic compounds are usually formed when alloying ele-
ments, such as Fe, Cu, Mn, Mg and Sr. are added to Al-Si based alloys. These elements 
are depicted by X in the alloys formation expression. The chapter noted that the most 
common intermetallics are iron (Fe) based, and several of these Fe-phases, including the 
most harmful Fe-phase, β-Al5SiFe, are listed and discussed. Fe-phase intermetallics are 
deleterious to the mechanical properties of Al-alloys; however, addition of <0.7% Fe helps 
prevent soldering in die casting mould. The effects of Fe-phase and other intermetallics 
formed by Cu, Mg and Mn were examined. Further, some techniques of eliminating or 
mitigating the negative influences of intermetallics were discussed.

Keywords: Al-Si alloys, Fe intermetallics, aluminium alloys intermetallics,  
impurities in aluminium alloys, alloying elements

1. Introduction

Eutectic and near-eutectic alloys of Al-Si-X (ternary systems) have many areas of applica-
tions, particularly in the automotive, airspace and marine industries, due to their exceptional 
properties. X in Al-Si-X formation represents one or more alloying elements, such as copper 
(Cu), magnesium (Mg), nickel (Ni), iron (Fe), etc. Large quantities of aluminium (Al) alloys 
(Al-Si-X) are required in engineering applications, especially in automotive and airspace 
industries [1–4]. The mean aluminium consumption in automobiles in Europe is shown in 
Figure 1. The increasing demand and studies on these alloys seem to be proportionate, as sev-
eral studies have been reported on Al-Si-X alloys’ microstructure, mechanical properties and 
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their modifications [5–11]. The high demand is due to the excellent high strength-to-weight 
ratio, abrasion and corrosion resistance and low coefficient of thermal expansion possess by 
aluminium alloys. Besides these properties, aluminium alloys application is limited by certain 
mechanical property drawbacks, such as partially inherited as-cast microstructure, existence 
of unavoidable metastable intermetallics and intra-dendritic zones of microstructure [12, 13]. 
Eutectic and near-eutectic Al–Si-X alloys depend on chemical composition, morphology of 
dendritic α-Al, and intermetallics that are present in the microstructure for mechanical prop-
erties. Coupled with the size and morphology of eutectic Si and the precipitation hardening 
phases during heat treatment, describing the myriad variables responsible for mechanical 
properties is quite complex.

These alloys are usually produced from secondary alloys and recycling processes. Many of their 
based alloys contain impurities, while the levels of impurities in the recycled ones are multi-
plied during recycling process. Alloying elements, such as Mg, Cu and silicon (Si) are deliber-
ately added to Al alloys to enhance their mechanical properties. Apart from the intentionally 
added elements, impurities such as Fe, Cu, Cr, Manganese (Mn), and transition metals are usu-
ally present [14]. Although these impurities are at trace levels in the alloys, they form new phase 
components called intermetallics that significantly influence the properties of the microstruc-
tures. Quite often, these impurities are strong sites for crack initiation that serve as weak points 
for decohesion failure. However, intermetallics of Al or Si show resistance to corrosion and oxi-
dation due to their adherent surface oxides; intermetallics of light elements are applied in light 
weight areas due to their attractive low density, which gives rise to highly specific properties.

The total amount of intermetallics in as-cast alloys is below 5% volume. Despite a few inter-
metallics in the cast microstructure, the detrimental effects on the ductility and service perfor-
mance of alloys are huge. Controlling and manipulating the development of the metastable 
intermetallics during non-equilibrium solidification are of technological interests. This chap-
ter, therefore, centres on the understanding of intermetallics in Al-Si-X alloys, their formation, 
nature, their effects on mechanical properties and methods of mitigating their adverse influ-
ences. There are several published studies on the type of intermetallics in Al-Si-X alloys and 
their effects as presented in Table 1.
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The equilibrium and non-equilibrium reactions that occur during the casting of Al alloy account 
for intermetallic phases. Coarse intermetallic particles are formed in the interdendritic regions 
during solidification or at a relatively high temperature in the solid state during solution treat-
ment, homogenisation, or recrystallization [14]. Most metals, except for Mg and Cu, exhibit a 
low solid solubility in Al. When the amount of solute element exceeds the limit of solid solubil-
ity, an intermediate phase, also called second phase, is developed. The composition of the inter-
mediate phase is in between two pure metals (primary components) and has a varied crystal 
structure from the primary components. The intermediate phase, with unchanging composi-
tion, is called an intermetallic compound. Therefore, intermetallics are products of incomplete 
solid solubility by alloy systems. Intermetallic compounds identification in Al alloys is critical 
to complex structure examination. Microstructural examination is one of the primary ways of 
evaluating the evolution of phases in materials. This evaluation promotes the understanding of 
the effects of composition, production technique, heat treatments and deformation process on 

Ref Al-Alloy Intermetallics Effects on mechanical properties

[16, 17] Al-Fe-Fe is highly soluble in 
molten Al but low in solid Al 
(max 0.05 wt.%, 0.025 atm.%)

Al3Fe It cracks and reduces formability and fatigue 
resistance but Improves wear resistance

Al6Fe The effect of Al6Fe fibres on fatigue properties of Al-Fe 
alloys is not very clear yet, though is said to be finely 
dispersed.

[18–22] Fe combines with other elements to form intermetallic phase particles of various types

Al-Si-Fe β-Al5FeSi; Deleterious; stress raiser

α-Al8Fe2Si Less harmful

δ-Al4FeSi Metastable

Al-Si-Mg-Fe π-Al8Mg3FeSi6 It has negative impact on ductile properties; lower 
strength and ductility

Al9FeMg3Si5 improved significantly after the T6 heat treatment

Mg2Si Detrimental to the alloys’ ductility

[23] Al-Mn-Fe Al6(Fe,Mn) Significantly deteriorate the mechanical properties of 
alloy

Al-Si-Mn-Fe

(Excess Mn + Al5FeSi)

α-Al15(FeMn)3Si2

(China script)

Not very harmful but reduces the machinability

[24, 25] Al-Cu

(Cu 1–4%)

θ-Al2Cu Improve mechanical properties-they decrease the 
grain size and increase the fatigue life

Al-Si-Cu-Mg

(Cu 1–4%)

(Q) AI5Cu2Mg8Si6

Table 1. Studies on the types of intermetallics in al-Si-X alloys and their effects on mechanical properties.
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alloys’ mechanical behaviours. Also, it is used to investigate the influences of new fabrication 
processes and to analyse failure mechanisms and causes.

2.1. Identification of intermetallics

2.1.1. Fe-Intermetallics

The known intermetallic compounds in aluminium and its alloys are categorised into two sys-
tems: binary (Al-Fe and Fe-Si) and ternary systems. The following phases have been reported 
to exist in Al-Fe binary systems: Al5Fe2, Al3Fe, Al2Fe Al13Fe4 and Al8Fe5 [26–28]. In the case 
of a Fe-Si system, the following stable compounds were found: FeSi, Fe2Si, FeSi2, and Fe5Si3 
[29, 30]. Phase equilibria of the binary systems are generally well known. The ternary system is 
characterised by a large number phases, both metastable and stable. Several review papers on 
Al-Fe-Si ternary phases have been published [23–25]. Gosh appraised over 150 research papers 
on ternary phases that covered unto 1986 [30, 31]. More updates have been provided by other 
authors [30] and in 2008, Du et al. presented about 24 Al-Si-Fe ternary compounds [32]. A sum-
mary of all the significant phases of both binary and ternary systems are presented in Table 2.

In a study, the effects of Cu, Fe, Mg, Mn, and Sr. additions on the type of intermetallic com-
pounds formed in Al-Si eutectic alloys were investigated and reported [33]. Many eutectic 
alloys (SP0, SP1 SP2, SP3, SP4, and SP5) were developed by adding elements Cu, Fe, Mn, Mg 
and Sr. to A413.1. The chemical compositions of the various alloys produced for the experi-
ment are presented in Table 3.

Microstructural examination shows the presence of α-Fe Chinese script phases in alloys SP0, 
SP4 and SP5, with a reasonable amount of Mn, as shown in Figure 2. The morphology of Chinese 
script of the α-Fe phase arises during solidification of eutectic alongside α-Al. The appearance 
of α-Fe phase could be polyhedrons if it solidifies before the eutectic reaction occurs [34].

Binary systems Denary systems (Al-Si-Fe)

Al-Fe Al-Si Fe-Si Al2Fe3Si3 Al4.5FeSi

AlFe (α2) HT-FeSi2 (Fe2Si5) FeSi Al3FeSi Al3Fe2Si3

AlFe3 (α1) LT-FeSi2 FeSi2 Al21.5-45Fe36.5–37.5Si8.5–41.5
a Al64.5–67.5Fe15.5–16.5Si17-19

a

Al2Fe Fe2Si Fe2Si Al2FeSi Al2Fe3Si4

Al5Fe2 Fe5Si3 Fe5Si3 Al53.9–65.3Fe19.5–20.5Si15.2–25.6
a Al39.2–48.7Fe23.5–24.5Si27.8–36.3

a

Al13Fe4 FeSi Al3FeSi2 Al24.1–28.6Fe31.9–32.9Si39.5-43
a

Al8Fe5 (e) Al53-56Fe23.5–24.5Si20.5–22.5
a Al57-59Fe24-25Si17-18

a

Al7.4Fe2Si Al4Fe1.7Si

Al45.5-54Fe15.5–16.5Si30.5-38
a Al64–66.5Fe24-25Si9.5–11

a

Al68-72Fe18–19.5Si10–12.5
a

Table 2. A summary of both binary and ternary systems.
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Phase 
type

Alloy 
code

Al Si Cu Fe Cr Mn Mg Sr/
ppm*

Suggested composition

α-Fe Sp0 60.30 9.93 0.48 18.43 1.83 8.99 120 Al12.7(Fe,Mn,Cr,Cu)3Si2

Sp0 60.32 9.93 0.49 19.17 1.67 8.41 00 Al12.7(Fe,Mn,Cr,Cu)3Si2

Sp0 59.81 9.58 0.98 21.10 0.96 7.57 00 Al13.6(Fe,Mn,Cr,Cu)3.3Si2

Sp0 66.36 9.90 0.88 14.72 1.42 6.71 00 Al14(Fe,Mn,Cr,Cu)2.3Si2

Sp0 65.14 9.52 0.58 16.07 1.48 7.19 180 Al12.6(Fe,Mn,Cr,Cu)3Si2

Sp0 61.09 10.10 0.39 19.05 1.87 9.11 42 Al12.1(Fe,Mn,Cr,Cu)2.9Si2

Sp0 60.10 10.13 0.40 18.28 1.90 8.78 110 Al12.3(Fe,Mn,Cr,Cu)2.8Si2

Sp4 59.9 10.5 1.29 14.7 1.79 12.8 0.01 132 Al11.7(Fe,Mn,Cr,Cu)2.9Si2

Sp5 60.59 10.4 0.79 17.0 2.32 10.3 000 109 Al12.2(Fe,Mn,Cr,Cu)3Si2

Sp5 70.51 8.92 1.44 12.88 0.63 4.94 0.08 000 Al16.5(Fe,Mn,Cr,Cu)2.2Si2

Sp5 61.83 9.63 0.67 20.10 1.29 8.79 000 452 Al13.4(Fe,Mn,Cr,Cu)3.3Si2

Sp5 61.8 9.43 0.60 20.62 1.26 8.30 000 000 Al13.7(Fe,Mn,Cr,Cu)3.3Si2

Sp5 61.09 10.4 0.90 19.04 1.58 8.77 000 000 Al12.3(Fe,Mn,Cr,Cu)2.9Si2

Sp5 61.46 10.1 1.10 20.77 1.02 8.03 0.01 236 Al12.7(Fe,Mn,Cr,Cu)3.1Si2

Range 59.8–
70.6

8.9–
10.5

0.4–
1.44

14.7–
21.1

0.63–2.3 4.9–
12.8

Al11.7–16.5(Fe,Mn,Cr,Cu)2.2–3.3Si2

Average 62.2 9.9 0.79 18.0 1.5 8.5 Al13(Fe,Mn,Cr,Cu)2.9Si2

β-Fe Sp1 66.25 18 0.21 14.1 0.11 4.68 00 Al7.1(Fe,Mn,Cr,Cu)Si1.8

Sp1 71.2 9.66 0.33 13.56 0.11 4.23 241 Al8.0(Fe,Mn,Cr,Cu)Si

Sp1 56.7 17.68 0.05 22.8 0.03 3.8 00 Al4.4(Fe,Mn,Cr,Cu)Si1.3

Sp1 68.5 17.3 0.25 16.5 0.05 3.55 00 Al7.0(Fe,Mn,Cr,Cu)Si1.7

Sp2 72.3 14.8 0.13 10.7 0.07 2.72 352 Al10.7(Fe,Mn,Cr,Cu)Si2.1

Sp2 60.9 17.9 0.05 20.0 0.05 4.5 00 Al5.0(Fe,Mn,Cr,Cu)Si1.4

Sp4 55.7 17.9 0.10 22.2 0.05 3.88 0.11 129 Al4.39(Fe,Mn,Cr,Cu)Si1.36

Sp4 54.7 18.4 0.15 21.3 0.06 3.72 1.69 000 Al4.47(Fe,Mn,Cr,Cu)Si1.59

Sp4 55.6 17.9 0.10 22.1 0.03 3.61 0.44 000 Al4.43(Fe,Mn,Cr,Cu)Si1.41

Sp4 56.4 18.1 0.06 23.0 0.03 3.79 0.02 000 Al4.33(Fe,Mn,Cr,Cu)Si1.34

Range 54.4–
72.3

9.6–
18.4

0.05–
0.33

10.7–
23

0.03–
0.11

2.72–
4.68

Al4.3–10.7(Fe,Mn,Cr,Cu)Si1–2.21

Average 61.8 16.7 0.14 18.6 0.06 3.8 Al6(Fe,Mn,Cr,Cu)Si1.5
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2.1.2. α- and β-Fe phases

The platelet β-AlFeSi particles are found in the Sp1, Sp2 and Sp4 alloys. The β phase is known 
to be a primary phase, with a three-dimensional form of a platelet that looks like needles in a 
two-dimensional optical micrograph, as shown in Figure 3. The β-Fe phase chemical compo-
sition observed vary within Al9Fe2Si2, Al9FeSi, Al13.6Fe3 Si3.05, Al13.3Fe3Si3.3 and Al13.6Fe3Si3.4 [35]. 
The phases are generally represented by the chemical formula Al5FeSi, despite the non-inclu-
sion of alloying elements such as Cu, Mn, etc. The α-phase is the second type of the script-like; 
it has a lower amount of Fe which is between 23.88 and 26.79 wt.%, with Si in the range of 6.87 
and 8.38 wt.%. The chemical formula of the phase is Al10.42–11.67Fe2Si1.08–1.25. The second type of 

Phase 
type

Alloy 
code

Al Si Cu Fe Cr Mn Mg Sr/
ppm*

Suggested composition

Mg2S 
Pi 
phase

Sp3 0.33 37.3 62.4 00 Mg1.9Si

Sp3 49.3 26.5 0.13 8.16 0.10 1.66 14.76 00 Al10.3(Fe,Mn,Cr,Cu)Si5.3Mg3.4

Sp3 52.3 25.8 0.19 7.89 0.05 1.23 13.27 00 Al11.8(Fe,Mn,Cr,Cu)Si5.6Mg3.3

Sp3 48.6 26.1 0.08 9.19 0.01 0.96 15.03 00 Al9.9(Fe,Mn,Cr,Cu)Si5.1Mg3.4

Sp2 51.0 25.4 0.11 8.11 0.08 1.44 13.87 00 Al11.0(Fe,Mn,Cr,Cu)Si5.3Mg3.3

Sp2 49.6 26.5 0.20 8.77 00 0.63 14.22 00 Al10.9(Fe,Mn,Cr,Cu)Si5.6Mg3.5

Sp2 48.0 26.8 0.12 9.30 00 0.79 14.97 127 Al9.9(Fe,Mn,Cr,Cu)Si5.3Mg3.4

Sp4 46.7 27.4 0.18 7.91 0.04 1.91 15.9 000 Al9.6(Fe,Mn,Cr,Cu)Si5.4Mg3.6

Sp4 47.5 27.4 0.27 8.50 0.02 1.26 15.9 000 Al9.9(Fe,Mn,Cr,Cu)Si5.5Mg3.7

Sp4 48.4 26.7 0.46 9.58 0.13 2.44 15.1 000 Al8.1(Fe,Mn,Cr,Cu)Si4.3Mg2.8

Sp4 46.9 27.4 0.15 8.15 0.03 1.98 15.9 000 Al9.4(Fe,Mn,Cr,Cu)Si5.2Mg3.5

Range 46.7–
52.3

25.4–
27.4

0.08–
0.46

7.9–9.6 0–0.13 0.6–
2.44

13.3–
15.9

Al8.1–11.8(Fe,Mn,Cr,Cu)Si4.3–

5.6Mg2.8–3.7

Average 48.9 26.6 0.19 8.6 0.04 1.43 14.9 Al9(Fe,Mn,Cr,Cu)Si5.3Mg3.4

Q 
phases

Sp3 16.56 31.6 19.23 0.10 0.01 0.01 34.67 000 Al4Mg9.4Cu2Si7.4

Sp3 17.56 31.6 20.36 0.04 000 000 36.51 117 Al4Mg9.4Cu2Si7

Sp3 18.62 31.4 19.51 0.12 000 0.01 36.29 000 Al4.5Mg9.7Cu2Si7.3

Sp3 20.88 26.6 17.25 0.02 00 00 38.01 000 Al4.4Mg8.4Cu2Si7

Sp4 22.51 28.5 18.9 0.14 0.01 0.01 39.28 000 Al4.6Mg8Cu2Si6.8

Sp4 21.7 30.2 18.4 0.10 0.02 000 37.89 Al4.1Mg7.8Cu2Si7.7

Range 16.6–
22.5

26.6–
31.6

17.2–
20.3

0.02–
0.14

28–36.5 Al4–4.4Mg7.8–9.7Cu2Si6.8–7.7

Average 23.6 30 18.9 0.8 32.8 Al4Mg8.8Cu2Si7.2

Table 3. Analysis of chemical composition of intermetallic phases [33].
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the script-like a phase has a lower iron content, between 23.88 and 26.79 wt.%, a silicon con-
tent lying between 6.87 and 8.38 wt.%, and a chemical formula of Al10.42–11.67Fe2Si1.08–1.25.

2.1.3. δ- and pi-phase α- and β-Fe phases

Apart from α- and β-AlFeSi phases commonly found in Fe intermetallic compounds, there are 
other phases that are occasionally found [33]. These phases include δ-Al4FeSi2 and pi-Al8Mg-
3FeSi6 compounds, shown in the micrographs in Figure 4. The formation of the δ-Al4FeSi2 
phase is favoured by high amount of Si in Al-Si eutectic alloys. This phase is considered to 
be the richest in Si of the Al-Fe-Si phases, and looks like platelet morphology and shows grey 
level under optical microscope like β-phase [21, 36]. The disparity in the Fe/Si atomic ratio 
in the examined β-phase particles is most likely the outcome of the partial conversion of the 
δ-phase to the β-phase via the peritectic decomposition as in the expression [37]:

Liq. + δ-Al4FeSi2 → β-Al5FeSi + Si.

Figure 2. Refs. [33, 34] shows (a) non-modified PS0 alloy; (b) shows compact SEM image of phase; (c) structure of over 
modified PS4 alloy –note the presences of Al4SrSi2 particles on top of a-Fe morphology.

Figure 3. Optical micrograph of (a) β-Fe phase (needles) in alloy Sp1 and (b) SEM image showing 3-D platelet 
morphology of β-Fe phase [33].
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The pi-Al8Mg3FeSi6 phase is usually present in the precipitates of an alloy containing rela-
tively high Mg, such as Sp3 and Sp4 in Table 3.

2.2. Mg2Si phase

The precipitate, Mg2Si, is usually observed to in all Al–Si–Mg alloys, at the edge of pi phase 
particles. It appears in the form of black Chinese script particles, as shown in Figure 4. The 
precipitate can also be found at the edge of primary Si and the average chemical analysis of 
the Mg2Si provided in Table 3.

2.3. Al2Cu and Q-phases

Copper concentration increases with the solid fraction and segregates to the liquid during 
solidification. Al–Al2Cu is formed to the end of solidification. A study has suggested that 
addition of alloying elements, such as Mg and Sr phase, does not alter the stability of the 
Al2Cu [33]. During final solidification, the Q-phase, Q-Al5Mg8Si6Cu2, grows out from Al2Cu 

Figure 4. (a) β-Al5FeSi transforming into pi-phase in Sp4 alloy; (b) presence of pi-phase and phases of Mg2Si Chinese 
script in SP3 alloy [33].

Figure 5. (a) Q-phase growing out of Al2Cu phase; (b) energy dispersive spectroscopy corresponding to Q phase in (a) [33].
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particles. The EDX spectrum in Figure 5, shown that Q-phase has a reflection of elements, 
such as Al, Cu, Si and Mg, in the alloy.

Secondary alloys were prepared from recycling of cast Al alloys scrap of AlSi9Cu3, 
AlSi12Cu1Fe and AlSi8Zn10Mg were investigated for intermetallic compounds [38]. The 
chemical compositions of the recycled alloys are presented in Table 4.

The intermetallics found in recycled cast alloys, AlSi12Cu1Fe, AlSi8Zn10Mg and AlSi9Cu3, 
are presented Figures 6 and 7.

Figure 6. Intermetallic phases in the microstructures of recycled al-Si-X cast alloys [38] (a–c) intermetallics in 
AlSi8Zn10Mg cast alloy; (e–h) intermetallics in AlSi12Cu1Fe cast alloy; (d & i) microstructures of secondary AlSi8Zn10Mg 
and AlSi12Cu1Fe alloys respectively.

Figure 7. Intermetallic compounds in recycled AlSi9Cu3 cast alloy.
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3. Effect of intermetallic on mechanical and physical properties of 
al-Si alloys

The presence of intermetallic compounds in Al alloys is of a great concern to materials engi-
neers due to their harmful effects on mechanical properties. Mechanical properties of Al-Si-X 
alloys are greatly affected by the structures of the intermetallic. Intermetallics compounds 
appear more in recycled Al-Si based alloys, however, cycling which is a secondary production 
process of Al and its alloys is cheaper than primary production process. Therefore, produc-
ing Al alloys devoid of deleterious intermetallic phases will positively affect Al and its alloys 
recycle market and decrease the use of primary method that requires high fabrication power 
consumption.

The β-phase platelets are usually potential sites for crack initiation, where eventual 
breakup failure occurs. Iron-based intermetallics dominate Al-Si-X alloys’ intermetallics 
studies. Commercially available alloys contain Fe impurities in the form of Al and Si and 
other elements phases. In conductive liquids, the presence of certain Fe-phases, Al3Fe and 

Materials elements AlSi9Cu3 AlSi12Cu1Fe AlSi8Zn10Mg

Si 9.4 12.5 8.64

Cu 2.4 0.85 0.005

Mn 0.24 0.245 0.181

Mg 0.28 0.347 0.452

Zn 1 0.42 9.6

Ni 0.05 0.039 0.0022

Fe 0.9 0.692 0.1143

Pb 0.09 0.055 —

Ti 0.04 0.026 0.0622

Cr 0.04 0.023 0.0014

Sn 0.03 0.01 —

Hg — — 0.0006

Ca — 0.001 0.0002

Cd — — 0.0001

Bi — — 0.0003

P — — 0.0001

Sb — — 0.0007

Al Remainder Remainder Remainder

Table 4. Chemical composition of the recycled of cast al alloys scrap (wt.%).
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α-AlFeSi, on the surface stimulates pitting attacks on the surface because α-AlFeSi is 
cathodic in the Al matrix. The greatest disadvantage of intermetallics is their low ductility, 
especially at low and transitional temperatures. This has been attributed to several factors, 
such as [39]:

i. A restricted number of simple deformation modes to suit the von Mises criterion,

ii. Dislocations operation with large slip vectors

iii. Restricted cross-slip

iv. Transmitting slip across grain boundaries complexity

v. Inherent grain boundary weakness

vi. Isolation of harmful solutes to grain boundaries

vii. High Peierls-Nabarro stress and covalent bonding

viii. Environmental vulnerability.

3.1. Fe intermetallics

The presence of the dispersed brittle intermetallic ß-Al5FeSi phase in the structure is one of 
the primary barriers that impede the bendability of Al-Si based alloy sheet and consequently, 
poor mechanical formability. During sheet bending and forming processes, these particles 
create damage and premature failure. Intermetallic, ß-Al5FeSi, forms thin brittle platelets that 
cause weak bond strengths within the matrix of α-Al, thus initiating crack sites around the 
structure. This deleterious behaviour is especially severe in sheets produced by strip casting, 
a cost-effective fabrication method, which should be economically suitable for automotive 
Al alloys production [40]. In Al-Si based casting, Fe is the most common deleterious impurity 
element and forms the intermetallic compound ß-Al5FeSi when levels of Fe in an alloy exceed 
critical percentage. Solid solubility of Fe in Al is very low and consequently combines with 
other impurities or alloying elements to form intermetallic compounds. The type of com-
pound formed depends on the other available impurities. An optical micrograph of the Al-Si-
1.8Fe-0.8Mn microstructure is shown in Figure 8.

However, Fe is required in pressure die casting to prevent liquid metal from soldering to 
the die [42, 43]. For optimal thermal performance, Fe is desirable for Al-Si alloys to maintain 
stable mechanical properties at high temperatures. The Al alloys formed by Cu and Mg addi-
tion, are known for high strength due to precipitation hardening. These alloys, however, lose 
their strength at elevated temperatures because of unstable precipitates formed by Cu and 
Mg. Addition of Fe to alloys makes them stable at high temperatures compared to alloys with 
Cu and Mg addition. Transition elements such as Fe, upon addition to Al alloys, yield ther-
mally stable intermetallics. The composition of eutectic Al-Si-Fe alloy is about 0.8 wt.% Fe. 
The liquid metal does not show affinity of dissolution with the steel mould, once the iron 
content is at approximately this level. The desirable Fe content in alloys in most Al pressure 
die casters is in the range of 0.8–1.1 wt.% Fe.
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The class of wrought Al alloys, 6xxx series, is known for good corrosion resistance and high 
strength to density ratio. These alloys are good substitutes for steel in the manufacturing of 
automobile body panels. Apart from their principal compositional elements, Al, Mg, and Si, 
6xxx alloys also possess Fe, Cu, Mn, and Cr, which sometimes are not deliberately added. The 
presence of these elements, especially Fe, promotes the development of different brittle iron-
containing intermetallic compounds [44]. These Fe intermetallics cause poor formability and 
consequently, stimulate premature failure and damage during bending and forming opera-
tions. This drawback limits the application of 6xxx alloys in both automotive and aerospace 
industries [40, 45, 46].

3.2. Other Fe-phases

Other phases that have a detrimental influence on the alloy properties are Al3Fe and α-AlFeSi, 
which is cathodic to the α-Al matrix. Their presence on the surface accelerates pitting attacks 
in conductive liquids. Subsequently, these affect the mechanical property of the alloy by 
decreasing its ductility and resulting in de-cohesion failure. Equally, the platelets and nee-
dles of β-phase intermetallic, may adversely affect the alloy’s castability, fluidity, and den-
drites channel feeding, which results in cast defects. The different intermetallic phases in 
Al-Si eutectic alloys depend on the composition of the alloys. However, the phases in the 
microstructure with Cu and Mg, β-Al–Fe–Si–X and Sr, which are usually called Chinese script 
phases, are most studied. Virtually in all the alloys microstructures, α-AlFeSiCuMg phases 

Figure 8. Optical micrograph of al-Si-1.8Fe-0.8Mn microstructure [41].
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with the Chinese script morphology are the dominant Fe intermetallic phases [47]. The com-
position of the alloy affects the morphology and location of intermetallic phases in α-Al or in 
the interdendritic regions.

3.3. Manganese, Mn

Often, Mn is found in secondary metal made from recycled wrought product and is usu-
ally not deliberately added to virgin cast alloys. Manganese can transform iron-rich (Al5FeSi) 
phases morphology of Al-Si-X alloy from platelets to a more cubic or globules (Al15(MnFe)3Si2) 
and this improves the alloy’s ductility and tensile strength. Figure 9 shows micrographs of 
Al-Si-X structure with (a) iron-rich Al5FeSi phase; and (b) Cubic Al15(MnFe)3Si2 form.

It is recommended that Mn should be over 50% of Fe when the amount of Fe exceeds 0.45 wt.%. 
Manganese (Mn) is more influential in causing gravity segregation than Fe. Application of 
Mn concentration that exceeds 0.6 wt.% causes segregation whether the Fe content is 0.8 or 
2.3 wt.% [48]. Further, Mondolfo [21] reported that Mn marginally improves strength at 
the expense of ductility, while Kashyap et al. [49] indicate that presence of Mn weakens the 
strength of Al-7Si-Mg alloy.

Several literatures have indicated that Mn enhances yield strength and ultimate tensile 
strength of wrought Al-Si alloys [50, 51]. Formation of fine dispersoids of about 0.03–0.3 μm 
by the addition of Zr, Cr and Mn to commercial aluminium alloys was reported in these stud-
ies. Dispersoids significantly affect alloy’s fracture toughness, strength, grain structures and 
recrystallization characteristics. Investigation has revealed that commercial 6000, 7000 and 
8000 series aluminium alloys are improved by the addition of manganese with it ductility 
retailed [52].

Figure 9. (a) Formation of a thick polyhedral α-Al15(Fe,Mn)3Si2 phase in the microstructure of the Al9Si0.8Fe alloy 
containing 0.7 wt.% of Mn; (b) micrograph of the Al9Si0.8Fe alloy containing 0.7 wt.% of Mn showing the presence of 
the β-Al5FeSi particles [2].
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with the Chinese script morphology are the dominant Fe intermetallic phases [47]. The com-
position of the alloy affects the morphology and location of intermetallic phases in α-Al or in 
the interdendritic regions.

3.3. Manganese, Mn

Often, Mn is found in secondary metal made from recycled wrought product and is usu-
ally not deliberately added to virgin cast alloys. Manganese can transform iron-rich (Al5FeSi) 
phases morphology of Al-Si-X alloy from platelets to a more cubic or globules (Al15(MnFe)3Si2) 
and this improves the alloy’s ductility and tensile strength. Figure 9 shows micrographs of 
Al-Si-X structure with (a) iron-rich Al5FeSi phase; and (b) Cubic Al15(MnFe)3Si2 form.

It is recommended that Mn should be over 50% of Fe when the amount of Fe exceeds 0.45 wt.%. 
Manganese (Mn) is more influential in causing gravity segregation than Fe. Application of 
Mn concentration that exceeds 0.6 wt.% causes segregation whether the Fe content is 0.8 or 
2.3 wt.% [48]. Further, Mondolfo [21] reported that Mn marginally improves strength at 
the expense of ductility, while Kashyap et al. [49] indicate that presence of Mn weakens the 
strength of Al-7Si-Mg alloy.

Several literatures have indicated that Mn enhances yield strength and ultimate tensile 
strength of wrought Al-Si alloys [50, 51]. Formation of fine dispersoids of about 0.03–0.3 μm 
by the addition of Zr, Cr and Mn to commercial aluminium alloys was reported in these stud-
ies. Dispersoids significantly affect alloy’s fracture toughness, strength, grain structures and 
recrystallization characteristics. Investigation has revealed that commercial 6000, 7000 and 
8000 series aluminium alloys are improved by the addition of manganese with it ductility 
retailed [52].

Figure 9. (a) Formation of a thick polyhedral α-Al15(Fe,Mn)3Si2 phase in the microstructure of the Al9Si0.8Fe alloy 
containing 0.7 wt.% of Mn; (b) micrograph of the Al9Si0.8Fe alloy containing 0.7 wt.% of Mn showing the presence of 
the β-Al5FeSi particles [2].

Intermetallics Formation and Their Effect on Mechanical Properties of Al-Si-X Alloys
http://dx.doi.org/10.5772/intechopen.73188

33



4. Processes to eliminate or ameliorate intermetallic deleterious 
effects

Many studies have reported various approaches and techniques in improving the mechani-
cal properties of Fe-bearing intermetallics by the application of modification principle. Rapid 
solidification process increases the solubility fields and alters the morphology and size of 
microstructural elements but does not eliminate intermetallics. Das et al. demonstrated 
the effect of rapid cooling on alloy by processing Rheocast A380 alloy, using cooling slope 
(CS) technique to generate semisolid slurry from the superheated alloy melt [53]. The study 
observed finer, near spherical grains within the cooling slope fabricated slurry and in the 
solidified castings. This structure is different from the dendritic grains bounded by large 
eutectic phase within the conventionally cast A380 alloy. However, the most harmful inter-
metallic phase, β-Al5FeSi (monoclinic), was found to be present, accounting for the alloy’s low 
ductility and consequent poor mechanical formability [54].

The Al–Si–Cu ternary system alloy, A380, has minute fractions of Fe, Mg, Mn, Ni and Zn. 
These impurity elements interact to form intermetallic compounds near the grain boundary 
and occasionally in the parent matrix. The expected intermetallics phases in A380 alloy are 
α-phase, β-phase (Al5FeSi), and (Al15(Fe,Mn)3Si2). β-phase morphology is platelet-like (needle-
like) appearance and serves as a stress-raiser in the matrix, while α-Phase morphology is like 
polyhedral crystals and sometimes like Chinese script. The detrimental effects of intermetallic 
need to be removed or reduced; some of the techniques that are exploited include thermal 
treatment, chemical solutions and microstructural control by co-injecting inoculated interme-
tallic particles [54–56].

Thermal treatment—Heat treatment is a normal alternative to be considered. However, the 
dissolved phase possibly precipitated by thermal homogenisation process during artificial or 
natural ageing. This is not very effective because thermodynamically, stable phases are not 
influenced by heat treatment.

Chemical solutions—Conventional metallurgical chemical processes are used to eliminate 
the deleterious effects of Fe in Al alloys by limiting the amount of Fe to prevent the formation 
of Al-Fe-Si compounds.

Microstructural control—Co-injecting inoculated intermetallic particles is used to manipulate 
the microstructure. The particles, which vaporised during spray-forming, act as a substrate 
for heterogeneous nucleation, promoting nucleation and grow into the cubic. This principle 
involves the alteration of the type, size, morphology and the dispersion of the intermetallics in 
these alloys. Hosseinifar and Malakhov reported that the addition of 0.2% wt lanthanum (La) 
decreased the fraction of deleterious plate-like β-AlFeSi phase and increased the amount of a 
lesser harmful, α-AlFeSi phase [57]. It was explained that La covers the surface of the Chinese 
script particles (α-AlFeSi), a behaviour inferred to be like that of Strontium (Sr) addition. 
SEM images of Chinese script-shaped intermetallic compounds and the morphology of the 
β-AlFeSi phase are shown in Figure 10.

Intermetallic Compounds - Formation and Applications34

The addition of a sufficient amount of Mn to Fe-rich intermetallics can defuse its brittleness and 
alter the platelet morphology to a less deleterious intermetallic compound [43, 59]. However, 
the addition of Mn to a melt containing Fe leads to another problem, as this increases the 
volume fraction of intermetallics and the mean diameter size of Fe solute. This development 
deteriorates the alloy’s mechanical properties [60]. Table 5 shows examples of intermetallics 
and their corresponding ductility improving alloying elements.

The thixoforming process has been described as an effective technique to modify the mor-
phology of the primary phases. Gencalp and Saklakoglu used this method to improve the 
formability property of A390 alloy with excess levels of Fe and Mn [58]. The intermetallic 
compounds observed in A380 fabricated by thixoforming are α-Al15Si2(Fe,Mn)3 with polyhe-
dral morphology, different from the Chinese script morphology observed in the traditional 
gravity casting. Also, in A380 alloy by thixoforming, the very harmful β-Al5FeSi particle mor-
phology was small-plate and θ-Al2Cu phase in the form of particle. These phases, Al5FeSi 
and θ-Al2Cu phase morphology are needle-like and thin plate respectively in gravity casting. 
SEM images of the varied intermetallics between thixoforming and gravity casting are shown 
in Figure 11. The A380 by thixoforming alloys had better mechanical properties compared to 
A380 by traditional gravity casting method.

The solidification paths of 6xxx series Al alloys with and without La were established using care-
ful calorimetric and microstructural investigations. Studies have shown that the addition of Sr. 
to Al-Si-Fe alloys prevents the formation β-phase intermetallic but promotes the production of a 

Figure 10. SEM images showing the (a) presence of the Chinese script-shaped intermetallic compounds [58]; (b) morph-
ology of the b-AlFeSi phase [57].

Intermetallic β-AlFeSi Ni3Al TiAl Ti3Al

Alloying element for ductility Lanthanum (La) Boron (B) Manganese (Mn) Niobium (Nb)

Table 5. Intermetallics with ductility improving alloying elements [39].
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less harmful phase, α-AlFeSi, in as-cast alloys [48, 61]. Adding Sr to Al alloys under a fast cooling 
is an effective way of altering the amount, size and morphology of needle-like of Al5FeSi inter-
metallic compound. Chinese script or sludge are not formed in Al alloy without Mn. Addition 
of the combination of Fe and Mn at a high cooling rate was reported to be the most efficient 
technique of modifying intermetallic compounds [61]. SEM images in Figure 12 show the Sr. 
unmodified and modified microstructure of Al-6.5Si-3.5Cu-1.0Fe (in mass %) alloy.

Apart from Sr., the less expensive rare-earth metal, lanthanum (La), was found to decrease 
the fraction of plate-like β-AlFeSi particles and increase the fraction of α-AlFeSi particles with 
Chinese script morphology.

5. Conclusion

The influences of ternary alloying elements (Fe, Cu, Mn, and Mg) additions to Al-Si alloys 
(binary alloys) were discussed in this paper. The chapter observed that:

Figure 12. SEM images show the effect of adding Sr. on the microstructure of Al-6.5Si-3.5Cu-1.0Fe cast alloys (a) Sr. 
without; (b) with about 0.015% mass Sr [61].

Figure 11. SEM images of (a) β-Al5FeSi needle-like intermetallics present in the gravity casting (b) particle small 
plate intermetallics, β-Al5FeSi found in thixoforming (c) α-Al15Si2(Fe,Mn)3 with polyhedral morphology found in 
thixoforming [58].
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i. The equilibrium and non-equilibrium reactions that occur during the casting of Al alloy 
account for intermetallic phases.

ii. Primary alloying elements are not completely soluble in the α-Al matrix and sometimes 
combine with impurities and matrix to form intermediate (intermetallics) phases.

iii. Intermetallics are products of incomplete solid solubility by alloy systems.

iv. Fe-based intermetallics are the most common. Fe-phases can be grouped into α- phase, 
β-phases, Pi-phase, and δ- phase, with α- and β-phases the most common. The most 
harmful intermetallics in Al-Si-Fe alloys is β-phase (β-Al5SiFe).

v. Iron is deliberately added to the alloy to prevent soldering in die casting mould.

vi. Addition of Mn and Sr reduces the negative effect of β-phase of Fe intermetallics by im-
proving the ductility. However, the addition of Mn weakens the strength of Al-7Si-Mg 
alloy.

vii. Microstructural examination is one of the primary ways of evaluating the evolution of 
phases in materials.
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1. Motivation for SLID

1.1. The challenge of die attach and interconnection

For all electronic systems, the attachment of components to substrates and their electrical 
connection is a crucial part of the system. Traditionally, the processes for attachment and 
interconnection have been considered more a craft than a science. The historical focus of elec-
tronics and microtechnology has been on the design, manufacturing and testing of compo-
nents, circuits and devices, rather than on the system integration and the processes needed 
for actually building the system.

The ‘electronic revolution’ has given ever-increasing performance of devices at ever-decreas-
ing prices for more than half a century. Initial milestones were the invention of the transis-
tor (1947) and the integrated circuit (IC) (1958). The driving factor has been a continuous 
decrease in size (of components and on features of components) and cost, made possible 
through batch processing of silicon wafers. Single-crystal silicon is a very well-defined mate-
rial with extremely well-characterized properties, allowing process technology that yields 
extremely small features (10 nm by 2017, with a further decrease expected). Miniaturization of 
components and the use of large Si wafers give a huge number of components manufactured 
in every batch, lowering the cost. Furthermore, miniaturization allows an increase in operat-
ing frequency (or a decrease in response time), as well as lower losses. The miniaturization 
and the high-frequency performance of the attachment and electrical interconnect technology 
has not maintained the same pace as the integrated circuit technology. The need for a more 
scientific approach for the system-integration technologies has become evident and has grad-
ually evolved over the last decades [1]. The scientific approach is typically termed ‘packaging 
technology’, ‘system-integration technology’ or ‘assembly, interconnect and packaging’.

Today, it is generally acknowledged that system-integration technologies often are the limit-
ing factor for the success of an electronic system, in particular, in four different aspects: size, 
performance, price and reliability.

1. Size: the dimensions needed for electrical interconnections are far larger than the dimen-
sions possible in Si technology. Also, a complex integrated circuit will typically need a high 
number of interconnects. Hence, the actual size of the component will typically be defined 
by the space needed to create the interconnects, rather than by the complexity of the IC itself.

2. Performance: a larger feature size implies a larger parasitic inductance and capacitance, as 
well as a longer signal path. This will limit the high-frequency/high-speed performance of 
the device. Typically, the packaged device therefore shows a lower operating frequency 
than what the naked chip would allow.

3. Price: the low price of Si chips is enabled by the parallel processing of a large number of 
components, in batch processes using large wafers. System-integration technologies such 
as die attach and electrical interconnection are traditionally processes treating single com-
ponents, thus being serial processing rather than parallel processing. When the number of 
devices is high, these serial processes will be more expensive than the parallel Si processing.
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4. Reliability: the most common reason for failure of a system is broken interconnects. 
There are various reasons for this, some examples are stress caused by different thermal 
expansions of chip and substrate, uncontrolled growth of intermetallic layers where two 
metals are joined and galvanic corrosion. Understanding the behaviour of the materials 
that make up the integrated system is therefore crucial for reducing the failure rate of a 
device.

In summary, there is a strong need to continue research on interconnect technology, with 
the aim to construct reliable interconnects in a manufacturing-friendly process. The actual 
requirements will vary greatly depending on the application, but the possibility to miniatur-
ize the interconnect, as well as to have low electric resistance and high mechanical strength, is 
an important requirement in many applications.

1.2. Soldering: the standard interconnection technique

The most commonly used interconnection technique is soldering. Any new technology is 
therefore naturally compared with soldering. Soldering is used in a number of different tech-
nologies, with a range of solder materials and on different dimensions of the joints. The com-
mon nature for any solder process is the use of a solder material that melts upon heating 
(wetting the two surfaces that are to be joined), and solidifies upon cooling (forming a solid 
joint). Typical solder materials are eutectic compounds, chosen because of their low and well-
defined melting points. Historically, the standard solder material has been eutectic Sn-Pb, 
with a melting/solidification temperature of 183°C. Upon the ban of Pb in electronics (RoHS 
initiative) in 2002, a variety of lead-free solders have emerged, such as Sn-Ag-Cu compounds. 
The most common is ‘SAC305’, composed of 3.0% Ag, 0.5% Cu and 96.5% Sn, with a melting 
point of 220°C (as comparison, pure Sn melts at 232°C).

The advantages of soldering include the following:

1. Short process time: the melting and re-solidification in a eutectic-soldering process are 
both instantaneous processes. The soldering process does not depend on time-consuming 
process like chemical reactions, solid-state plastic deformation, stress relaxation or curing.

2. Self-alignment: a certain, initial misalignment of chip and substrate is compensated. While 
the solder is liquid during the bonding process, the chip can self-align because there is a driv-
ing force to minimize the surface tension of a liquid solder. Self-alignment relaxes the require-
ment to assembly precision, which can lower the cost substantially for fine-pitch systems.

3. Compensation of geometric imperfections: due to the liquid state during bonding, a solder 
process will create contact also if there is a variation in pad height, surface roughness or 
non-parallel contact surfaces.

4. Easy reworkability: the solder process is reversible, remelting at the same temperature as 
the original melting/solidification. Rework may be performed simply by re-heating the 
solder joint.

5. High conductance of joint: because of the metallic nature of the solder.
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number of interconnects. Hence, the actual size of the component will typically be defined 
by the space needed to create the interconnects, rather than by the complexity of the IC itself.

2. Performance: a larger feature size implies a larger parasitic inductance and capacitance, as 
well as a longer signal path. This will limit the high-frequency/high-speed performance of 
the device. Typically, the packaged device therefore shows a lower operating frequency 
than what the naked chip would allow.

3. Price: the low price of Si chips is enabled by the parallel processing of a large number of 
components, in batch processes using large wafers. System-integration technologies such 
as die attach and electrical interconnection are traditionally processes treating single com-
ponents, thus being serial processing rather than parallel processing. When the number of 
devices is high, these serial processes will be more expensive than the parallel Si processing.
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4. Reliability: the most common reason for failure of a system is broken interconnects. 
There are various reasons for this, some examples are stress caused by different thermal 
expansions of chip and substrate, uncontrolled growth of intermetallic layers where two 
metals are joined and galvanic corrosion. Understanding the behaviour of the materials 
that make up the integrated system is therefore crucial for reducing the failure rate of a 
device.

In summary, there is a strong need to continue research on interconnect technology, with 
the aim to construct reliable interconnects in a manufacturing-friendly process. The actual 
requirements will vary greatly depending on the application, but the possibility to miniatur-
ize the interconnect, as well as to have low electric resistance and high mechanical strength, is 
an important requirement in many applications.

1.2. Soldering: the standard interconnection technique

The most commonly used interconnection technique is soldering. Any new technology is 
therefore naturally compared with soldering. Soldering is used in a number of different tech-
nologies, with a range of solder materials and on different dimensions of the joints. The com-
mon nature for any solder process is the use of a solder material that melts upon heating 
(wetting the two surfaces that are to be joined), and solidifies upon cooling (forming a solid 
joint). Typical solder materials are eutectic compounds, chosen because of their low and well-
defined melting points. Historically, the standard solder material has been eutectic Sn-Pb, 
with a melting/solidification temperature of 183°C. Upon the ban of Pb in electronics (RoHS 
initiative) in 2002, a variety of lead-free solders have emerged, such as Sn-Ag-Cu compounds. 
The most common is ‘SAC305’, composed of 3.0% Ag, 0.5% Cu and 96.5% Sn, with a melting 
point of 220°C (as comparison, pure Sn melts at 232°C).

The advantages of soldering include the following:

1. Short process time: the melting and re-solidification in a eutectic-soldering process are 
both instantaneous processes. The soldering process does not depend on time-consuming 
process like chemical reactions, solid-state plastic deformation, stress relaxation or curing.

2. Self-alignment: a certain, initial misalignment of chip and substrate is compensated. While 
the solder is liquid during the bonding process, the chip can self-align because there is a driv-
ing force to minimize the surface tension of a liquid solder. Self-alignment relaxes the require-
ment to assembly precision, which can lower the cost substantially for fine-pitch systems.

3. Compensation of geometric imperfections: due to the liquid state during bonding, a solder 
process will create contact also if there is a variation in pad height, surface roughness or 
non-parallel contact surfaces.

4. Easy reworkability: the solder process is reversible, remelting at the same temperature as 
the original melting/solidification. Rework may be performed simply by re-heating the 
solder joint.

5. High conductance of joint: because of the metallic nature of the solder.
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1.3. Shortcomings of soldering

Although soldering is a very versatile process, considered to render high reliability, it has 
certain shortcomings.

Solder joints will not withstand temperatures approaching the melting point of the solder. 
The joint will fail if the melting point is reached, but will also be susceptible of severe degra-
dation, for example, by creep, at temperatures significantly below the melting temperature. 
A number of high-temperature applications, such as engine control, oil and gas down-hole 
instrumentation, geothermal energy and thermoelectric generators, require bonding that can 
withstand higher temperatures than the solder can. High temperatures may also be an issue 
during manufacturing: if chips are stacked in three dimensions (3D), more than one bond-
ing process is required. For sequential bonding, soldering with the same solder alloy will 
jeopardize the earlier made connections. This may to a certain degree be solved by choosing 
different solder compounds with different melting points. However, there are a limited num-
ber of relevant solder alloys, and the corresponding span in melting temperatures is limited, 
also taking into account that high-temperature solders require high process temperatures and 
low-temperature solders limit the useful application of temperatures.

If the solder joint is subject to elevated temperature for a prolonged time, the intermetallic 
layer at the component/pad interface will increase in thickness in an uncontrolled way. Hence, 
the properties of the joint will change with time. The intermetallic compounds (IMCs) are 
typically harder and more brittle than the pure metals, particularly compared with Sn-based 
solder. The interface between the soft solder and the hard intermetallics is a typical fracture 
site when the joint is subject to mechanical load.

The liquid nature of solder bonding gives rise to a risk of short circuits between neighbor-
ing interconnects, if the liquid solder flows between. This dictates a minimum isolation dis-
tance between interconnects and is thus a limiting factor for miniaturization, particularly for 
devices with many interconnects, such as digital circuits.

1.4. The principle of SLID

Solid-liquid interdiffusion (SLID) bonding is a technique based on intermetallics as the bond-
ing medium, receiving increasing attention as an alternative to processes such as solder bond-
ing [2, 3]. While resembling solder bonding in terms of process temperature and materials 
in use, SLID bonding has an excellent thermal stability: the bond survives temperatures far 
surpassing the bonding temperature. This makes SLID bonding a promising candidate for 
high-temperature applications, where solder bonding is not applicable.

The SLID process (also known as transient liquid phase bonding [4–6], isothermal solidi-
fication [7] or ‘off-eutectic bonding’ [8]) uses a system of two metals, where one melts at 
a high temperature (such as Cu, Au, Ag and Ni) and the other melts at a low temperature 
(such as Sn and In). The bonding process takes place at a temperature somewhat above the 
lower melting temperature, assuring interdiffusion of the two metals reacting to intermetal-
lic compounds (IMCs) with high-melting points [9] (see Cu-Sn phase diagram in Figure 1 
as an example). To obtain the high-temperature stability, a complete conversion of the low-
temperature melting metal to IMC is needed. Excess of high-temperature metal is normally 
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desired, to allow for process variations such as deviations in the initial layer thickness and 
any inhomogeneous diffusion during bonding, and to ensure that no reaction takes place 
between the low-temperature metal and the thin metal layers that serve as adhesion/barrier 
layers between the two-metal system and the substrate/chip. Such reactions might result 
in new IMCs with less predictable properties. Importantly, an excess of high-temperature 
metal also gives ductility to the final bond (the pure metal normally being more ductile than 
the IMCs).

The Cu-Sn SLID system is the one that has received the most attention. As seen from the phase 
diagram in Figure 1, two IMCs are stable at room temperature: Cu6Sn5 and Cu3Sn. The goal 
of a Cu-Sn SLID process will be a system in thermal equilibrium with remaining Cu on both 
sides of the IMC bond-line, implying Cu3Sn as being the desired phase.

The initial layers of Cu and Sn are typically in the range of micrometres. The bonding process 
temperature is above the melting point of Sn (232°C), typically in the range of 250–300°C. Cu 
diffuses into the liquid Sn, and the IMC Cu6Sn5 solidifies isothermally. At the Cu/Cu6Sn5 
boundary, Cu and Sn react to form Cu3Sn. Cu3Sn formation is much slower than Cu6Sn5 for-
mation, since solid-state diffusion through the Cu6Sn5 layer is required. The bonding tem-
perature is kept for sufficiently long time (typically ~30 min) for the reaction to Cu3Sn to be 
completed; the final bond consisting of a Cu/Cu3Sn/Cu layer structure. The bond is then in 
thermal equilibrium, and no material change is expected upon annealing or aging. The melt-
ing temperature of this completed bond-line is ~700°C.

Although the high-temperature stability was the original motivation for developing SLID for 
interconnections [9, 10], it also has good promise for creating fine-pitch interconnection [3]. 
Also, the ability to form thin, well-defined bond-lines with metallurgical bond is a specific 
advantage of SLID [11].

Figure 1. Cu-Sn phase diagram. The insets show a cross section of SLID bonds: complete conversion to Cu3Sn (left), and 
incomplete conversion with the remaining Cu6Sn5 layer (right).
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1.3. Shortcomings of soldering

Although soldering is a very versatile process, considered to render high reliability, it has 
certain shortcomings.

Solder joints will not withstand temperatures approaching the melting point of the solder. 
The joint will fail if the melting point is reached, but will also be susceptible of severe degra-
dation, for example, by creep, at temperatures significantly below the melting temperature. 
A number of high-temperature applications, such as engine control, oil and gas down-hole 
instrumentation, geothermal energy and thermoelectric generators, require bonding that can 
withstand higher temperatures than the solder can. High temperatures may also be an issue 
during manufacturing: if chips are stacked in three dimensions (3D), more than one bond-
ing process is required. For sequential bonding, soldering with the same solder alloy will 
jeopardize the earlier made connections. This may to a certain degree be solved by choosing 
different solder compounds with different melting points. However, there are a limited num-
ber of relevant solder alloys, and the corresponding span in melting temperatures is limited, 
also taking into account that high-temperature solders require high process temperatures and 
low-temperature solders limit the useful application of temperatures.

If the solder joint is subject to elevated temperature for a prolonged time, the intermetallic 
layer at the component/pad interface will increase in thickness in an uncontrolled way. Hence, 
the properties of the joint will change with time. The intermetallic compounds (IMCs) are 
typically harder and more brittle than the pure metals, particularly compared with Sn-based 
solder. The interface between the soft solder and the hard intermetallics is a typical fracture 
site when the joint is subject to mechanical load.

The liquid nature of solder bonding gives rise to a risk of short circuits between neighbor-
ing interconnects, if the liquid solder flows between. This dictates a minimum isolation dis-
tance between interconnects and is thus a limiting factor for miniaturization, particularly for 
devices with many interconnects, such as digital circuits.

1.4. The principle of SLID

Solid-liquid interdiffusion (SLID) bonding is a technique based on intermetallics as the bond-
ing medium, receiving increasing attention as an alternative to processes such as solder bond-
ing [2, 3]. While resembling solder bonding in terms of process temperature and materials 
in use, SLID bonding has an excellent thermal stability: the bond survives temperatures far 
surpassing the bonding temperature. This makes SLID bonding a promising candidate for 
high-temperature applications, where solder bonding is not applicable.

The SLID process (also known as transient liquid phase bonding [4–6], isothermal solidi-
fication [7] or ‘off-eutectic bonding’ [8]) uses a system of two metals, where one melts at 
a high temperature (such as Cu, Au, Ag and Ni) and the other melts at a low temperature 
(such as Sn and In). The bonding process takes place at a temperature somewhat above the 
lower melting temperature, assuring interdiffusion of the two metals reacting to intermetal-
lic compounds (IMCs) with high-melting points [9] (see Cu-Sn phase diagram in Figure 1 
as an example). To obtain the high-temperature stability, a complete conversion of the low-
temperature melting metal to IMC is needed. Excess of high-temperature metal is normally 
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desired, to allow for process variations such as deviations in the initial layer thickness and 
any inhomogeneous diffusion during bonding, and to ensure that no reaction takes place 
between the low-temperature metal and the thin metal layers that serve as adhesion/barrier 
layers between the two-metal system and the substrate/chip. Such reactions might result 
in new IMCs with less predictable properties. Importantly, an excess of high-temperature 
metal also gives ductility to the final bond (the pure metal normally being more ductile than 
the IMCs).

The Cu-Sn SLID system is the one that has received the most attention. As seen from the phase 
diagram in Figure 1, two IMCs are stable at room temperature: Cu6Sn5 and Cu3Sn. The goal 
of a Cu-Sn SLID process will be a system in thermal equilibrium with remaining Cu on both 
sides of the IMC bond-line, implying Cu3Sn as being the desired phase.

The initial layers of Cu and Sn are typically in the range of micrometres. The bonding process 
temperature is above the melting point of Sn (232°C), typically in the range of 250–300°C. Cu 
diffuses into the liquid Sn, and the IMC Cu6Sn5 solidifies isothermally. At the Cu/Cu6Sn5 
boundary, Cu and Sn react to form Cu3Sn. Cu3Sn formation is much slower than Cu6Sn5 for-
mation, since solid-state diffusion through the Cu6Sn5 layer is required. The bonding tem-
perature is kept for sufficiently long time (typically ~30 min) for the reaction to Cu3Sn to be 
completed; the final bond consisting of a Cu/Cu3Sn/Cu layer structure. The bond is then in 
thermal equilibrium, and no material change is expected upon annealing or aging. The melt-
ing temperature of this completed bond-line is ~700°C.

Although the high-temperature stability was the original motivation for developing SLID for 
interconnections [9, 10], it also has good promise for creating fine-pitch interconnection [3]. 
Also, the ability to form thin, well-defined bond-lines with metallurgical bond is a specific 
advantage of SLID [11].

Figure 1. Cu-Sn phase diagram. The insets show a cross section of SLID bonds: complete conversion to Cu3Sn (left), and 
incomplete conversion with the remaining Cu6Sn5 layer (right).
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In this book chapter, we detail some of the main results from the SLID research at University 
of Southeast Norway (USN), which is ongoing during the last decade.

2. SLID bonding

2.1. Test vehicles and substrates

Much of the SLID work done in our group, as well as in other research groups, is carried 
out by bonding pairs of silicon chips. Si is the standard material for electronics as well as for 
MEMS (Micro-Electro-Mechanical Systems). Stacking multiple chips on top of each other is 
increasingly important, to increase integration density by also using the third dimension. By 
bonding identical materials, the challenge of a thermal mismatch is minimized: during tem-
perature variation, the two bonding partners will experience the same dimensional change, 
thus minimizing thermomechanical stress.

For the typical bonding process where a chip is bonded to a substrate, the challenge of dissimi-
lar thermal expansion of a chip and a substrate arises. Thermomechanical stress is the result 
when dissimilar materials are joined together and experience temperature variations. Solder 
bonding is suitable to handle this, since solder is soft and the solder thickness typically is 
>100 μm. SLID bonding typically uses thin bond-lines, in the micrometre range. Since the SLID 
process relies on diffusion, thin layers ensures that the bonds can be manufactured in a reason-
able time. Furthermore, the IMC bonding layers are much harder than a solder and will there-
fore not absorb much of the thermomechanical stress. The remaining layers of a high-melting 
point metal (such as Cu or Au) may be utilized as the stress-absorbing layer. In our work, we 
have also bonded SiC chips to ceramic substrates with a significant thermal mismatch using 
Au-Sn SLID, obtaining excellent reliability in thermal cycling, as will be detailed subsequently.

2.2. Metal layers: design and manufacturing

The layer thicknesses of our initial two-metal system (such as Cu and Sn in the case of Cu-Sn SLID) 
are typically in the range of micrometres, produced by electroplating. The process is therefore well 
suited for wafer-level processing with additive patterning, opening for cost-effective solutions and 
for fine-pitch applications. The layer thicknesses should be designed so that there remains a high-
temperature metal after the bond is finalized. Using Cu-Sn SLID as the example, a thickness ratio 
(Cu to Sn) of 1.3 is needed in order to obtain a final Cu/Cu3Sn/Cu structure, as seen by

    
 t  Cu   ___  t  Sn  

   >   
3  M  Cu    ρ  Sn   _______  M  Sn    ρ  Cu  

   = 1.3  (1)

(where tCu and tSn signify the initial total thickness on the two bonding partners, Mx and ρx signify 
the atomic weight and the mass density of element x). Note that this Sn layer may be deposited 
on one of the bonding partners, or half the thickness on each of the bonding partners. Whereas 
Eq. (1) dictates the maximum relative Sn thickness, the overall roughness of Cu layers dictates a 
minimum Sn thickness: since Cu is solid during the entire bonding process, the highest protru-
sions of the Cu layer will define the standoff height between the two bonding partners. Such 
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protrusions may be present, for example, at the edges of electroplated layers. As a rule of thumb, 
the Sn layer should be thicker than the variation in the surface height of the Cu layer, to ensure 
that liquid Sn fills the volume between the two Cu pads and thus minimizes void formation.

Alternative metal deposition techniques are evaporation, sputtering, printing or the use of 
preforms. With the exception of preforms, all are compatible with wafer-level processing and 
patterning. Preforms can be used for die bonding where fine-pitch patterning is not required 
and for proof-of-concept experiments. Evaporation and sputtering are restricted to thin films 
(not much more than 1 μm). Printing (of metal pastes) is a low-cost and versatile process, 
typically giving thicker (tens to hundreds of micrometres) metal layers, with somewhat lower 
precision in the lateral feature size than the photolithography-defined techniques (evapora-
tion, sputtering, electroplating). Pastes may be formulated with a small particle size to allow 
fast reactions, but the availability of relevant pastes is presently limited.

2.3. Bonding profiles

The bonding profile (temperature and pressure as a function of time) chosen is crucial in order 
to obtain optimal results within a reasonable time frame. To obtain a uniform growth of the 
IMC layers, a short holding time slightly below the melting temperature is typically used [12].  
This ensures a thin IMC layer formed at the material interfaces while all materials are solid. 
This controls diffusion through the solid IMC also when the low-melting point metal is 
melted. If the temperature is raised to the melting point without this interface IMC formed, 
the system is prone to scallop growth of IMCs, with voids in the bond-line as a result [13, 14].

2.4. Wafer-level versus chip-level bonding: atmosphere during bonding

We perform bonding at a chip level as well as at a wafer level. Wafer-level processing is the 
preferred option for high-volume industry, since the parallel processing increases throughput 
greatly and has the potential for lowering the unit cost. Chip-level processing is the relevant 
choice for low-volume industry. In a research setting, chip-level bonding also allows for more 
variation of process parameters to be optimized.

For Sn-based solder on Cu pads, the use of flux is essential for avoiding oxides during sol-
dering. However, remaining flux is a challenge, particularly for vacuum cavities in MEMS 
devices. Also, the cleaning of flux residues is more difficult for thin SLID bonds than for 
solder bonds with a higher chip-to-substrate separation. All the SLID bonding in this work 
(Cu-Sn as well as other systems) is therefore flux-free. For Cu-Sn SLID, this is obtained by 
using equal Sn thickness on both bonding partners, Sn oxides being thinner and more readily 
absorbable in the bond-line than Cu oxides [15].

2.5. Characterization

The performance of the bonds is evaluated by shear testing. Usually, shear testing is per-
formed at room temperature. In addition, we performed shear testing while the bonded sam-
ple was heated, to verify the applicability of the SLID bonds at elevated temperatures. The 
fracture surfaces after die shear are inspected in order to identify the fraction sites, showing 
up at the weaker parts of the SLID bonds.
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In this book chapter, we detail some of the main results from the SLID research at University 
of Southeast Norway (USN), which is ongoing during the last decade.

2. SLID bonding

2.1. Test vehicles and substrates

Much of the SLID work done in our group, as well as in other research groups, is carried 
out by bonding pairs of silicon chips. Si is the standard material for electronics as well as for 
MEMS (Micro-Electro-Mechanical Systems). Stacking multiple chips on top of each other is 
increasingly important, to increase integration density by also using the third dimension. By 
bonding identical materials, the challenge of a thermal mismatch is minimized: during tem-
perature variation, the two bonding partners will experience the same dimensional change, 
thus minimizing thermomechanical stress.

For the typical bonding process where a chip is bonded to a substrate, the challenge of dissimi-
lar thermal expansion of a chip and a substrate arises. Thermomechanical stress is the result 
when dissimilar materials are joined together and experience temperature variations. Solder 
bonding is suitable to handle this, since solder is soft and the solder thickness typically is 
>100 μm. SLID bonding typically uses thin bond-lines, in the micrometre range. Since the SLID 
process relies on diffusion, thin layers ensures that the bonds can be manufactured in a reason-
able time. Furthermore, the IMC bonding layers are much harder than a solder and will there-
fore not absorb much of the thermomechanical stress. The remaining layers of a high-melting 
point metal (such as Cu or Au) may be utilized as the stress-absorbing layer. In our work, we 
have also bonded SiC chips to ceramic substrates with a significant thermal mismatch using 
Au-Sn SLID, obtaining excellent reliability in thermal cycling, as will be detailed subsequently.

2.2. Metal layers: design and manufacturing

The layer thicknesses of our initial two-metal system (such as Cu and Sn in the case of Cu-Sn SLID) 
are typically in the range of micrometres, produced by electroplating. The process is therefore well 
suited for wafer-level processing with additive patterning, opening for cost-effective solutions and 
for fine-pitch applications. The layer thicknesses should be designed so that there remains a high-
temperature metal after the bond is finalized. Using Cu-Sn SLID as the example, a thickness ratio 
(Cu to Sn) of 1.3 is needed in order to obtain a final Cu/Cu3Sn/Cu structure, as seen by

    
 t  Cu   ___  t  Sn  

   >   
3  M  Cu    ρ  Sn   _______  M  Sn    ρ  Cu  

   = 1.3  (1)

(where tCu and tSn signify the initial total thickness on the two bonding partners, Mx and ρx signify 
the atomic weight and the mass density of element x). Note that this Sn layer may be deposited 
on one of the bonding partners, or half the thickness on each of the bonding partners. Whereas 
Eq. (1) dictates the maximum relative Sn thickness, the overall roughness of Cu layers dictates a 
minimum Sn thickness: since Cu is solid during the entire bonding process, the highest protru-
sions of the Cu layer will define the standoff height between the two bonding partners. Such 
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protrusions may be present, for example, at the edges of electroplated layers. As a rule of thumb, 
the Sn layer should be thicker than the variation in the surface height of the Cu layer, to ensure 
that liquid Sn fills the volume between the two Cu pads and thus minimizes void formation.

Alternative metal deposition techniques are evaporation, sputtering, printing or the use of 
preforms. With the exception of preforms, all are compatible with wafer-level processing and 
patterning. Preforms can be used for die bonding where fine-pitch patterning is not required 
and for proof-of-concept experiments. Evaporation and sputtering are restricted to thin films 
(not much more than 1 μm). Printing (of metal pastes) is a low-cost and versatile process, 
typically giving thicker (tens to hundreds of micrometres) metal layers, with somewhat lower 
precision in the lateral feature size than the photolithography-defined techniques (evapora-
tion, sputtering, electroplating). Pastes may be formulated with a small particle size to allow 
fast reactions, but the availability of relevant pastes is presently limited.

2.3. Bonding profiles

The bonding profile (temperature and pressure as a function of time) chosen is crucial in order 
to obtain optimal results within a reasonable time frame. To obtain a uniform growth of the 
IMC layers, a short holding time slightly below the melting temperature is typically used [12].  
This ensures a thin IMC layer formed at the material interfaces while all materials are solid. 
This controls diffusion through the solid IMC also when the low-melting point metal is 
melted. If the temperature is raised to the melting point without this interface IMC formed, 
the system is prone to scallop growth of IMCs, with voids in the bond-line as a result [13, 14].

2.4. Wafer-level versus chip-level bonding: atmosphere during bonding

We perform bonding at a chip level as well as at a wafer level. Wafer-level processing is the 
preferred option for high-volume industry, since the parallel processing increases throughput 
greatly and has the potential for lowering the unit cost. Chip-level processing is the relevant 
choice for low-volume industry. In a research setting, chip-level bonding also allows for more 
variation of process parameters to be optimized.

For Sn-based solder on Cu pads, the use of flux is essential for avoiding oxides during sol-
dering. However, remaining flux is a challenge, particularly for vacuum cavities in MEMS 
devices. Also, the cleaning of flux residues is more difficult for thin SLID bonds than for 
solder bonds with a higher chip-to-substrate separation. All the SLID bonding in this work 
(Cu-Sn as well as other systems) is therefore flux-free. For Cu-Sn SLID, this is obtained by 
using equal Sn thickness on both bonding partners, Sn oxides being thinner and more readily 
absorbable in the bond-line than Cu oxides [15].

2.5. Characterization

The performance of the bonds is evaluated by shear testing. Usually, shear testing is per-
formed at room temperature. In addition, we performed shear testing while the bonded sam-
ple was heated, to verify the applicability of the SLID bonds at elevated temperatures. The 
fracture surfaces after die shear are inspected in order to identify the fraction sites, showing 
up at the weaker parts of the SLID bonds.
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The bond-line morphology and the phases present are investigated by cross-section micros-
copy. Cross-sections are made either by mechanical grinding and polishing or by Ar ion mill-
ing. Samples are inspected by using optical microscopy and scanning electron microscope 
(SEM) with EDX (energy-dispersive X-ray spectroscopy). For Au-Sn, we also used X-ray dif-
fraction in order to more clearly identify the phases in the bond-line.

3. Cu-Sn bonding

3.1. Rationale for Cu-Sn

Cu-Sn is by far the most investigated SLID bonding system and also the one used as an exam-
ple in the previous section. It is the natural choice in applications sensitive to cost, and the 
material system is quite similar to what is common in soldering, where an Sn-based solder 
applied to Cu pads is the most common configuration. The fundamental understanding of the 
process is well established. Our group has experimentally verified the high-temperature stabil-
ity that has long been predicted from the phase diagram, as detailed in Section 8.1. The main 
part of our work on Cu-Sn SLID has focused on manufacturing aspects: how to make a flux-
free wafer-level process with optimized manufacturing parameters and a predictable result 
possible. This has led to the industrial implementation of our Cu-Sn SLID process [15–17].

3.2. Fabrication process

Our Cu-Sn SLID work has aimed for wafer-level bonding, with initial experiments carried out 
at chip level. All our work has been on Si substrates with electroplated layers, typically 5 μm 
Cu and 1–2 μm Sn. For wafer-level bonding, equal layer thicknesses on both bonding part-
ners have been used, and the bonding profile (temperature and pressure vs. time) has been 
carefully selected to allow flux-free bonding [2, 18]. For the initial chip-bonding, Sn has been 
electroplated only on the chip side, in order to allow maintaining the substrate hot (no Cu-Sn 
interdiffusion prior to bonding) while mounting successive Sn-coated chips.

3.3. Wafer-level process optimization

In order to optimize the bonding profile for a Cu-Sn SLID bond, we developed a model for 
the kinetics of the reactions from Cu and Sn to IMCs [19]. We annealed Cu-Sn bi-layered 
test structures, at different times and temperatures. The samples were cross-sectioned and 
layer thicknesses measured in optical microscopy, the different phases having been verified 
by SEM and EDX. The layer thickness of pure, unreacted Sn was obtained by etching with 
30% HCl (selectively etching Sn and not IMCs), measuring the Cu3Sn and Cu6Sn5 thicknesses 
and thus calculating the Sn thickness. The evolution of the IMC thickness is then modeled by 
a quasi-diffusion equation:

   y  t  2  −  y  0  2  =  k  0   exp  (  − Q ___ RT  )   t   2n   (2)
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where    y  
t
    is the IMC thickness, alternatively Sn thickness reacting to form IMCs;  T  is the abso-

lute temperature;  t  is the annealing duration,   y  0    is the initial IMC thickness, or Sn thickness 
already reacted with Cu at t = 0;  n  is an empirical exponent, where n = 0.5 signifies diffusion 
as the mechanism;  Q  is the activation energy;   k  

0
    is the diffusion coefficient.

Values for  Q ,   k  0    and  n  (shown in Table 1) are extracted through linear fitting using appropri-
ate logarithmic plots, and a Matlab model is constructed, predicting the IMC evolution for 
any given bonding temperature profile [19]. Note that the change in the empirical exponent  n  
reflects the different physical processes occurring:  n = 0.5  corresponds to the reaction kinetics 
being limited by diffusion, implying that the reaction to IMCs is fast. Below the melting point 
of Sn, the reactions are slower, implying that diffusion does not alone contribute to the kinetics.

Figure 2 shows the experimentally observed thicknesses, together with curves for the model 
given by Eq. (2) and Table 1.

Figure 3 shows two different bonding profiles: one where the simulation predicts that a layer 
of Cu6Sn5 remains after bonding and one where the bond is predicted to be fully converted to 
a Cu/Cu3Sn/Cu structure. The lower part of the figures shows cross-section micrographs of 
samples bonded with the corresponding bonding profile, showing a good correspondence to 
the predicted values. Important parameters from a manufacturing point of view are as follows:

Cu3Sn Reacted Sn

  k  0   [  
 μm   2 

 _____  min   2n   ]   7.9 ×  10   6   2.8 ×  10   4  

 Q  [  kJ ____ mol   K]   78  52 

Empirical exponent  n  0.5  (T ≥  232   °  C)   0.45  (T ≥  180   °  C)  

 0.4  ( 180   °  C ≤ T ≤  232   °  C)   0.3  (T <  180   °  C)  

Table 1. Kinetics coefficients for Cu-Sn SLID. Reprinted with permission from Springer Nature [19].

Figure 2. Comparison between simulation results (lines) and measured values (discrete points) for both Cu3Sn thickness 
and remaining Sn. Reprinted with permission from Springer Nature [19].
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The bond-line morphology and the phases present are investigated by cross-section micros-
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a quasi-diffusion equation:

   y  t  2  −  y  0  2  =  k  0   exp  (  − Q ___ RT  )   t   2n   (2)
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where    y  
t
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being limited by diffusion, implying that the reaction to IMCs is fast. Below the melting point 
of Sn, the reactions are slower, implying that diffusion does not alone contribute to the kinetics.

Figure 2 shows the experimentally observed thicknesses, together with curves for the model 
given by Eq. (2) and Table 1.

Figure 3 shows two different bonding profiles: one where the simulation predicts that a layer 
of Cu6Sn5 remains after bonding and one where the bond is predicted to be fully converted to 
a Cu/Cu3Sn/Cu structure. The lower part of the figures shows cross-section micrographs of 
samples bonded with the corresponding bonding profile, showing a good correspondence to 
the predicted values. Important parameters from a manufacturing point of view are as follows:
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1.   t  
1
   : the time from the start of the bonding process until all Sn is consumed and the bond has 

solidified: 41 min for profile (a), 50 min for profile (b).

2.   t  2   : the time from the start of the bonding process until the final Cu/Cu3Sn/Cu structure is 
obtained: 85 min for profile (b), not achieved for profile (a).

  t  2    gives the total bonding process time, whereas   t  1    gives the minimum time where the wafer 
bonder should be used (the remaining time to   t  2    may be performed as batch annealing).

4. Au-Sn bonding

4.1. Rationale for Au-Sn

Au-Sn is the system of choice for high reliability systems, for example, when chemical inert-
ness and ductility are desired [20]. As a consequence, our work on Au-Sn SLID bonding has 
included verification of reliability. The Au-Sn phase diagram (see Figure 4) is quite more 
complex than Cu-Sn, and the fundamentals of Au-Sn SLID bonds have previously been less 
explored than those of Cu-Sn SLID. Hence, our work has included an investigation of the 
phases present in Au-Sn SLID bonding and the properties of the resulting bond. We have 
experimentally verified the expected high-temperature stability, as will be detailed in Section 
8.1 subsequently.

Figure 3. Different bond profiles for Cu-Sn SLID wafer-level bonding and the corresponding cross sections. Reprinted 
with permission from Springer Nature [19].
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4.2. Fabrication process and testing

For the reliability test and the investigations of the phases present in an Au-Sn SLID bond, 
a chip/substrate system relevant for use at high temperatures was used: an SiC dummy 
transistor (BJT) from Fairchild Semiconductor was bonded to an Si3N4 substrate with sym-
metric active metal-bonded (AMB) Cu (150 μm) metallization. This system has a significant 
mismatch in coefficients of thermal expansion (CTE): SiC and Si3N4 having similar CTE of 
4.2 ppm/K while the thick Cu layers have a CTE of 17 ppm/K giving a realistic substrate- 
to-chip thermal mismatch.

The Au-Sn SLID bonding was performed by electroplating 10 μm Au layers on both the chip 
and the substrate, sandwiching a 7.5 μm thick eutectic Au80Sn20 preform between the bonding 
partners and the bond, varying bonding temperature in the range of 290–350°C and the bond-
ing time in the range of 4–14 min.

The quality of the bonds was probed by die shear testing.

Reliability tests were performed by thermal cycling (1000 cycles, 0–200°C) and high-temper-
ature storage (HTS) at 250°C up to 6 months. Die shear strength was performed after thermal 
cycling and/or HTS.

Cross-section microscopy was performed on as-bonded and high-temperature-stored samples. 
The phases were identified by a combination of optical microscopy, SEM/EDX and X-ray diffrac-
tion, the latter technique being used both on cross-sectioned samples and on fracture surfaces.

4.3. Main results

The die shear strength of Au-Sn SLID bonds is found to be excellent, in the order of 140 MPa. 
Such high bonding strengths are obtained for bonding temperatures down to 300°C 
and bonding times down to 6 min, as shown in Figures 5 and 6. A lower bonding time 

Figure 4. Au-Sn phase diagram, reprinted with permission from Springer Nature [21].

Intermetallic Bonding for High-Temperature Microelectronics and Microsystems: Solid-Liquid…
http://dx.doi.org/10.5772/intechopen.75139

53



1.   t  
1
   : the time from the start of the bonding process until all Sn is consumed and the bond has 

solidified: 41 min for profile (a), 50 min for profile (b).

2.   t  2   : the time from the start of the bonding process until the final Cu/Cu3Sn/Cu structure is 
obtained: 85 min for profile (b), not achieved for profile (a).

  t  2    gives the total bonding process time, whereas   t  1    gives the minimum time where the wafer 
bonder should be used (the remaining time to   t  2    may be performed as batch annealing).

4. Au-Sn bonding

4.1. Rationale for Au-Sn

Au-Sn is the system of choice for high reliability systems, for example, when chemical inert-
ness and ductility are desired [20]. As a consequence, our work on Au-Sn SLID bonding has 
included verification of reliability. The Au-Sn phase diagram (see Figure 4) is quite more 
complex than Cu-Sn, and the fundamentals of Au-Sn SLID bonds have previously been less 
explored than those of Cu-Sn SLID. Hence, our work has included an investigation of the 
phases present in Au-Sn SLID bonding and the properties of the resulting bond. We have 
experimentally verified the expected high-temperature stability, as will be detailed in Section 
8.1 subsequently.

Figure 3. Different bond profiles for Cu-Sn SLID wafer-level bonding and the corresponding cross sections. Reprinted 
with permission from Springer Nature [19].

Intermetallic Compounds - Formation and Applications52

4.2. Fabrication process and testing

For the reliability test and the investigations of the phases present in an Au-Sn SLID bond, 
a chip/substrate system relevant for use at high temperatures was used: an SiC dummy 
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mismatch in coefficients of thermal expansion (CTE): SiC and Si3N4 having similar CTE of 
4.2 ppm/K while the thick Cu layers have a CTE of 17 ppm/K giving a realistic substrate- 
to-chip thermal mismatch.

The Au-Sn SLID bonding was performed by electroplating 10 μm Au layers on both the chip 
and the substrate, sandwiching a 7.5 μm thick eutectic Au80Sn20 preform between the bonding 
partners and the bond, varying bonding temperature in the range of 290–350°C and the bond-
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Cross-section microscopy was performed on as-bonded and high-temperature-stored samples. 
The phases were identified by a combination of optical microscopy, SEM/EDX and X-ray diffrac-
tion, the latter technique being used both on cross-sectioned samples and on fracture surfaces.

4.3. Main results

The die shear strength of Au-Sn SLID bonds is found to be excellent, in the order of 140 MPa. 
Such high bonding strengths are obtained for bonding temperatures down to 300°C 
and bonding times down to 6 min, as shown in Figures 5 and 6. A lower bonding time 
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Figure 5. The die shear strength of an Au-Sn SLID bond as a function of the bonding time (time above the melting point 
of eutectic Au-Sn (278°C)) [22] (© 2012 IEEE).

Figure 6. The die shear strength of an Au-Sn SLID bond as a function of the bonding temperature [22] (© 2012 IEEE).

(tested down to 4 min) and temperature (tested down to 290°C) give significantly lower 
shear strength, but still well above the requirements of MIL-STD-883H [22].

4.3.1. Phases obtained

Figure 7 shows cross-sectional micrographs of a sample bonded at 300°C for 6 min. The IMC 
layer has been identified by EDX and X-ray diffraction to be the ζ-phase.

Cross-section microscopy (optical and SEM) shows that high-temperature-stored samples have 
thicker IMC layers compared to the as-bonded. Using X-ray diffraction on cross sections and on 
fractured bonding surfaces, the IMC layer of these high-temperature-stored samples is identified 
as the β-phase [23]. This shows that the as-bonded samples with an Au/ζ/Au bond layer structure 
are not yet in thermal equilibrium. The Au/β/Au structure obtained after our high-temperature 
storage represents a thermal equilibrium situation, since the Au-Sn phase diagram (Figure 4) does 
not contain phases between Au and β. When designing a layer structure for Au-Sn SLID bonds 
for high-temperature applications, the overall Au-Sn system should therefore have an Sn content 
below 8 at%. The evolution of the layer structure upon bonding and aging is sketched in Figure 8.
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4.3.2. Thermal cycling survival

Even after combined high-temperature storage and thermal cycling, the shear strength of an 
Au-Sn SLID-bonded sample is very high, around 70 MPa (see Figure 9). This clearly shows 
that Au-Sn SLID bonding is a suitable choice for high-temperature applications, also with 
thermally mismatched substrate-chip pairs. The demonstrated reliability is excellent.

Figure 7. Cross section of an optimized Au-Sn SLID bond [22] (© 2012 IEEE).

Figure 8. A schematic overview of the layered structure of an optimized Au-Sn SLID bond at different life stages. The 
different material phases were identified with energy-dispersive X-ray spectroscopy (EDX) and X-ray diffraction. 
Reprinted with permission from Springer Nature [23].
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layer has been identified by EDX and X-ray diffraction to be the ζ-phase.

Cross-section microscopy (optical and SEM) shows that high-temperature-stored samples have 
thicker IMC layers compared to the as-bonded. Using X-ray diffraction on cross sections and on 
fractured bonding surfaces, the IMC layer of these high-temperature-stored samples is identified 
as the β-phase [23]. This shows that the as-bonded samples with an Au/ζ/Au bond layer structure 
are not yet in thermal equilibrium. The Au/β/Au structure obtained after our high-temperature 
storage represents a thermal equilibrium situation, since the Au-Sn phase diagram (Figure 4) does 
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4.3.2. Thermal cycling survival

Even after combined high-temperature storage and thermal cycling, the shear strength of an 
Au-Sn SLID-bonded sample is very high, around 70 MPa (see Figure 9). This clearly shows 
that Au-Sn SLID bonding is a suitable choice for high-temperature applications, also with 
thermally mismatched substrate-chip pairs. The demonstrated reliability is excellent.

Figure 7. Cross section of an optimized Au-Sn SLID bond [22] (© 2012 IEEE).

Figure 8. A schematic overview of the layered structure of an optimized Au-Sn SLID bond at different life stages. The 
different material phases were identified with energy-dispersive X-ray spectroscopy (EDX) and X-ray diffraction. 
Reprinted with permission from Springer Nature [23].
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Figure 9. Die shear strength for virgin Au-Sn SLID samples, high-temperature-stored (HTS) samples—at 250°C for 1, 3 
and 6 months—and samples exposed for 3 months HTS + 1000 thermal cycles (TC) between 0 and 200°C. Reprinted with 
permission from Springer Nature [23].

5. Ni-Sn bonding

5.1. Rationale for Ni-Sn

The Ni-Sn material system comprises three IMCs which all have a high-melting point ranging 
from 798 to 1280°C [24], see Figure 10. The high-temperature compatibility is the most frequent 
reason for investigating the Ni-Sn system [25–27]. In addition, Nickel and tin are relatively 
low-cost materials which make them attractive for more cost-sensitive applications [26, 28].  
The formed IMCs may also have matching thermomechanical material properties which may 
be critical in applications with very high operation temperatures [29]. Residual Ni can be used 
as a diffusion barrier for other materials in joint structures, such as Au and Cu, preventing 
them from contaminating attached devices [30]. The relatively low melting point of Sn, 232°C, 
also allows similar process temperatures as the Cu-Sn system. In addition, the excellent cor-
rosion resistance of Ni [28] makes the Ni-Sn system attractive for forming SLID joints. Still, 
information on Ni-Sn SLID joints is sparse.

5.2. Fabrication process

To be able to complete the homogenization process forming Ni-Ni3Sn joints, the pre-joint 
structure requires a volumetric ratio, Ni:Sn, of not less than 1.22:1. We have used a symmetric 
pre-joint structure of 3.0 μm Ni/2.0 μm Sn/2.0 μm Sn/3.0 μm Ni. The layers were built by sput-
tering a thin Ni layer onto metallized (TiW) Si wafers. The required thickness was achieved 
by electroplating additional Ni. The top layer of Sn was then electroplated. Samples were 
pressed together with a contact pressure of about 3 MPa and the temperature was raised 
above the melting point of Sn and then held there for a period of time until the liquid Sn 
reacted with the adjoining Ni substrate. The joint was then cooled down. The joint morphol-
ogy and evolution as a function of process parameters were investigated by changing the 
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process temperature and duration. The maximum temperature was varied between 250 and 
360°C, and the hold time was varied between 1 and 20 min. The ramp rate was 120°C/min and 
the process was carried out in vacuum.

5.3. Main results

Our studies have shown that 5 min at 300°C is insufficient to complete the isothermal solidifica-
tion process step for our configuration, showing unreacted Sn in the joint centre, see Figure 11(a);  
20 min at 300°C or 5 min at 360°C created a developed Ni3Sn/Ni3Sn2/Ni3Sn joint structure, 
see Figure 11(b) and (c). Bader et al. [25] have reported that 105 h at 400°C was necessary 
to completely homogenize a 2.6-μm thick Sn layer on Ni into an Ni/Ni3Sn/Ni structure. The 
intermetallic formation evolves by forming idiomorphic Ni3Sn4 crystals at the Ni/Sn interface. 
These crystals grow anisotropically into columnar structures extending across the joint. They 
have a significant impact on the mechanical compliancy of the joint, restricting its ability to 
conform to volumetric changes as the joint evolves. The phase transformation from liquid to 
the solid intermetallic phases causes a volumetric shrinkage of about 14–17%. The inability 
to conform causes a high intrinsic stress state within the joint. This may result in significant 
voiding as depicted in Figure 11. One way to overcome the problem of forming the large idio-
morphic crystals restricting the joint compliancy would be to fabricate joints with an Ni-Sn 
paste. This would also significantly reduce the necessary process time to homogenize the 
bond [31]. Unfortunately, such pastes are per now not commercially available. The nominal 

Figure 10. Ni-Sn phase diagram. Reprinted with permission from Springer Nature [24].
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low-cost materials which make them attractive for more cost-sensitive applications [26, 28].  
The formed IMCs may also have matching thermomechanical material properties which may 
be critical in applications with very high operation temperatures [29]. Residual Ni can be used 
as a diffusion barrier for other materials in joint structures, such as Au and Cu, preventing 
them from contaminating attached devices [30]. The relatively low melting point of Sn, 232°C, 
also allows similar process temperatures as the Cu-Sn system. In addition, the excellent cor-
rosion resistance of Ni [28] makes the Ni-Sn system attractive for forming SLID joints. Still, 
information on Ni-Sn SLID joints is sparse.

5.2. Fabrication process

To be able to complete the homogenization process forming Ni-Ni3Sn joints, the pre-joint 
structure requires a volumetric ratio, Ni:Sn, of not less than 1.22:1. We have used a symmetric 
pre-joint structure of 3.0 μm Ni/2.0 μm Sn/2.0 μm Sn/3.0 μm Ni. The layers were built by sput-
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process temperature and duration. The maximum temperature was varied between 250 and 
360°C, and the hold time was varied between 1 and 20 min. The ramp rate was 120°C/min and 
the process was carried out in vacuum.

5.3. Main results

Our studies have shown that 5 min at 300°C is insufficient to complete the isothermal solidifica-
tion process step for our configuration, showing unreacted Sn in the joint centre, see Figure 11(a);  
20 min at 300°C or 5 min at 360°C created a developed Ni3Sn/Ni3Sn2/Ni3Sn joint structure, 
see Figure 11(b) and (c). Bader et al. [25] have reported that 105 h at 400°C was necessary 
to completely homogenize a 2.6-μm thick Sn layer on Ni into an Ni/Ni3Sn/Ni structure. The 
intermetallic formation evolves by forming idiomorphic Ni3Sn4 crystals at the Ni/Sn interface. 
These crystals grow anisotropically into columnar structures extending across the joint. They 
have a significant impact on the mechanical compliancy of the joint, restricting its ability to 
conform to volumetric changes as the joint evolves. The phase transformation from liquid to 
the solid intermetallic phases causes a volumetric shrinkage of about 14–17%. The inability 
to conform causes a high intrinsic stress state within the joint. This may result in significant 
voiding as depicted in Figure 11. One way to overcome the problem of forming the large idio-
morphic crystals restricting the joint compliancy would be to fabricate joints with an Ni-Sn 
paste. This would also significantly reduce the necessary process time to homogenize the 
bond [31]. Unfortunately, such pastes are per now not commercially available. The nominal 

Figure 10. Ni-Sn phase diagram. Reprinted with permission from Springer Nature [24].

Intermetallic Bonding for High-Temperature Microelectronics and Microsystems: Solid-Liquid…
http://dx.doi.org/10.5772/intechopen.75139

57



shear strength was measured to be at least 40 MPa according to the normal shear testing 
 procedure. Greve et al. have demonstrated a shear strength capacity above 10 MPa at 600°C 
[31]. Fractography revealed that the strength was limited by a poor adhesion layer. Despite 
severe voiding in the joints themselves, they showed a significant shear strength exceeding 
200 MPa when the actual bonded area was considered.

The pertinent literature has studied layered structures, either Ni/Sn/Ni or Ni/Sn. Both Sn pre-
forms [26] and deposited layers have been used. The deposited layers have been electroplated 
[27, 28, 30], e-beam [32], thermally evaporated, sputtered [25, 32] or a combination of the 
abovementioned methods.

Figure 11. Optical micrographs of cross sections illustrating solidification and homogenization process for four different 
processes: (a) 1–300°C, 5 min, (b) 2–300°C, 20 min, (c) 3–360°C, 5 min, and (d) 4–360°C, 20 min [27] (© 2016 IEEE).

Intermetallic Compounds - Formation and Applications58

6. Au-In bonding

6.1. Rationale for Au-In

The Au-In system (Figure 12) has a high number of IMCs. Whereas In has a low melting 
point of 156°C, all IMCs are solid at 450°C and higher. This opens for the possibility of a 
low-temperature bonding process with the capability of high-temperature stability. A low-
temperature bonding is important for temperature-sensitive materials and also to minimize 
thermomechanical stress generated in the bonding process. Au-In SLID bonding will allow 
applications in an extended temperature range, defined by the tolerance of the bonded mate-
rials, whereas In-based soldering can only be used for applications well below the melting 
point of In. Our work in Au-In SLID bonding is a feasibility work, demonstrating that wafer-
level bonding with good strength is achievable and that the bonds survive temperatures 
much higher than the melting point of In.

6.2. Fabrication process

Au-In interdiffusion is significant already at room temperature, converting In to AuIn2 [34, 35]. 
If a system is designed with metal layer thicknesses aiming for an Au/IMC/Au bond-line, simi-
lar to Sn-based SLID systems, all In may have been converted to AuIn2 before bonding, leaving 
no liquid phase available during bonding. Therefore, we have used thin Au layers in our Au-In 
bonding. In was deposited by evaporation, allowing only thin-layer deposition. We selected 
Au-In thickness on one bonding partner as 0.16 μm/1.25 μm and the other bonding partner as 
0.8 μm Au, as shown in Figure 13. Bonding was performed at wafer level.

Figure 12. Au-In phase diagram. Reprinted with permission from Springer Nature [33].
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shear strength was measured to be at least 40 MPa according to the normal shear testing 
 procedure. Greve et al. have demonstrated a shear strength capacity above 10 MPa at 600°C 
[31]. Fractography revealed that the strength was limited by a poor adhesion layer. Despite 
severe voiding in the joints themselves, they showed a significant shear strength exceeding 
200 MPa when the actual bonded area was considered.

The pertinent literature has studied layered structures, either Ni/Sn/Ni or Ni/Sn. Both Sn pre-
forms [26] and deposited layers have been used. The deposited layers have been electroplated 
[27, 28, 30], e-beam [32], thermally evaporated, sputtered [25, 32] or a combination of the 
abovementioned methods.

Figure 11. Optical micrographs of cross sections illustrating solidification and homogenization process for four different 
processes: (a) 1–300°C, 5 min, (b) 2–300°C, 20 min, (c) 3–360°C, 5 min, and (d) 4–360°C, 20 min [27] (© 2016 IEEE).
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6. Au-In bonding

6.1. Rationale for Au-In

The Au-In system (Figure 12) has a high number of IMCs. Whereas In has a low melting 
point of 156°C, all IMCs are solid at 450°C and higher. This opens for the possibility of a 
low-temperature bonding process with the capability of high-temperature stability. A low-
temperature bonding is important for temperature-sensitive materials and also to minimize 
thermomechanical stress generated in the bonding process. Au-In SLID bonding will allow 
applications in an extended temperature range, defined by the tolerance of the bonded mate-
rials, whereas In-based soldering can only be used for applications well below the melting 
point of In. Our work in Au-In SLID bonding is a feasibility work, demonstrating that wafer-
level bonding with good strength is achievable and that the bonds survive temperatures 
much higher than the melting point of In.

6.2. Fabrication process

Au-In interdiffusion is significant already at room temperature, converting In to AuIn2 [34, 35]. 
If a system is designed with metal layer thicknesses aiming for an Au/IMC/Au bond-line, simi-
lar to Sn-based SLID systems, all In may have been converted to AuIn2 before bonding, leaving 
no liquid phase available during bonding. Therefore, we have used thin Au layers in our Au-In 
bonding. In was deposited by evaporation, allowing only thin-layer deposition. We selected 
Au-In thickness on one bonding partner as 0.16 μm/1.25 μm and the other bonding partner as 
0.8 μm Au, as shown in Figure 13. Bonding was performed at wafer level.

Figure 12. Au-In phase diagram. Reprinted with permission from Springer Nature [33].
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6.3. Main results

Wafer bonding of Au-In was successful, with shear strengths in the range of 30 MPa [36]. 
Figure 14 shows the microstructure of the final Au-In bond interface, where two IMC phases, 
AuIn and Au7In3, are present.

Shear testing at elevated temperatures, up to 300°C, confirms the high-temperature sta-
bility predicted from the phase diagram. Figure 15 shows that the bond is solid at tem-
peratures much higher than the In melting temperature of 156°C. Actually, the bond-line 
has a higher shear strength at 300°C than at room temperature. Inspection of the fracture 
surfaces reveals that die shear at temperatures from room temperature up to 200°C results 
in brittle fracture, with well-defined fracture surfaces: along the original bond interface, 
as well as in the adhesion layers. At 300°C, the fracture inside the IMC is very different. It 
has a ductile nature and no longer follows the original bond interface nor any other well-
defined plane. The higher shear strength and change in fracture mode is explained from 
the phase diagram: a solid-state phase transition to the Ψ phase occurs at temperatures 
above 224°C. For our layer thicknesses, this phase transition involves interdiffusion of 
Au and In across the original bond interface, giving an annealing effect at this interface. 
When the weakest part of the bond-line is strengthened, an overall increase in strength is 
observed [36].

Figure 13. Design principle for Au-In SLID bonding.

Figure 14. Cross section of the bonded sample. Two Au-In intermetallic compounds (IMCs) are present in the final bond-
line. Reprinted with permission from Springer Nature [36].
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7. Au-In-Bi bonding

7.1. Rationale for Au-In-Bi

While the use of In as a low-melting point material allows bonding at lower temperatures 
than ordinary solder temperatures, a number of applications and materials will require even 
lower bonding temperatures. Examples of temperature-sensitive materials are poled piezo-
electric materials (that should not approach or exceed the Curie temperature, which can be 
~150°C for a typical piezoelectric material such as PZT, lead zirconate titanate), ferromagnetic 
materials and polymers.

In-Bi is a metal system with particularly low melting points (see Figure 16): 72.7°C for the 
eutectic composition (78.5 at% In), and with all In-Bi intermetallic compounds having melting 
points within the range of 89–110°C. Ternary phase diagrams of the Au-In-Bi system are not 
readily available. However, Au and Bi are not miscible and have no IMCs that are stable at 
ambient temperatures. The lowest melting point of the Au-Bi system is a Bi-rich eutecticum 
(241.1°C). A suitable low-temperature bonding process may therefore be expected to result in 
Au-In IMCs, together with Bi, in the bond-line. The remelting temperature of such a bond will 
then be that of Bi (271°C). This will allow for a low-temperature bonding process without a 
severe restriction on the allowed temperature span in application.

7.2. Fabrication process

Most of our Au-In-Bi SLID bonds were carried out by sandwiching a eutectic In-Bi (78.5 at% 
In to 21.5 at% Bi) preform (thickness about 140 μm) between Au-coated dies and substrates. 
Bonding was performed with a bonding pressure ranging from 5 to 8 MPa, bonding tempera-
tures ranging from 90 to 130°C and bonding times ranging from minutes up to 15 h [38]. Initial 

Figure 15. Au-In strength versus temperature.
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Figure 16. The Bi-In phase diagram. Reprinted with permission from ASM International [37].

experiments using a fast temperature ramp of 20°C/min gave a bond morphology with large 
scallops. All our main experiments are therefore carried out with a slow temperature ramp of 
2°C/min, giving the desired layered SLID bond-line structure where the interdiffusion is con-
trolled by IMC layers formed at the Au-to-preform interface already at temperatures below 
the melting temperature of the eutectic preform.

Au-In-Bi SLID bonding using thin-film (2.5–3 μm) thermally evaporated eutectic In-Bi on Au 
surfaces was also demonstrated [39]. This approach opens up for a much shorter process time, 
as well as being compatible with photolithographic patterning.

7.3. Main results

7.3.1. Phases obtained

7.3.1.1. Bonding at 90°C

Bonding at a low temperature of 90°C is indeed successful, as shown in Figure 17. The bond-
line is much thinner than the original thickness of the In-Bi foil, showing that the material has 
been squeezed out while in liquid phase. The bond-line shows a layered structure of various 
Au-In IMCs, as well as inclusions of the BiIn2 phase. No remaining In phase, no Au-Bi IMCs 
nor ternary Au-Bi-In phases are observed. BiIn2 has a melting temperature of 89.5°C; hence, a 
higher process temperature is needed to obtain the desired, higher remelting temperatures.

7.3.1.2. Bonding at 110°C

Figure 18 shows cross-section micrographs of the bonding performed at 110°C.

The cross-sections show a layered morphology similar to Figure 17 (bonding at 90°C), but 
with thicker layers of the more Au-rich IMCs AuIn and Au7In3. No In-Bi IMCs are observed, 
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but inclusions of Bi. This indicates that this bond would have a remelting temperature of 
271°C. The existence of Bi as opposed to BiIn2 (which appears in the 90°C-bonded samples) 
is explained from the Bi-In phase diagram: as the Au-In IMCs grow during the bonding pro-
cess, the liquid Bi-In is gradually depleted of In and the Bi content rises. If the temperature 
of the liquid is below 89.5°C, BiIn2 will solidify isothermally as the Bi content in the liquid 
approaches 33 at%. If the temperature of the liquid is between 89.5 and 110°C, BiIn2 is not 
stable, and BiIn will solidify isothermally as the Bi content in the liquid approaches 50 at%. 
For temperatures above 110°C, no Bi-In IMCs are stable, and Bi will solidify isothermally as 
the In content in the liquid is depleted. The bonding temperature has a finite precision, so a 
bonding temperature set to 90°C may easily be consistent with a liquid temperature below 
89.5°C, and similarly a bonding temperature set to 110°C may easily be consistent with a liq-
uid temperature above the melting point of BiIn.

A bonding temperature of 110°C is marginal if one wishes to avoid the presence of the low-
melting Bi-In IMCs. In our later work, we have therefore bonded at 115°C.

Figure 17. Cross-section micrograph of In-Bi SLID bond on Au pads, bonding temperature of 90°C, temperature ramping 
rate of 2°C/min and bonding time of 4.5 h. The phases are identified by EDX [38] (© 2016 IEEE).

Figure 18. Cross-section micrograph of In-Bi SLID bond on Au pads, bonding temperature of 110°C, temperature 
ramping rate of 2°C/min and bonding time of 4.5 h. The phases are identified by EDX [38] (© 2016 IEEE).
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Figure 16. The Bi-In phase diagram. Reprinted with permission from ASM International [37].
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but inclusions of Bi. This indicates that this bond would have a remelting temperature of 
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the In content in the liquid is depleted. The bonding temperature has a finite precision, so a 
bonding temperature set to 90°C may easily be consistent with a liquid temperature below 
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uid temperature above the melting point of BiIn.

A bonding temperature of 110°C is marginal if one wishes to avoid the presence of the low-
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7.3.1.3. Bonding at higher temperatures and/or longer bonding times

For samples bonded at a higher temperature (120 and 130°C) and/or bonding times longer than 
4.5 h, the bond-line morphology is similar to that of the sample bonded at 110°C (Figure 18),  
except that the Au7In3 layer is significantly thicker and the AuIn2 layer thickness is much 
reduced. This is as expected, with increased Au-In interdiffusion.

For extended bonding/annealing times, we expect an entire conversion to Au7In3, in an Au/
Au7In3/Au configuration, when the Au:In ratio allows for that. Further reactions to even more 
Au-rich IMCs can be expected in order to reach thermal equilibrium, but the kinetics of these 
reactions is not known.

7.3.1.4. Bonding using thin-film deposited In-Bi

The Au-In-Bi preform SLID bonding discussed earlier requires long bonding times, due to 
slow diffusion through Au-In IMCs at these low bonding temperatures. Our preliminary 
experiments with thin-film-deposited In-Bi show that similar bond morphologies can be 
obtained, with decreased bonding times [39].

7.3.2. Characterization

Solid bond strengths, up to 50 MPa, are recorded. Bonded, acoustically active materials are 
tested with electrical impedance spectroscopy, confirming a very limited amount of voiding, 
compatible with ultrasonic applications [39].

8. Conclusion

8.1. Summary of USN results on different SLID systems

Table 2 compares the different SLID systems that our group has worked with and what has 
been our group’s research focus for each system. The obtained bond strength is a good indica-
tion of the quality of the bond. For all SLID systems, we obtain shear strength at the level of 
or higher than when using Sn-based solder (typically around 30–40 MPa [40, 41]). The highest 
bond strength is obtained by Au-Sn. This system will not show significant oxidation of the 
metal layers prior to bonding. This assures good wetting of the bonding partners, and a bond 
with very limited voiding has been the result.

Figure 19 shows the shear strength versus temperature of Au-Sn, Cu-Sn and Au-In bonding 
systems. All systems show solid bonds at temperatures higher than the melting temperatures 
of In (156°C) and Sn (232°C), experimentally verifying the predicted high-temperature sta-
bility [42]. For Au-Sn, a solid bond at 400°C is also shown [43], without quantification. For 
Au-In-Bi SLID, a solid bond at 115°C is demonstrated, although a destructive test to quantify 
the bond strength has not been performed.

All SLID systems survived the highest tested temperature; we have not quantified the actual 
remelting temperature for any of these.
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The temperature behaviour of the three SLID systems shown in Figure 19 is rather different. 
For Cu-Sn, the variations in the shear strength with temperature are rather small, as might be 
expected since the phase diagram shows no phase transitions occurring in the Cu/Cu3Sn sys-
tem below 350°C. Au-In shows a remarkable increase in strength at 300°C, explained earlier 
by a solid-state phase transformation occurring above 224°C. With the layer thicknesses in our 
design, this gives rise to interdiffusion across the initial bond interface, which was the weak-
est point in the bond-line at room temperature [36]. Au-Sn shows decreasing strength with 
temperature, but is solid at temperatures above the eutectic temperature in the Au-Sn system 
(278°C). The IMC in our Au-Sn SLID bonds is the non-stoichiometric ζ phase, which has a 
very composition-dependent melting temperature (ranging from 278 to 522°C, see Figure 4). 
We propose that more Au-rich Au-Sn SLID bonds with a longer bonding time, where the β 

Cu-Sn Au-Sn Ni-Sn Au-In Au-In-Bi

USN 
contributions

Flux-free, wafer-
level bonding for 
hermetic sealing

Simulation model 
for IMC kinetics

Industrial 
implementation

Strength versus 
temperature

Composition 
determined

Excellent 
reliability 
(HTS and TC, 
also with CTE 
mismatch)

Strength versus 
temperature

Bond 
demonstrated 
and 
characterized

Bond 
demonstrated 
and 
characterized

Strength versus 
temperature

Bond demonstrated 
and characterized 
(mechanically and 
acoustically)

Process 
temperature

>232°C >278°C >232°C >156°C >73°C

Obtained bond 
strength

70 MPa 140 MPa >40 MPa 
(nominally)

> 200 MPa in the 
actually bonded 
areas

30 MPa 
(breaking at 
bond interface)

40 MPa at 300°C

50 MPa

Table 2. Different SLID material systems.

Figure 19. Normalized shear strength versus die shear temperature and actual shear strength at RT and 300°C [42] (© 
2014 IEEE).
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phase is the resulting IMC, will have the potential of even better high-temperature perfor-
mance [44]. Note, however, that even though the relative decrease in Au-Sn shear strength is 
significant, the room temperature strength is extraordinarily high. Even though the strength 
of this system is reduced at 300°C to a level lower than the two other material systems, it is 
still at an acceptable level (~3× MIL-STD).

8.2. Related work

Many groups have contributed to research in SLID (Table 3). Most work has been on the 
Cu-Sn system, with Au-Sn as the second-most studied system.

Huebner et al. [3] demonstrated in 2006 that Cu-Sn SLID was capable of producing fine-pitch 
interconnections, down to 30 μm. This is significantly finer pitch than what can be obtained 
by a standard solder process. Lannon et al. [45] in 2012 showed the applicability of Cu-Sn 
SLID for high-density bonding with a very high number of interconnections (>22,000). In 
recent years, the industry in need of fine-pitch interconnection has implemented ‘Cu pillar 
technology’, where the pitch can be less than 10 μm [46], by electroplating fine-pitch Cu pil-
lars (with diameters down to 1 μm [47]) and restricting the solder applied to a small volume 

Author(s) Ref. Main contribution

Bernstein (and 
Bartholomew)

[9, 10] First introduction of SLID, for bonding in microelectronics, in 1966

Huebner et al. [3] Cu-Sn SLID for early (2006) fine-pitch (<30 μm) interconnection

Lannon et al. [45] Cu-Sn SLID (2012) high-density interconnections (>22,000 interconnects)

Huang et al. [46] Solder-capped Cu pillars (fine-pitch technology where the material 
composition is similar to Cu-Sn SLID)

Liu et al. [47] Solder-capped Cu pillars with extreme fine-pitch (down to 1 μm)

Huang et al. [48] Metastable SLID: Cu-Sn SLID process not reaching thermal equilibrium, 
faster process time

Syed-Khaja and Franke [49] Solder paste used for Cu-Sn SLID

Vuorinen et al.

Ross et al.

[50–52] Au-Sn and Cu-Sn SLID, dynamics of bonding and of void formation

Nga et al.

Yuhan Cao et al.

[53, 54] Cu-Sn SLID, hermetic sealing of MEMS devices and for through-silicon vias 
(TSVs)

Marauska et al.

Xu et al.

[55, 56] Cu-Sn and Au-Sn SLID

Wafer-level hermetic encapsulation

Chang et al.

Civale et al.

Chang et al.

Ko et al.

[57–60] Cu-Sn SLID for 3D integration

Cook and Sorensen [5] Overview article (2011)

Table 3. SLID and related work, examples from various groups.

Intermetallic Compounds - Formation and Applications66

on top of the Cu pillars. Although usually referred to as a solder process, the process is very 
similar to a SLID process because of the small Sn volume applied and a resulting bond-line 
dominated by intermetallics.

Huang et al. [48] have developed ‘Metastable SLID’, where an Ni barrier layer restricts the 
amount of Cu to be used for the reaction with Sn, resulting in a SLID bond with Cu6Sn5 as the 
IMC. This allows for a much faster processing time, while a number of the desired properties 
of SLID are intact.

Alternative methods for depositing Sn in the Cu-Sn SLID/ TLP system are explored, for exam-
ple, by using Sn-based solder paste [49].

Vuorinen et al. [50] have investigated Au-Sn and Cu-Sn SLID, with a special focus on the 
mechanisms of the dynamic evolution during bonding and the corresponding void formation 
[51, 52].

Although solder bonding is likely to be the most used bonding method also in the future, 
SLID bonding is likely to be increasingly important for industrial applications where high-
temperature performance or fine-pitch metallurgical bonding is important.
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phase is the resulting IMC, will have the potential of even better high-temperature perfor-
mance [44]. Note, however, that even though the relative decrease in Au-Sn shear strength is 
significant, the room temperature strength is extraordinarily high. Even though the strength 
of this system is reduced at 300°C to a level lower than the two other material systems, it is 
still at an acceptable level (~3× MIL-STD).

8.2. Related work

Many groups have contributed to research in SLID (Table 3). Most work has been on the 
Cu-Sn system, with Au-Sn as the second-most studied system.

Huebner et al. [3] demonstrated in 2006 that Cu-Sn SLID was capable of producing fine-pitch 
interconnections, down to 30 μm. This is significantly finer pitch than what can be obtained 
by a standard solder process. Lannon et al. [45] in 2012 showed the applicability of Cu-Sn 
SLID for high-density bonding with a very high number of interconnections (>22,000). In 
recent years, the industry in need of fine-pitch interconnection has implemented ‘Cu pillar 
technology’, where the pitch can be less than 10 μm [46], by electroplating fine-pitch Cu pil-
lars (with diameters down to 1 μm [47]) and restricting the solder applied to a small volume 

Author(s) Ref. Main contribution

Bernstein (and 
Bartholomew)

[9, 10] First introduction of SLID, for bonding in microelectronics, in 1966

Huebner et al. [3] Cu-Sn SLID for early (2006) fine-pitch (<30 μm) interconnection

Lannon et al. [45] Cu-Sn SLID (2012) high-density interconnections (>22,000 interconnects)

Huang et al. [46] Solder-capped Cu pillars (fine-pitch technology where the material 
composition is similar to Cu-Sn SLID)

Liu et al. [47] Solder-capped Cu pillars with extreme fine-pitch (down to 1 μm)

Huang et al. [48] Metastable SLID: Cu-Sn SLID process not reaching thermal equilibrium, 
faster process time

Syed-Khaja and Franke [49] Solder paste used for Cu-Sn SLID

Vuorinen et al.

Ross et al.

[50–52] Au-Sn and Cu-Sn SLID, dynamics of bonding and of void formation

Nga et al.

Yuhan Cao et al.

[53, 54] Cu-Sn SLID, hermetic sealing of MEMS devices and for through-silicon vias 
(TSVs)

Marauska et al.

Xu et al.

[55, 56] Cu-Sn and Au-Sn SLID

Wafer-level hermetic encapsulation

Chang et al.

Civale et al.

Chang et al.

Ko et al.

[57–60] Cu-Sn SLID for 3D integration

Cook and Sorensen [5] Overview article (2011)

Table 3. SLID and related work, examples from various groups.
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on top of the Cu pillars. Although usually referred to as a solder process, the process is very 
similar to a SLID process because of the small Sn volume applied and a resulting bond-line 
dominated by intermetallics.

Huang et al. [48] have developed ‘Metastable SLID’, where an Ni barrier layer restricts the 
amount of Cu to be used for the reaction with Sn, resulting in a SLID bond with Cu6Sn5 as the 
IMC. This allows for a much faster processing time, while a number of the desired properties 
of SLID are intact.

Alternative methods for depositing Sn in the Cu-Sn SLID/ TLP system are explored, for exam-
ple, by using Sn-based solder paste [49].

Vuorinen et al. [50] have investigated Au-Sn and Cu-Sn SLID, with a special focus on the 
mechanisms of the dynamic evolution during bonding and the corresponding void formation 
[51, 52].

Although solder bonding is likely to be the most used bonding method also in the future, 
SLID bonding is likely to be increasingly important for industrial applications where high-
temperature performance or fine-pitch metallurgical bonding is important.
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Abstract

Due to the low Al activity within technical titanium aluminides and the similar thermody-
namic stabilities of Al- and Ti-oxide these alloys always form a mixed oxide scale at elevated
temperatures consisting of TiO2, Al2O3 and also nitrides if the exposure takes place in air.
This mixed scale does not provide any oxidation protection especially under thermocyclic
load or in water vapor containing environments. Thus accelerated oxidation occurs.
Alloying of additional elements such as Nb improves the oxidation behavior if the additions
stay within a certain concentration range but such additions cannot suppress non-protective
mixed scale formation. Coatings are another way to protect these materials but several
obstacles and new degradation mechanisms exist such as delamination e.g. due to CTE
mismatch or development of brittle intermetallic phases due to interdiffusion. Therefore,
other suitable protective measures have to be undertaken to make sure a protective oxide
scale will develop. The so called halogen effect is a very promising way to change the
oxidation mechanism from mixed scale formation to alumina formation. After optimized
halogen treatment the alumina layer is very protective up to several thousand hours even
under thermocyclic load and in atmospheres containing water vapor or SO2.

Keywords: titanium aluminides, oxidation, halogen effect

1. Introduction

Intermetallics possess very interesting properties due to their unique ordered crystal structure,
which differs from those of the constituting elements. Bonding includes metallic and covalent
portions so that they combine metallic and ceramic properties such as high strength and
decent corrosion resistance but on the other hand usually low ductility at room temperature
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(RT). Some of these materials are promising candidates to replace conventional heavy nickel-
based alloys in several high-temperature (HT) applications. In particular, alloys based on
titanium and aluminum, so-called titanium aluminides, consisting predominantly of the
γ-TiAl phase have a high service potential (Figure 1). Their density is only about 4 g/cm3,
which is about half that of conventional Ni-based superalloys. The specific strength of this new
class of materials is even higher than that of Ni alloys [1]. Technical TiAl alloys have an Al
content of about 40–50 at.% and consist of at least two phases, i.e., γ-TiAl and α2-Ti3Al. Recent
developments have led to alloys with an Al content below 45 at.% and additions of β-stabiliz-
ing elements such as Nb or Mo, which solidify via the β-phase to have three phases α2, γ, and
β0 present at service temperature [2]. All in all the average composition of such technical TiAl
alloys can be written as Ti (42–48), Al (2–8), Nb (0.5–3), other metals such as Cr or Mo (0.1–1),
and nonmetals as B, C, and Si (0.1–0.5) [3].

Still, there are some drawbacks to the widespread distribution of titanium aluminides, i.e., low
room temperature ductility [4] and low oxidation resistance at temperatures above ca. 750�C
[5], which are major topics in research all over the world. Alloying of additional elements can
improve the oxidation resistance [6] but is usually not sufficient to lift the application temper-
ature far above the current range of application up to 750�C.

Due to the similar thermodynamic stabilities of Al and Ti oxide and an Al activity too low to
form Al2O3, these alloys always develop a mixed oxide scale at elevated temperatures in
oxidizing environments [7]. The scale consists of TiO2, Al2O3, and also nitrides if the exposure

Figure 1. Comparison of the specific yield strength of engineering materials, which are used in automotive engines and in
aeroengines. The figure shows that advanced titanium aluminide alloys are capable to bear higher application tempera-
tures and loads than Ti alloys. It is evident that TiAl alloys have an advantage over Ti-based materials [1].
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takes place in air [8]. TiO2 grows very fast at temperatures above 600�C so that the mixed
scales can get very thick within rather short exposure times. The mixed scale does not provide
oxidation protection especially under thermal cyclic load. Due to the different coefficient of
thermal expansion (CTE) of the substrate and the oxides, stresses arise which can lead to
spallation of the scale if a certain stress level is reached [9]. This can happen especially during
cooling down from service temperature. Thus, accelerated oxidation will occur. Alloying of
additional elements such as Nb improves the oxidation behavior if the additions stay within a
certain concentration range, but all these additions cannot suppress the mixed scale formation
[6]. Coatings are another way to protect these materials, but several obstacles and new degra-
dation mechanisms exist such as delamination, e.g., due to CTE mismatch or development of
brittle intermetallic phases due to interdiffusion [5]. Therefore, other suitable protective mea-
sures have to be undertaken to make sure a protective oxide scale will develop. The so-called
halogen effect is a very promising way to change the oxidation mechanism from mixed scale
formation to alumina formation. After optimized halogen treatment, the alumina layer is very
protective up to several thousand hours even under thermolcyclic load and in atmospheres
containing water vapor or SO2 [10].

2. Mechanism

Due to alumina formation by the halogen effect, the oxidation kinetics of halogenated speci-
mens is reduced compared to that of untreated TiAl. In Figure 2 the mass change data derived
from thermogravimetric analysis, i.e., mass change measuring during isothermal oxidation,
are shown. The mass change curve of the fluorinated sample reveals the beneficial fluorine

Figure 2. Thermogravimetric results of an untreated TiAl sample and a beamline fluorine-implanted TiAl sample during
isothermal oxidation at 900�C in air.
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effect. This positive result was achieved by applying the accurate amount of fluorine to the
surface of the material [11]. In this case an optimized beamline implantation of fluorine was
applied (F-BLI2). This resulted in a rather low mass gain of less than 1 mg/cm2 after 1000 h of
oxidation at 900�C in air, while the final mass gain of the untreated specimen is almost four
times higher, ca. 4 mg/cm2, after a much shorter period of time (100 h).

The beneficial effect of fluorine on the oxide scale formation is shown in Figure 3. Only one
side of the specimen was beamline implanted with fluorine prior to oxidation at 900�C in air,
while the other side was not treated. It can be seen that the implanted side (Figure 3a)
developed a thin oxide layer (1–2 μm) rich in alumina, while on the non-implanted side
(Figure 3b), a thicker mixed scale (>20 μm) of Al2O3 + TiO2 and nitrides was formed. The
mixed scale consists of an outer layer of coarse rutile crystals, followed by a darker alumina-
rich zone and a yellowish mixed oxide zone with nitrides. The Ni plating was applied prior to
metallographic preparation to protect the oxide scales during preparation of the metallo-
graphic cross sections.

Alumina formation is promoted by optimized additions of the halogens fluorine, chlorine,
bromine, and iodine to the surface of TiAl alloys. However, large amounts of halogens in
the surface zone are very detrimental. They induce accelerated high-temperature corrosion
[12, 13]. On the other hand, if the amounts of halogens are too low, there is no impact on the
oxidation behavior of TiAl alloys, i.e., mixed scale formation.

This so-called halogen effect was first reported in [14–16]. Several models have been proposed
in the literature to explain the positive effect of the halogens. One model is based on doping of
titanium oxide by negatively charged halogen ions. By this negative charge, the rate of oxygen
diffusion and hence TiO2 growth is reduced [14]. A second model claims aluminum enrich-
ment in the subsurface zone of the alloy due to formation of gaseous titanium halides and their
evaporation which reduces the Ti content. This leads to an increased Al activity at the alloy/
scale interface, which promotes the Al2O3 scale growth [15]. Contrarily, experimental results
by Donchev et al. [17] have clearly shown that these two proposed models can be neglected to

Figure 3. Cross-sectional LOM images showing the effect of beamline implantation of fluorine on one side (a) compared
to the untreated side (b) after oxidation of a TiAl sample at 900�C for 100 h in air.
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describe the halogen effect. Their third model is based on the transport of aluminum via
selective formation of gaseous Al halides. They diffuse outward from the substrate to the inner
region of the naturally grown oxide scale where they are then oxidized to Al2O3 due to the
steep increasing oxygen partial pressure. After an incubation period, the amount of Al2O3

formed in the inner region reaches a sufficient volume fraction to result in a pronounced
reduction in the scale-growing kinetics [18]. In [17] the underlying thermodynamic mecha-
nisms were mostly described for a chlorine beamline implantation. In a similar approach, the
following data and equations are described for fluorine, which has shown to be more effective
than chlorine during thermocyclic exposure [18]. Since AlF is the predominant carrier molecule
for the aluminum transport, the reactions leading to Al2O3 formation can be signified as
follows:

Al s;TiAlð Þ þ F ! AlF gð ÞΔG900�C ¼ �3:63� 105 J=mol (1)

4 AlF gð Þ þ 3 O2 ! 2 Al2O3 s;oxide scaleð Þ þ 2 F2Δ G900�C ¼ �1:19� 106 J=mol (2)

where Al is from the TiAl alloy and fluorine from different fluorine treatments (see below).
Fluorine is released by Eq. (2) so that it can react again with Al from the substrate according to
Eq. (1). The enthalpies of formation for both reactions are negative. Thus, they tend to react to
the proposed products.

The minimum aluminum flux required via gaseous Al fluorides to sustain the growth of Al2O3

is determined by its growth kinetics, which follows the parabolic rate equation:

Δw ¼ kpt
� �1

2 (3)

where kp is the parabolic rate constant (g
2/cm4s), Δw is the mass gain (g), and t is time (s). The

flux of aluminum in the growing Al2O3 scale, JoxAl, is connected with the mass gain, i.e.,

JoxAl ∝
dΔw
dt

(4)

and in the case of Al2O3 growth, it is found that

JoxAl ¼
1
48

kp
t

� �1
2 mol Al

cm2 � s (5)

The kp for Al2O3 scale growth at 900�C equals 5 � 10�13 g2/cm4 s [19]. Therefore, the flux JoxAl =
2 � 10�9 mol/cm2 s after 60 s of oxidation. This value represents the minimum amount of
aluminum which is necessary to maintain parabolic Al2O3 scale growth after this time. The
flux, JAl, of the gaseous Al fluorides within the nano�/micro-channels and cracks can be
derived from the Hertz-Langmuir equation (kinetic theory of gases [20]). In the case of an
aluminum mono-fluoride AlF, the equation is as follows

JAlF ¼ JAl ¼ 44:3
PAlF

MAlFTð Þ12
mol Al
cm2 � s (6)
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where PAlF is the partial pressure of AlF in bar, MAlF is the molecular weight of AlF (45.98 g/mol),
and T is the absolute temperature (K). For AlF at 900�C (1173 K), Eq. 6 can be transformed to.

JAl ¼ 0:191PAlF
mol Al
cm2 � s (7)

Therefore, by equalizing the two fluxes given by Eqs. (5) and (6), the minimum pressure Pmin
AlF

needed to sustain parabolic Al2O3 scale growth at 900�C and 60 s of oxidation can be calcu-
lated:

JoxAl ¼ JAl (8)

2х10�9 ¼ 0:191PAlCl (9)

Pmin
AlF ¼ 1� 10-8 bar (10)

There is a clear time and temperature dependency of Pmin
AlF , decreasing with increasing time

and/or decreasing temperature. The variation of Pmin
AlFwithin the relevant calculated tempera-

ture range 700–1100�C for an oxidation time of 60 s is shown in Table 1. Obviously, the real
partial pressure of the reacting halide has to be greater than the minimum predicted by the
above-derived method. This has to be the case during the early stages of the oxidation process.
Furthermore, it has to be taken into account that not all aluminum halide species will contrib-
ute to the positive effect.

According to thermodynamic equilibrium calculations, AlF is the most volatile species of the
gaseous metallic fluorides within a certain F2 pressure range. Consequently, Eqs. (1) and (2) are
the principal reactions of concern from the standpoint of the beneficial fluorine effect. This also
shows that at least two AlF molecules are required to react with each other to form Al2O3.
Therefore, adsorption and nucleation on a surface are favored, because a direct reaction by gas
collision is not likely.

With these assumptions kept in mind, thermodynamic calculations are useful to determine the
minimum partial pressure of fluorine, Pmin

F2 , necessary in reaction (1) to obtain Pmin
AlF . The results

from those calculations are presented in Table 1.

T/�C kp(Al2O3)/g
2/cm4s Pmin

AlF /bar Pmin
F2 /bar

700 1 � 10�15 4.3 � 10�10 8.6 � 10�10

800 5 � 10�14 3.0 � 10�9 6.0 � 10�9

900 5 � 10�13 1.0 � 10�8 5.0 � 10�7

1000 1 � 10�12 1.6 � 10�8 3.2 � 10�8

1100 8 � 10�12 4.5 � 10�8 9.0 � 10�8

The kp(Al2O3) values were obtained from the literature [19].

Table 1. Calculated minimum partial pressures of gaseous AlF and resulting pressures of F2 which are necessary to
sustain parabolic Al2O3 growth after 60 s of oxidation.
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As indicated by Eq. (1), it is required that fluorine is somehow present in the surface zone to
react with the aluminum from the alloy to form gaseous Al fluorides. The implanted or
“alloyed” fluorine has to develop a certain activity or partial pressure. Since the thermody-
namic data for the fluorine activity in solid solution is not available, data for the F2 partial
pressure which can be calculated are taken into account for the following discussion. The
partial pressure of elemental fluorine, PF2, can be derived from the following equation:

PF2 ¼ a2F exp
�ΔG
RT

� �
(11)

where ΔG is the Gibbs free enthalpy for the formation of F2 and aF is the chemical activity of F
in the TiAl substrate. Unfortunately, no data exist for both of these parameters. In addition it
has to be kept in mind that the system is not closed. During high-temperature exposure,
fluorine can be released by outward diffusion of gaseous species without reacting with Al
before a closed alumina scale can block this [18]. Hence, the PF2 at the alloy/scale interface can
only be approximated to be within a certain range. However, it will be shown that meaningful
results can be obtained by making such an approximation.

Also, an upper limiting PF2 value for the beneficial fluorine effect (Pmax
F2 ) has to be approxi-

mated. This approximation is based on the competition of Al and Ti oxide formation. As
discussed earlier, the formation and subsequent growth of the Al2O3-rich scale requires the
adsorption of the aluminum fluoride species onto the surfaces of pores and micro-cracks
within the oxide. The extent of aluminum adsorption would be expected to increase with an
increase in the summed partial pressure of the reactive Al fluoride species, ∑PAlFx, up to the
point where the rate of aluminum supply is sufficient to sustain parabolic Al2O3 growth
kinetics, i.e., when ∑PAlFx = PΣAlFx

min. Beyond this point the rate of Al2O3 growth would be
solid-state diffusion controlled and therefore independent of PAlFx. The extent of titanium
adsorption and subsequent TiO2 growth would be equally expected to increase with increas-
ing partial pressure of the volatile Ti halide species, ∑PTiXy. However, the rate of TiO2 growth
is significantly greater than that of Al2O3 [21]. Therefore, if it is assumed that the probability
for oxidation is the same for all chemisorbed species and that non-protective inner-scale
formation occurs when the rate of TiO2 growth exceeds that of Al2O3; then, it can be
approximated that the beneficial fluorine effect can only occur if ∑PTiFy < ∑PΣAlFx

min (stoichi-
ometry and molar volume of the oxides are being neglected in this approximation since no
significant changes in the results would occur). As will be shown in the following, this
essentially equates to Pmax

F2 being set by PTiF3 = Pmin
AlF . When PF2 > Pmax

F2 , the predominance of
aluminum oxidation is not possible, and the formation of a non-protective TiO2-Al2O3 or
TiO2-rich scale occurs instead.

Pmin
F2 and Pmax

F2 can be obtained from thermodynamic calculations. The main aim of the thermo-
dynamic calculations is to quantify the PX2 “corridor” (and by this the level of the necessary
halogen reservoir) in which the beneficial halogen effect can operate. The potential reactions
considered in these calculations are given in the following for fluorine. The calculations were
conducted using the thermodynamic software packages ChemSage and FactSage [22].
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halogen reservoir) in which the beneficial halogen effect can operate. The potential reactions
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Apart from the formation and oxidation of AlF(g) given by reactions (1) and (2), the following
reactions must also be considered because their enthalpy is negative:

Al TiAlð Þ þ F2 ! AlF2 gð Þ;ΔG ¼ �6:64� 105 (12)

Al TiAlð Þ þ 1:5 F2 ! AlF3 gð Þ;ΔG ¼ �1:14� 106 (13)

Ti TiAlð Þ þ 0:5 F2 ! TiF gð Þ;ΔG ¼ �1:92� 105 (14)

Ti TiAlð Þ þ F2 ! TiF2 gð Þ;ΔG ¼ �6:57� 105 (15)

Ti TiAlð Þ þ 1:5 F2 ! TiF3 gð Þ;ΔG ¼ �1:11� 106 (16)

Ti TiAlð Þ þ 2 F2 ! TiF4 gð Þ;ΔG ¼ �1:41� 106 (17)

2 TiF gð Þ þ 2 O2 ! 2 TiO2 sð Þ þ F2;ΔG ¼ �1:09� 106 (18)

TiF2 gð Þ þO2 ! TiO2 sð Þ þ F2;ΔG ¼ �7:93� 104 (19)

Unlike other halogens [19], the enthalpies of the oxidation of the fluorides with a high oxygen
state of the cation are positive for both metals Al and Ti:

4 AlF3 gð Þ þ 3 O2 ! 2 Al2O3 sð Þ þ 6 F2;ΔG ¼ þ1:94� 106 (20)

4 AlF2 gð Þ þ 3 O2 ! 2 Al2O3 sð Þ þ 4 F2;ΔG ¼ þ3:66� 104 (21)

TiF3 gð Þ þO2 ! TiO2 sð Þ þ 1:5 F2;ΔG ¼ þ3:76� 105 (22)

TiF4 gð Þ þO2 ! TiO2 sð Þ þ 2 F2;ΔG ¼ þ6:79� 105 (23)

From the enthalpies of the reactions (10), (18), and (19), it can be concluded that only AlF leads
to the fluorine effect, i.e., there is no thermodynamic driving force for the oxidation of the
stable molecules AlF2 or AlF3. As a consequence of this, all the thermodynamic calculations for
Pmin
AlxFy and Pmax

AlxFy are based on the assumption that Al2O3 growth is sustained only via AlF

transport. The maximum pressure Pmax
F2 is reached if the titanium fluorides start to get relevant,

i.e., PTixFy equals P
min
AlF . In Figure 4 the pressures of the gaseous fluorides at 900�C are presented.

It can be clearly seen that AlF(g) is the predominant species.

In the envisaged temperature range above 700�C where oxidation protection of TiAl compo-
nents is needed, a positive fluorine effect is established (Figure 5). The corridor for the
so-called fluorine effect widens with increasing temperature and spans several orders of
magnitude of the fluorine pressure. The values for Pmin

F2 rise steadily with increasing tempera-
ture, while for Pmax

F2 a type of plateau is reached at about 1000�C. The values of Pmax
F2 at 900 and

1100�C are slightly lower than the one at 1000�C. The limits for the other halogens are similar
(see Appendix Figures A1, A2, A3).
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Furthermore, evaporation of stable titanium fluorides during heating up has to be considered
(s. Table 2) because the higher-valence titanium fluorides are very stable and do not show
much tendency to form titanium oxide (see reactions (20) and (21)). This leads to a fluorine loss

Figure 4. Calculated partial pressures of the gaseous metal fluorides versus elemental fluorine partial pressure at 900�C.

Figure 5. PF2 limits of the fluorine effect.
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Furthermore, evaporation of stable titanium fluorides during heating up has to be considered
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much tendency to form titanium oxide (see reactions (20) and (21)). This leads to a fluorine loss
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which has to be overcome by an “over-doping.” On the other hand, this can have a certain
buffering effect if too much fluorine is applied locally.

The calculations and consideration confirm the positive fluorine effect if the oxidation temper-
ature is sufficiently high, the heating-up period is kept short, and if an overdose of fluorine
(but not so high to induce corrosion) is applied in order to account for fluorine losses during
heating to oxidation temperature.

3. Fluorination

The positive results of the optimized F-BLI2 shown in Figure 1 were achieved during isother-
mal exposure at 900�C in air. For the technical use of TiAl components, protection under
thermocyclic conditions for much longer exposure times is an obligatory requirement. Addi-
tionally, different fluorination techniques had to be developed because beamline implantation
can only be used for laboratory-scale samples with flat surfaces and not for technical compo-
nents with complex structures, e.g., turbo charger rotors. Therefore, several attempts have
been undertaken to apply a fluorine treatment which is independent of any sample geometry.
First, a liquid-phase treatment by dipping in aqueous HF(aq.) was utilized [23]. The concentra-
tion of the acid, the temperature, and the dipping time had to be adjusted. The concentration is
very relevant because the etching of the metallic surface must be limited. After optimization
the best results were achieved by the following set of parameters, dipping in 0.1 mol% HF(aq)
for 2 h at room temperature (RT) which can be seen in Figure 6.

A second liquid-phase treatment was performed by spraying halogen-containing polymers
uniformly over the whole surface of different TiAl samples at RT and simple drying in air
afterward. Depending on the polymer and it's amount used, a mass loss is observed after the
beginning of oxidation which levels off to alumina kinetics during further exposure (Figure 7).
This mass loss is caused by the decomposition of the polymer and evaporation of the organic
residues. The released fluorine reacts with the metal surface, thus activating the fluorine effect.
Samples of the technical second-generation alloy γ-MET (Ti-46.5Al-4(Cr, Nb, Ta, B)) were
exposed thermocyclically at 900�C in air. The samples were placed in the hot furnace, kept at
temperature for 24 h, removed from the hot furnace, cooled to RT within about 15 min,

Temperature/�C p(TiF4(g))/bar

100 5.10 � 10�5

200 3.08 � 10�3

300 1.70 � 10�0

400 8.40 � 10�0

500 6.36 � 10�6

600 1.20 � 10�10

Table 2. Calculated partial pressures of TiF4(g) during heating up.
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weighed, and put back into the hot furnace after 1 hour, thus resulting a 25 h cycle test. The
untreated sample reveals a mass gain which is interrupted several times by minor mass losses
due to spallation of parts of the oxide scale. Spallation can occur if the stresses caused by the

Figure 6. SEM/BSE image of a TiAl specimen treated with 0.1 mol% HF for 2 h at RT and oxidized for 100 h at 900�C in
air.

Figure 7. Mass change data of three TiAl specimens exposed thermocyclically at 900�C in air. One sample is untreated,
and the two other samples are liquid-phase F-treated.
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weighed, and put back into the hot furnace after 1 hour, thus resulting a 25 h cycle test. The
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Figure 7. Mass change data of three TiAl specimens exposed thermocyclically at 900�C in air. One sample is untreated,
and the two other samples are liquid-phase F-treated.
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CTE mismatch between ceramic oxide and metallic substrate exceed a certain level. The final
mass gain after 50 days of exposure (= 1200 h) is about 8 mg/cm2. The mass change behavior of
the two treated specimens is characterized by a mass loss during the first day of exposure due
to evaporation of the organic residues of the polymer. Depending on the polymer, this mass
loss can vary between 1 and almost 40 mg/cm2. After this mass loss, a very slow-growing scale
and absolutely no spallation of any parts of the scale were observed. The mass gain during the
49 remaining days of exposure was less than 2 mg/cm2 for both F-polymer-treated samples.

Besides the described liquid-phase treatments, fluorination via the gas-phase directly at elevated
temperatures has also been proven to be successful. The first attempt has been made by the
decomposition of solid fluorine-containing polymers. TiAl samples were placed in a hot furnace
together with small amounts of a solid fluorine-containing polymer. During the initial hours of
exposure, the polymer decomposes and fluorine is released. The fluorine reacts with the speci-
men to allow the fluorine effect to operate. The whole process is performed under laboratory air.
No protective gas is needed. In Figure 8 results of the same thermocyclic 25 h cycle test are
presented. The F-treated sample showed a pronounced mass gain during the first day due to
uptake of fluorine and oxygen, but during the second day, the mass gain rate has dropped, and
the total mass gain during the next 49 days of exposure stayed below 1 mg/cm2.

Beamline ion implantation (BLI2) cannot provide total protection for technical TiAl compounds.
Therefore, a different implantation technique has to be used. The plasma immersion ion implan-
tation (PI3) allows implantation of specimens with more complex geometries [24]. During this
treatment the samples are placed in a vacuum chamber and a negative charge is applied. The
fluorine-containing gas is led into the chamber and the plasma is ignited. Due to the high voltage,
the fluorine cations are accelerated to the surface of the specimen so that this is implanted

Figure 8. Mass change data of two TiAl specimens exposed thermocyclically at 900�C in air. One sample is untreated and
the second is gas-phase F-treated.
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completely. Elemental F2 gas or other fluorine-containing gases such as CH2F2 can be used. After
optimization of this technique, thermocyclic long-term oxidation protection of TiAl samples for
4800 h at 900�C in air was achieved (Figure 9). Only the sample named PI3-d showed slow-
growing alumina kinetics over the whole period of exposure (200 days = 4800 h), while the three
other F-PI3 implanted specimens revealed at better behavior than the untreated sample, but
further optimization was needed. Their mass gains are higher than the one of the sample PI3-d,
and some mass losses due to partial spallation of the oxide scale can be seen even leading to a
final negative mass change value of the sample PI3-c after 150 days of exposure. It can be said
that the process was finally optimized to result in stable oxidation protection of TiAl specimens.

An evaluation of the mass changes of several samples after each day during thermocyclic
exposure can be seen in Figure 10. The differences of the masses of the specimens treated with
fluorine by different techniques are almost zero from day 2 of exposure to the end, while the
untreated sample reveals a much larger scatter. During the first days of exposure, the differ-
ence gets smaller. The observable mass losses were caused by spallation. The higher mass
gains directly afterward were due to formation of a new mixed oxide scale at the spalled areas.
Even during the last days of exposure, the variation of the mass of the untreated sample is
always higher than the ones of the F-treated specimens.

3.1. Long-term protection

The 24 h cycle test was prolonged for 1 year, i.e., 365 days (= 8760 h), to investigate the long-
term stability of the fluorine effect. In Figure 11 the mass change data of the exposed samples

Figure 9. Mass change data of an untreated and four F-PI3-treated TiAl specimens exposed thermocyclically at 900�C in
air.

The Importance of the Fluorine Effect on the Oxidation of Intermetallic Titanium Aluminides
http://dx.doi.org/10.5772/intechopen.75696

85
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fluorine-containing gas is led into the chamber and the plasma is ignited. Due to the high voltage,
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Figure 8. Mass change data of two TiAl specimens exposed thermocyclically at 900�C in air. One sample is untreated and
the second is gas-phase F-treated.
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completely. Elemental F2 gas or other fluorine-containing gases such as CH2F2 can be used. After
optimization of this technique, thermocyclic long-term oxidation protection of TiAl samples for
4800 h at 900�C in air was achieved (Figure 9). Only the sample named PI3-d showed slow-
growing alumina kinetics over the whole period of exposure (200 days = 4800 h), while the three
other F-PI3 implanted specimens revealed at better behavior than the untreated sample, but
further optimization was needed. Their mass gains are higher than the one of the sample PI3-d,
and some mass losses due to partial spallation of the oxide scale can be seen even leading to a
final negative mass change value of the sample PI3-c after 150 days of exposure. It can be said
that the process was finally optimized to result in stable oxidation protection of TiAl specimens.

An evaluation of the mass changes of several samples after each day during thermocyclic
exposure can be seen in Figure 10. The differences of the masses of the specimens treated with
fluorine by different techniques are almost zero from day 2 of exposure to the end, while the
untreated sample reveals a much larger scatter. During the first days of exposure, the differ-
ence gets smaller. The observable mass losses were caused by spallation. The higher mass
gains directly afterward were due to formation of a new mixed oxide scale at the spalled areas.
Even during the last days of exposure, the variation of the mass of the untreated sample is
always higher than the ones of the F-treated specimens.

3.1. Long-term protection

The 24 h cycle test was prolonged for 1 year, i.e., 365 days (= 8760 h), to investigate the long-
term stability of the fluorine effect. In Figure 11 the mass change data of the exposed samples

Figure 9. Mass change data of an untreated and four F-PI3-treated TiAl specimens exposed thermocyclically at 900�C in
air.
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are depicted. The F-BLI2 implanted sample had a negative mass change at the end of the test.
This was caused by spallation of parts of the oxide at areas of the specimen where a mixed
scale has formed. This sample was not protected at the edges due the limitation of the BLI2

process so that ordinary mixed scale formation took place at these spots. During the fast
cooling to RT, parts of this mixed scale spalled off. The other three F-treated specimens did

Figure 10. Mass change between each day of an untreated and three different F-treated TiAl specimens exposed
thermocyclically at 900�C in air for 50 days.

Figure 11. Mass change data of an untreated and four different F-treated specimens exposed thermocyclically at 900�C in
air.
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not show any tendency to spallation. The mass gain was slow and steady. The reasons for the
mass loss of the sprayed specimen and the mass gain of the gas-phase-treated specimen after
the first day are described above. The PI3 also provides total coverage. The F-treated samples
do not show any weakness in the protective fluorine effect. This effect is expected to the last
much longer. Post-experimental investigations illustrate the nature of the scales formed during
exposure. The appearance of the specimens reflects their mass change data. The untreated
sample is covered with a yellowish scale which has partly spalled (Figure 12a). The edges of
the F-BLI2 sample are covered with a yellow/brown mixed scale, while the faces are gray,
which indicates the protective alumina layer (Figure 12b). The faces were implanted, but the
edges could not be treated due to the limits of the beam process. The PI3 process on the other
hand is also capable of implanting the edges; hence, the sample appears totally gray
(Figure 12c). The sprayed sample looks white (Figure 12d). This is caused by the residues of
the spray which were oxidized above the protective alumina layer. This will be subsequently
shown in detail in the metallographic cross sections.

The metallographic cross sections reveal the nature of the oxide scales. The light optical
microscope (LOM) images show the differences of the scales formed during oxidation on the
surfaces of the exposed samples. The mixed scale on the untreated sample after 50 days of
exposure is roughly 100 μm thick and exhibits a lot of cracks (Figure 13a). The mixed scale
consists of an outer rutile layer, followed by an alumina layer and a mixed oxide nitride scale

Figure 12. Optical appearance of the exposed TiAl samples after thermocyclic oxidation at 900�C in air: (a) untreated
sample after 50 days, (b) F-BLI2, (c) F-PI3, and (d) F-sprayed all three after 365 days.
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above the substrate. The LOM images of the treated specimens indicate the thin layers where
the fluorine effect had functioned (Figure 13b–d).Accelerated oxidation occurred at the
unimplanted edges of the F-BLI2 sample (Figure 14a, b). The metallic cross section is reduced
due to spallation and renewed oxidation (Figure 14 a). The transition of the thick mixed scale
to the areas with the thin alumina layer can be seen. Here, the fluorine effect via the BLI2 is still
working. The mixed scale is undulated and roughly 50–100 μm thick (Figure 14b).

Scanning electron microscopic investigations coupled with energy dispersive X-ray spectros-
copy (SEM/EDX) provide a better grasp of the microstructure and composition of the scales.
The images of the F-treated specimens look similar; hence, only one sample is presented here.
The F-spayed sample is covered with a thin protective alumina layer on all faces (Figure 15a).
This layer is approximately 2–3 μm thick (Figure 15b). Underneath this layer some fluorine
was detected locally in some spots at the metal/oxide interface (Figure 16a). This was proven
by EDX (Figure 16b). The scale is very thin (1–2 μm), thus Ni from the Ni plating and Ti, Cr,
and Nb from the substrate were detected next to Al, O, and F from the scale.

Electron probe microanalysis (EPMA) provides the elemental distributions within the scales.
Fluorine was found at two spots underneath the thin alumina layer (Figure 17a). The oxide
layer consists predominantly of Al and O (Figure 17b, c) with some titanium oxide on the outer
surface (Figure 17d), which was formed during the incubation period. The metallic subsurface

Figure 13. LOM images of the exposed TiAl samples after thermocyclic oxidation at 900�C in air: (a) untreated sample
after 50 days, (b) F-BLI2, (c) F-PI3, and (d) F-sprayed all three after 365 days.
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Figure 14. LOM images of the exposed F-BLI2 sample after thermocyclic oxidation at 900�C for 365 days in air: (a) over-
view and (b) detailed image of the mixed scale.

Figure 15. SEM images of the F-sprayed sample after thermocyclic oxidation at 900�C for 365 days in air: (a) overview of
an edge and (b) detailed image of the thin alumina layer.

Figure 16. SEM/BSE image (a) and EDX spectrum (b) of the F-BLI2 sample after thermocyclic oxidation at 900�C for
365 days in air.
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zone is depleted in Al due to alumina formation via the fluorine effect. This can be seen in the
elemental distributions (Figure 17c,d), while it is hard to see this feature in the corresponding
SEM/BSE image (Figure 18). The additional elements such as Nb or Cr are enriched in pre-
cipitates also in the subsurface zone. Those can be correlated to the bright spots in Figure 18.
The fluorine spots underneath the alumina layer can be seen in this figure, too.

3.2. TiAl components

Turbocharger rotors as examples for technical TiAl components have been tested as well. The
components were used in the as-received state. Fluorination was performed by spraying. The
samples were exposed at 1050�C for up to 1200 h in laboratory air. In every 100 h the samples
were taken out of the hot furnace cooled to RT outside the furnace, images were made, and

Figure 17. EPMA elemental distribution images of F (a), O (b), Al (c), and Ti (d) of the F-PI3 sample after thermocyclic
oxidation at 900�C for 365 days in air.

Figure 18. Corresponding SEM/BSE image of the F-PI3 sample after thermocyclic oxidation at 900�C for 365 days in air.
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after 1 hour, the samples were put back in the hot furnace. The untreated specimens show
severe spallation of the oxide scale (Figures 19, 20b–c). This happened during each cooling
down very shortly after removing from the furnace, while the sample was still hot. The load-
bearing cross section of the blades is reduced due to this attack. Exposure at 1050�C can even
lead to the total destruction of the component only by oxidation itself if the material is more
sensitive to oxidation, i.e., due to changes in the chemical composition (Figure 20a–c). In
contrast the fluorine treatment protected the rotors for the whole period of exposure. The
treated samples only change color. The shown sample appears yellowish after 100 h and only
became a bit darker (Figure 21a–c). No sign of any spallation is visible.

Figure 19. Macroscopic images of an untreated turbocharger rotor before (a), after 100 h (b), and 1200 h (c) of oxidation at
1050�C in laboratory air.

Figure 20. Macroscopic images of the second untreated TiAl rotor with a different chemical composition before (a), after
100 h (b), and totally destroyed after 1200 h (c) of oxidation at 1050�C in laboratory air.

Figure 21. Macroscopic images of an F-treated turbocharger rotor after spraying (a), after 100 h (b), and 1200 h (c) of
oxidation at 1050�C in laboratory air.
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4. Conclusions

The results show the remarkable effect of several optimized fluorine treatments by improving
the oxidation resistance of TiAl alloys. The oxidation mechanism of the TiAl alloys is changed
from non-protective mixed scale formation to alumina formation via the halogen effect if a
defined amount of halogen is applied at the surface. Fluorine is the best doping element. Its
effect lasts as long as 1 year under thermocyclic conditions without any signs of weakness, e.g.,
spallation. If only oxidation is taken into account, the temperature capability of TiAl alloys can
be raised up to at least 1050�C. The fluorine content has to reach a certain minimum level to
obtain the effect to operate, but an upper level must not be exceeded. Otherwise, negative
fluorine corrosion occurs which would lead to accelerated oxidation. After optimized fluorine
treatment, i.e., PI3; liquid-phase treatment, e.g., by spraying; or a gas-phase treatment, total
coverage of the surface can be achieved. With such a treatment, the use of TiAl components at
elevated temperatures could be possible with all the advantages of this lightweight material
regarding the efficiency of, e.g., jet engines or automotive engines.
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Abstract

In this chapter, results of our recent investigations on Al-25%Fe (at.%), Al-30%Fe and 
Al-34.5%Fe alloys close to Al3Fe, Al5Fe2 and Al2Fe intermetallic phases have been discussed. 
The effect of process parameters on structural aspects and mechanical behaviour of Al-Fe 
intermetallics has been studied. The high melting intermetallics that are difficult to prepare 
by conventional processing technique are easily synthesized in nanocrystalline state with 
a homogeneous structure by mechanical means. In this process, we have come out with a 
single orthorhombic Al5Fe2 nanocrystalline intermetallic phase. Hardness measurements of 
intermetallic revealed an increase in hardness with a decreasing grain size up to a critical 
grain size, followed by a decrease. A decrease in hardness with a grain size refinement, an 
indication of softening behaviour, demonstrating the Inverse Hall-Petch (IHP)-like phenom-
enon has been observed in intermetallic compounds. The deviation from the regular Hall-
Petch (HP) behaviour has been discussed using various deformation models based on the 
dislocations and grain boundary-mediated processes. The study is focused on investigations 
of Al-rich iron aluminide intermetallics to understand the structure property correlations.
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and exhibit different crystal structure and properties than their constituent elements. The 
composition of an intermetallic may vary within a restricted composition range known as 
homogeneity range. Since 2500 BC, metallurgists have used intermetallics, and its phases 
have attracted significant interests during the last few decades since they offer new prospects 
for developing structural materials for high-temperature applications.

1.1. Intermetallics

An increased need for new and novel materials with specified properties and particular appli-
cation has attracted greater attention of metallurgists and material scientists in recent years. 
Intermetallics are one such material with a vast potential for application in a wide range of tech-
nologically important areas [1]. The first observation of an intermetallic was made in 1839 by 
Karl Karsten, when he observed a discontinuity in the action of acids on alloys of copper and zinc 
at the equi-atomic composition and suggested the formation of a compound. The compound 
is now popularly called as β-brass (CuZn). Intermetallics are already indispensable in many 
applications and offer the possibility of providing additional breakthrough in performance in, 
for example, high-temperature structural materials, magnetic materials and hydrogen storage 
materials. As a by-product of amorphization studies or alloying development, nanocrystalline 
intermetallic compounds can be synthesized. Nanocrystalline intermetallics possess improved 
mechanical properties at an ambient temperature. Bohn et al. [2] have suggested that nano-
crystalline intermetallic compounds may have improved mechanical properties. Their study 
concludes several possible ways of improving strength and ductility. However, the strength 
of elemental nanocrystalline metals can be increased by factors of 4–5 over conventional grain 
size materials [3], strengthening effects in some hard intermetallics that are more modest of 
the order of 10–20% [4]. The brittle nature of most intermetallics requires powder metallurgi-
cal processing route. Amorphization of intermetallic compounds by mechanical alloying (MA) 
was first reported by Ermakov et al. [5, 6] in Y-Co and Gd-Co systems. Amorphous phases 
from elemental powder mixtures or powders of intermetallics synthesized by high-energy ball 
milling have attained an unprecedented interest. A polymorphous phase transformation from 
crystalline phase to amorphous phase can occur when the free energy of an intermetallic com-
pound is raised by severe mechanical deformation above that of the amorphous phase. The 
observed transformation could be ascribed to an increased volume fraction of grain boundaries 
and simultaneous disordering [7]. Zou et al. [8] reported the formation of amorphous phase 
in Al-Fe alloy at early stages of MA. It has also been reported that during prolonged milling, 
amorphous phase undergoes crystallization to form intermetallics.

1.2. Al-Fe intermetallics

Considering all excellent physical and mechanical properties of aluminium, it has become an 
important element in intermetallics. Iron (Fe) and aluminium (Al) alloys rank among the most 
important engineering materials because they provide good properties at a low material cost in 
many applications [9]. Iron aluminide compounds are solid examples of the use of aluminium 
in intermetallics industry. Changing the aluminium content in iron-aluminium system leads to 
different iron aluminide compounds. Al-rich iron aluminides are characterized by low density, 
but also by lower strength and hardness than Fe3Al or FeAl ones. However, the strength and 
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hardness can be improved by grain size refinement, especially to nanometric scale. Having their 
strength increased, Al-based intermetallics possess a high specific strength. Table 1 indicates 
the crystal structure, stability range and hardness for the Al-Fe intermetallic phases. Studies 
on Al-Fe system have been concentrated mainly on mechanical alloying (MA) with individual 
elements [11–14]. Moreover, similar structures have been evidenced for a range of Al content. 
In Al-Fe intermetallic, Al2Fe compound retains the lowest possible symmetry crystal structure, 
triclinic (Pearson symbol aP19) [15]. Due to its lowest symmetry, the triclinic phase transforms 
to a high-symmetry Al5Fe2 orthorhombic (Pearson symbol oC24) in the nearby composition. 
Stability calculations utilizing first principles total energy envisage that oC24 structure has a 
much lower atomic density than aP19 structure, resulting in a high vibrational entropy and 
hence aP19 structure loses stability to the oC24 structure at elevated temperatures [16].

1.3. Al-Fe intermetallics by mechanical alloying/mechanical milling

Nanocrystalline intermetallic compounds are said to have enhanced properties as compared 
to conventional grain-sized materials. MA/mechanical milling (MM) has been considered a 
suitable processing method capable of attaining this goal of producing nanostructured materi-
als [9]. The synthesis of intermetallics through MA/MM has emerged as a valuable method for 
the following reasons: (1) the synthesis of intermetallics which are difficult to prepare by con-
ventional methods, (2) to obtain enhanced properties through microstructural modifications 
and (3) the synthesis of nonequilibrium microstructures, such as amorphous alloys at inter-
metallic compositions. The formation of amorphous phase in Al-20 at.%Fe alloy was reported 
by Zhou et al. after 240 h of MA [17]. Almost complete amorphous phase in Al-(17–33) at.%Fe 
system was observed by Huang et al. [18]. In a similar study, for Al-34 at.%Fe, Al-25 at.%Fe, 
Al-25 at.%Fe and Al-20 at.%Fe system, respectively, crystalline phases were evidenced by 
Enzo et al. and Cardellini et al. [19, 20]. For a composition range of Al-34.7–35.3 at.%Fe inter-
metallic phase, Al5Fe2 along with Al2Fe was observed by Gasior et al. [21]. A comparison of the 
phases formed in Al-Fe alloys as analysed from the X-ray diffraction (XRD) traces is given in 
Table 2. In addition to MA experiments, Romero et al. [22] reported the effect of mechanical 
milling (MM) on the structural evolution of as-cast Al2Fe and Al5Fe2 intermetallic systems at 
different short milling times. Apart from this study, no other reports on systematic investi-
gation on the structural evolution of as-cast Al-rich iron aluminide intermetallics are avail-
able. The possibility of nanostructured and amorphous phases and their stability by MM can 

Phases Symbol Crystal structure Stability

range (at.%)

Vickers hardness (9.8 N)

AlFe β” BCC (Order) 23–55 491–667

AlFe3 β’ DO3 23–34 344–368

Al2Fe ζ Triclinic 66–67 1058–1070

Al5Fe2 η Orthorhombic 70–73 1000–1158

Al3Fe θ Monoclinic 74.5–76.5 772–1017

Table 1. Crystal structure, stability range and hardness of intermetallic phases formed in Al-Fe binary systems at room 
temperature [10].
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be explored from the thermodynamic explanation based on a semi-experimental theory of 
improved Miedema’s model (Zhang model) [23] by calculating the Gibbs free energy of the 
phases from their enthalpy of formation.

1.4. Nanostructured materials

Nanostructured materials are an important class of metastable materials that are produced by 
ball milling. Materials are considered as nanostructured if the crystallite size is of the order of 
few nanometres (typically 1–100 nm). A novel way of transforming a material to a metastable 
state is to reduce its grain size from micrometres to nanometres, when the proportion of atoms 
at the grain boundaries is equal to or higher than those inside the grains. The fine grain-sized 
materials are structurally characterized by a large volume fraction of atoms in or near the 
grain boundaries, which significantly alter the material properties that are often superior or 
sometimes completely new in comparison with conventional coarse-grained polycrystalline 
materials. In 1987, Thompson and Politis first reported the formation of a nanostructured mate-
rial synthesized by MA [24]. A mechanism for the formation of nanostructures by MA/MM  
has been reported [25]. In 1992, Li et al. proposed a relation between grain size and the time of 
milling by a model for the refinement of grain size during ball milling [26].

It is given by

  d = K  t    −2 ⁄ 3    (1)

where d is the grain size, t is the time and K is a constant.

The balance between defect/dislocation structure introduced by the plastic deformation of mill-
ing and its recovery processes forms the main criteria to decide on the minimum grain size 
that can be achieved by mechanical milling. This process will result in a lower bound for the 
grain size of pure metals and alloys and reveals that a small grain size itself provides a limit for 
further grain refinement on milling. On the whole, when the material exhibits a  nanocrystalline 

Alloy Phases formed References

Al-34.7–35.3 at.%Fe Al5Fe2 + Al2Fe Gasior et al. [21]

Al-28.45 at.%Fe Al5Fe2 + Al2Fe Romero et al. [22]

Al-25 at.%Fe Al5Fe2 Cardellini et al. [20]

Al-20 at.%Fe Amorphous Zhou et al. [17]

Al-20 at.%Fe Al5Fe2 Cardellini et al. [20]

Al-34 at.%Fe α-Al Enzo et al. [19]

Al-17–33 at.%Fe Amorphous Huang et al. [18]

Al-25 at.%Fe α-Al Enzo et al. [19]

Al-33.28 at.%Fe Al5Fe2 + Al2Fe Romero et al. [22]

Table 2. List of phases formed in Al-Fe alloy.
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structure, hence microstructural refinement cannot be observed and further deformation can 
only be accomplished by grain boundary sliding (GBS). It has been suggested that the mini-
mum grain size that can be achieved by milling is determined by the balance between defect/
dislocation structure introduced by the plastic deformation of milling and its recovery by ther-
mal processes. This contributes to a lower bound for the grain size of pure metals and alloys 
and reveals that a small grain size itself provides a limit for further grain refinement on mill-
ing. Once the whole material exhibits a nanocrystalline structure, further deformation can only 
be accomplished by grain boundary sliding, and hence microstructural refinement cannot be 
observed. The limiting grain size is normally determined by the minimum grain size that can 
sustain a dislocation pile-up within a grain and by the rate of recovery [27]. Earlier researchers 
have proposed that hardness decreases at small grain sizes as it becomes impossible to accom-
modate the high density of dislocations required to form a pile-up at a grain boundary [28, 29].

2. Effect of process parameters on mechanical properties

Despite the same composition of initial powder mixture, various structures can evolve 
depending on the parameters of the milling process. In this section, the effect of mechani-
cal milling (MM) on the structural evolution of as-cast Al-rich iron aluminide intermetallics 
through different stages of milling and its mechanical behaviour has been discussed. The 
mechanical properties of intermetallics are closely related to their structure and its stabil-
ity [30]. Grain boundaries are the most important microstructural elements of materials, and 
their strengthening effect is phenomenologically quantified by a classical HP relationship. 
However, deviations from HP relation contributing to a softening behaviour are also observed 
after a critical grain size (dc). Due to the difference in the mechanical properties, which is 
greatly influenced by the microstructure [31, 32] of the intermetallic phases and its transfor-
mation during milling, a significant difference in the force displacement curves manifested 
not only by the shapes of the load-penetration depth but also by the maximum penetration 
depth attained under the same conditions was observed when evaluated using Oliver and 
Pharr method [33] (Oliver et al. (2004)). For intermetallics that are concerned, the effort has 
been directed mainly towards the development of high strength materials, and reports that 
address softening behaviour in nanoscale microstructures or composite microstructures are 
very rare. Al-25 at.%Fe, Al-30 at.%Fe and Al-34.5 at.% Fe close to Al3Fe, Al5Fe2 and Al2Fe inter-
metallic phases have been prepared in an arc-melting furnace under argon atmosphere. The 
pre-alloyed ingots were brittle and therefore repeatedly crushed and mechanically sieved to 
powders. Mechanical milling of the crushed powders was then carried out using high-energy 
planetary ball mill. This study provides some insights to understand the correlation between 
the process parameters and the mechanical behaviour of Al-Fe intermetallics.

2.1. Microstructural and structural features

Figure 1 shows X-ray diffraction pattern of crushed as-cast powders of Al-25 at.%Fe alloy. 
Diffraction peaks confirm mostly single-phase complex monoclinic Al3Fe (θ) structure. Figure 2 
shows the structural evolution of Al3Fe intermetallic subjected to varying hours of MM. A rela-
tively broad peak was observed because of the fine crystallite size and the presence of strain in 
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structure, hence microstructural refinement cannot be observed and further deformation can 
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Diffraction peaks confirm mostly single-phase complex monoclinic Al3Fe (θ) structure. Figure 2 
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Figure 2. XRD patterns showing structural evolution of θ-Al3Fe intermetallic phase (reprinted with kind permission 
from reference [34], copyright 2015, Elsevier).

the powder at early stages of milling. After 10–20 h of milling, the formation of η-Al5Fe2 was 
evidenced as an intermediate phase. The presence of η-Al5Fe2 prevailed till 30 h of milling, but 
a further increase in the milling time led to the broadening of these peaks too. The intermetallic 
Al3Fe phase was completely transformed into the amorphous state after 50 h of milling. A broad 

Figure 1. XRD pattern of Al-25 at.%Fe as-cast alloy showing single θ-Al3Fe intermetallic phase (reprinted with kind 
permission from reference [34], copyright 2015, Elsevier).
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halo at 2θ = 40–47o suggests that the formation of an amorphous phase was seen from the XRD 
patterns shown in Figure 2. Eventually, the phase transformations during MM for Al–25 at.%Fe 
alloy powders are expressed as follows:

  θ −  Al  3   Fe →  (θ −  Al  3   Fe + η −  Al  5    Fe  2  )  →  (η −  Al  5    Fe  2   + Amorphous)  → Amorphous.  (2)

Transmission electron microscope (TEM) image of Al-25 at.%Fe alloy milled for 50 h is shown 
in Figure 3. The micrograph showed the co-existence of nanocrystalline, η-Al5Fe2 and amor-
phous phases, and a diffuse ring along with diffraction spots was evidenced in a selected 
area diffraction (SAD) pattern. However, complete amorphization after 50 h of milling was 
observed in its corresponding XRD pattern. The broadening of the peak observed in XRD cor-
responds not only to the formation of amorphous structure but also to the refinement of the 
nanocrystalline structure induced by mechanical milling, and hence residual crystalline phase 
is present along with amorphous phase. The characteristic X-ray diffraction pattern of as-cast 
powders of Al-30 at.% Fe alloy is shown in Figure 4. The most intense diffraction peaks (2 2 1) 
and (3 1 1) at 2 θ  = 42.55 and 43.79 were found in the as-cast alloy. JCPDS data suggest that this 
compound is representative of a single Al5Fe2 orthorhombic phase (JCPDS reference code: 
00-047-1435) [36] with lattice parameters of a = 0.7648 nm, b = 0.6413 nm and c = 0.4216 nm. 
Results of XRD patterns showing the structural evolution of Al5Fe2 intermetallic subjected to 
MM for different ranges of milling time are shown in Figure 5. It is apparent that milling up 
to 30-h disappearance of all peaks except for major peaks of (2 2 1) and (3 1 1) was observed. 
The broadening observed in the diffraction peak can be attributed to the major peaks overlap-
ping from the intermetallic phase. The results obtained are in contrary to Al5Fe2 obtained by 
MA route [11], where complete formation of intermetallic phase was achieved in Al-25%Fe 

Figure 3. TEM image of 50 h milled product of Al-25 at.%Fe alloy showing crystalline η- Al5Fe2 and amorphous phase 
and its corresponding SAD pattern (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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Figure 2. XRD patterns showing structural evolution of θ-Al3Fe intermetallic phase (reprinted with kind permission 
from reference [34], copyright 2015, Elsevier).
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Figure 5. XRD patterns showing structural evolution of Al5Fe2 intermetallic during MM (reprinted with kind permission 
from reference [35], copyright 2016, Taylor & Francis).

after 30 h of MA, and the formation of amorphous phase was seen after 50 h of MA. Further 
in a similar work, Hunag et al. [18] observed the formation of the Al5Fe2 intermetallic  
in Al-24.4%Fe powder heat-treated at 500°C after MA for 180 h. It is interesting to note that 
the XRD peaks undergo broadening in the course of mechanical milling up to 50 h mainly 
due to cumulative effects of grain refinement and lattice strain. A bright field and dark-filed 

Figure 4. XRD pattern of as-cast Al-30 at.% Fe alloy (reprinted with kind permission from reference [35], copyright 2016, 
Taylor & Francis).
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image of 50 h-milled Al-30 at.% Fe alloy (Figure 6a and b) reveals the presence of a nano-
crystalline structure suggesting the presence of a nanostructured Al5Fe2 intermetallic phase 
which agrees well with the structural evolution observed from the XRD pattern.

Figure 7 shows the XRD pattern of as-cast Al-34.5 at.%Fe alloy. Diffraction peak confirms 
a mixture of intermetallic phases namely ζ-Al2Fe and η-Al5Fe2. For a compositional range 
of 34.7–35.3 at.%Fe in Al alloy, the observed intermetallic phase Al5Fe2 along with Al2Fe 
was observed by Gasior et al. [21]. Phase transformation from crystalline triclinic Al2Fe and 
orthorhombic Al5Fe2 to the partial formation of amorphous phase at 10 h of MM resulted in 
Al-34.5 at.%Fe alloy. Due to the peak overlapping from the mixture of intermetallic phases, a 
width was observed in the most, intense diffraction peak. With continued milling, a decrease 

Figure 6. (a) Bright field image and (b) dark field image of 50 h milled powder of Al-30 at.% Fe alloy (reprinted with kind 
permission from reference [35], copyright 2016, Taylor & Francis).

Figure 7. XRD patterns Al-35.4 at.%Fe as-cast alloy and after mechanically milled for various intervals showing structural 
evolution with milling time (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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Figure 8. HRTEM image and the corresponding FFT-SAD of Al-35.4 at.%Fe showing a complete amorphous phase after 
40 h of milling (reprinted with kind permission from reference [34], copyright 2015, Elsevier).

in the width of Bragg peaks and an increase in peak resolution were noted, indicating that 
Al2Fe intermetallic phase becomes unstable as a result of MM. The detected phase transition 
that occurred during milling process is suggestive of the accumulation of structural defects 
which increases the stored energy in the intermetallic material.

As evidenced in Figure 7, complete amorphization after 40 h of milling was achieved in this 
particular composition with prolonged milling time. The fine grain size and consequently 
large surface area induced by MM make the powders of this particular composition pyro-
phoric in nature after 40 h of milling. The same was observed even when milling experiments 
were paused periodically at regular intervals of every 30 min. Phase transformations achieved 
as a result of MM for Al-34.5 at.%Fe alloy powders are expressed as.

   (ζ −  Al  2   Fe + η −  Al  5    Fe  2  )  → η −  Al  5    Fe  2   → Amorphous.  (3)

The orthorhombic structure of Al5Fe2 phase features a rigid framework of fully occupied Al 
and Fe sites as well as partially occupied Al sites confined within channels [37]. This kind 
of structure makes it unstable when subjected to a severe plastic deformation leading to an 
amorphous phase. Further, for the present milling conditions, Al5Fe2 phase was also found to 
be stable with respect to its competing phases. Due to lattice defects introduced by MM which 
promote spontaneous transformation to the amorphous phase, the intermetallic compounds 
with narrow homogeneity ranges tend to become amorphous [38]. A high-resolution TEM 
micrograph corresponding to Al-34.5 at.%Fe alloy milled for 40 h is shown in Figure 8. The 
micrograph reveals a single amorphous phase and is corroborated by the fast Fourier transfor-
mation-selected area diffraction (FFT-SAD) pattern.
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Differential thermal analysis (DTA) trace of 50 h-milled Al-25 at.%Fe intermetallic powders 
is shown in Figure 9a. Upon heating the as-milled powders at a constant rate of 10°C/min, 
one exothermic peak at around 1090°C was revealed. An equilibrium diagram of Al-Fe [10] 
confirms that this peak corresponds to the melting point of the Al5Fe2 intermetallic phase, 
formed as a result of phase transformation of monoclinic Al3Fe after high-energy ball mill-
ing. DTA curves of as-cast Al-34.5 at.%Fe alloy and ball-milled powder obtained after 40 h 
of milling are shown in Figure 9b. As marked by arrows, the thermal curves indicated 
the presence of two endothermic peaks for the as-cast alloy. According to the equilibrium 
phase diagram, the first peak at 1090°C corresponds to the melting point of Al5Fe2 interme-
tallic compound, and the second peak at a higher temperature (1149°C) as marked by an 
arrow is due to the melting of Al2Fe. A single exothermic peak around 1090°C correspond-
ing to Al5Fe2 phase formed as a result of transformation of an Al2Fe intermetallic phase to 
a high-symmetry phase Al5Fe2 after high-energy milling was evidenced from DTA trace of 
40 h milled powders. Thermal analysis results agree well with the XRD results as shown in 
Figure 7, where the pattern corresponds to both Al5Fe2 and Al2Fe phases for as-cast alloy and 
a single Al5Fe2 phase for 40 h milled powders. The calculation of free energy of equilibrium 
phases was carried out based on the improved Miedema’s model (Zhang model). Table 3 
gives the data of Al and Fe necessary for the calculation of Gibbs free energy. The varia-
tion of  ∆ G  (for amorphous, two intermetallic compounds and crystalline solid solutions) 
as a function of composition for different values of dc is shown in Figure 10. It is observed 
that the free energy of crystalline phase of a large crystallite size is lower compared to 
that of amorphous phase. Henceforth, for the entire compositional range, the crystalline 
phase is expected to be more stable than the amorphous phase. As the Gibbs free energy 
is minimum at the corresponding composition, the intermetallic thus found is considered 
as a most stable phase. The two intermetallic phases (Al3Fe and Al2Fe) corresponding to 
the compositions Al-25 at.% Fe and Al-34.5 at.% Fe are the most stable phases compared to 
the solid solution phase. Al3Fe phase can transform to the amorphous phase at dc < 20 nm, 
and to convert Al2Fe phase into the amorphous state, the phase grain size should be below 
30 nm. The results obtained from XRD and TEM analysis of the milled powder support that 

Figure 9. DTA traces of milled powders for (a) Al-25 at.%Fe and (b) Al-34.5 at.%Fe alloy (reprinted with kind permission 
from reference [34], copyright 2015, Elsevier).
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Figure 10. Gibbs free energy of the amorphous, solid solution and intermetallic phases of Al-Fe system as a function of 
composition and grain size.

the phases are intermetallic prior to milling and amorphous after milling at the composition 
of Al-25 at.% Fe and Al-34.5 at.% Fe.

2.2. Mechanical properties

Figure 11a shows the milling time dependence of Vickers hardness for Al-25 at.%Fe alloy 
for various milled powders. The hardness increases with an increase in the milling time and 
reaches its maximum value between 20 and 30 h of milling and then decreased. A higher 
hardness value of about 8.6 GPa resulted at 30 h of milling. Thus, the optimum milling time 
for the studied composition is 30 h. The formation of intermetallic phase, η-Al5Fe2, and its co-
existence with amorphous phase could be the reason for the observed peak in hardness val-
ues. However, for Al-20 at.%Fe alloy, the microhardness of 12.4 GPa was reported for 20 h of 
MA followed by cold consolidation and subsequent annealing at 673 K for 2 h [39]. Figure 11b 
shows the change in microhardness as a function of reciprocal square root of the grain size. It 
is evident that up to a grain size of about 42 nm, the values of hardness increase linearly with 
the reciprocal square root of the grain size. Over the range of grain sizes from 132 to 42 nm, the 
Hall-Petch (HP) behaviour is established. Further, the HP slope, which describes grain size 

Element n1/3 (cm−1) Φ (V) K (GPa) μ (GPa) Tm (K) V2/3 (cm2) γ (erg/cm2) ΔHf (kJ/mole)

Al 1.39 4.2 75.83 26 933 4.6 340 10.83

Fe 1.77 4.93 164.78 82 1812 3.7 756 13.86

Table 3. Data of Al and Fe taken for thermodynamic calculation.
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sensitivity, also have a similar value to that found for conventional grain sizes. This behav-
iour is ascribed to the refinement in the grain size produced as a result of MM. However, it is 
worth noting that when the crystallite sizes drop below 42 nm, the slope of the Hall-Petch plot 

Figure 11. (a) Variation of microhardness as a function of milling time for Al-25 at.%Fe alloy showing the phase sequence 
and softening behaviour, (b) variation of microhardness as a function of square root of the grain size to test the Hall-
Petch relationship for Al-25 at.%Fe alloy (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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Figure 10. Gibbs free energy of the amorphous, solid solution and intermetallic phases of Al-Fe system as a function of 
composition and grain size.
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Figure 11. (a) Variation of microhardness as a function of milling time for Al-25 at.%Fe alloy showing the phase sequence 
and softening behaviour, (b) variation of microhardness as a function of square root of the grain size to test the Hall-
Petch relationship for Al-25 at.%Fe alloy (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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Figure 12. Hall-Petch plot of hardness of Al5Fe2 intermetallic against inverse square root of grain size showing transition 
from conventional Hall-Petch behaviour to inverse Hall-Petch behaviour (reprinted with kind permission from reference 
[35], copyright 2016, Taylor & Francis).

becomes negative. The evidenced effect could be due to a softening behaviour, an attribute 
described as an inverse H-P phenomenon [28, 29]. Theoretically, the critical value of the grain 
size below which the plot becomes negative can be calculated from Eq. (4)

  σ =  σ  0   + k  d   −  1 __ 2     (4)

To examine the discrepancy involved in a dislocation pile-up mechanism related to a softening 
behaviour, the critical grain size was calculated and found that the theoretical value obtained 
was about 8 nm in comparison to the experimental value of 42 nm. It can be concluded that the 
presence of competing/contributing effects of nanocrystalline and amorphous phase could be 
the reason for the differences observed. Though the critical grain size for nanocrystalline materi-
als where softening occurs can be predicted by a dislocation pile-up model, it fails for composite 
structure involving nanocrystalline and amorphous phase. Figure 12 shows the microhard-
ness variation with a milling time for Al-30 at.% Fe alloy. It is apparent from the plot that a 
single Al5Fe2 intermetallic phase subjected to MM resulted in Hall-Petch (HP) break-down and 
showed two distinct behaviours. The break-down of Hall-Petch for the averaged hardness can 
be attributed to the deformation mechanism and structure that occur due to mechanical milling. 
The HP slope decreases below a critical grain size and becomes negative, indicating an inverse 
Hall-Petch (IHP) behaviour. The HP strengthening has been ascribed to the pile-up of disloca-
tions and their resistance to slip transfer. However, HP behaviour for grain size ranging from 
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101 to 32 nm and an IHP behaviour for grain sizes less than 32 nm was observed. The variation 
of microhardness as a function of milling time for Al-34.5 at.%Fe alloy is shown in Figure 13. The 
figure clearly demonstrates that the hardness of the alloy increased with increasing the milling 
time at the early stage and after prolonged milling reveals softening during the formation of 
amorphous phase. The hardness values increase with an increase in the milling time, which is 
an indicative of the formation of amorphous phase along with crystalline intermetallic phase. A 
softening behaviour observed at higher milling durations can be attributed to the high volume 
fraction of grain boundaries resulting in an increased triple junction leading to a grain boundary 
sliding [40]. The transition from hardening to softening behaviours that occurs in an amorphous 
phase could be ascribed to mechanisms such as a decrease in the interfacial excess volume 
and free volume model [29]. However, detailed investigation regarding this issue is needed 
to understand the softening behaviour. The typical load-displacement curves showing elastic-
plastic material response for intermetallic phases milled for various durations, for indentations 
made to peak loads of 20 mN at room temperature, are presented in Figure 14a and b. Under the 
same conditions, the force displacement curves showed significant differences manifested not 
only by the shapes of the load-penetration depth but also by the maximum penetration depth 
attained. The microstructure of the intermetallic phases and its transformation during milling 
causes difference in the mechanical properties [29, 40] as evidenced in curves. The standard 
procedure according to Oliver and Pharr [33] (Oliver et al. (2004)) was employed to calculate the 
elastic modulus and hardness values. These parameters, estimated from the curve, are given in 
Table 4. The evolution of elastic modulus with a milling time indicates a relative complex effect 
of the phase formation/transformation in Al-Fe alloys.

Figure 13. Microhardness variation as a function of milling time for Al-34.5 at.%Fe alloy showing transition from 
hardening to softening behaviour (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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Figure 12. Hall-Petch plot of hardness of Al5Fe2 intermetallic against inverse square root of grain size showing transition 
from conventional Hall-Petch behaviour to inverse Hall-Petch behaviour (reprinted with kind permission from reference 
[35], copyright 2016, Taylor & Francis).
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101 to 32 nm and an IHP behaviour for grain sizes less than 32 nm was observed. The variation 
of microhardness as a function of milling time for Al-34.5 at.%Fe alloy is shown in Figure 13. The 
figure clearly demonstrates that the hardness of the alloy increased with increasing the milling 
time at the early stage and after prolonged milling reveals softening during the formation of 
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an indicative of the formation of amorphous phase along with crystalline intermetallic phase. A 
softening behaviour observed at higher milling durations can be attributed to the high volume 
fraction of grain boundaries resulting in an increased triple junction leading to a grain boundary 
sliding [40]. The transition from hardening to softening behaviours that occurs in an amorphous 
phase could be ascribed to mechanisms such as a decrease in the interfacial excess volume 
and free volume model [29]. However, detailed investigation regarding this issue is needed 
to understand the softening behaviour. The typical load-displacement curves showing elastic-
plastic material response for intermetallic phases milled for various durations, for indentations 
made to peak loads of 20 mN at room temperature, are presented in Figure 14a and b. Under the 
same conditions, the force displacement curves showed significant differences manifested not 
only by the shapes of the load-penetration depth but also by the maximum penetration depth 
attained. The microstructure of the intermetallic phases and its transformation during milling 
causes difference in the mechanical properties [29, 40] as evidenced in curves. The standard 
procedure according to Oliver and Pharr [33] (Oliver et al. (2004)) was employed to calculate the 
elastic modulus and hardness values. These parameters, estimated from the curve, are given in 
Table 4. The evolution of elastic modulus with a milling time indicates a relative complex effect 
of the phase formation/transformation in Al-Fe alloys.

Figure 13. Microhardness variation as a function of milling time for Al-34.5 at.%Fe alloy showing transition from 
hardening to softening behaviour (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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The interatomic distance and the bonding strength between atoms, which is a representa-
tion of elastic modulus, are greatly influenced by the severe plastic deformation induced by 
mechanical milling. The increased hardness and elastic modulus resulted at the early stages 
of milling are due to the refinement in grain size which resists grain boundary motion. The 
maximum elastic modulus of 168 and 157 GPa and the peak hardness of about 9.3 and 8.8 GPa 
at 20 h were observed for Al-25 at.%Fe and Al-34.5 at.%Fe alloys, respectively. After a lon-
ger milling time where amorphous phase formation was evidenced, the hardness and elastic 
modulus values decreased to a factor of about two. The differences in the average values of 
0.6 GPa between microhardness and nanohardness observed were ascribed to indentation 
size effect (ISE) [41].

3. Effect of grain size on mechanical properties

Mechanical property is an important consideration for the application of materials and 
depends fundamentally upon their microstructure on a variety of length scales and the nature 
of bonding among their constituent atoms. Mechanical deformation can be either elastic or 
plastic. Elastic deformation is effected through reversible changes in the interatomic spacing 
or the bending and stretching of bonds between atoms; it is governed by the elastic constants 
or moduli of a material. For metals, such deformation is in general relatively easy owing to the 

Material Hardness (GPa) Elastic modulus (GPa)

Milling time (h)

0 10 20 30 40 50 0 10 20 30 40 50

Al-25 at.%Fe 7.2 7.8 9.3 8.2 6.5 5.0 121 139 168 146 116 89

Al-35.4 at.%Fe 6.1 7.0 8.8 7.6 4.9 — 100 129 157 138 88 —

Table 4. Hardness and elastic modulus of alloy powders of as-cast and for various durations of milling measured by 
nanoindentation (reprinted with kind permission from reference [34], copyright 2015, Elsevier).

Figure 14. Nanoindentation load-displacement curves for (a) Al-25 at.%Fe and (b) Al-34.5 at.%Fe alloy at varying milling 
times (reprinted with kind permission from reference [34], copyright 2015, Elsevier).
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non-local nature of metallic bonding, but for materials with a strong covalent or ionic bonding 
such as intermetallic compounds, it is difficult. Mechanical properties of nanocrystalline mate-
rials display an increasing interest. Reducing the grain sizes not only creates a big impact on 
the microstructures of the nanocrystalline materials but also alters their mechanical properties 
significantly. The most important mechanical properties of nanocrystalline metals and alloys 
include significantly increased hardness, strength and ductility, and so on with respect to the 
decreasing grain sizes [42]. The mechanical properties of NC materials not only depend on the 
average grain size but also depend on the grain size distribution and the microstructure, such 
as the grain boundary structures have a critical effect on their mechanical properties.

3.1. Inverse Hall-Petch effect in nanocrystalline materials

As suggested by the well-known Hall-Petch relationship, the mechanical properties of the 
material increase with the inverse square root of the grain size. However, as the grain size 
decreases to the submicrometre range, the k value (material-dependent constant) often 
referred to as the HP slope tends to decrease and when the grain size is decreased to less 
than 100 nm; the k value often becomes negative. The relationship between the strength of the 
nanostructured material and the grain size is very complicated. Since dislocation activity is 
almost absent in these materials, below a critical grain size, the HP relation becomes invalid. 
Deviations from the Hall-Petch relation were first reported by Chokshi et al. [43] on nanocrys-
talline copper and palladium, and this softening behaviour for nanocrystalline materials is 
the so-called inverse Hall-Petch effect, that is, hardness and strength decrease with a decrease 
in the grain size. At the nanoscale grain size where the dislocation activity is believed to be 
absent [44], below a critical grain size, k, the HP slope becomes negative, implying that the 
materials get softened. The break-down in the Hall-Petch trend has been attributed to differ-
ent deformation mechanisms that become dominant once the grain size is reduced down to 
below a critical value [45]. The major interest involving the studies of strength has been to 
see if the HP relation holds at the smallest grain sizes. In this section, we present the results 
of recently observed IHP in the intermetallic Al5Fe2, and various deformation models in the 
present context of grain size softening will be discussed.

3.2. Deformation mechanisms

The expansion of the understanding of deformation of conventional polycrystalline materials 
to materials with grain sizes on the scale of nanometre is, at present, an evolving process. The 
experimental finding on inverse Hall-Petch has prompted various researches to propose mod-
els pertaining to their mechanism of deformation. Of the proposed models, different deforma-
tion mechanisms for nanocrystalline Al5Fe2 intermetallic are discussed subsequently.

3.2.1. Dislocation pile-up model

It is pertinent to point out that dislocation activities [46] have been shown to exist in some nano-
crystalline materials. Nevertheless, the dislocation activity can be considered virtually absent in 
nanostructured materials where the grain size is lower than the minimum required distance to 
be maintained between the two dislocations. Therefore, the HP relation is expected to witness 
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include significantly increased hardness, strength and ductility, and so on with respect to the 
decreasing grain sizes [42]. The mechanical properties of NC materials not only depend on the 
average grain size but also depend on the grain size distribution and the microstructure, such 
as the grain boundary structures have a critical effect on their mechanical properties.

3.1. Inverse Hall-Petch effect in nanocrystalline materials

As suggested by the well-known Hall-Petch relationship, the mechanical properties of the 
material increase with the inverse square root of the grain size. However, as the grain size 
decreases to the submicrometre range, the k value (material-dependent constant) often 
referred to as the HP slope tends to decrease and when the grain size is decreased to less 
than 100 nm; the k value often becomes negative. The relationship between the strength of the 
nanostructured material and the grain size is very complicated. Since dislocation activity is 
almost absent in these materials, below a critical grain size, the HP relation becomes invalid. 
Deviations from the Hall-Petch relation were first reported by Chokshi et al. [43] on nanocrys-
talline copper and palladium, and this softening behaviour for nanocrystalline materials is 
the so-called inverse Hall-Petch effect, that is, hardness and strength decrease with a decrease 
in the grain size. At the nanoscale grain size where the dislocation activity is believed to be 
absent [44], below a critical grain size, k, the HP slope becomes negative, implying that the 
materials get softened. The break-down in the Hall-Petch trend has been attributed to differ-
ent deformation mechanisms that become dominant once the grain size is reduced down to 
below a critical value [45]. The major interest involving the studies of strength has been to 
see if the HP relation holds at the smallest grain sizes. In this section, we present the results 
of recently observed IHP in the intermetallic Al5Fe2, and various deformation models in the 
present context of grain size softening will be discussed.

3.2. Deformation mechanisms

The expansion of the understanding of deformation of conventional polycrystalline materials 
to materials with grain sizes on the scale of nanometre is, at present, an evolving process. The 
experimental finding on inverse Hall-Petch has prompted various researches to propose mod-
els pertaining to their mechanism of deformation. Of the proposed models, different deforma-
tion mechanisms for nanocrystalline Al5Fe2 intermetallic are discussed subsequently.

3.2.1. Dislocation pile-up model

It is pertinent to point out that dislocation activities [46] have been shown to exist in some nano-
crystalline materials. Nevertheless, the dislocation activity can be considered virtually absent in 
nanostructured materials where the grain size is lower than the minimum required distance to 
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a transition below a critical grain size,   d  
c
   . TEM and molecular dynamics (MD) simulation have 

also demonstrated that the grain boundaries can act as a source and a sink for dislocations. In 
nanomaterials, Hall-Petch behaviour breaks down because the grain is too small for disloca-
tions to pile-up. In a polycrystalline sample, each individual grain will no longer be able to 
support more than one dislocation [48]. Using the concept proposed by Nieh and Wadsworth, 
Farghalli and co-workers [47, 48] developed a relationship between the critical grain size and 
hardness for the critical grain size below which softening occurs. Assuming that the stress field 
of a dislocation is valid at the nanoscale, and on the suggestion that fine grain sizes affect dislo-
cation self-energy, a mathematical analysis was proposed and it leads to Eq. (5):

    b ____  d  min  
   = −   

2β  H  i   __________ 3G   +   2 __ 3   β (  H __ G  )   (5)

where  b  is the Burgers vector,  H  the measured hardness,   H  
0
    the hardness equivalent of the 

applied stress at the moment of load application,  G  the shear modulus and  β  is a constant rang-
ing equals 0.6 [47]. By using the material parameters for Al5Fe2 ( b  = 0.422 nm [49],  G = 55 GPa    
β = 0.6 ,  H = 8.8 GPa  and   H  

0
   = 0.45GPa  [50] in the above equation,  d  

min
      d  

min
    is estimated as 3.3 nm. 

Similarly, the critical grain size, after Nieh and Wadsworth [48] model, was calculated based 
on the following equation:   d  

min
   ≤   3G b ________ 

π (1 − ν) H
   , and it was found to be 3.58 nm. The calculated critical 

grain size (32 nm) was nearly eight times more than the values predicted based on disloca-
tion pile-up models. Therefore, it is clear that dislocation-mediated process is not operative in 
these nanocrystalline intermetallics.

3.2.2. Grain boundary shearing/sliding model

It is clearly evident that the models based on dislocation pile-up could not account for grain 
size softening. For such fine grains, the deformation based on dislocation mechanisms 
becomes less dominant, and the mode of deformation based on grain boundary phase (via 
grain boundary shearing) comes into picture [51]. This would lead to a decrease in hardness 
and strength, since strain hardening due to dislocation will be absent and the grain boundary 
will be softer [52]. The deformation in nanocrystalline materials below a critical grain size has 
been analysed as a thermally activated process, determining the parameters such as activation 
energy (∆F) and activation volume (∆V). Conrad and Narayan [29] considered the thermally 
activated deformation and proposed a rate-controlling equation, which is given as

   γ   ̇  =   
6  b   ∗   ν  D  

 _____ d   sinh (  
 𝜈𝜈𝜈𝜈  e   ___ kT  ) exp (−   ΔF ___ kT  )   (6)

The parameters in Eq. (6) are the Debye frequency,   ν  
D
   (1013 s−1); the grain boundary width taken 

to be 3  b   ∗  , where   b   ∗   the atomic diameter; the effective stress,   τ  
e
    equals  τ -  τ  

c
    where  τ  is the applied 

stress and   τ  
c
    is the threshold stress;  v , the activation volume taken to be   b   ∗  3;  ΔF  the Helmholtz 

free energy; k the Boltzmann constant; and  T  is the temperature on absolute scale. For analysis, 
the shear rate   γ   ̇   is taken to be   10   −3   s   −1  . By assuming threshold stress,   τ  

c
    to be zero, the effective 

stress,   τ  
e
   , then equals the applied stress,  τ , where  τ = H / 3  √ 

__
 3   . The values of activation volume can 
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be obtained from the slope of the best fit straight line from plot of H versus ln d. Eq. (6) can be 
rewritten in terms of hardness, by assuming sinh stress function to be exponential in one form 
and   τ  

c
   = 0  in the other form. In view of the above and by taking logarithm, Eq. (6) can be modi-

fied as

  H = 3  √ 
__

 3   {  kT ___ v   [ln (  
 γ   ̇ 
 _____ 3  b   ∗   v  D    )  +   ΔF ___ kT  ]  +  (  kT ___ v  ) lnd}   (7)

  H = 3  √ 
__

 3   {  kT ___ v   [ (  
 γ   ̇ 
 _____ 6  b   ∗   v  D    ) exp   ΔF ___ kT  ] } d  (8)

The model was validated for IHP regime of the current experimental data, and the experi-
mentally observed and calculated hardness values of this system are shown in Figure 15. 
The degree of fit, as described by coefficient of correlation, for all the three expressions Hv 
versus ln(L), Hv versus L (these two describe the rigorous and approximate forms of the 
relationship in the model by Conrad and Narayan [29]) and Hv versus (L-L0)0.5/L [53], is 
very similar, and the findings are presented in Table 5. On this basis, both the models are 
acceptable. The preceding discussion shows that although the model proposed by Conard 
and Narayan explains the IHP effect, the parameters used for validation is quite unreason-
able: (1) the effective stress is taken to be equal to the applied stress, that is, the strain-rate 
sensitivity index, m = 1.0. However, in nanocrystalline materials at room temperature, the 
value of m is in the range of 0.02–0.08 [54, 55] and (2) further, the strain rate was assumed as 
10−3 s−1, but according to [56, 57], the strain rate lies in the range of 5 × 10−2 to 5 × 10−4 s−1. Thus, 
the experimental data were analysed using both the strain rate values and the free energy 
of activation,  ∆  F  

0
  ,  for the rate-controlling process (mesoscopic GBS), and refined values of    

γ  
0
    were determined as a function of strain rate and the results are presented in Table 6. The 

following observations are interesting: the relative change in hardness as one goes from the 
HP to the IHP region is much less in intermetallics than in nanocrystalline materials. This 
aspect needs further study. However, it is clear that the observed IHP effect in intermetal-
lics also could be explained in terms of the mesoscopic grain boundary sliding controlled 
flow process, as with the other classes of materials. Finally, as the value of N for the system 
(Table 6) is less than one, it follows from the model [58–60] that the plane interface forma-
tion in these intermetallics of the studied grain size ranges is the result of dislocations/
partial dislocations being emitted from the deforming boundary, which then traverse the 
grain and get absorbed at the opposite boundary [58, 59]. The value of  ∆F  equals 70 kJ/mol 
and  v  equals (1.887 × 10−10)3 nm3 was obtained by plotting experimental hardness against ln 
d. A plot of  H  versus  ln d  for the IHP data is presented in Figure 16. In addition,  ∆F  values 
obtained by linear fit of both experimental hardness values against ln d and d resulted in 
a reasonable agreement. The activation energy for grain boundary diffusion of this type of 
intermetallics [29] was found to be slightly higher compared to the present activation energy 
obtained from this analysis. The results are somewhat in accordance with the previous work 
on nano-quasicrystalline materials, which proposed a similar approach for the observed 
softening related to inverse Hall-Petch behaviour [51]. Using this model, the  predicted and 
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the current experimental data were plotted, and it was shown that qualitatively the fit is 
acceptable (Figure 15). The detailed examination showed that the correlation coefficient 
calculated based on grain boundary sliding using Hv versus d 0.5 plot and grain boundary 
shearing calculated based on Hv versus d and Hv versus ln (d) resulted in identical values, 
proposing that both the models can describe the so-called inverse Hall-Petch effect. Despite 
the abovementioned similarity, manifest difference exists in the activation energy for the 
rate-controlling process due to their atomistic approach in the rate-controlling process. In 
case of grain boundary shearing approach, the effective stress is considered as the applied 
stress, that is, the strain-rate sensitivity index, m, equals 1.0. Nevertheless, in nanocrystal-
line materials, “m” ranges between 0.02 and 0.08 at room temperature. In general, it was 
pointed out that some of the approximations made in atomistic grain boundary shearing 
model to explain are questionable [34].

Figure 15. Hardness versus grain size in IHP regime observed values and calculated values obtained using Eq. (8) 
(reprinted with kind permission from reference [35], copyright 2016, Taylor & Francis).

System L, nm H, GPa Correlation coefficient of H and

ln(L) L (L-L) 0.5/L

Al5Fe2 32.0 8.8 0.970 0.949 0.968

23.6 8.1

11.0 5.7

10.0 4.2
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In this section, the recent progress in the synthesis of Al-Fe intermetallics and their softening 
behaviour using various deformation mechanisms is discussed. In this process, Al-25 at.%Fe 
and Al-34.5 at.%Fe alloys resulted in Al3Fe and Al2Fe intermetallic phases after normal cast-
ing and annealing routes. Monoclinic Al3Fe and triclinic Al2Fe phase was found to be unsta-
ble under high-energy milling condition and transformed to orthorhombic Al5Fe2 phase. 
Nanocrystalline and amorphous phase co-exist for 30 h of milling where the maximum hard-
ness was observed. A microhardness of Al-25 at.%Fe alloy showed strengthening down to a 
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refined    γ  0    values were obtained for the mean values of  ∆  F  0    for this range.
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interface during mesoscopic boundary sliding and the free energy of activation for the rate-controlling GBS process 
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the current experimental data were plotted, and it was shown that qualitatively the fit is 
acceptable (Figure 15). The detailed examination showed that the correlation coefficient 
calculated based on grain boundary sliding using Hv versus d 0.5 plot and grain boundary 
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pointed out that some of the approximations made in atomistic grain boundary shearing 
model to explain are questionable [34].
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grain size of 42 nm, and Hall-Petch behaviour was thus established over the range of grain 
sizes from 132 to 42 nm. At the smallest grain size (33 nm), the slope of HP plot becomes nega-
tive indicating IHP behaviour.

In addition, Al5Fe2 resulted from Al-30%Fe alloy resulting in the formation of nanocrystal-
line intermetallic and was found to be quite stable under the present experimental condi-
tions, and the crystallite size of it decreases up to 10 nm with an increase in the milling time. 
Microhardness measurements of single Al5Fe2 nanocrystalline intermetallic phase produced 
by mechanical milling resulted in Hall-Petch (HP) break-down and showed two distinct 
behaviours. The break-down of HP for the averaged microhardness measurements was 
found to be due to the transition of deformation mechanism from dislocation activity to grain 
boundary sliding. Dislocation models could not intend the critical grain size at which the HP 
relation breaks down, and so models based on grain boundaries were considered. Detailed 
analysis showed that models based on grain boundaries namely grain boundary sliding and 
thermally activated grain boundary shearing seem to be reasonable in explaining the IHP 
effect. Grain boundary sliding is ascribed to be a viable deformation mechanism resulting in 
a softening behaviour observed in this system.
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alloys containing 28 and 38% of Al were developed. The result of the work consists in the 
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1. Introduction

Fe-Al alloys with an ordered solid solution structure belong to the group of modern heat-
resistant engineering materials with favorable physicochemical and mechanical properties at 
elevated and high temperature [1, 2]. The properties of Fe-Al alloys, such as low density, high 
melting point, high strength, and good oxidation resistance, combined with fracture toughness, 
create broad perspectives for industrial applications [3, 4]. These properties are the result of the 
existing ordering of the crystal structure, which reduces the free energy of the ordered alloys 
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and thus their greater durability. In addition, alloys from the Fe-Al system are characterized 
by high fatigue strength [5]. Particular properties of alloys from the Fe-Al system make them a 
favorable material used for construction, as an alternative for stainless steels containing expen-
sive alloying elements and for superalloys, as a coating material, as a material for elements 
operating under high-temperature corrosion, and as a starting material for complex alloys and 
composites [1–7]. Their application options are oriented toward filling the gap between the cur-
rently used conventional steels having particular properties and nickel superalloys in manufac-
turing of products for aircraft, automotive, and power industries. Despite many advantages of 
the Fe-Al alloys, their practical use is limited by their low creep strength at high-temperature, 
insufficient plasticity at moderate and low temperatures, as well as susceptibility to brittle 
cracking at room temperature [2–6, 8–15]. In some cases long-range ordering occurring in these 
alloys, on the one hand, limits the use of typical processing technologies such as cold plastic 
working and, on the other hand, provides a set of unique mechanical, physical, and chemical 
properties. According to the Fe-Al phase equilibrium system (Figure 1) [14], aluminum dis-
solves with iron α up to 54 at.% at 1102°C and 48 at.% at a temperature of about 200°C. During 
cooling, the constant limit solution Al in Fe is changed to the order Fe-Al. Further cooling affects 
to replace superstructure Fe-Al into the superstructure of Fe3Al.

For alloys from the Fe-Al system, the most important factors affecting their properties are 
aluminum content and the content of alloy microadditions. Fe-Al alloys show an increase in 
the yield stress with an increase of Al content. Two groups of alloying additives can be distin-
guished in Fe-Al alloys due to their effect:

Figure 1. Fe-Al system.

Intermetallic Compounds - Formation and Applications124

1. Additives forming separations that affect the increase of strength. These include Nb, Zr, 
B, C, Cu and Ta.

2. Alloy additions affecting the strengthening of the solid solution, which may include Cr, Ti, 
Mn, Si, Mo, V, and Ni.

Fe-Al-based alloys have the highest concentration of thermal vacancies as the only of the 
long-range intermetallic alloy group. Their presence exerts influence on mechanical proper-
ties and, as a result, on the possibilities of industrial-scale application. The concentration of 
vacancies in Fe-Al alloys increases with the increase of Al content. Alloy additions, such as 
Cu, Ni, Mn, Cr, V, and Ti, which increase the hardness, affect the slight increase in the concen-
tration of thermal vacancies; however, the addition of B is significant here because it affects 
the acceleration of the elimination of vacancies. At low temperatures, triple defects and their 
diffusion dominate by jumping the Fe atoms to the Al subnet. Then, the process of pushing 
back the anti-position Fe atoms from the Al subnet to the Fe network takes place. At a higher 
temperature, double vacancies are formed, and their movement is made by double jumps. 
The increase in the concentration of vacancies causes the increase of the yield stress [16–18].

Time perspective of application of this group of materials depends particularly on thorough 
understanding of the dependence between, on the one hand, the production processes and 
the microstructure, and on the other hand, physical properties, such as thermal conductivity 
and thermal expansion, phase transition temperatures, and defecting and structural ordering 
of these compounds [18–28]. Such an approach will provide a range of information which 
allows for anticipating ways of influencing the process plasticity of these alloys.

2. Characteristics of the material for studies

Binary and complex alloys from the Fe-Al system (Table 1) were the materials for studies. An 
analysis of available Fe-Al and Fe-Al-Me equilibrium systems and literature research indicate 
that the chemical composition of alloys for plastic working should be in the range of 25% at. 
Al to 60% at. Al, and it may contain additives such as molybdenum, zirconium, carbon, and 
boron, with contents in the following ranges (at.%): Mo (0.2 ± 0.1), Zr (0.1 ± 0.05), C (0.1 ± 0.1), 

Table 1. Chemical composition of the obtained alloys (at.%) and their hardness after heat treatment at 1000°C/24 h and 
furnace-cooling.
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and B (0.02 ± 0.01). Most of all, the indicated microadditions serve the purpose of strengthen-
ing of grain boundaries, as well as grain refining.

An analysis of chemical composition carried out by optical emission spectrometry (OES) con-
firmed obtaining chemical compositions assumed for melting.

3. Results of experiments

3.1. Preparation of alloys with varied contents of Al, Fe, alloying elements, and 
microadditions

Currently, the alloys from the Fe-Al system used as casting materials do not pose major 
technological problems during melting and casting. However, the requirements set for these 
alloys increase if semifinished products intended for a further processing are manufactured 
from them. Such alloys must exhibit a set of features ensuring their technological plastic-
ity, including high-purity, uniform, and fine-grained structure with a minimal level of cast-
ing defects such as shrinkage porosities, cracks, and microporosity. Melting was carried out 
using a conventional melting technique in an IS5/III induction vacuum furnace from Leybold-
Heraeus, using a compacted magnesia crucible (from MgO·Al2O3 spinel) with a granulation 
of 0.05–2 mm, under a vacuum of 13.5 Pa. Melting of alloys under vacuum allows for avoid-
ing the use of protective covers and refiners and enables to use pure metals instead of master 
alloys as charges. It also promotes alloy degassing and protects from oxidation, but it requires 
taking into account the melting loss of the components in the result of their evaporation. 
The following constituents were used during the melting process: as charge components 
(ARMCO iron, aluminum of 99.98 wt.% purity, electrolytic chromium) and as microadditions 
(technically pure molybdenum in the form of a compressed powder, technically pure iodine 
zirconium, crystalline boron, carbon in the form of anthracite). Due to the form of the charge 
materials, the melting loss was assumed for molybdenum, zirconium, carbon, and boron. 
Mechanically, purified and dried pieces of the main alloy components, i.e., iron and alumi-
num, were placed together in the crucible. After melting and homogenization, the charge was 
overheated to a temperature of approx. 1600°C, and the following microadditions were added 
to the melt: zirconium, molybdenum, carbon, and boron. After reducing the temperature to 
approx. 1530÷1550°C and maintaining it for homogenization and degassing, the alloy was 
cast. After melting, the alloys were remelted once. Preparation of casts both having circular 
(the so-called bars) and rectangular (the so-called flats) cross sections was planned. The alloys 
were cast under the same conditions into cold graphite molds (Figure 2). In the upper sections 
of the mold, double insulating felt with a thickness of 3÷4 cm was used, serving the purpose of 
protection from rapid solidification of the liquid metal. Figures 1–4 show the applied graphite 
molds and dimensions of the obtained ingots.

The alloys after casting were characterized by a coarse-grained structure. In the case of 
the alloys without microadditions, occurrence of grains with diversified dimensions was 
observed, while in the alloys containing microadditions, the shape of the grains is typical for 
a primary dendritic structure. In Figure 3, selected microstructures of the studied alloys after 
homogenizing at 1000°C for 24 h and furnace-cooling are shown. In the alloys not containing 
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the Cr alloying element, both binary (Fe-28Al, Fe-38Al) and complex (Fe-28Al-0.2Mo-0.05Zr-
0.1C-0.02B, Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B) occurrence of precipitations both at the grain 
boundaries and inside the grains was found (Figure 3).

To identify the precipitations found in the studied alloys, investigations using scanning 
electron microscopy (SEM), scanning transmission electron microscopy (STEM), and trans-
mission electron microscopy (TEM) were carried out. Non-etched and etched samples were 

Figure 2. Graphite mold for ingots having dimensions (a) Ø12 mm, l = 120 mm, (b) l = 45 mm and diameters (a) Ø50 mm, 
(b) Ø30 mm, and (c) Ø22 mm, (c) of approx. 160 mm × 30 mm × 20 mm.

Figure 3. Microstructures of the alloys after annealing 1000°C/24 h/furnace.

Figure 4. Microstructures of the alloys after annealing 1000°C/24 h/furnace. The presence of phases inside the grains and 
at their boundaries.
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examined. Due to the fact that phases of the same type were found in the Fe-28Al, Fe-28Al-
0.2Mo-0.05Zr-0.1C-0.02B, Fe-38Al, and Fe-38Al-5Cr-0.2Mo-0.05Zr-0.1C alloys, the phase 
identification results are presented for the Fe-28Al alloy only. The results of qualitative and 
quantitative analyses of chemical composition for the Fe-28Al alloy are presented in Figure 5.

The results of studies of chemical composition microanalysis obtained by scanning elec-
tron microscopy (analysis in microzones and surface distribution of the elements) indicate 

Figure 5. Results of microstructure studies (SEM, STEM) and analysis of chemical composition together with the X-ray 
spectra (EDS) of the Fe-28Al alloy after annealing at 1000°C for 24 h and furnace-cooling: (a) etched microsection, (b) non-
etched microsection, (c) surface distribution of the elements, and (d) collation of characteristic radiation spectra for the 
matrix and the phase.
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existence of phases with chemical composition close to that of the matrix. The obtained 
results (SEM) are confirmed by qualitative analysis of chemical composition, carried out 
by scanning transmission electron microscopy, where also the presence of iron and alu-
minum only was found in the identified phases. Figure 5 presents a collation of X-ray 
spectra obtained by STEM for the matrix and for the investigated phase. No differences in 
characteristic radiation spectra for the matrix and for the phase were found, which proves 
comparable concentrations of elements in both studied microzones.

Then, studies using electron backscatter diffraction were carried out. The obtained pattern of 
Kikuchi lines of the disclosed phase is shown in Figure 6. An analysis of geometry of the line pat-
tern indicated occurrence of a Fe3Al phase in the Fe-28Al alloy. This fact was confirmed by studies 
of electron diffraction on a transmission electron microscope. Its results are depicted in Figure 7.

The results are consistent with the phase equilibrium system, because in both studied sys-
tems, the Fe3Al phase may form during slow cooling at a temperature from approx. 500°C (for 
Fe-28Al) and from approx. 300°C (for Fe-38Al).

Due to the hot plastic working process planned in further steps, a structural analysis in the 
state after the high-temperature annealing was carried out, using rapid cooling in oil for 
vacancy freezing. In the case of the studied alloys, rapid cooling eliminates the formation 
of phase in the microstructure, exemplified in Figure 8. It suggests a lack of influence of the 
Fe3Al phase disclosed in the heat treatment process on the planned course of the hot plastic 
working process in the studied alloys.

3.2. Characteristics of the selected thermal properties of alloys intended for further 
plastic working

Thermomechanical behavior of intermetallic alloys at a high temperature is connected with 
the existing state of structural ordering and with the complex defect structure, including 
the characteristic phenomenon of supersaturation with vacancies [1, 2]. Both the structure 
ordering and the presence of multiple defect types affect the properties of the studied alloys 
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examined. Due to the fact that phases of the same type were found in the Fe-28Al, Fe-28Al-
0.2Mo-0.05Zr-0.1C-0.02B, Fe-38Al, and Fe-38Al-5Cr-0.2Mo-0.05Zr-0.1C alloys, the phase 
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Figure 5. Results of microstructure studies (SEM, STEM) and analysis of chemical composition together with the X-ray 
spectra (EDS) of the Fe-28Al alloy after annealing at 1000°C for 24 h and furnace-cooling: (a) etched microsection, (b) non-
etched microsection, (c) surface distribution of the elements, and (d) collation of characteristic radiation spectra for the 
matrix and the phase.
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existence of phases with chemical composition close to that of the matrix. The obtained 
results (SEM) are confirmed by qualitative analysis of chemical composition, carried out 
by scanning transmission electron microscopy, where also the presence of iron and alu-
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significantly. From the point of view of the plastic working process, it is necessary to deter-
mine the characteristic temperatures in relation to changes in the ordering type and the 
temperature of transition into a disordered state, in which the plastic working process may 
be realized. Characteristic transition temperatures were determined by dilatometric method 
and confirmed by DTA. The results obtained for the selected alloys are gathered in Figure 9.  
Critical temperature of the change in the ordering type in the alloys with 28 at.% Al was 
identified, connected with the transition from the B2 ordering-type state into DO3 at a tem-
perature of approx. 550°C. For alloys with 38 at.% Al, a thermal effect was observed at a 
temperature of approx. 1260°C, which may be connected with the process of transition from 
a disordered (A2) into an ordered (B2) solid solution, and another one at a temperature 
of approx. 1060°C, which is probably a result of changes in physical properties within the 
phase B2 occurrence area, and precisely, with the B2(h) → B2′ transition, the changes being 
connected with a rebuilding of the defect structure [6].

3.3. Plastometric studies and their verification

Technological plasticity and thus the deformabilities of the studied alloys are significantly 
affected by the value of flow stress. In the case of the Fe-Al alloys, the more important 

Figure 8. Microstructures of the studied alloys after the high-temperature annealing for 24 h and oil cooling.

Figure 7. Microstructure of the Fe-28Al alloy after annealing at 1000°C for 24 h and furnace-cooling (TEM): (a) experimental 
zone (white area) and (b) diffraction pattern from the analyzed phase and diffraction solution.
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factors affecting their behavior during deformation at a given temperature include Al con-
tent and, consequently, the obtainable different structure types of the alloy matrix, i.e., a 
matrix with an ordered structure of DO3 or B2 type. The type of the alloy matrix should be 
related to phase transitions, occurring with the given chemical composition, which may be 
used while selecting the parameters of the plastic working so as to decrease the value of 
flow stress at the given value of deformation. Also, the different deformation mechanism, 
depending on the Al content in this case, should be taken into account.

The obtained results of plastometric examinations indicate that at a temperature below 900°C, 
the discussed alloys undergo a strong hardening. Deformation at a higher temperature affects 
a decrease of the flow stress value (Figure 10). A tendency to increase the hardening with the 
increasing Al content was found in the plastometric tests. The highest σp values among the 
studied alloys are exhibited by the Fe-38Al alloy.

Analysis of the shape of the flow curves and evaluation of the structure of the studied alloys 
indicated that the prevailing rebuilding mechanism of the defected structure changes depends 
on the Al content. In alloys containing 28 at.% Al, a phenomenon of grain defragmentation is 

Figure 9. Transition temperatures for the Fe-28Al and Fe-38Al alloys recorded by dilatometric method and differential 
thermal analysis method.
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observed in the microstructure (Figure 11). Inside the primary grains, new grains nucleate. 
In the substructure, climb of dislocation, polygonization, and subgrain coalescence prevail 
phenomena characteristics for dynamic recovery process (Figure 12). In alloy with a higher Al 
content, prevalence of the wide-angle migration process of the grain boundaries and forma-
tion of new grains and phenomena accompanying the process of stricture rebuilding in the 
result of dynamic recrystallization were observed (Figures 11 and 13).

After plastometric studies, rolling tests under laboratory conditions were carried out. Ingots 
of Fe-28Al, Fe-28Al-5Cr, and Fe-38Al alloys having dimensions of approx. 160 × 30 × 20 mm 
(Figure 2) after homogenizing annealing constituted charge materials. Hot rolling was carried 
out on a two-high reversed rolling mill with roller diameter of 65 mm at VSB-TU Ostrava. The 
samples were heated to a temperature of 1150°C and then rolled in three roll passes. The fol-
lowing percentage reductions were applied: 15, 15, and 15%. Rotational speed of the rollers was 
80 rpm. After rolling, the samples were cooled in air. The process was carried out for ingots 
without covers and using covers made of ferritic steel (AISI 430) in order to protect the alloy sur-
face from oxidation and cracking in the result of contact with cold rollers. In Figure 13, views of 
obtained profiles are collated. It was observed that in the case of binary alloys, it was necessary 
to use covers during hot rolling. A particularly evident net of deep cracks was observed after 

Figure 11. Microstructures of the alloys after deformation with a rate of 0.1 s−1 at T = 1000°C.

Figure 10. Influence of the deformation temperature on maximum flow stress of the studied alloys (deformation rate 1 s−1).
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rolling without covers in the Fe-38Al alloy. In the case of the Fe-28Al-5Cr alloy, a qualitatively 
good surface was obtained even after rolling without covers (Figure 14).

For selected flats, a further rolling process was carried out using percentage reductions 15, 15, and 
15% to a thickness of 6 mm, obtaining semifinished products (Figure 15) of satisfactory quality.

Then, tests of corrosion resistance in the “acid rain” environment – pH = 3.5 and 3% NaCl aque-
ous solution, for samples after homogenizing annealing and rolling was carried out. The scope 
of the tests included potentiostatic, galvanostatic, and potentiodynamic examinations as well as 
investigation of the condition of the sample surface after corrosion. It was proven that, in most 
cases, the tested alloys are characterized by a tendency for activation (depassivation) of the surface 
under the aforementioned conditions. The best corrosion resistance was exhibited by samples of 
the Fe-38Al alloy. For the samples of this alloy, the lowest values of current density for a potential 
both of E = Ekor + 300 mV and E = Ekor + 500 mV were recorded. A significant increase in the current 
density from the value of the corrosion current density to the value of the current density for the 
potential of E = Ekor + 300 mV was characterized here. Comparing the tests results for the samples 

Figure 12. Substructure of the Fe-28Al alloy after deformation with a rate of 0.1 s−1 at T = 1000°C: (a) subgrain structure 
and (b) dislocation rearrangement-polygonization effect.

Figure 13. Substructure of the Fe-38Al alloy after deformation with a rate of 1 s−1 at T = 1000°C: (a) wide-angle boundaries 
migration and (b) subgrain structure with a diversified dislocation density.
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with various degrees of deformation, one may see that a higher deformation degree under nonsta-
tionary conditions, or those closer to the actual corrosion conditions, does not cause an accelera-
tion of the corrosion but, unlike under stationary conditions, a slowdown. For all studied alloys, 
the corrosion has a local character and leads to the formation of small point pits (Figure 16).

The studies carried out hitherto allowed for ascertaining that further technological tests should 
be carried out for the alloy with 38 at.% Al content. However, realization of tests for the alloy 
with such aluminum content with microadditions was planned at this stage. It was imposed, 
most of all, by the role of microadditions in the hardening process of grain boundaries.

Realizing the planned research program intended for obtaining semifinished products in the 
form of thin sheets, a sheet production process from the Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B 
alloy was applied, consisting of heat treatment and plastic working. A semifinished product 
with a thickness of ~2 mm (Figure 17) was obtained.

Figure 15. Views of the profiles after rolling with total reduction of ~70% to a thickness of 6 mm.

Figure 14. Photographs of surfaces of the flats obtained after hot rolling.
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Successful results of the realized rolling tests induced realization of further planned goals, i.e., 
preparation of bars from the tested alloy by two techniques: rolling and hydrostatic extrusion. 
Execution of these tests was planned using metal covers.

Rolling of ingots from the Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B alloy with initial diameters of 
Ø30 mm and Ø22 mm (Figure 2) was carried out on a three-high mill. Before the rolling, the 
ingots were heated for approx. 45 min; the heating temperature was higher by 30°C than the 
planned initial rolling temperature, i.e., 1250°C. The rolling was carried out without reheat-
ing. In the first step, rolling of the ingots to a diameter of Ø12 mm was planned. Figure 18 

Figure 16. Surface of the Fe-38Al alloy (condition after rolling with a total reduction of ~70% to a thickness of 6 mm) 
after corrosion tests.

Figure 17. Flats made of the Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B alloy.

Figure 18. Cross sections of the bars formed in the hot rolling process (uncontrolled material flow).
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shows cross sections of the produced bars. Considering the occurrence of an uncontrolled 
material flow, further reduction of the cross section was canceled. However, it should be 
emphasized that in spite of the technological difficulties, a homogeneous and fine-grained 
structure was obtained (Figure 19).

Figure 19. Microstructure of the Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B alloy after the hot rolling process.

Figure 20. Cross sections of the bars formed in the hot hydrostatic extrusion process.

Figure 21. Microstructure of the Fe-38Al-0.2Mo-0.05Zr-0.1C-0.02B alloy: (a) after casting and heat treatment and (b–c) 
after the hot hydrostatic extrusion process (diameter 2 mm).
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The hot hydrostatic extrusion process was carried out for an ingot of the Fe-38Al-0.2Mo-
0.05Zr-0.1C-0.02B alloy, having a diameter of 30 mm after homogenization at a temperature 
of 1000°C. Cross sections of the prepared bars are shown in Figure 20.

An effective structure refinement was obtained after the hydrostatic extrusion process. 
Figure 21 presents the alloy microstructure after the homogenization process and after the 
extrusion process.

4. Summary and conclusions

The tests carried out proved that melting of the studied alloys in induction vacuum furnaces is 
technically possible while maintaining the given process parameters. In the results of the applica-
tion of the charge in the form of very pure components, melting and single refinement remelting, 
alloys with an assumed chemical composition, and a very low total content of gaseous impurities 
of the order of several ppm are obtained. It was found that the produced alloys are characterized 
by a very low castability and a high casting shrinkage (from 3.30 to 3.40%), leading to a coarse-
grained primary structure and occurrence of shrink-type defects being deposited in the ingots.

In the process of heat treatment, during cooling, Fe3Al phase forms in the studied alloys. 
According to the phase equilibrium system, the Fe3Al phase may form during slow cooling 
at a temperature from approx. 500°C (for Fe-28Al) and from approx. 300°C (for Fe-38Al). In 
order to eliminate the influence of the Fe3Al phase disclosed in the heat treatment process on 
the planned hot plastic working process, a heat treatment operation with oil cooling was used 
for the studied alloys to freeze the structure. Therefore, lack of influence of the aforemen-
tioned phase on the deformation process was confirmed.

From the point of view of the plastic working process, it was necessary to determine the charac-
teristic temperatures in the studied alloys, particularly in relation to the changes in the ordering 
type and the temperature of transition into a disordered state, in which the plastic working pro-
cess could be realized. Critical temperature of the change in the ordering type in the alloys with 
28 at.% Al was identified, connected with a transition from the ordered state of B2 type into DO3 
type at a temperature of approx. 550°C. For alloys containing 38 at.% Al, a temperature of tran-
sition from a disordered (A2) into an ordered (B2) solid solution was identified, and tempera-
tures of transitions are connected with a rebuilding of the defect structure within the B2 phase.

The obtained results of the plastometric studies indicated possibilities of technological form-
ing of the studied alloys in the temperature range from 900 to 1200°C. At a lower tempera-
ture, strong hardening renders the deformation process more difficult. The technological hot 
plastic forming tests proved a possibility to obtain flat hot-rolled products consistent with 
the assumptions while maintaining the final rolling temperature not lower than 950°C, using 
metal covers. A proper method for production of bars consistent with the assumptions is the 
high-temperature hydrostatic extrusion process. A product obtained by this method warrants 
meeting the dimensional requirements, which has not been obtainable by rolling. In the case 
of both technologies applied, manufacturing of products in the form of bars requires an addi-
tional operation for jacket removal.
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5. Possible applications

Potentially, the use of the developed flat products in heating systems of heat exchangers as 
substitutes for stainless steels used hitherto may be planned. Moreover, application of the 
developed products in the form of bars as elements of operational systems of motor vehicles 
may be envisaged, including particularly the use for roller axles of the supercharging pres-
sure system of turbo.

Author details

Magdalena Jabłońska*, Iwona Bednarczyk, Anna Śmiglewicz and Tomasz Mikuszewski

*Address all correspondence to: magdalena.jablonska@polsl.pl

Silesian University of Technology, Faculty Materials Engineering, Institute of Materials 
Engineering, Katowice, Poland

References

[1] Wolff J, Franz M, Broska A, Kerl R, Weinhagen M, Köhler B, Brauer M, Faupel F, 
Hehenkamp T. Intermetallics. 1999;7:289-300. DOI: 10.1016/S0966-9795(98)00105-8

[2] De Diego N, Plazaola F, Jiménez JA, Serna J, del Río J. Acta Materialia. 2005;53:163-172. 
DOI: 10.1016/j.actamat.2004.09.013

[3] Stoloff NS. Materials Science and Engineering. 1998;A258:1-14. DOI: 10.1016/S0921-5093 
(98)00909-5

[4] Kratochvil P, Schindler I. Intermetalics. 2007;15:436-438. DOI: 10.1016/j.intermet.2006. 
06.005

[5] Schindler I, Kratochvil P, Prokopcakova P, Kozelsky P. Intermetallics. 2010;18:745-747. 
DOI: 10.1016/j.intermet.2009.11.005

[6] Kerl R, Wolff J, Th H. Intermetallics. 1999;7:301-308. DOI: 10.1016/S0966-9795(98)00118-6

[7] Pike LM, Liu CT. Intermetallics. 2000;8:1413-1416. DOI: 10.1016/S0966-9795(00)00095-9

[8] Baligidad RG, Radhakrishna A. Materials Science and Engineering. 2001;A308:136-142. 
DOI: 10.1016/S0921-5093(00)02026-8

[9] Cizek J, Lukac F, Melikhova O, Prochazka I, Kuzel R. Acta Materialia. 2011;59:4068-4078. 
DOI: 10.1016/j.actamat.2011.03.031

[10] Salazar M, Albiter A, Rosas G, Pérez R. Materials Science and Engineering. 2003;A351: 
154-159. DOI: 10.1016/S0921-5093(02)00825-0

Intermetallic Compounds - Formation and Applications138

[11] Jabłońska MB, Mikuśkiewicz M, Śmiglewicz A, Bernstock-Kopaczyńska E. Defect and 
Diffusion Forum. 2012;326-328:573-577. DOI: 10.4028/www.scientific.net/DDF.326-328.573

[12] Jabłońska M, Hanc A, Szostak A. Solid State Phenomena. 2010;163:299-302. DOI: 10.4028/
www.scientific.net/SSP.163.299

[13] Jabłońska M, Jasik A, Hanc A. Archives of Metallurgy and Materials. 2009;54:731-739

[14] Massalski TB editor. ASMM, Metals Park, O. 1986. p. 234

[15] Anton DL, Shah DM. High temperature ordered intermetallic alloys IV. In: Johnson LA, 
Pope DP, Stiegler JO, editors. Mater. Res. Soc. Proc. 213. Pittsburgh, PA; 1991. p. 733

[16] Fraczkiewicz A, Gay AS, Biscondi M. Materials Science and Engineering. 1998;A258:108. 
DOI: 10.1016/S0921-5093(98)00923

[17] Morris MA, Morris DG. Scripta Materialia. 1998;38:509. DOI: 10.1016/S1359-6462(97)00468-5

[18] Konrad J, Zaefferer S, Schneider A, Raabe G, Frommeyer G. Intermetallics. 2005;13: 
1304-1312. DOI: 10.1016/j.intermet.2004.10.01

[19] Kobayashia S, Zambaldib C, Raabe D. Acta Materialia. 2010;6672-6684. DOI: 10.1016/j.
intermet.2004.10.017

[20] Schindler I, Kopeček J, Kawulok P, Jabłońska M, Hadasik E, Jóźwik P, Opěla P, Hanus 
P, Polkowski W, Bojar Z. Archives of Civil and Mechanical Engineering. 2017;17(4): 
816-826. DOI: 10.1016/j.acme.2017.03.004

[21] Li D, Lin D, Liu Y. Materials Science and Engineering. 1998;A249:206-216. DOI: 10.1016/
S0921-5093(98)00507-3

[22] Łyszkowski R, Bystrzycki J. Intermetallics. 2006;14:1231-1236. DOI: 10.1016/j.intermet. 
2005.12.014

[23] Reimann U, Sauthoff G. Intermetallics. 1999;7:437-441. DOI: 10.1016/S0966-9795(98)00104-6

[24] Łyszkowski R, Bystrzycki J, Płociński T. Intermetallics. 2010;18:1344-1349. DOI: 10.1016/j.
intermet.2009.12.026

[25] Dolata A, Śleziona J, Formanek B. Journal of Materials Processing Technology. 2006;175 
(1-3):192-197. DOI: 10.1016/j.jmatprotec.2005.04.015

[26] Karczewski K, Jóźwiak S, Bojar Z. Archives of Metallurgy and Materials. 2007;52:361-365

[27] Cebulski J, Basa J, Pasek D. Solid State Phenomena. 2014;212:49-52. DOI: 10.4028/www.
scientific.net/SSP.212.49

[28] Łyszkowski R, Bystrzycki J. Materials Characterization. 2014;96:196-205. DOI: 10.1016/j.
matchar.2014.07.004

Technological Aspects of Production and Processing of Functional Materials Based…
http://dx.doi.org/10.5772/intechopen.76701

139



5. Possible applications

Potentially, the use of the developed flat products in heating systems of heat exchangers as 
substitutes for stainless steels used hitherto may be planned. Moreover, application of the 
developed products in the form of bars as elements of operational systems of motor vehicles 
may be envisaged, including particularly the use for roller axles of the supercharging pres-
sure system of turbo.
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Abstract

Nickel and palladium germanides are the most promising candidates for nano-electronic
contact materials to active areas of germanium-based devices. Solid-state reactions were
thermally induced in conventional thin film couples of the Ni/Ge and Pd/Ge systems in
order to study the sequence of phase formation. By embedding a thin layer of tantalum or
tungsten as an inert marker between coupling thin film layers and observing its move-
ment during phase formation, the dominant diffusing species were identified and moni-
tored. In the Ni/Ge system, Ni5Ge3 was the first phase to form followed by NiGe. The
results showed that during Ni5Ge3 formation, Ni was the sole diffusing species. During
NiGe formation, both Ni and Ge diffused with the Ge diffusion prominent during the
early stages, while the later stage of growth was dominated by Ni diffusion. The only
phases observed to form in the Pd/Ge system were PdGe and Pd2Ge, the latter being the
first. Palladium was the dominant diffusing species during both phase formations. Lateral
diffusion couples were also prepared by the deposition of thick rectangular islands of
germanium on to thin films of nickel and palladium. Several aspects of thermally induced
lateral (as opposed to vertical) growth of phases were studied.

Keywords: thin film, inter-diffusion, ion beam analysis

1. Introduction

Silicon-based materials used in nano-electronics have been pushed to their physical limits
because of the downscaling of devices to ever smaller dimensions and greater performance.
Charge carriers have a greater mobility in germanium than in silicon; therefore, research work
is being carried out to see if Ge can be used in place of Si in some niche metal-oxide semicon-
ductor (MOS) applications [1, 2] for high performance.
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The implementation of Ge-based technology in the nano-electronics industry requires the
identification of appropriate materials for ohmic contacts to the active areas of a Ge-based
device. Metal-silicides are used as ohmic contacts in silicon technology; metal-germanides are
therefore being investigated so that they may be used in a similar way in Ge-based technology.
A systematic study of the thermally induced reaction of a large number of transition metals
with germanium substrates revealed that NiGe and PdGe are the most promising candidates
for ohmic contacts in germanium-based technology [2, 3].

Some electronic properties of Ni/Ge and Pd/Ge junctions have been studied in previous work.
Schottky barrier diodes have been used in many applications such as gates for metal-
semiconductor field-effect transistors, opto-electronics as in solar cells and solid-state detectors
[4–7]. Some of the previous research on the electronic properties of Ni/Ge junctions is the work
reported by Peng et al. [8] on the I-V characteristics of Ni/Ge(100) Schottky barrier-based
diodes. Peng et al. [8] also reported on some work in which Schottky contacts were rapidly
anneal treated at 300–600�C, resulting in nickel germanide-induced strain. Differences in
lattice parameters caused the orthorhombic structure of NiGe to induce some epitaxial tensile
strain on substrates of Ge. This strain was explained to be a possible cause for an observed
increase in Schottky barrier height as the temperature of annealing was raised. Hallstedt et al.
[9] studied the phase transformation and sheet resistance of Ni on single crystalline SiGe(C)
layer after annealing treatments at 360–900�C. The formation of crystalline Ni(SiGe) was
completed at 400–450�C but the thermal stability decreased rapidly with increased Ge amount
due to agglomeration (binding of primary particles leading to phase formation). This thermal
behavior was shifted to higher annealing temperatures when carbon was incorporated, Ni
(SiGeC) layers formed at 500–550�C after which there was Ge segregation to the underlying
layer and carbon accumulation at the interface. Thanailakis et al. [10] were able to demonstrate
how the Schottky barrier heights of as-deposited Ni/Ge(111) and Pd/Ge(111) are related to the
Ge substrate density of surface states and the Ni or Pd work functions, respectively.

Apart from electrical properties, a thorough understanding of the solid-state interactions in
metal-germanium systems is required in order to foresee and avoid problems that may be
encountered during integration [the process of producing an integrated circuit (I.C.)]. Solid-
state interactions in the Ni/Ge system have been extensively studied in the past [1, 2, 11–13],
while the Pd/Ge system has received less attention [14–16]. The available reports agree on the
second and final phase, NiGe for the Ni/Ge system but there is some disagreement on the first
phase. A few researchers report hexagonal Ni3Ge2 as the first phase [11] but monoclinic Ni5Ge3
is generally agreed upon by most researchers as the first phase to form [1, 2, 12, 13] and it
forms around 150�C. There is an agreement that Pd2Ge is the first phase to be formed in the
Pd/Ge system, the second and final phase to be formed is PdGe. The formation of these phases
is generally reported to be sequential [4, 15] but PdGe has been reported to form before the end
of Pd2Ge formation [16]. Table 1 summarizes the sample preparation, observed phase-
formation sequences and some formation temperatures (where available) of the phases in the
Ni/Ge and Pd/Ge systems, as reported by some previous researchers.

What is lacking in the previous research done in this area is a quantitative determination of the
dominant diffusing species (DDS) during NiGe and PdGe formation and a comprehensive
lateral diffusion study of the Ni/Ge and Pd/Ge systems. The DDS during first phase formation,
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Sample preparation Characterization techniques used Phase formation Refs.

Ge(111) wafers were cleaned by
piranha (H2O2/H2SO4 = 1:3) before
a Ni sputter deposition. Prior to
the Ni deposition, the samples
were dipped into dilute HF to
remove any residual native oxide.
A Ni film of about 100 Å thick was
deposited onto the wafers at room
temperature by sputtering. The
base pressure was below 5 � 10�7

Torr and the deposition pressure
was about 3 � 10�3 Torr.

Two annealing methods were used.
The first method was rapid thermal
annealing (RTA) at 400�C for 60 s in
an N2 ambient with a ramp rate of
30�C/s, while the other method was
an in situ annealing process at
400�C for 30 min in the Ni
sputtering chamber. Samples were
characterized by 2D area X-ray
diffraction (XRD) with Cu Kα
radiation and micro-Raman
spectroscopy techniques. Cross-
sectional transmission electron
microscopy (TEM) was employed
to study the surface morphology
and the interfacial structure of the
annealed films. Corresponding
elemental information was
determined using the energy
dispersive X-ray spectrometry
(EDS) technique in TEM.

According to the EDS analysis in
TEM, two phases, NiGe and
Ni3Ge2, were detected in the RTA
method, whereas only the NiGe
phase was observed at 400�C in
the in situ annealing method.

Jin et al.
[11]

Several substrate options were
overviewed. Ge wet etch behavior
was reported in a variety of acidic,
basic, oxidizing, and organic
solutions, widely used in the
microelectronics industry.
Modifications of the cleaning
procedure suitable for Ge are
discussed. The electrical data
analyzed was from pMOS devices
of 1–2 μm thick Ge on Si wafers.

This work provided an overview
of some of the key processing
issues for the fabrication of Ge
pMOS devices and their impact on
performance. Junction leakage
behavior as a function of n-type
doping, temperature, and electric
field for Ge pMOS devices was
analyzed.

NiGe germanide voids were
reported to form in the active areas
of the devices but the use of a two-
step rapid thermal anneal (two-
RTA) process was shown to
suppress these defects.

Brunco
et al. [1]

Metal films, nominally 30 nm
thick, were deposited at room
temperature by magnetron
sputtering on substrates of
crystalline Ge(001) and 200 nm
amorphous germanium (α-Ge)
over 100 nm SiO2 on Si(001)
wafers. The Ge substrates were
cleaned with dilute HF (100:1).
The base vacuum of the
magnetron sputtering system was
1.3 � 10�7 Pa and the Ar pressure
during deposition was maintained
at 0.53 Pa.

Metal-Ge reactions were
monitored in situ during ramp
anneals at 3�C s�1 in a purified He
atmosphere using time-resolved
XRD, diffuse light scattering, and
resistance measurements.

NiGe and PdGe phases appeared
especially interesting: they
exhibited the lowest sheet
resistance, formed at low
temperature, had limited
sensitivity to oxidation and
remained morphologically stable
over a wide temperature range.
The morphological degradation
began at 580 and 550�C for NiGe
and PdGe, respectively.

Gaudet
et al. [2]

Thin films of 50 nm polycrystalline
Ni were deposited by e-beam
evaporation on 500 nm
amorphous or polycrystalline
germanium (α-Ge or p-Ge). The
reactions were characterized by
ex situ and in situ XRD using the
Bragg–Brentano geometry and a
Cu Kα source. Isothermal heat
treatments were performed in situ

The first phase was carefully
investigated by XRD and TEM.
Samples at selected stages of
reaction were taken out and
analyzed ex situ by long collection
time XRD and examined by TEM
both in plane view and cross-
sectional samples.

The formation of NiGe was
observed during deposition.
Ni5Ge3 was then observed to form.
It was shown that the growth of
Ni5Ge3 and NiGe was
simultaneous and not sequential,
during isothermal annealing.
Ni5Ge3 reached a critical thickness
(around 10 nm) before NiGe was
able to grow.

Nemouchi
et al. [12]
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field for Ge pMOS devices was
analyzed.

NiGe germanide voids were
reported to form in the active areas
of the devices but the use of a two-
step rapid thermal anneal (two-
RTA) process was shown to
suppress these defects.

Brunco
et al. [1]

Metal films, nominally 30 nm
thick, were deposited at room
temperature by magnetron
sputtering on substrates of
crystalline Ge(001) and 200 nm
amorphous germanium (α-Ge)
over 100 nm SiO2 on Si(001)
wafers. The Ge substrates were
cleaned with dilute HF (100:1).
The base vacuum of the
magnetron sputtering system was
1.3 � 10�7 Pa and the Ar pressure
during deposition was maintained
at 0.53 Pa.

Metal-Ge reactions were
monitored in situ during ramp
anneals at 3�C s�1 in a purified He
atmosphere using time-resolved
XRD, diffuse light scattering, and
resistance measurements.

NiGe and PdGe phases appeared
especially interesting: they
exhibited the lowest sheet
resistance, formed at low
temperature, had limited
sensitivity to oxidation and
remained morphologically stable
over a wide temperature range.
The morphological degradation
began at 580 and 550�C for NiGe
and PdGe, respectively.

Gaudet
et al. [2]

Thin films of 50 nm polycrystalline
Ni were deposited by e-beam
evaporation on 500 nm
amorphous or polycrystalline
germanium (α-Ge or p-Ge). The
reactions were characterized by
ex situ and in situ XRD using the
Bragg–Brentano geometry and a
Cu Kα source. Isothermal heat
treatments were performed in situ

The first phase was carefully
investigated by XRD and TEM.
Samples at selected stages of
reaction were taken out and
analyzed ex situ by long collection
time XRD and examined by TEM
both in plane view and cross-
sectional samples.

The formation of NiGe was
observed during deposition.
Ni5Ge3 was then observed to form.
It was shown that the growth of
Ni5Ge3 and NiGe was
simultaneous and not sequential,
during isothermal annealing.
Ni5Ge3 reached a critical thickness
(around 10 nm) before NiGe was
able to grow.

Nemouchi
et al. [12]
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Sample preparation Characterization techniques used Phase formation Refs.

at temperatures between 150 and
190�C in vacuum in the 10�5 mbar
range.

100 nm of Ge was evaporated onto
thermally oxidized Si wafer
substrates, which were 75 mm in
diameter. This was followed by a
400 nm deposition of room
temperature Ni. The wafers were
cleaned using a standard organic
solvent and acid etch sequence.

Both temperature ramping and
isothermal annealing were
performed. Characterization was
by XRD, cross-sectional TEM, 4-
point kelvin resistance
measurements and X-ray
photoelectron spectroscopy (XPS).

The reaction path began with the
consumption of Ni and Ge to form
Ni5Ge3 and continued with the
consumption of Ni5Ge3 and Ge to
form NiGe in the temperature
range, 200–300�C. NiGe was the
terminal phase with
agglomeration (in this case, being
the segregation of Ge to the
exposed surface) occurring at
around 500�C.

Patterson
et al. [13]

Ni films, 30 nm thick, were
deposited at room temperature by
magnetron sputtering on
substrates of Ge(111), Ge(001), and
200 nm amorphous germanium
(α-Ge) over 100 nm SiO2 on Si(001)
wafers. The Ge substrates were
cleaned with dilute HF (100:1).
The base vacuum of the
magnetron sputtering system was
1.3 � 10�7 Pa and the Ar pressure
during deposition was maintained
at 0.53 Pa.

Ni/Ge reactions were monitored in
situ during ramp anneals in a
purified He atmosphere using
time-resolved XRD, diffuse light
scattering, and resistance
measurements.

Ni5 Ge3 and NiGe appeared
consecutively on Ge(111) while
they grow simultaneously on α-Ge
and Ge (001). Phase-formation
temperatures depended strongly
on the nature of the substrate
being the lowest on α-Ge and the
highest on Ge(111).

Gaudet
et al. [14]

Samples were prepared by
depositing 1000–3000 Å thick Pd
films on large-area Ge(111) and Ge
(100) substrates by an electron
beam. The Ge wafers were etched
in CP4, rinsed in deionized water,
and immersed in a solution of HF.
Pd was also evaporated on
amorphous Ge layers evaporated
on silicon oxide substrates. Heat
treatment was performed both in
vacuum and N2.

The phases were identified by
X-ray diffraction and grain size
measurements were performed by
X-ray diffraction line broadening.
Rutherford Backscattering
Spectroscopy (RBS) and RBS
channeling measurements were
also performed to study the
structural phase orientation with
respect to the substrate lattice.

The hexagonal Pd2Ge phase was
observed at 120�C. Orthorhombic
PdGe was observed at higher
temperatures and/or longer
annealing times. The structure of
the compounds was not
significantly affected by the
nature, either evaporated or
single-crystal, of the germanium
substrate; however, the kinetics,
both for Pd2Ge and for PdGe, were
three to four times faster on
amorphous Ge than on single-
crystal Ge.

Majni et al.
[15]

The substrates consisted of Ge
(100), Ge(111), polycrystalline Ge
wafers, and a 200 nm thick
amorphous Ge film that was
deposited on an SiO2 wafer using
thermal evaporation in a vacuum
of 10�4 Pa. After a short HF dip
(20 s), a 30, 100, or 150 nm thick Pd
film was sputter deposited in an
Ar atmosphere with a pressure of
5 � 10�1 Pa.

Samples were characterized by
means of in situ XRD and laser
light scattering (LLS). The kinetics
of the Pd/Ge solid-state reaction
was performed in which the
thickness of the growing Pd
germanides was monitored using
in situ RBS.

The first germanide that is
observed during the Pd/Ge solid-
state reaction is the Pd2Ge phase at
200�C This phase grows up to
270�C at which temperature, the
entire Pd film was consumed.
The Pd2Ge phase then became the
seeding layer for the growth of
the PdGe phase which was stable
up to its melting temperature
of 725�C.

Knaepen
[16]

Table 1. Summary of the sample preparation and observed phase-formation sequence and some formation temperatures
(where available) of the phases in the Ni/Ge and Pd/Ge systems, as reported by some previous researchers.
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that is, formation of Ni3Ge2 and Pd2Ge, has been reported. Palladium is reported to be DDS
during Pd2Ge formation, contributing about two-third toward diffusion [17], while Ni
appeared to be the sole moving species during the formation of the first nickel germanide
phase, Ni3Ge2 [18]. The literature appears to be lacking in information regarding the diffusing
species during the formation of subsequent phases in both the Pd/Ge and Ni/Ge systems. It has
however been proposed that during NiGe formation in certain thin film configurations, Ge
could be the DDS [19]. As mentioned earlier, NiGe and PdGe are the most promising candi-
dates for ohmic contacts in germanium-based technology [2, 3].

The approach of our study, as presented in this chapter, is essentially twofold. Firstly, solid-state
reactions were thermally induced in conventional nano-metric thin film couples of the Ni/Ge and
Pd/Ge systems in order to study the sequence of phase formation in these two germanide
systems. Conventional thin film couples were also used to identify and monitor the dominant
diffusing species during the phase formation. By embedding a thin layer of tantalum (Ta) or
tungsten (W) as an inert marker between coupling thin film Ni/Ge or Pd/Ge layers, the atomic
transport across this marker layer could be monitored by observing the movement of the marker
during phase formation. It is important, for device integrity, to identify the DDS during the
formation of the respective germanides as this can influence their thermal stability. Excessive
diffusion of the substrate element, in this case Ge, during germanide formation could result in
overgrowth and bridging in devices, which would have a detrimental effect on their perfor-
mance [20].

Secondly, lateral diffusion couples were prepared by the deposition of thick rectangular
islands of one material on top of a much thinner film of another material. Upon annealing,
the island-material would react with the underlying film through vertical diffusion. The
natural phase-formation sequence of the system is followed up to the phase that has the
highest proportion of island-material. At this point, the vertical diffusion gives way to lateral
diffusion because there can be no further reaction between the island-material and the thin film
material directly below it. The lateral diffusion may result in the phase that is most island-
material rich to grow outward into the surrounding thin film. This phase would eventually
reach a critical growth length where it would then give way to the lateral growth of other
phases, simultaneous growth of a number of lateral phases of often observed. This multiple
phase formation is not common in conventional thin film couples but is typical of bulk
diffusion couples; therefore lateral diffusion couples offer a transition between these two types
of behavior. The amount of material that is deposited in the island region of a lateral diffusion
couple is relatively large. This allows one to carry out a more extensive investigation of phase
formation and reaction kinetics than can be achieved using ordinary planar thin films. Bulk
diffusion couples can be simulated using lateral diffusion structures because in the latter
structures, phase formation could extend to length of around 100 μm [21]. In kinetic studies
of thin film planar structures, the diffusion lengths are typically less than 0.5 μm. One can
therefore study the transition from thin film to bulk diffusion couple behavior. The study of
lateral diffusion couples is particularly well suited for dealing with the challenges of achieving
the required lateral abruptness of semiconductor junctions. Various early techniques were
developed to study lateral diffusion couples [22–31]. In later studies, microprobe-Rutherford
backscattering spectrometry (μRBS) was used to study them [21, 32, 33]. The major advantage
of this technique is its ability to give depth information.
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Sample preparation Characterization techniques used Phase formation Refs.

at temperatures between 150 and
190�C in vacuum in the 10�5 mbar
range.

100 nm of Ge was evaporated onto
thermally oxidized Si wafer
substrates, which were 75 mm in
diameter. This was followed by a
400 nm deposition of room
temperature Ni. The wafers were
cleaned using a standard organic
solvent and acid etch sequence.

Both temperature ramping and
isothermal annealing were
performed. Characterization was
by XRD, cross-sectional TEM, 4-
point kelvin resistance
measurements and X-ray
photoelectron spectroscopy (XPS).

The reaction path began with the
consumption of Ni and Ge to form
Ni5Ge3 and continued with the
consumption of Ni5Ge3 and Ge to
form NiGe in the temperature
range, 200–300�C. NiGe was the
terminal phase with
agglomeration (in this case, being
the segregation of Ge to the
exposed surface) occurring at
around 500�C.

Patterson
et al. [13]

Ni films, 30 nm thick, were
deposited at room temperature by
magnetron sputtering on
substrates of Ge(111), Ge(001), and
200 nm amorphous germanium
(α-Ge) over 100 nm SiO2 on Si(001)
wafers. The Ge substrates were
cleaned with dilute HF (100:1).
The base vacuum of the
magnetron sputtering system was
1.3 � 10�7 Pa and the Ar pressure
during deposition was maintained
at 0.53 Pa.

Ni/Ge reactions were monitored in
situ during ramp anneals in a
purified He atmosphere using
time-resolved XRD, diffuse light
scattering, and resistance
measurements.

Ni5 Ge3 and NiGe appeared
consecutively on Ge(111) while
they grow simultaneously on α-Ge
and Ge (001). Phase-formation
temperatures depended strongly
on the nature of the substrate
being the lowest on α-Ge and the
highest on Ge(111).

Gaudet
et al. [14]

Samples were prepared by
depositing 1000–3000 Å thick Pd
films on large-area Ge(111) and Ge
(100) substrates by an electron
beam. The Ge wafers were etched
in CP4, rinsed in deionized water,
and immersed in a solution of HF.
Pd was also evaporated on
amorphous Ge layers evaporated
on silicon oxide substrates. Heat
treatment was performed both in
vacuum and N2.

The phases were identified by
X-ray diffraction and grain size
measurements were performed by
X-ray diffraction line broadening.
Rutherford Backscattering
Spectroscopy (RBS) and RBS
channeling measurements were
also performed to study the
structural phase orientation with
respect to the substrate lattice.

The hexagonal Pd2Ge phase was
observed at 120�C. Orthorhombic
PdGe was observed at higher
temperatures and/or longer
annealing times. The structure of
the compounds was not
significantly affected by the
nature, either evaporated or
single-crystal, of the germanium
substrate; however, the kinetics,
both for Pd2Ge and for PdGe, were
three to four times faster on
amorphous Ge than on single-
crystal Ge.

Majni et al.
[15]

The substrates consisted of Ge
(100), Ge(111), polycrystalline Ge
wafers, and a 200 nm thick
amorphous Ge film that was
deposited on an SiO2 wafer using
thermal evaporation in a vacuum
of 10�4 Pa. After a short HF dip
(20 s), a 30, 100, or 150 nm thick Pd
film was sputter deposited in an
Ar atmosphere with a pressure of
5 � 10�1 Pa.

Samples were characterized by
means of in situ XRD and laser
light scattering (LLS). The kinetics
of the Pd/Ge solid-state reaction
was performed in which the
thickness of the growing Pd
germanides was monitored using
in situ RBS.

The first germanide that is
observed during the Pd/Ge solid-
state reaction is the Pd2Ge phase at
200�C This phase grows up to
270�C at which temperature, the
entire Pd film was consumed.
The Pd2Ge phase then became the
seeding layer for the growth of
the PdGe phase which was stable
up to its melting temperature
of 725�C.

Knaepen
[16]

Table 1. Summary of the sample preparation and observed phase-formation sequence and some formation temperatures
(where available) of the phases in the Ni/Ge and Pd/Ge systems, as reported by some previous researchers.
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that is, formation of Ni3Ge2 and Pd2Ge, has been reported. Palladium is reported to be DDS
during Pd2Ge formation, contributing about two-third toward diffusion [17], while Ni
appeared to be the sole moving species during the formation of the first nickel germanide
phase, Ni3Ge2 [18]. The literature appears to be lacking in information regarding the diffusing
species during the formation of subsequent phases in both the Pd/Ge and Ni/Ge systems. It has
however been proposed that during NiGe formation in certain thin film configurations, Ge
could be the DDS [19]. As mentioned earlier, NiGe and PdGe are the most promising candi-
dates for ohmic contacts in germanium-based technology [2, 3].

The approach of our study, as presented in this chapter, is essentially twofold. Firstly, solid-state
reactions were thermally induced in conventional nano-metric thin film couples of the Ni/Ge and
Pd/Ge systems in order to study the sequence of phase formation in these two germanide
systems. Conventional thin film couples were also used to identify and monitor the dominant
diffusing species during the phase formation. By embedding a thin layer of tantalum (Ta) or
tungsten (W) as an inert marker between coupling thin film Ni/Ge or Pd/Ge layers, the atomic
transport across this marker layer could be monitored by observing the movement of the marker
during phase formation. It is important, for device integrity, to identify the DDS during the
formation of the respective germanides as this can influence their thermal stability. Excessive
diffusion of the substrate element, in this case Ge, during germanide formation could result in
overgrowth and bridging in devices, which would have a detrimental effect on their perfor-
mance [20].

Secondly, lateral diffusion couples were prepared by the deposition of thick rectangular
islands of one material on top of a much thinner film of another material. Upon annealing,
the island-material would react with the underlying film through vertical diffusion. The
natural phase-formation sequence of the system is followed up to the phase that has the
highest proportion of island-material. At this point, the vertical diffusion gives way to lateral
diffusion because there can be no further reaction between the island-material and the thin film
material directly below it. The lateral diffusion may result in the phase that is most island-
material rich to grow outward into the surrounding thin film. This phase would eventually
reach a critical growth length where it would then give way to the lateral growth of other
phases, simultaneous growth of a number of lateral phases of often observed. This multiple
phase formation is not common in conventional thin film couples but is typical of bulk
diffusion couples; therefore lateral diffusion couples offer a transition between these two types
of behavior. The amount of material that is deposited in the island region of a lateral diffusion
couple is relatively large. This allows one to carry out a more extensive investigation of phase
formation and reaction kinetics than can be achieved using ordinary planar thin films. Bulk
diffusion couples can be simulated using lateral diffusion structures because in the latter
structures, phase formation could extend to length of around 100 μm [21]. In kinetic studies
of thin film planar structures, the diffusion lengths are typically less than 0.5 μm. One can
therefore study the transition from thin film to bulk diffusion couple behavior. The study of
lateral diffusion couples is particularly well suited for dealing with the challenges of achieving
the required lateral abruptness of semiconductor junctions. Various early techniques were
developed to study lateral diffusion couples [22–31]. In later studies, microprobe-Rutherford
backscattering spectrometry (μRBS) was used to study them [21, 32, 33]. The major advantage
of this technique is its ability to give depth information.
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2. Experimental summary

Conventional thin film couples for the Ni/Ge study were prepared using electron beam evap-
oration at a pressure of 10�7 Torr. The deposition technique used to prepare the thin film
samples for the Pd/Ge study was sputtering at a pressure of 10�6 Torr. Ge(100) substrates were
chemically cleaned in a procedure that ended with a 2% HF dip before being loaded for
evaporation. The inert marker used for the Ni/Ge investigation was a 0.5 nm thick layer of Ta.
The Pd/Ge marker study was carried out using a 0.3 nm thick layer of W. Since NiGe and PdGe
phase formation takes place around 250–350�C, whereas Ta only begins to react with Ge at
temperatures above 750�C and W does not appear to react with Ge at all (at least to tempera-
tures of up to 900�C) [2], both Ta and W should remain chemically inert during the formation
of the various germanide phases.

Instead of using the conventional approach, where different thermal anneals are performed
on similar specimens after which the position of the marker is determined, we have
performed the thermal anneal and measurement simultaneously using real-time Rutherford
Backscattering Spectrometry (RBS). Using this method, only one sample can be used to
monitor the position of the marker during the whole reaction process. In this way, one is
able to identify the diffusing species more accurately because it eliminates the small varia-
tions that always exist between samples. Real-time RBS is able to determine any variations in
the relative contributions of the diffusion of each atomic type as the reaction proceeds. RBS
has the useful capacity of being able to give depth information of atomic composition
thereby making it possible to monitor the position of the marker, between coupling layers,
during phase formation. Real-time RBS data were collected during a ramped annealing rate
of 2�C/min for the Ni/Ge system and a rate of 1�C/min for the Pd/Ge system. An ion beam of
2 MeV alpha particles was used to produce the RBS data, which were recorded in 30-s
intervals during annealing. Statistical improvement of the results was achieved by grouping
the data such that each group provided a statistically averaged spectrum within a tempera-
ture range of 4�C in the Ni/Ge investigation and 2�C in the Pd/Ge study. RUMP software [34]
was used for the analysis of the RBS data. In a number of our figures, we use the thickness
units of atoms/cm2 because they are easier to work with in RBS-related studies of atomic
diffusion than the conventional units of nm. The two units are interchangeable in that by
dividing the values in atoms/cm2 by the atomic concentration of a layer one gets a thickness
in cm, which is then converted to nm.

For the Ni/Ge investigation, a single detector positioned at a backscattering angle of 165o was
used and the sample was rotated by 50o with reference to the direction of the incident alpha
particles, the depth resolution is improved in this way. The atomic masses of Ni and Ge are
relatively close resulting in peak overlap between the Ni and Ge RBS spectra. This is more so if
Ni is on the top of Ge because the atomic mass of Ni is smaller than that of Ge. Ordinarily, this
would make the RBS analysis problematic but the Ni/Ge system only has two phases Ni5Ge3
and NiGe, which can be resolved using careful RUMP simulation. The Ni/Ge system, on the
other hand, has the advantage that the small peak from the thin Ta marker is not close to the Ni
or Ge peaks.
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In the Pd/Ge system, Pd and Ge peaks do not overlap but the small peak of the W marker is
close to the Pd peak. For this reason, the thickness of the Pd layer had been relatively small and
it was necessary to mount a second RBS detector. The first detector was placed at a scattering
angle of 165� and the sample normal rotated by 30� to the He+ beam direction toward the
detector. With this geometry, it was possible to separate the W marker signal from the Pd
signal, but the depth resolution was compromised. A second detector was therefore placed at a
scattering angle of �135

�
, which produced a scattering outgoing beam angle of 75

�
with

respect to the normal of the surface. This geometry of the second detector improved the depth
resolution for determining the thickness of various layers of phases; however, the second
detector could not determine the position of the W marker because the geometry resulted in
an overlap between the Pd and W peaks. The spectrum from the second detector was therefore
used to determine the thicknesses of the various palladium germanide phases, while that from
the first detector establish the depth of the W marker in the layers. Combining the information
obtained from the two detectors in this way enabled the thickness of the various phases to be
measured with reasonable confidence, while at the same time determining the depth of the
marker in the sample.

The lateral diffusion couples were prepared by electron beam evaporation at a base pressure in
the low 10�5 Pa range. Thermally oxidized single crystal silicon wafers with a (100) crystal
orientation were used as substrates in all studies. The reaction of SiO2 with Ge, Ni, or Pd was
insignificant at the annealing temperatures used; hence, the substrates were “inert.” A thin
film of one material was deposited first. Without breaking the vacuum, an ordinary silicon
wafer with an array of 390 � 780 μm2 rectangular windows (referred to as a silicon mask)
made by photolithographic techniques and selective etching, was thereafter placed close to the
surface of the thin film that was deposited first. A second material was then deposited through
the rectangular windows in the silicon mask to form islands of the second material on thin
films of the first material. After removing the samples from the evaporation chamber, they
were cleaved into 12 parts, which were later annealed and analyzed.

The samples were examined using scanning electron microscopy (SEM) to distinguish the
various reaction regions and measure their diffusion lengths. Representative samples were
selected for further analysis by μRBS. The distribution of elements as a function of lateral
position was obtained using μRBS. This technique also provided information regarding
the elemental distribution as a function of depth and the thickness of the films. 2 MeV
alpha particles were focused to a beam size of about 1 � 1 μm using a nuclear microprobe
and scanned across an area of the samples, which was chosen in such a way as to include
all reaction regions identified using SEM. The size of the scanned area was about 400 �
400 μm2. The samples were placed in such a way that the alpha beam scanned parallel to
the edge of the original interface between the island and surrounding film. This avoided
any compositional variations along the line scanned by the beam. About 128 RBS spectra
were collected along each line scanned and these were summed to improve statistics.
About 128 lines were scanned parallel to the original island interface, which resulted in
RBS data being recorded as a function of lateral position. RUMP simulation was used to
analyze the data.
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2. Experimental summary

Conventional thin film couples for the Ni/Ge study were prepared using electron beam evap-
oration at a pressure of 10�7 Torr. The deposition technique used to prepare the thin film
samples for the Pd/Ge study was sputtering at a pressure of 10�6 Torr. Ge(100) substrates were
chemically cleaned in a procedure that ended with a 2% HF dip before being loaded for
evaporation. The inert marker used for the Ni/Ge investigation was a 0.5 nm thick layer of Ta.
The Pd/Ge marker study was carried out using a 0.3 nm thick layer of W. Since NiGe and PdGe
phase formation takes place around 250–350�C, whereas Ta only begins to react with Ge at
temperatures above 750�C and W does not appear to react with Ge at all (at least to tempera-
tures of up to 900�C) [2], both Ta and W should remain chemically inert during the formation
of the various germanide phases.

Instead of using the conventional approach, where different thermal anneals are performed
on similar specimens after which the position of the marker is determined, we have
performed the thermal anneal and measurement simultaneously using real-time Rutherford
Backscattering Spectrometry (RBS). Using this method, only one sample can be used to
monitor the position of the marker during the whole reaction process. In this way, one is
able to identify the diffusing species more accurately because it eliminates the small varia-
tions that always exist between samples. Real-time RBS is able to determine any variations in
the relative contributions of the diffusion of each atomic type as the reaction proceeds. RBS
has the useful capacity of being able to give depth information of atomic composition
thereby making it possible to monitor the position of the marker, between coupling layers,
during phase formation. Real-time RBS data were collected during a ramped annealing rate
of 2�C/min for the Ni/Ge system and a rate of 1�C/min for the Pd/Ge system. An ion beam of
2 MeV alpha particles was used to produce the RBS data, which were recorded in 30-s
intervals during annealing. Statistical improvement of the results was achieved by grouping
the data such that each group provided a statistically averaged spectrum within a tempera-
ture range of 4�C in the Ni/Ge investigation and 2�C in the Pd/Ge study. RUMP software [34]
was used for the analysis of the RBS data. In a number of our figures, we use the thickness
units of atoms/cm2 because they are easier to work with in RBS-related studies of atomic
diffusion than the conventional units of nm. The two units are interchangeable in that by
dividing the values in atoms/cm2 by the atomic concentration of a layer one gets a thickness
in cm, which is then converted to nm.

For the Ni/Ge investigation, a single detector positioned at a backscattering angle of 165o was
used and the sample was rotated by 50o with reference to the direction of the incident alpha
particles, the depth resolution is improved in this way. The atomic masses of Ni and Ge are
relatively close resulting in peak overlap between the Ni and Ge RBS spectra. This is more so if
Ni is on the top of Ge because the atomic mass of Ni is smaller than that of Ge. Ordinarily, this
would make the RBS analysis problematic but the Ni/Ge system only has two phases Ni5Ge3
and NiGe, which can be resolved using careful RUMP simulation. The Ni/Ge system, on the
other hand, has the advantage that the small peak from the thin Ta marker is not close to the Ni
or Ge peaks.
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In the Pd/Ge system, Pd and Ge peaks do not overlap but the small peak of the W marker is
close to the Pd peak. For this reason, the thickness of the Pd layer had been relatively small and
it was necessary to mount a second RBS detector. The first detector was placed at a scattering
angle of 165� and the sample normal rotated by 30� to the He+ beam direction toward the
detector. With this geometry, it was possible to separate the W marker signal from the Pd
signal, but the depth resolution was compromised. A second detector was therefore placed at a
scattering angle of �135

�
, which produced a scattering outgoing beam angle of 75

�
with

respect to the normal of the surface. This geometry of the second detector improved the depth
resolution for determining the thickness of various layers of phases; however, the second
detector could not determine the position of the W marker because the geometry resulted in
an overlap between the Pd and W peaks. The spectrum from the second detector was therefore
used to determine the thicknesses of the various palladium germanide phases, while that from
the first detector establish the depth of the W marker in the layers. Combining the information
obtained from the two detectors in this way enabled the thickness of the various phases to be
measured with reasonable confidence, while at the same time determining the depth of the
marker in the sample.

The lateral diffusion couples were prepared by electron beam evaporation at a base pressure in
the low 10�5 Pa range. Thermally oxidized single crystal silicon wafers with a (100) crystal
orientation were used as substrates in all studies. The reaction of SiO2 with Ge, Ni, or Pd was
insignificant at the annealing temperatures used; hence, the substrates were “inert.” A thin
film of one material was deposited first. Without breaking the vacuum, an ordinary silicon
wafer with an array of 390 � 780 μm2 rectangular windows (referred to as a silicon mask)
made by photolithographic techniques and selective etching, was thereafter placed close to the
surface of the thin film that was deposited first. A second material was then deposited through
the rectangular windows in the silicon mask to form islands of the second material on thin
films of the first material. After removing the samples from the evaporation chamber, they
were cleaved into 12 parts, which were later annealed and analyzed.

The samples were examined using scanning electron microscopy (SEM) to distinguish the
various reaction regions and measure their diffusion lengths. Representative samples were
selected for further analysis by μRBS. The distribution of elements as a function of lateral
position was obtained using μRBS. This technique also provided information regarding
the elemental distribution as a function of depth and the thickness of the films. 2 MeV
alpha particles were focused to a beam size of about 1 � 1 μm using a nuclear microprobe
and scanned across an area of the samples, which was chosen in such a way as to include
all reaction regions identified using SEM. The size of the scanned area was about 400 �
400 μm2. The samples were placed in such a way that the alpha beam scanned parallel to
the edge of the original interface between the island and surrounding film. This avoided
any compositional variations along the line scanned by the beam. About 128 RBS spectra
were collected along each line scanned and these were summed to improve statistics.
About 128 lines were scanned parallel to the original island interface, which resulted in
RBS data being recorded as a function of lateral position. RUMP simulation was used to
analyze the data.
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3. Results

3.1. Ni/Ge system

3.1.1. Thin film couples

The thin film sample used to investigate the relative contributions of each atomic species to the
diffusion process in the Ni/Ge system was prepared with the configuration: Ge(100)/Ta
(0.5 nm)/Ni(76.5 nm). If this sample configuration is annealed, one would expect to observe
the Ta marker moving toward the surface, if Ni were the dominant diffusing species during the
formation of Ni5Ge3. If Ge was the dominant diffusing species, then the marker would move
into the sample away from the surface. Figure 1 shows the real-time RBS results during a
ramped anneal at a rate of 2�C/min.

Figure 1(a) shows a stacking up of RBS spectra obtained during the annealing as a function of
temperature producing a “surface” plot. The small Ta marker peak is seen around channel 405.
The Ni and Ge signals are at channels below the Ta channel position. The Ta marker moves to

Figure 1. (a) Surface plot of RBS spectra obtained after the annealing of a Ge(100)/Ta/Ni sample at 2�C/min, the movement of
the Ta marker to higher energies during the thermal anneal is clearly visible in the figure. (b) Individual as-deposited and
244�C RBS spectra with simulations showing the contribution of the Ni (lower dashed line) and Ge (dotted line).
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higher channels as the temperature is increased indicating that Ni was the dominant diffusion
species.

Figure 1(b) shows a spectrum from the as-deposited sample, which is similar in form to the
front spectrum in Figure 1(a), since there is a very little reaction below 150�C. Figure 1(b) also
shows a spectrum, which was captured during the reaction around 244�C. The Ge, Ni, and Ta
surface positions are indicated in the figure. The separate contributions of the Ge and Ni peaks
to the spectrum from the as-deposited sample were simulated using RUMP and are also
shown in the figure. It can be seen that the Ge and Ta signals appear at lower positions than
their surface positions because there is a layer of Ni above them. The shoulder at the high
energy end of the Ni signal is at the surface position as would be expected. The peak around
channel 340 is due to the overlap between the back of the Ni signal and the front of the Ge
signal. The Ni diffuses deeper into the sample as the reaction proceeds while the Ge diffuses
toward the surface. This causes the overlap peak to split into two as seen in the spectrum
collected at a temperature of 244�C.

An analysis of the individual RBS spectra indicated that the formation of Ni5Ge3 below the
marker began around 155�C. As the reaction proceeded, the Ni5Ge3 phase continued to grow
below the marker until around 200�C. When the Ni5Ge3 layer grew to a thickness of 14.2 nm,
the NiGe phase started to appear below the marker between the Ge substrate and the Ni5Ge3
layer. As the temperature was increased, the two phases grew simultaneously. At around
265�C, about 55% of the Ni was consumed and at this point, the thickness of the layers of
Ni5Ge3 and NiGe were 38.4 and 18.1 nm, respectively.

The Ta marker is observed to be at the surface position in the final spectra. Since, all the NiGe
formed was below the marker, it is obvious that the marker movement was solely due to the
growth of Ni5Ge3. We therefore conclude that Ni was the only diffusing species during the
formation of Ni5Ge3. If there had been any Ge diffusion, then the Ta marker would not have
been at the surface position after all the Ni had been consumed.

Since the growth of NiGe was below the marker, it was not possible to determine the dominant
diffusing species during the formation of this phase. A sample with a different configuration
was needed in order to study the relative diffusion of Ni and Ge during the formation of the
phase NiGe. The configuration of the sample prepared for investigating the growth of NiGe
was: Ge(100)/Ta(0.5 nm)/Ge(49 nm)/Ni(47 nm). Upon annealing this sample, there should be a
reaction between Ni and Ge deposited on top of the Ta. Figure 2 is a schematic diagram
illustrating the various stages of this reaction.

As illustrated in Figure 2(b), the sample was designed to make sure that after all the deposited
Ge was consumed forming Ni5Ge3, there would still remain some Ni above the marker (about
7.5 nm of Ni). This Ni5Ge3 cannot be converted into NiGe while there is still some unreacted Ni
above the marker. The only way that the reaction can continue is by the Ni above the marker
reacting with Ge below the marker. Since we have established that Ni is the only diffusing
species during the formation of Ni5Ge3, we would expect Ni to diffusing across the marker
presumably to form Ni5Ge3 below, this is illustrated in Figure 2(c). The abundance of Ge below
the marker means that the Ni5Ge3 belowwould react with Ge thereby converting into the more
Ge rich phase NiGe, this is illustrated in Figure 2(d). One can then study the diffusing species
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growth of Ni5Ge3. We therefore conclude that Ni was the only diffusing species during the
formation of Ni5Ge3. If there had been any Ge diffusion, then the Ta marker would not have
been at the surface position after all the Ni had been consumed.

Since the growth of NiGe was below the marker, it was not possible to determine the dominant
diffusing species during the formation of this phase. A sample with a different configuration
was needed in order to study the relative diffusion of Ni and Ge during the formation of the
phase NiGe. The configuration of the sample prepared for investigating the growth of NiGe
was: Ge(100)/Ta(0.5 nm)/Ge(49 nm)/Ni(47 nm). Upon annealing this sample, there should be a
reaction between Ni and Ge deposited on top of the Ta. Figure 2 is a schematic diagram
illustrating the various stages of this reaction.

As illustrated in Figure 2(b), the sample was designed to make sure that after all the deposited
Ge was consumed forming Ni5Ge3, there would still remain some Ni above the marker (about
7.5 nm of Ni). This Ni5Ge3 cannot be converted into NiGe while there is still some unreacted Ni
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Ge rich phase NiGe, this is illustrated in Figure 2(d). One can then study the diffusing species
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during the formation of NiGe by monitoring the marker movement as Ni5Ge3 is converted into
NiGe. Figure 3 shows the ramped real-time RBS results of the thickness evolution of each layer
as a function of temperature, as analyzed using RUMP.

Figure 2. Schematic diagram showing the sample configuration used to determine the dominant diffusing species during
NiGe formation. Upon heating, Ni first reacts with the Ge deposited on top of the marker and then the remaining Ni, after
all the Ge on top of the marker has been consumed, diffuses past the marker [35].

Figure 3. Experimental results showing the thickness of the various layers formed during the ramped annealing of the Ge(100)/
Ta/Ge/Ni sample. The thickness of each layer is expressed in Ni atoms/cm2 for normalization. With this format, the total Ni
thickness remains constant throughout theprocessmaking it easier todetermine the relativeproportionof each layer formed [35].
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3.1.2. Lateral diffusion couples

The lateral diffusion couples prepared with thick Ni islands on thin Ge films showed very
limited lateral diffusion upon annealing. The reaction did not proceed beyond a certain point
despite annealing at high temperatures and for long periods of times. The reaction region was
too narrow to properly resolve and monitor, this is a qualitative indicator that Ni was not a
DDS for lateral phase growth in the Ni/Ge system. The reverse configuration with Ge islands
(200 nm thick) on Ni films (36 nm thick) showed substantial lateral diffusion indicating that Ge
is the DDS during lateral phase growth in the Ni/Ge system. Figure 4(a) shows an optical
micrograph of part of a Ge island on a sample that was annealed at 500�C for 2 h. The
darkened rectangular area on the right end of the island is the area that was scanned with the
nuclear microprobe. Figure 4(b) is an SEM micrograph covering the various reaction zones of
the sample shown in Figure 4(a).

There are five reaction regions observed in Figure 4 and they are label from A to E. The region
labeled A is the original Ge island region, while E is the region of the unreacted Ni film. The
regions labeled from B to D are phase regions produced during the thermal annealing of the
sample. There is no well-defined boundary seen in Figure 4(b) between the regions C and D
but region D clearly appears coarser than region C.

Figure 5(a)–(d) shows the representative measured RBS spectra extracted from each of the four
reaction regions A–D in the sample annealed at 500�C for 2 h, together with their RUMP
simulations; thickness is in units of 1015 atoms/cm2.

The simulations show that region A comprised of NiGe overlaid by unreacted Ge while
regions B, C, and D consisted of exposed NiGe, Ni3Ge2, and Ni5Ge3, respectively. The original
island interface is between the NiGe and Ni3Ge2 phases.

Figure 4. (a) An image obtained using an optical microscope showing one end of an island after annealing at 500�C for
2 h. (b) A micrograph showing five regions obtained using SEM on the same island shown in (a) [36].
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3.2. Pd/Ge system

3.2.1. Thin film couples

The sputtered particles during the preparation of the thin film sample to investigate the relative
contributions of each atomic species to the diffusion process in the Pd/Ge system had incident
energies between 10 and 20 eV. This resulted in a degree of mixing of the sputtered particles with
the substrate below the marker. It was detected using RBS analysis on the sample immediately
after deposition (before any annealing) that some Pd atoms had penetrated through the atoms of
the thin layer of W atoms into the region of the substrate Ge atoms. The configuration of the as-
deposited sample was then: Ge(100)/PdxGe/W(0.3 nm)/Pd(42.5 nm). After RUMP simulation of
this sample, it was found that the PdxGe layer could have been a 4 nm layer of Pd2Ge. Figure 6
shows the real-time RBS results during a ramped anneal at a rate of 1�C/min.

A schematic diagram summarizing results obtained is shown in Figure 7.

As the reaction commenced at around 150�C, the phase Pd2Ge was formed on both sides
of the marker as shown in Figure 7(b). PdGe was formed around 180�C below the marker

Figure 5. (a)–(d) show representative RBS spectra extracted from each of the four reaction regions A–D in the sample
annealed at 500�C for 2 h, together with their RUMP simulations with thickness in units of 1015 atoms/cm2.
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between the Ge substrate and Pd2Ge and Ge substrate, as shown in Figure 7(c). It can be
seen from Figure 6 that Pd2Ge was slightly consumed during the initial growth stages of
PdGe. As temperature was increased, Pd2Ge continued to grow above the marker while
PdGe grew below the marker. At a temperature of around 220�C, the unreacted Pd was
completely consumed and most of the phase below the marker was PdGe as shown in
Figure 7(d). The next stage of the reaction was the conversion of Pd2Ge above the marker
into PdGe. Above 220�C, the phase PdGe was present both below and above the marker
as seen in Figure 6. Figure 6 also shows that the reaction ended at a temperature of
around 250�C.

Figure 6. Plot showing the thickness of the various layers during the ramped thermal annealing of the Ge(100)/W/Pd
sample. Pd2Ge growth above and below the marker commences around 150�C. The PdGe phase first appears below the
marker at around 180�C, and it appears above the marker at around 220�C, once all the Pd has been consumed [35].

Figure 7. Schematic diagramsummarizing the results obtainedduring the ramped thermal anneal of theGe(100)/W/Pd sample.
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3.2.2. Lateral diffusion couples

Samples for the lateral diffusion study of the Pd/Ge system were prepared by deposition of
Ge islands (100 nm thick) on Pd films (20 nm thick). This configuration was chosen because
the lateral diffusion couple results with Pd islands on Ge films showed little lateral diffusion
upon annealing with a reaction region that was too narrow to resolve and monitor properly,
indicating that Pd was not the DDS during lateral phase growth in the Pd/Ge system. Several
lateral diffusion samples were annealed at various temperatures for different lengths of time.
The Pd/Ge system exhibited relatively low temperature reaction. It was therefore necessary
to carry out the investigation for this system at much lower temperatures than those used for
the Ni/Ge systems. Figure 8 shows an SEM micrograph of one representative sample with a
100 nm thick Ge island on a 20 nm thick Pd film, annealed at 325�C for 2 h, showing three
distinct regions labeled A–C.

Areas which were chosen to include all the reaction regions observed were scanned on the
nuclear microprobe for analysis by μRBS. A spectrum picked from each of the three regions of
the Pd/Ge lateral diffusion sample is shown in Figure 9.

The spectrum from region C shows a peak of unreacted Pd and no Ge. The peak height of the
spectrum taken from the region B shows the phase Pd2Ge. This phase is seen at the surface
position. From the solid line in the figure, it can be seen that the region A consisted of
unreacted Ge and PdGe.

The solid line shows the spectrum form the original island region. This spectrum has a Pd peak
at the surface position indicating that there was some Pd at the surface of the original island
region. The fact that this Pd peak has what is labeled as a shoulder in Figure 9means that there
was much less Pd at the surface of the region than deeper down. It therefore means that the
region consisted of PdGe in the depth of the sample but toward the surface the PdGe phase
was mixed with unreacted Ge making the Pd concentration much less.

Figure 8. SEM micrograph of a Ge island (100 nm) on a Pd film (20 nm) annealed at 325�C for 2 h showing the different
reaction regions.
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4. Discussion

4.1. Thin film couples

The ideal case in marker studies is that the marker material should not have any effect on
the formation of phases in the coupling materials. Ta and W appeared to be good choices
of marker materials in that they did not react with Ge in the temperature ranges studied.
An investigation was carried out during this work to see if the marker had any effect on
the phase formation particularly at the beginning of the reaction. The temperature at
which the reaction started in samples with a marker between the coupling layers was
compared to the reaction onset temperature with no marker between the layers. It was
found that the start of the reaction was delayed by a temperature of less than 10�C when
the marker was present. This meant that although the marker acted as a sort of reaction
barrier between coupling layers, its effect was not large enough to have any significant
effect on the results of this study, in terms of the temperature of the first phase formation.
Subsequent phases were expected to start forming when the supply of unreacted atoms to
the growth interface reduced a level below some characteristic critical point [37]. The
phase-formation sequence is not always expected to be straight forward because some
cases of simultaneous phase growth have been report, as in the phases Ni5Ge3 and NiGe
on Ge(100) substrates [38].

It was clear from the results of our thin film study that Ni was the only diffusing species during
the formation of the first phase in the Ni/Ge system, Ni5Ge3. We now discuss the diffusing
species during the formation of the second phase which is formed in the Ni/Ge system, NiGe.

Figure 9. Superposition of selected RBS spectra from each of the regions of the Pd/Ge lateral diffusion sample. Pd peak
heights of the various phases and surface positions of Ge and Pd are indicated.
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It can be seen in Figure 3 that the total amount (both reacted and unreacted) of Ni atoms/cm2

remains constant throughout the reaction. One of the advantages of presenting the layer thick-
ness in atoms/cm2 units (as opposed to nm) is that this total amount remains constant for each
element throughout the reaction, which provides an easy way of checking the consistency of the
results at each temperature. It is seen in Figure 3 that the reaction above the marker started at a
much lower temperature than the reaction observed in the earlier marker investigation to
establish the diffusing species during the formation of Ni5Ge3. It is likely that this is because in
this case there is no Ta barrier between the coupling layers of Ni and Ge as was the case in the
earlier investigation. In fact, room temperature reaction has been reported in the Ni/Ge system
[39], in such a case where there is no barrier between the Ni and Ge layers.

The Ge above the marker was all converted in to Ni5Ge3 by the temperature of 250�C. The
unreacted Ni then diffused across the marker to react with the Ge below. After the consumption
of all the Ni, the Ni5Ge3 both below and above themarker both started to be converted into NiGe.

The conversion of Ni5Ge3 to NiGe above the marker could take place by either of the two reaction
processes. Firstly, there is the decomposition reaction, Ni5Ge3 ! 3NiGe + 2Ni, where two Ni atoms
are released, which then diffuse across the marker to react with the Ge in the substrate. If the NiGe
formedbelowandabove themarkerwerepurelyas a result of this reaction, thenNiwouldbe the sole
diffusing species during NiGe formation. This 100% Ni diffusion driven reaction would mean
that three NiGe molecules would be formed above the marker for every two NiGe molecules
formed below. A second possible reaction for the formation of NiGe above the marker is
Ni5Ge3 + 2Ge ! 5NiGe. This would require that Ge diffuses across the marker to react with the
Ni5Ge3 above. In all, we therefore see that the NiGe formed above themarker could be as a result of
thediffusingofNi,Ge, orboth.TheNiGe formedbelowthemarker couldonlybedue toNidiffusion.
In Figure 10, theNiGe formed above themarker is plotted against the total amount ofNiGe formed.

Predicted plots for 100% Ni and 100% Ge diffusion are included as a dashed and dotted line
respectively. The offset from the origin along the horizontal “total amount of NiGe” axis is

Figure 10. A plot of NiGe formed above the marker against the total amount of NiGe formed. Predicted plots for 100% Ni
and 100% Ge diffusion are also included as a dashed and dotted line respectively [35].
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because NiGe was initially formed by a reaction with unreacted Ni from the surface and not by
the conversion of Ni5Ge3 into NiGe. It can be seen from Figure 10 that both Ni and Ge diffuse
during the formation of NiGe. The diffusion of Ge is dominant in the initial stages of the
reaction but Ni diffusion becomes the prominent growth mechanism thereafter.

In our thin film study of the Pd/Ge system the results showed that during a large part of the
reaction the W marker lay between two Pd2Ge layers as shown in Figure 7(c). This was before
the total consumption of the unreacted Pd. Pd and Ge diffusion during the formation of Pd2Ge
can therefore be studied by monitoring the marker movement during this initial period. This
part of the analysis does not include the reaction after all the Pd is consumed. Interestingly we
will demonstrate later that the reaction after all Pd is consumed can be used to study the
diffusing species during the formation of the second phase, PdGe.

Figure 11 shows the growth of Pd2Ge above the maker as plotted against the Pd2Ge formed
below which also took into account the Pd2Ge which had been converted into PdGe.

The three initial data points have been excluded during the plotting of the dashed line in
Figure 11. This is because the initial stages of the reaction were complicated by the Pd which
was deposited below the W marker during the sputter deposition. When one takes into
account the fact that one Ge atom which diffuses across the marker forms one Pd2Ge molecule
above the marker whereas it takes two Pd atoms to diffuse across the marker to form one
Pd2Ge molecule below, then the best fit straight line through the data in Figure 11 corresponds
to Ge diffusion of about 40% and Pd diffusion of 60%.

If we look back at Figure 7(d)we see that this is the sample configuration at the point when the
unreacted Pd is totally consumed. Figure 7(d) shows the marker at a position between PdGe
and Pd2Ge. There are two possible ways in which the reaction above the marker could proceed
after this point. The first is for Ge atoms from the substrate below to diffuse across the marker

Figure 11. The growth of Pd2Ge above the maker plotted against the Pd2Ge formed below which also takes into account
the Pd2Ge which had been converted into PdGe. The dashed line, drawn through the uniform region (i.e., the line
excludes the initial three data points), indicates that Pd is the dominant diffusing species during Pd2Ge growth with a
contribution of about 60%.
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It can be seen in Figure 3 that the total amount (both reacted and unreacted) of Ni atoms/cm2

remains constant throughout the reaction. One of the advantages of presenting the layer thick-
ness in atoms/cm2 units (as opposed to nm) is that this total amount remains constant for each
element throughout the reaction, which provides an easy way of checking the consistency of the
results at each temperature. It is seen in Figure 3 that the reaction above the marker started at a
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establish the diffusing species during the formation of Ni5Ge3. It is likely that this is because in
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[39], in such a case where there is no barrier between the Ni and Ge layers.
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The conversion of Ni5Ge3 to NiGe above the marker could take place by either of the two reaction
processes. Firstly, there is the decomposition reaction, Ni5Ge3 ! 3NiGe + 2Ni, where two Ni atoms
are released, which then diffuse across the marker to react with the Ge in the substrate. If the NiGe
formedbelowandabove themarkerwerepurelyas a result of this reaction, thenNiwouldbe the sole
diffusing species during NiGe formation. This 100% Ni diffusion driven reaction would mean
that three NiGe molecules would be formed above the marker for every two NiGe molecules
formed below. A second possible reaction for the formation of NiGe above the marker is
Ni5Ge3 + 2Ge ! 5NiGe. This would require that Ge diffuses across the marker to react with the
Ni5Ge3 above. In all, we therefore see that the NiGe formed above themarker could be as a result of
thediffusingofNi,Ge, orboth.TheNiGe formedbelowthemarker couldonlybedue toNidiffusion.
In Figure 10, theNiGe formed above themarker is plotted against the total amount ofNiGe formed.

Predicted plots for 100% Ni and 100% Ge diffusion are included as a dashed and dotted line
respectively. The offset from the origin along the horizontal “total amount of NiGe” axis is

Figure 10. A plot of NiGe formed above the marker against the total amount of NiGe formed. Predicted plots for 100% Ni
and 100% Ge diffusion are also included as a dashed and dotted line respectively [35].
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because NiGe was initially formed by a reaction with unreacted Ni from the surface and not by
the conversion of Ni5Ge3 into NiGe. It can be seen from Figure 10 that both Ni and Ge diffuse
during the formation of NiGe. The diffusion of Ge is dominant in the initial stages of the
reaction but Ni diffusion becomes the prominent growth mechanism thereafter.

In our thin film study of the Pd/Ge system the results showed that during a large part of the
reaction the W marker lay between two Pd2Ge layers as shown in Figure 7(c). This was before
the total consumption of the unreacted Pd. Pd and Ge diffusion during the formation of Pd2Ge
can therefore be studied by monitoring the marker movement during this initial period. This
part of the analysis does not include the reaction after all the Pd is consumed. Interestingly we
will demonstrate later that the reaction after all Pd is consumed can be used to study the
diffusing species during the formation of the second phase, PdGe.

Figure 11 shows the growth of Pd2Ge above the maker as plotted against the Pd2Ge formed
below which also took into account the Pd2Ge which had been converted into PdGe.

The three initial data points have been excluded during the plotting of the dashed line in
Figure 11. This is because the initial stages of the reaction were complicated by the Pd which
was deposited below the W marker during the sputter deposition. When one takes into
account the fact that one Ge atom which diffuses across the marker forms one Pd2Ge molecule
above the marker whereas it takes two Pd atoms to diffuse across the marker to form one
Pd2Ge molecule below, then the best fit straight line through the data in Figure 11 corresponds
to Ge diffusion of about 40% and Pd diffusion of 60%.

If we look back at Figure 7(d)we see that this is the sample configuration at the point when the
unreacted Pd is totally consumed. Figure 7(d) shows the marker at a position between PdGe
and Pd2Ge. There are two possible ways in which the reaction above the marker could proceed
after this point. The first is for Ge atoms from the substrate below to diffuse across the marker

Figure 11. The growth of Pd2Ge above the maker plotted against the Pd2Ge formed below which also takes into account
the Pd2Ge which had been converted into PdGe. The dashed line, drawn through the uniform region (i.e., the line
excludes the initial three data points), indicates that Pd is the dominant diffusing species during Pd2Ge growth with a
contribution of about 60%.
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and react with Pd2Ge converting it into PdGe. The other reaction could be the breaking down
of Pd2Ge producing PdGe and Pd. The Pd could then diffuse across the marker to react with
the Ge below forming PdGe. We therefore get PdGe both below and above the marker, this is
seen in Figure 6. The data acquired during the stage of the reaction after all Pd was consumed
can therefore be used to study the diffusing species during the formation of PdGe. According
to the reaction, Pd2Ge + Ge ! 2PdGe, every Ge atom that diffuses across the marker from
below will produce two PdGe molecules above the marker. From Pd2Ge ! PdGe + Pd, we see
that every Pd atom that diffuses across the maker from above will leave a PdGe molecule
above and form another one below the marker. Any increase in the total amount of Ge above
the marker could only be due to Ge diffusion from below. Any increase in the total amount of
Pd below the marker could only be due to Pd diffusion from above. Figure 12 is a plot of the
total amount of Ge above the marker versus the total amount of Pd below the marker during
the stage of the reaction after all unreacted Pd was consumed.

More scatter in found in this data set than for Pd2Ge growth, but because of the relatively large
number of readings obtained during real-time growth of the final phase the uncertainty is
reduced, with the plot giving 65 � 3% Pd diffusion during PdGe growth.

4.2. Lateral diffusion couples

As seen in Figure 4(a) and (b), the interface between the regions C (consisting Ni3Ge2) and D
(consisting of Ni5Ge3) was not distinct in the SEM and optical micrographs. It could only be
determined using microprobe RBS. The available “beam time” on the microprobe was how-
ever not sufficient to analyze all our lateral diffusion samples. The growth lengths of these two
regions were therefore combined during our analysis of the growth kinetics. Plots of reaction
length against annealing time for the temperatures 300, 400, and 500�C were made. Figure 13
shows the plot for 400�C.

Figure 12. A plot of the total amount of Ge above the marker as a function of the total amount of Pd below the marker as
Pd2Ge transforms into PdGe, after all unreacted Pd is consumed. The gradient of the plot indicates that around 65% Pd
diffusion took place during PdGe formation.
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A parabolic dependence of compound growth with annealing time is observed. At every tem-
perature, T the width, xβ of each phase region was measured. The values of the widths obtained
were squared and plotted as a function of the corresponding periods of time, t that the samples
were annealed for at the particular temperature. The slopes of these graphs gave the diffusional

Figure 14. An Arrhenius plot for the combined lateral growth of Ni3Ge2 and Ni5Ge3 giving an activation energy of 0.9 �
0.1 eV and another giving an activation energy of diffusion for Ge in NiGe as 1.1 � 0.1 eV.

Figure 13. A plot of the reaction lengths of the phases against time of annealing at a temperature of 400�C. A parabolic
dependence of compound growth with annealing time is observed.
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and react with Pd2Ge converting it into PdGe. The other reaction could be the breaking down
of Pd2Ge producing PdGe and Pd. The Pd could then diffuse across the marker to react with
the Ge below forming PdGe. We therefore get PdGe both below and above the marker, this is
seen in Figure 6. The data acquired during the stage of the reaction after all Pd was consumed
can therefore be used to study the diffusing species during the formation of PdGe. According
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number of readings obtained during real-time growth of the final phase the uncertainty is
reduced, with the plot giving 65 � 3% Pd diffusion during PdGe growth.
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As seen in Figure 4(a) and (b), the interface between the regions C (consisting Ni3Ge2) and D
(consisting of Ni5Ge3) was not distinct in the SEM and optical micrographs. It could only be
determined using microprobe RBS. The available “beam time” on the microprobe was how-
ever not sufficient to analyze all our lateral diffusion samples. The growth lengths of these two
regions were therefore combined during our analysis of the growth kinetics. Plots of reaction
length against annealing time for the temperatures 300, 400, and 500�C were made. Figure 13
shows the plot for 400�C.
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Pd2Ge transforms into PdGe, after all unreacted Pd is consumed. The gradient of the plot indicates that around 65% Pd
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A parabolic dependence of compound growth with annealing time is observed. At every tem-
perature, T the width, xβ of each phase region was measured. The values of the widths obtained
were squared and plotted as a function of the corresponding periods of time, t that the samples
were annealed for at the particular temperature. The slopes of these graphs gave the diffusional

Figure 14. An Arrhenius plot for the combined lateral growth of Ni3Ge2 and Ni5Ge3 giving an activation energy of 0.9 �
0.1 eV and another giving an activation energy of diffusion for Ge in NiGe as 1.1 � 0.1 eV.

Figure 13. A plot of the reaction lengths of the phases against time of annealing at a temperature of 400�C. A parabolic
dependence of compound growth with annealing time is observed.
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growth constants, Kβ ¼ x2β=t . Arrhenius plots were then produced by plotting the logarithm of

the diffusional growth constants versus the reciprocal of the product between the Boltzmann
constant and the absolute temperature (i. e. 1=kBT), the results are presented in Figure 14.

From the slopes of these plots, the activation energy of diffusional growth for the combined
lateral growth of Ni3Ge2 and Ni5Ge3 was determined to be 0.9� 0.1 eV while that corresponding
to the rate of exposure of NiGe was 1.1 � 0.1 eV.

The two phases, PdGe and Pd2Ge, which were observed to form in the thin film study of the Pd-
Ge system were also the only two observed in the lateral diffusion couples. The growth region
outside the original island interface, labeled as region B in Figure 8, consisted of the phase Pd2Ge.
The original island region, labeled as region A in Figure 8, consisted of PdGe at the bottomwhile

Figure 15. A plot of reaction length against the time of annealing for the phase Pd2Ge at temperatures 275, 300, and 325�C.

Figure 16. Arrhenius plot, lnKβ versus 1/kbT, showing temperature dependence of Ge diffusion rate through Pd2Ge,
yielding an average activation energy of 1.0 � 0.1 eV.
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at the top there was unreacted Ge intermingled with PdGe. There was only a very little and
unworkable region of completely exposed PdGe without intermingled unreacted Ge, it was
therefore not possible to obtained data for the growth or exposure rates of the phase PdGe. The
growth of the Pd2Ge region was monitored at the temperatures 275, 300, and 325�C. The periods
of annealing were chosen so as to obtain a reasonable range of growth widths at each of the three
temperatures; results are presented in Figure 15. Parabolic growth characteristics were observed.

Arrhenius plots were obtained from the data presented in Figure 15, in the same way as
explained for the Ni/Ge lateral diffusion couples. Figure 16 is an Arrhenius plot showing the
temperature dependence of the Ge diffusion rate through Pd2Ge.

The average activation energy determined from the plot in Figure 16 was 1.0 � 0.1 eV.

5. Conclusion

The movement of inert markers during the formation of palladium and nickel germanides was
continuously monitored in conventional thin film couples using in situ RBS. The comparative
contribution of each atomic species to the diffusion process during the formation of the phases
was determined. Any changes of the comparative contributions of the atomic species during
the phase growth process were studied. Ni5Ge3 and NiGe were observed to form in the Ni/Ge
system with Ni5Ge3 being the first to form. Nickel was the only diffusing species during the
formation of Ni5Ge3. Both Ni and Ge were observed to diffuse during the formation of NiGe.
The diffusion of Ge was dominant in the initial stages of the reaction but Ni diffusion becomes
the prominent growth mechanism thereafter. The only phases observed to form in the Pd/Ge
system were PdGe and Pd2Ge, the latter being the first. Both Pd and Ge are observed to diffuse
during Pd2Ge and PdGe formation. Palladium is however the dominant diffusing species
during both Pd2Ge and PdGe formation, being responsible for around 60% of the diffusion
during Pd2Ge formation and 65% of diffusion during PdGe formation. The results obtained for
the first phase formation are in agreement with previously reported data. To the best of our
knowledge this is the first time that the dominant diffusing species during NiGe and PdGe
formation has been quantitatively determined, as mentioned earlier NiGe and PdGe are the most
promising candidates for ohmic contacts in germanium-based technology [2, 3]. Our conven-
tional thin film investigation has shown that the metal is the dominant diffusing species during
the formation of the first phase. This is in agreement with the Cu3Au ordered rule [40] which
states that the majority diffusing element in an intermetallic ordered structure is the one with the
highest diffusion coefficient. This rule was however not applicable to lateral diffusion couples.

Table 2 summarizes our results for the thin film and lateral diffusion couples in terms of the
phase-formation sequences, phase-formation temperatures and diffusing species during the
respective phase growths.

As presented in Table 1, the formation of Ni5Ge3 and NiGe was a common feature in the thin
film and lateral diffusion couple results. However, Ni3Ge2 was only observed in lateral diffu-
sion couple samples. Lateral diffusion couples provide a qualitative pointer to the dominant
diffusing species in a system, without the need to interpose markers between coupling layers.
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at the top there was unreacted Ge intermingled with PdGe. There was only a very little and
unworkable region of completely exposed PdGe without intermingled unreacted Ge, it was
therefore not possible to obtained data for the growth or exposure rates of the phase PdGe. The
growth of the Pd2Ge region was monitored at the temperatures 275, 300, and 325�C. The periods
of annealing were chosen so as to obtain a reasonable range of growth widths at each of the three
temperatures; results are presented in Figure 15. Parabolic growth characteristics were observed.

Arrhenius plots were obtained from the data presented in Figure 15, in the same way as
explained for the Ni/Ge lateral diffusion couples. Figure 16 is an Arrhenius plot showing the
temperature dependence of the Ge diffusion rate through Pd2Ge.

The average activation energy determined from the plot in Figure 16 was 1.0 � 0.1 eV.

5. Conclusion

The movement of inert markers during the formation of palladium and nickel germanides was
continuously monitored in conventional thin film couples using in situ RBS. The comparative
contribution of each atomic species to the diffusion process during the formation of the phases
was determined. Any changes of the comparative contributions of the atomic species during
the phase growth process were studied. Ni5Ge3 and NiGe were observed to form in the Ni/Ge
system with Ni5Ge3 being the first to form. Nickel was the only diffusing species during the
formation of Ni5Ge3. Both Ni and Ge were observed to diffuse during the formation of NiGe.
The diffusion of Ge was dominant in the initial stages of the reaction but Ni diffusion becomes
the prominent growth mechanism thereafter. The only phases observed to form in the Pd/Ge
system were PdGe and Pd2Ge, the latter being the first. Both Pd and Ge are observed to diffuse
during Pd2Ge and PdGe formation. Palladium is however the dominant diffusing species
during both Pd2Ge and PdGe formation, being responsible for around 60% of the diffusion
during Pd2Ge formation and 65% of diffusion during PdGe formation. The results obtained for
the first phase formation are in agreement with previously reported data. To the best of our
knowledge this is the first time that the dominant diffusing species during NiGe and PdGe
formation has been quantitatively determined, as mentioned earlier NiGe and PdGe are the most
promising candidates for ohmic contacts in germanium-based technology [2, 3]. Our conven-
tional thin film investigation has shown that the metal is the dominant diffusing species during
the formation of the first phase. This is in agreement with the Cu3Au ordered rule [40] which
states that the majority diffusing element in an intermetallic ordered structure is the one with the
highest diffusion coefficient. This rule was however not applicable to lateral diffusion couples.

Table 2 summarizes our results for the thin film and lateral diffusion couples in terms of the
phase-formation sequences, phase-formation temperatures and diffusing species during the
respective phase growths.

As presented in Table 1, the formation of Ni5Ge3 and NiGe was a common feature in the thin
film and lateral diffusion couple results. However, Ni3Ge2 was only observed in lateral diffu-
sion couple samples. Lateral diffusion couples provide a qualitative pointer to the dominant
diffusing species in a system, without the need to interpose markers between coupling layers.
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The results from both diffusion couples with Ni islands on a Ge film and vice-versa indicate
that Ge was the dominant diffusing species during germanide growth. The growth in the
lateral diffusion couples was found to obey the t1/2 law, indicating a diffusion-controlled
process. The magnitude of the activation energy of the combined lateral growth of Ni3Ge2
and Ni5Ge3 was found to be 0.9 � 0.1 eV, and that of the rate of exposure of NiGe was 1.1 �
0.1 eV. The two phases, PdGe and Pd2Ge, which were observed to form in the thin film study
of the Pd/Ge system were also the only two observed in the lateral diffusion couples.
The average activation energy determined for the lateral growth of Pd2Ge is 1.0 � 0.1 eV. The
magnitudes of the activation energies calculated for all phases in this study suggest that the
lateral diffusion reactions were not driven by surface diffusion but rather by diffusion through
the interior of the lateral diffusion couples; typical values for surface diffusion being around
0.6 eV [41].
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Phase - formation
characteristics

Thin film couples Lateral diffusion couples

Phases observed Ni5Ge3, NiGe, Pd2Ge, PdGe NiGe, Ni3Ge2, Ni5Ge3, Pd2Ge,
PdGe

Phase-formation
sequence

1st Ni5Ge3, Pd2Ge Simultaneous lateral growth of
phases

2nd NiGe, PdGe

Phase-formation
temperatures

Ni5Ge3 150�C Lateral reactions commenced
at around 300�C in both the Ni/
Ge and Pd/Ge systemsPd2Ge 140–150�C

NiGe 250�C

PdGe 180�C

Diffusing species Ni5Ge3 Ni Combined growth of
Ni3Ge2/Ni5Ge3

Ge

NiGe Ni is the DDS; Ge diffusion observed during the
early stages of growth.

Exposure of NiGe Ge

Pd2Ge 60% Pd and 40% Ge Limited exposure of
Pd2Ge

Ge

PdGe 65% Pd and 35% Ge PdGe Ge

Table 2. Summary of the results for the thin film and lateral diffusion couples in terms of the phase-formation sequences,
phase-formation temperatures and diffusing species during the respective phase growths in the Ni/Ge and Pd/Ge
systems.
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The results from both diffusion couples with Ni islands on a Ge film and vice-versa indicate
that Ge was the dominant diffusing species during germanide growth. The growth in the
lateral diffusion couples was found to obey the t1/2 law, indicating a diffusion-controlled
process. The magnitude of the activation energy of the combined lateral growth of Ni3Ge2
and Ni5Ge3 was found to be 0.9 � 0.1 eV, and that of the rate of exposure of NiGe was 1.1 �
0.1 eV. The two phases, PdGe and Pd2Ge, which were observed to form in the thin film study
of the Pd/Ge system were also the only two observed in the lateral diffusion couples.
The average activation energy determined for the lateral growth of Pd2Ge is 1.0 � 0.1 eV. The
magnitudes of the activation energies calculated for all phases in this study suggest that the
lateral diffusion reactions were not driven by surface diffusion but rather by diffusion through
the interior of the lateral diffusion couples; typical values for surface diffusion being around
0.6 eV [41].
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Abstract

During the last decades, Fe-, Ni- and Ti-based aluminides have been studied in terms of 
bulk materials with an effort to develop alloying and processing strategies to overcome 
their low ductilities and toughness compared to conventional alloys. Whenever significant 
improvements can be addressed in this direction, they will be opened to an extensive range 
of industrial applications, especially those related to high temperature resistance require-
ments. In parallel, progressing interest has also been focused on their application as protec-
tive layers. This chapter is intended to provide a review of the evolution that has been made 
mainly during the last two decades of the several coating technologies devoted for this pur-
pose. From thick to thin coatings are revised, with insight into coating microstructures and 
properties as well. Lack of space has forced the selection of those technologies arising most 
interest within last years; therefore, the content will follow this order: joining (laser cladding 
and electrospark deposition), thermal spraying (high velocity oxygen fuel and cold spray-
ing) and physical vapor deposition (magnetron sputtering and cathodic arc deposition).

Keywords: intermetallic, coating, overlay, repair, corrosion, wear

1. Introduction

Due to their intrinsic outstanding properties, intermetallic compounds (IMCs) have found 
application to coat other materials, either to improve surface resistance of an industrial sub-
strate component to environmental attack or to create a beneficial intermediate layer between 
the substrate and another coating material [1, 2]. As coatings, a wide range of techniques have 
been employed to deposit them, either at low temperatures such as plating or at high temper-
atures by hot dipping, joining, thermal spraying and so on. Many intermetallic coatings have 
been produced for a wide range of applications and different technological interest; however, 
the scientific community has been mainly focusing during the last decades on the study of 
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those coatings for high temperature protection of industrial components. One of the primary 
users of high-temperature coatings is the gas turbine engine industry for commercial and 
military aircraft, industrial power generation and marine applications. One possible applica-
tion could therefore be for the protection against oxidation of external and internal surfaces 
of turbine blades and vanes to fight oxidation and hot corrosion. Other applications would 
include turbines for coal gasification combined cycle power plants in components of fast 
breeder reactors or superheater tubes in the incinerator of waste to energy plants. Those IMC 
coating materials of interest rely on aluminide, chromide or silicide intermetallics because 
they can form protective oxide films of Al2O3, Cr2O3 or SiO2 [1–3].

Transition metal aluminides as bulk materials are seen as potential candidates for future sub-
stitution of superalloys since they can also offer significant reductions in density. Within this 
group, Fe, Ni and Ti aluminides are mainly considered, although Co-Al, Nb-Al, Pt-Al, Ru-Al 
alloys as well as other trialuminide alloys (Al3X where X can be Ti, Zr, Hf, V, Nb or Ta) are also 
reviewed, even with some works dealing with coatings [4–8].

Nickel and iron aluminides especially provide excellent oxidation resistance in the range 
1100–1400°C due to their high aluminum contents and high melting points, although many times 
spallation problems can be important [9, 10]. Table 1 provides the critical ordering temperature 
(T < Tc long-range order while T > Tc short-range order), melting temperature and the maximum 
use temperatures of the main compounds of potential industrial interest. As it can be seen, their 
corrosion resistance extends to temperatures at which these alloys have limited or poor mechani-
cal strength. Because of the limitation on balancing loading capabilities with high temperature 
corrosion resistance, together with poor room temperature ductility, some processing problems, 
as well as low strength and creep properties at high temperatures of some intermetallics [11], 
their commercialization is still limited; therefore, their use as coatings to provide resistance to 
other materials offers increasing suitable possibilities. The purpose of the present chapter is to 
offer an overview of the most recent advances on this topic.

Table 2 presents the main characteristics of the most usual coating techniques employed for 
the production of intermetallic coatings. The use of pack cementation, slurry, hot dipping and 
chemical vapor deposition was the first initially established [12]; the fundamentals of such 

Intermetallic Critical ordering T Melting point Maximum use temperature (°C)

Strength limit Corrosion limit

Ni3Al 1390 1390 1100 1150

NiAl 1640 1640 1200 1400

Fe3Al 540/760 1540 700 1200

FeAl 1250 1250 800 1200

Ti3Al 1100 1600 760 650

TiAl 1460 1460 1000 800

Table 1. Temperature limits for iron, nickel and titanium aluminides.
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technologies are based on the formation of the intermetallic through the interaction of a reac-
tant that contains Al with the primary elements composing the substrate alloy. Many of these 
techniques have in common that rely on diffusion processes to form the intermetallic. The 
behavior of diffusion coatings strongly depends on the composition of the substrate alloys 
because the alloy participates in the formation of the coating. As a result, these coatings do not 
offer wide flexibility for the incorporation of minor elements. In order to face this limitation, 
the “overlay”-type coatings were developed with minimal direct contribution of the substrate 
alloys. The present chapter will thus mainly focus on these overlay processes such as thermal 
spraying, joining or physical vapor deposition that actually consist of an alloy of a specially 
designed composition, i.e. feedstock intermetallic, to be deposited on the component surface. 
The coating thicknesses deposited by the above overlay joining and thermal spray methods 
are of the order of ~200 μm and higher. Physical vapor deposition (PVD) techniques enable 
the deposition of coatings in the nanometer to micron thickness range. Thermal spraying and 
joining techniques can be considered as fusion processes. Each process results in different 
coating microstructures, thus also having a direct influence on the final properties (Figure 1).

We will also explore the concepts of rapid prototyping and additive manufacturing applied 
to IMCs, which are acquiring relevant interest. The conventional production process for bulk 
components on intermetallic compounds is casting, which leads to a partial oxidation and 
grain growth owing to aging at high temperature for a long time [9, 10]. The direct manufac-
turing of 3D articles of these materials is complex due to the brittleness at low temperatures 
inherent in intermetallics. Moreover, the subsequent sample machining leads to a noticeable 
wear of the cutting tool.

Slurry Applying a powder mixture of aluminum or an aluminum alloy with an activator along 
with a binder either by spraying or by brushing followed by a diffusion heat treatment at a 
temperature of 1000–1200°C

Hot dipping Immersion of the substrate into a molten metal pool and diffusion in the solid state during 
dipping or subsequent thermal treatment

Pack cementation In situ chemical vapor deposition (CVD) batch process where the substrate is buried in a 
mixture of the master alloy powder (powder of the element or elements to be deposited on the 
surface of the parts, such as Cr and/or Al, Cr and/or Si), an halide salt activator and an inert 
filler powder

Chemical vapor 
deposition

Precursor gases (often diluted in carrier gases) are delivered into the reaction chamber at 
approximately ambient temperatures. As they pass over or come into contact with a heated 
substrate, they react or decompose forming a solid phase and are deposited onto the substrate

Joining techniques Welding processes where the powder in liquid phase, upon reaction with the substrate metal, 
forms the intermetallic compound. The coating material is melted in contact with the substrate

Thermal spraying The feedstock coating material (in powder, wire or rod form) is heated to a molten or 
semimolten state some distance from the substrate. The resultant heated particles are 
accelerated and propelled toward a prepared surface by either process gases or atomization 
jets

Physical vapor 
deposition

A solid metal is vaporized in a high vacuum environment and deposited on the substrate

Table 2. Main characteristics of diffusion and overlay coatings.
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surface of the parts, such as Cr and/or Al, Cr and/or Si), an halide salt activator and an inert 
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deposition

Precursor gases (often diluted in carrier gases) are delivered into the reaction chamber at 
approximately ambient temperatures. As they pass over or come into contact with a heated 
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Joining techniques Welding processes where the powder in liquid phase, upon reaction with the substrate metal, 
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Thermal spraying The feedstock coating material (in powder, wire or rod form) is heated to a molten or 
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Physical vapor 
deposition
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Table 2. Main characteristics of diffusion and overlay coatings.
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On that concern, rapid prototyping actually refers to the rapid production of prototypes for 
several objectives, including ergonomic and visual trials, assessment of functional perfor-
mance and supporting parts to other processes. By contrast, additive manufacture technologies 
(AMTs) involve any manufacturing process using layer-by-layer or drop-by-drop processes. 
Usually, these AMTs are used for obtaining prototypes, rather than large-scale production. 
However, recently, more and more AMTs are employed for final components, especially when 
complex geometries need to be produced, or for the incorporation of special functionalities 
[13]. Some of the above-mentioned processes can also then be regarded as potential technolo-
gies for additive manufacturing, which can outperform conventional hot-pressing consolida-
tion of powder due to their less complexity, lower energy consumption, higher productivity 
and therefore lower production costs [14].

2. Overlay coatings

2.1. Joining techniques

Welding involves a range of technologies suitable for the application of thick coatings, from 
1 to 50 mm or more, of metallic materials. The available processes are manual metal arc 
(MMA), metal inert gas (MIG), tungsten inert gas (TIG), plasma transferred arc (PTA), etc.; 
Çam et al. [15] reviewed the use of these techniques for intermetallics. A part from improv-
ing the surface properties, they can be used for cosmetic repair of casting defects as well as 
for the assembly of components. Alternatively, the laser cladding process is increasingly 
used instead of PTA (Plasma Transferred Arc) welding and uses a laser as source of heat. It 
outperforms conventional welding methods like TIG for advanced weld repair applications. 
Typically coatings from 0.5 to 3 mm thicknesses can be build-up with laser cladding. Instead 

Figure 1. Fields of application where intermetallic coatings can be applied.
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of using a filler rod, consumable electrode or a previously applied paste, it uses powder as 
feedstock material to form the coating, which is carried into the melt pool by an inert gas 
through a powder nozzle.

Although PTA and laser cladding are technologies dating from about the same period, i.e. 
the 1960s, laser cladding has received more attention in this decade for possible production of 
additive manufacturing of aluminides; therefore, in order to avoid overextension of the pres-
ent chapter, the emphasis is highlighted on laser cladding and references to PTA intermetallic 
coatings can be found in the literature as reported at the beginning of this section.

Laser cladding uses a powder-fed or wire-fed system and the resulting coatings possess 
extremely dense and pore-free microstructures. They are bonded to the substrate through an 
excellent metallurgical union, have uniform composition and coating thickness. Laser coating 
also produces very low dilution and small affected zone to the base material [16]. Laser clad-
ding will be here revised as an option for additive manufacturing purposes. Also other wire 
feeding systems have appeared to be suitable for the build-up of intermetallic structures such 
as the so-called wire-arc additive manufacturing (WAAM) process [17, 18].

Furthermore, for repair purposes, electrospark deposition (ESD) has also been used to deposit 
intermetallics and this will briefly revised; this is a process based on pulsed micro-welding, 
working slower than previous processes and with maximum thicknesses of about 2-3 mm. In 
order to deposit the electrode material, electrical pulses of short duration are used [19].

2.1.1. Laser cladding

2.1.1.1. Fe-Al coatings

Previous works with gas tungsten arc (GTA) and gas metal arc (GMA) welding techniques 
indicate that when the clad has an aluminum content above 10 wt.%, cold cracking in the 
iron aluminide cladding occurs in a similar manner to that observed in bulk samples [20, 21]. 
High-quality clads were produced by proper optimization of the pulsed laser-assisted pow-
der deposition (LAPD) process conditions on mild steel; however, since Al plus Fe powders 
were used as feedstock, inhomogeneous phase distribution was obtained rather than the stoi-
chiometric Fe3Al or FeAl phases which are the ones of interest for possessing enough Al con-
tent to form a continuous oxide surface layer [22]; notice then that those works required the 
mixing of the two base metals. Cheng and He [23] produced real overlays as defined before 
when employing Fe3Al powders; they observed a fine dendritic structure with some cracking 
in the coatings, whereas none when using a mixed powder of Fe and Al, as well as Bax et al. 
[24], who achieved completely crack-free single-phase Fe3Al and FeAl coatings with hardness 
values HV0.1–300 on mild steel and HV0.1–500 on pure nickel, respectively. The shift in com-
position in comparison to the initial powder composition (45/55 at.% ratio) is reported to be 
caused during the mixing or laser cladding process.

In addition, FeAl intermetallic matrix composite coatings with TiC as reinforcement have been 
produced for wear resistance at high temperatures [25, 26]; TiC is found to be a suitable rein-
forcement because of its excellent high temperature stability, high hardness and low density;  
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of using a filler rod, consumable electrode or a previously applied paste, it uses powder as 
feedstock material to form the coating, which is carried into the melt pool by an inert gas 
through a powder nozzle.

Although PTA and laser cladding are technologies dating from about the same period, i.e. 
the 1960s, laser cladding has received more attention in this decade for possible production of 
additive manufacturing of aluminides; therefore, in order to avoid overextension of the pres-
ent chapter, the emphasis is highlighted on laser cladding and references to PTA intermetallic 
coatings can be found in the literature as reported at the beginning of this section.

Laser cladding uses a powder-fed or wire-fed system and the resulting coatings possess 
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also produces very low dilution and small affected zone to the base material [16]. Laser clad-
ding will be here revised as an option for additive manufacturing purposes. Also other wire 
feeding systems have appeared to be suitable for the build-up of intermetallic structures such 
as the so-called wire-arc additive manufacturing (WAAM) process [17, 18].

Furthermore, for repair purposes, electrospark deposition (ESD) has also been used to deposit 
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working slower than previous processes and with maximum thicknesses of about 2-3 mm. In 
order to deposit the electrode material, electrical pulses of short duration are used [19].
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2.1.1.1. Fe-Al coatings

Previous works with gas tungsten arc (GTA) and gas metal arc (GMA) welding techniques 
indicate that when the clad has an aluminum content above 10 wt.%, cold cracking in the 
iron aluminide cladding occurs in a similar manner to that observed in bulk samples [20, 21]. 
High-quality clads were produced by proper optimization of the pulsed laser-assisted pow-
der deposition (LAPD) process conditions on mild steel; however, since Al plus Fe powders 
were used as feedstock, inhomogeneous phase distribution was obtained rather than the stoi-
chiometric Fe3Al or FeAl phases which are the ones of interest for possessing enough Al con-
tent to form a continuous oxide surface layer [22]; notice then that those works required the 
mixing of the two base metals. Cheng and He [23] produced real overlays as defined before 
when employing Fe3Al powders; they observed a fine dendritic structure with some cracking 
in the coatings, whereas none when using a mixed powder of Fe and Al, as well as Bax et al. 
[24], who achieved completely crack-free single-phase Fe3Al and FeAl coatings with hardness 
values HV0.1–300 on mild steel and HV0.1–500 on pure nickel, respectively. The shift in com-
position in comparison to the initial powder composition (45/55 at.% ratio) is reported to be 
caused during the mixing or laser cladding process.

In addition, FeAl intermetallic matrix composite coatings with TiC as reinforcement have been 
produced for wear resistance at high temperatures [25, 26]; TiC is found to be a suitable rein-
forcement because of its excellent high temperature stability, high hardness and low density;  
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a transition from abrasive wear to adhesive wear was found when the load was increased for 
such tested coatings.

Whereas previous cited works usually dealt with coatings deposited on steel substrates, 
Tomida and Nakata [27] deposited on A5052 commercial Al-Mg alloy substrate to improve its 
surface hardness and wear resistance for possible application in automobile industry, railway 
cars, aircraft, etc.

Abboud et al. [28] as well as Chen and Wang [25] used a one-step process instead of preplac-
ing the powder on the substrate and then passing the laser, which offers higher flexibility 
enabling the use of such technique for rapid prototyping. Apart from coating, laser cladding 
has therefore gained importance within this decade for 3D manufacturing purposes. This 
might be a good solution to solve the drawbacks encountered for bulk processing, also when 
problems concerning porosity, bond strength and thermal expansion coefficients mismatch 
between the coating and the substrate may arise.

There are some reports on additive manufacturing of iron aluminides, i.e. 3D laser cladding, 
laser metal deposition (LMD), laser engineered net shaping (LENS) and selective laser melting 
(SLM) processes [29–36]. SLM derives from the selective laser sintering (SLS) process because 
instead of sintering or partial melting, complete melting of powder occurs; also for SLS post-
processing is required. Song et al. [29] reached a hardness value in SLM pieces about 750 HV0.3, 
harder than those FeAl coatings deposited by high velocity oxy-fuel spraying and also higher 
than hot forging (680 HV0.3) or by mechanical milling + explosive shock wave consolidation 
(683 HV0.5) [37]. A large-scale collaborative German project explored the possibilities for the 
production of parts from iron aluminide-based alloys by ALM for automotive, aeronautics and 
energy conversion applications by means of SLM and LMD with a Fe-28 at.% Al feedstock 
powder. Defect-free samples were produced whose mechanical properties are highly depen-
dent on the internal stresses. SLM samples were only ductile above 200°C while LMD samples 

Figure 2. Laser cladded tubes: (a) scheme of the composition of each structural component: A—316 L/Fe3Al and  
B—Fe3Al/316 L, and (b) first technological trials [34].
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are already ductile at room temperature [29]. Michalcová et al. [36] recently explored three 
different strategies for strengthening iron aluminides at high temperatures using LAM: (i) 
increasing the ordering temperature D03 ↔ B2 Fe–30Al–10Ti (at.%), (ii) precipitation of borides 
(Fe–30Al–5Ti–0.7B) and (iii) generation of coherent A2 + L21 microstructures (Fe–22Al–5Ti). 
Dense samples could be generated with yield stress and compressive creep strength matching 
that of the as-cast alloys above 600°C and even higher at lower temperatures, being dependent 
on the building direction. No general improvement of ductility was observed.

LENS has been mostly used for obtaining functionally graded materials (FGMs), either Fe3Al/
SS316L or Fe/FeAl [30, 33, 34], allowing to produce tubes with good shape and a high metallur-
gical quality (Figure 2). LENS enables the production of metal components through a process 
of metal powder sintering aided with pre-designed three-dimensional computer-aided design 
(CAD) models. On account of the “layer by layer” building mode, the chemistry of each layer 
being build-up can be different, and thus, the LENS technique can produce composition gradi-
ents in near-net-shape components without using any additional intermediate steps.

2.1.1.2. Ni-Al coatings

Mostly nickel [28, 38–40] and steel [28, 41–45] substrates were employed for the fabrication of 
laser cladding nickel aluminide coatings, the composition being either controlled by using two 
powder feeders and selecting the powder feeder rates [28] or by mixing the desired amount of 
nickel and aluminum powders that are preplaced on the substrate and then selecting the laser 
power density to generate the melt pool [45]; from the first work, a compositional gradient 
was obtained, whereas single-phase adherent NiAl coatings free from pores and cracks could 
be produced afterwards. Depending on the operating conditions, a dendritic, cellular or equi-
axial structure can be obtained, and the optimum one has resulted that leading to a dense and 
fine dendrite microstructure that leads to improved wear rates, i.e. about 14 × 10−5 mm3/Nm 
under sliding conditions. Up to a hardness value of 750 HV0.2 could be pursued by the addi-
tion of phosphorous, also resulting in a refined cellular microstructure (Ni3Al + Ni3P) near the 
interface; in that case, the microstructure of the coating was however composed of γ-Ni, Ni3Al 
and NiAl rather than a uniform single phase [40]. Also by the increased yttrium addition, the 
dendrites were gradually refined [46].

As well as for iron aluminides, a great focus has been done on the preparation of intermetallic 
composite coatings with TiC or WC particulate reinforcement. Chen et al. [35, 36] tried with a 
35 and 20 at.% Al ratios in the raw material of elemental powder blends resulting in NiAl-Ni3 
(Al,Ti,C) and NiAl-Ni3Al-TiC composition with dendritic structure and a hardness around 
650 and 750 HV0.2, respectively. The NiAl-Ni3Al-TiC laser clad coating exhibited excellent 
wear resistance not only at room temperature but also at 600°C in dry sliding wear test condi-
tions. The adhesive wear seems to be prevented thank to the high strength of the interatomic 
bonds of the intermetallic matrix, providing a firm support for TiC particles and resisting 
metallic adhesion during metallic dry sliding wear. The cavitation erosion resistance of laser 
clad nickel aluminide composite coatings is also ameliorated by the use of TiC as well as the 
work hardening ability of the NiAl-Ni3Al [43, 44].
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are already ductile at room temperature [29]. Michalcová et al. [36] recently explored three 
different strategies for strengthening iron aluminides at high temperatures using LAM: (i) 
increasing the ordering temperature D03 ↔ B2 Fe–30Al–10Ti (at.%), (ii) precipitation of borides 
(Fe–30Al–5Ti–0.7B) and (iii) generation of coherent A2 + L21 microstructures (Fe–22Al–5Ti). 
Dense samples could be generated with yield stress and compressive creep strength matching 
that of the as-cast alloys above 600°C and even higher at lower temperatures, being dependent 
on the building direction. No general improvement of ductility was observed.

LENS has been mostly used for obtaining functionally graded materials (FGMs), either Fe3Al/
SS316L or Fe/FeAl [30, 33, 34], allowing to produce tubes with good shape and a high metallur-
gical quality (Figure 2). LENS enables the production of metal components through a process 
of metal powder sintering aided with pre-designed three-dimensional computer-aided design 
(CAD) models. On account of the “layer by layer” building mode, the chemistry of each layer 
being build-up can be different, and thus, the LENS technique can produce composition gradi-
ents in near-net-shape components without using any additional intermediate steps.

2.1.1.2. Ni-Al coatings

Mostly nickel [28, 38–40] and steel [28, 41–45] substrates were employed for the fabrication of 
laser cladding nickel aluminide coatings, the composition being either controlled by using two 
powder feeders and selecting the powder feeder rates [28] or by mixing the desired amount of 
nickel and aluminum powders that are preplaced on the substrate and then selecting the laser 
power density to generate the melt pool [45]; from the first work, a compositional gradient 
was obtained, whereas single-phase adherent NiAl coatings free from pores and cracks could 
be produced afterwards. Depending on the operating conditions, a dendritic, cellular or equi-
axial structure can be obtained, and the optimum one has resulted that leading to a dense and 
fine dendrite microstructure that leads to improved wear rates, i.e. about 14 × 10−5 mm3/Nm 
under sliding conditions. Up to a hardness value of 750 HV0.2 could be pursued by the addi-
tion of phosphorous, also resulting in a refined cellular microstructure (Ni3Al + Ni3P) near the 
interface; in that case, the microstructure of the coating was however composed of γ-Ni, Ni3Al 
and NiAl rather than a uniform single phase [40]. Also by the increased yttrium addition, the 
dendrites were gradually refined [46].

As well as for iron aluminides, a great focus has been done on the preparation of intermetallic 
composite coatings with TiC or WC particulate reinforcement. Chen et al. [35, 36] tried with a 
35 and 20 at.% Al ratios in the raw material of elemental powder blends resulting in NiAl-Ni3 
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bonds of the intermetallic matrix, providing a firm support for TiC particles and resisting 
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work hardening ability of the NiAl-Ni3Al [43, 44].
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LENS was employed to obtain not only nickel aluminides with various compositions but also 
with composition gradient [47]; cracking problems were solved by preheating the substrate. 
Due to problems in mixing with a single feeder, two feeders were used for the Ni and Al pow-
ders, so that the in situ reactive alloying was successful.

2.1.1.3. Ti-Al coatings

Titanium aluminide intermetallic coatings produced by laser cladding were employed to 
protect titanium and aluminum specimens. On aluminum substrates, Ti + Al powders were 
preplaced to produce Al3Ti reinforced with TiB2, TiC and SiC so that the wear resistance 
could be improved; in order to produce an adherent layer, the process was optimized to 
minimize the melting of the base material [48]. On titanium substrates, either pure Ti or 
its alloys, such as Ti6Al4V, which are extensively used in aeronautical, marine and chemi-
cal industries, the use of intermetallic layers is aimed at improving its wear and oxidation 
resistance at temperatures above 500°C [49–55]. In most of the cases, just by preplacing the 
Al powder in the right portion, Ti3Al, TiAl or TiAl3 layers can be achieved [52, 53], but this 
implies a high dilution with the base material. Guo et al. [50] found the following hardness 
order Ti3Al > TiAl > TiAl3 and the main conclusions derived from their studies are that, under 
the same sliding conditions, the wear resistance tendency followed the same order as the 
hardness, with the higher Ti content exhibiting the highest resistance.

Other authors used Ti + Al powders [29, 49, 51] and some observed an increase in hardness 
when increasing the Al content, contrarily to what is reported in the previous paragraph. The 
wear rate and mechanisms change according to normal load and composition [54].

Few used TiAl alloy powders, i.e. TiAl3 [54] or TiAl [55, 56] compositions; Li et al. [54] also uses 
TiB2, Al2O3 and nano-Y2O3 but the best results on the volume wear loss approach to 2 mm3, 
whereas by using TiC, TiN or SiC, one order of magnitude lower is reached.

Zhang et al. [56] also used TiAl alloys, i.e. Ti482Nb0.4Ta and Ti48Al2Cr2Nb (at.%) powders to 
be deposited onto stainless steel, a Nb alloy, a Ti alloy and TiAl alloy and produced 3D com-
ponents through the LENS technology; final microstructure, either an equiaxed, metastable 
α2-Ti3Al or massive γ, is very influenced by the processing parameters. Also LMD was used 
for building up components from Ti–47Al–2.5 V–1Cr and Ti–40Al–2Cr (at.%) intermetallic 
alloys. Fully lamellar (FL) microstructure consisted of γ-TiAl and α2-Ti3Al was formed in the 
as-laser deposited γ-TiAl samples [57].

However, with laser cladding, the quality of the coating may vary significantly due to small 
changes in the process variables such as laser power, beam velocity and powder feed rate. 
Optimizing the set of parameters is of crucial importance for the control of the microstructure. 
Therefore, for prototyping operations, its use is still limited. However, undergoing develop-
ments in high-power diode lasers (HPDL), fiber lasers and control units based on knowledge 
offers promising capabilities for industrial benefits.

On the other hand, the ability to have automatization control of the laser/material feed sys-
tem, precise thermal energy dosing and coating integrity makes laser cladding suitable over 
other processes such as high velocity oxy-fuel (HVOF) and cold spray (CS).
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2.1.2. Electrospark deposition

FeAl compound has proved to be resistant in corrosion environments such as in molten salts. 
Therefore, their use for corrosion protection of austenitic stainless steels used as bipolar plates 
and cell housing materials appears to be promising. Frangini and Masci [58] were pioneers 
on directly depositing FeAl through ESD with no apparent oxide content or crack formation 
within the layer; its corrosion in (Li + K) carbonate molten salts showed some degradation at 
long exposure times. More recently, these coatings were oxidized by using a DC plasma oxida-
tion technique to grow alumina films, which despite being the metastable gamma alumina, it 
presented very good barrier properties [59]. Lower interest has been devoted to the Ni-Al sys-
tem where instead pure alloyed layers, Ni-Cr-NiAl [60] and Al-NiAl3 [61], have been produced.

Gradual titanium aluminide coatings onto γ-TiAl substrates were produced by Li et al. [62], 
mainly presenting TiAl3 on the top with a good oxidation resistance at 800°C but less at 
900°C. Electrospark deposition has been recently explored in combination with ultrasonic 
impact treatment reaching up to 540 HV.

2.2. Thermal spray

One of the major advantages of thermal spray technologies compared to the previous ones 
is the minimum heat input to the substrate, the so-called heat affected zone present in weld-
ing processes, here is absent. Thus, materials with very high melting points can be applied 
without modifying the properties of the component and without excessive thermal distortion 
of the part. An additional advantage is the capability of recoating damaged deposits without 
changing previous dimensions or properties.

The raw material (in powder, wire or rod form) is deposited onto the substrate by propelling 
the energetic particles by means of high-pressure carrier gas. The particles can be fully or par-
tially melted on impact with the substrate creating cohesive bonds with each other and adhe-
sive bonds with the substrate. The resulting microstructure is lamellar with the characteristic 
“splats,” which attach each other after undergoing very high cooling rates.

Thermal spray processes can be classified according to the energy source, differing from the 
respective characteristic gas temperatures and particle velocities. When a combustion is used 
to heat up the material, the existing processes are detonation gun, flame spray and high-
velocity oxygen fuel, whereas when it is based on electric energy, plasma spray and arc spray 
are found. Further modifications of those such as vacuum plasma spray (VPS), high-velocity 
suspension flame spraying (HVSFS) or suspension plasma spraying (SPS) also exist [63].

More lately, cold spray (CS) has raised the interest of many scientists. Unlike the previous pro-
cesses, CS is a solid-state process, which offers many advantages in front of conventional ther-
mal spraying: avoids oxidation and undesirable phases, retains the properties of the starting 
materials, induces low residual stresses, results in a cold-worked microstructure with high-
density and high-hardness, allows spraying of thermally sensitive materials, requires mini-
mum surface preparation and implies a safer process due to the absence of high-temperature 
gas jets, radiation and explosive gases [63].
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wear rate and mechanisms change according to normal load and composition [54].

Few used TiAl alloy powders, i.e. TiAl3 [54] or TiAl [55, 56] compositions; Li et al. [54] also uses 
TiB2, Al2O3 and nano-Y2O3 but the best results on the volume wear loss approach to 2 mm3, 
whereas by using TiC, TiN or SiC, one order of magnitude lower is reached.

Zhang et al. [56] also used TiAl alloys, i.e. Ti482Nb0.4Ta and Ti48Al2Cr2Nb (at.%) powders to 
be deposited onto stainless steel, a Nb alloy, a Ti alloy and TiAl alloy and produced 3D com-
ponents through the LENS technology; final microstructure, either an equiaxed, metastable 
α2-Ti3Al or massive γ, is very influenced by the processing parameters. Also LMD was used 
for building up components from Ti–47Al–2.5 V–1Cr and Ti–40Al–2Cr (at.%) intermetallic 
alloys. Fully lamellar (FL) microstructure consisted of γ-TiAl and α2-Ti3Al was formed in the 
as-laser deposited γ-TiAl samples [57].

However, with laser cladding, the quality of the coating may vary significantly due to small 
changes in the process variables such as laser power, beam velocity and powder feed rate. 
Optimizing the set of parameters is of crucial importance for the control of the microstructure. 
Therefore, for prototyping operations, its use is still limited. However, undergoing develop-
ments in high-power diode lasers (HPDL), fiber lasers and control units based on knowledge 
offers promising capabilities for industrial benefits.

On the other hand, the ability to have automatization control of the laser/material feed sys-
tem, precise thermal energy dosing and coating integrity makes laser cladding suitable over 
other processes such as high velocity oxy-fuel (HVOF) and cold spray (CS).
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2.1.2. Electrospark deposition

FeAl compound has proved to be resistant in corrosion environments such as in molten salts. 
Therefore, their use for corrosion protection of austenitic stainless steels used as bipolar plates 
and cell housing materials appears to be promising. Frangini and Masci [58] were pioneers 
on directly depositing FeAl through ESD with no apparent oxide content or crack formation 
within the layer; its corrosion in (Li + K) carbonate molten salts showed some degradation at 
long exposure times. More recently, these coatings were oxidized by using a DC plasma oxida-
tion technique to grow alumina films, which despite being the metastable gamma alumina, it 
presented very good barrier properties [59]. Lower interest has been devoted to the Ni-Al sys-
tem where instead pure alloyed layers, Ni-Cr-NiAl [60] and Al-NiAl3 [61], have been produced.

Gradual titanium aluminide coatings onto γ-TiAl substrates were produced by Li et al. [62], 
mainly presenting TiAl3 on the top with a good oxidation resistance at 800°C but less at 
900°C. Electrospark deposition has been recently explored in combination with ultrasonic 
impact treatment reaching up to 540 HV.

2.2. Thermal spray

One of the major advantages of thermal spray technologies compared to the previous ones 
is the minimum heat input to the substrate, the so-called heat affected zone present in weld-
ing processes, here is absent. Thus, materials with very high melting points can be applied 
without modifying the properties of the component and without excessive thermal distortion 
of the part. An additional advantage is the capability of recoating damaged deposits without 
changing previous dimensions or properties.

The raw material (in powder, wire or rod form) is deposited onto the substrate by propelling 
the energetic particles by means of high-pressure carrier gas. The particles can be fully or par-
tially melted on impact with the substrate creating cohesive bonds with each other and adhe-
sive bonds with the substrate. The resulting microstructure is lamellar with the characteristic 
“splats,” which attach each other after undergoing very high cooling rates.

Thermal spray processes can be classified according to the energy source, differing from the 
respective characteristic gas temperatures and particle velocities. When a combustion is used 
to heat up the material, the existing processes are detonation gun, flame spray and high-
velocity oxygen fuel, whereas when it is based on electric energy, plasma spray and arc spray 
are found. Further modifications of those such as vacuum plasma spray (VPS), high-velocity 
suspension flame spraying (HVSFS) or suspension plasma spraying (SPS) also exist [63].

More lately, cold spray (CS) has raised the interest of many scientists. Unlike the previous pro-
cesses, CS is a solid-state process, which offers many advantages in front of conventional ther-
mal spraying: avoids oxidation and undesirable phases, retains the properties of the starting 
materials, induces low residual stresses, results in a cold-worked microstructure with high-
density and high-hardness, allows spraying of thermally sensitive materials, requires mini-
mum surface preparation and implies a safer process due to the absence of high-temperature 
gas jets, radiation and explosive gases [63].
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Recently, the principal findings on thermal spraying of transition metal aluminides were 
reviewed [64]. Since the larger production of intermetallic coatings has been produced by 
means of HVOF, the last studies are here reported, as well as those of CS, whose goal is trying 
to resemble to bulk structures.

2.2.1. High-velocity oxygen fuel

2.2.1.1. Fe-Al coatings

Fe3Al and FeAl coatings were produced by HVOF with the aim to improve oxidation and 
wear performance. They have been mostly applied on steel substrates as well as light alloys 
[65–69]. A wide range of feedstock compositions have been investigated along the years; dif-
ferent alloying elements have been introduced to the feedstock powders, i.e. Cr, Zr, B, Mo, 
Ni, as well as ceramic particles such as CeO2, WC, TiC, TiN, TiB2, for different purposes, 
from decreasing the spallation phenomena during high temperature oxidation to introduce 
ceramic reinforcement to decrease wear rates.

Typical microstructural features that can be found are the occurrence of molten or partially 
melted FeAl or Fe3Al particles, with different amount of Al-depletion, intersplat oxidation 
and porosity depending on the spraying parameters. Playing with different ranges of particle 
sizes also results in quite different structures but, mostly, molten splat areas exhibit columnar 
grains while the rest is equiaxed.

Up to 479 HV0.4 and even 520 HV0.5 hardness values were achieved for iron aluminides, 
while even 650 HV0.2 can be reached when ceramic particles are introduced [65]. Usually, the 
higher the microhardness is, the higher the wear resistance. Performance in sliding, abrasive 
and erosion testing conditions has been investigated, and the wear resistance is governed 
by the wear mechanisms taking place, i.e. adhesive through material transfer, delamination 
by fatigue, abrasive and oxidation wear can be encountered depending on the load, sliding 
speed, counterpart material and so on [68–70]. Dry sliding has been ultimately investigated 
also at high temperatures with rates in the order of 2.11 × 10−5 mm3 N−1 m−1 at 400°C and 
unnoticeable wear track at 800°C with a Si3N4 counterpart ball and 5 N load [70]. The use 
of intermetallic matrix for composite coatings has also been studied here as a good strategy 
for improving wear as it was reviewed for laser cladding coatings; in this case, not only TiC 
[65] but also WC [69], CeO2 [68] and TiN-TiB2 [66] cermets have been synthesized. One of the 
best wear performances was the coating where 10 wt.% of BN and 20 wt.% of Ti were added 
to starting Fe3Al powder leading to 8 × 10−7 mm3/Nm with an alumina ball and 10 N load.

The performance of iron aluminide in gaseous corrosion, molten salt corrosion, erosion-corrosion, 
aqueous corrosion, oxidizing, carburizing and sulfidizing properties has been quite investigated. 
The moderate and high temperature conditions have been the mostly studied. They possess the 
ability to form compact aluminum oxide layers due to their high Al content; at high temperatures 
(>900°C), the occurrence of a stable α-Al2O3 layer is highly desirable, but some spallation can be 
induced if less stable oxides are present; the relative diffusion kinetics of Fe and Al upon expo-
sure can induce the formation of voids at the coating-oxide layer interface [64].
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At high oxidizing temperatures, additional points to consider are: ability to suppress cracking 
when external stresses are applied or induced thermally, as well as mismatch in the coefficient 
thermal expansion of the coating and substrate. Also, lower porosity reduces the effective 
surface area and increases the life service.

Thermal spray iron aluminide coatings have been tested in high temperature gaseous envi-
ronments [64], but to the author’s knowledge, very few findings were observed concerning 
their use in hot corrosion conditions [71]. These authors reported that no degradation (cor-
rosion and wear) was noticed on the Fe-25% Al-Zr plasma and HVOF coatings sprayed onto 
low carbon steel heat exchanger tubes tested in a new industrial plant burning very poor fuel; 
however, this work is not explicit on the coating structures and corrosion evolution. Coal 
combustion atmospheres can be simulated by testing the coatings in sulfidizing mixture of 
gases. Coating microstructure can strongly affect its resistance to sulfur penetration [72]. By 
adding CeO2, the sulfidation resistance was improved [73].

Finally, Shankar highlights the interest on aqueous corrosion mainly for two reasons [74]; 
firstly, to test durability of these alloys when they are either stored ideally or during working 
conditions in a corrosive atmosphere. Secondly, since these materials are less expensive com-
pared to conventional stainless steels, they are also considered for room temperature applica-
tions in replacement of stainless steels, such as pipes and tubes for heating elements, and in 
distillation and desalination plants. It is also worth to consider that in order to avoid the use 
of strategic elements, such as Cr and Ni, these materials are also considered for biomaterials 
applications, for example bone joints and surgical instruments. Primarily then, their low tem-
perature electrochemical behavior has been tested in simulated human body fluids (Hank’s 
solutions) [75], NaCl [76], H2SO4 [77] and NaOH [78]. For thermal sprayed coatings, just few 
authors have dealt with the topic [79, 80].

2.2.1.2. Ni-Al coatings

In analogy to the Fe-Al system, nickel aluminide coatings also intend to produce uniform 
coatings with target NiAl or Ni3Al compositions. Like it occurred in the microstructure of 
Fe-Al-based coatings, HVOF NiAl and Ni3Al coatings typically present Ni-rich regions along 
the splat boundaries, as well as oxides and the intermetallic at the splat core.

Concerning mechanical properties, up to 470 HV0.1 of hardness value was obtained for NiAl 
HVOF coatings [81] and even higher up to 750 HV0.1 when nanocrystalline powders are used 
[82], which have made them also attractive for wear resistance even in slurry conditions [83]. 
Recently, Benegra et al. [84] compared the abrasive behavior of HVOF and PTA NiAl coatings 
and reported similar results. At room temperature and dry sliding conditions, friction coef-
ficients as low as 0.3 at 90 N can be obtained with a AISI 52100 steel pin [85]. Like FeAl, nickel 
aluminides have been proposed as matrix phases for wear performance at high temperatures 
[86–88]; in erosion conditions, NiAl–40Al2O3 coatings showed lower sensitivity to the test tem-
perature in front of chromium carbide cermet coatings. Wang et al. [89] investigated the high 
temperature wear behavior (600–900°C) of NiAl-Al2O3-TiC composites against SiC under dry 
sliding conditions on a ball-on-disc test; they exhibited excellent self-lubricating property.
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Recently, the principal findings on thermal spraying of transition metal aluminides were 
reviewed [64]. Since the larger production of intermetallic coatings has been produced by 
means of HVOF, the last studies are here reported, as well as those of CS, whose goal is trying 
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Ni, as well as ceramic particles such as CeO2, WC, TiC, TiN, TiB2, for different purposes, 
from decreasing the spallation phenomena during high temperature oxidation to introduce 
ceramic reinforcement to decrease wear rates.

Typical microstructural features that can be found are the occurrence of molten or partially 
melted FeAl or Fe3Al particles, with different amount of Al-depletion, intersplat oxidation 
and porosity depending on the spraying parameters. Playing with different ranges of particle 
sizes also results in quite different structures but, mostly, molten splat areas exhibit columnar 
grains while the rest is equiaxed.

Up to 479 HV0.4 and even 520 HV0.5 hardness values were achieved for iron aluminides, 
while even 650 HV0.2 can be reached when ceramic particles are introduced [65]. Usually, the 
higher the microhardness is, the higher the wear resistance. Performance in sliding, abrasive 
and erosion testing conditions has been investigated, and the wear resistance is governed 
by the wear mechanisms taking place, i.e. adhesive through material transfer, delamination 
by fatigue, abrasive and oxidation wear can be encountered depending on the load, sliding 
speed, counterpart material and so on [68–70]. Dry sliding has been ultimately investigated 
also at high temperatures with rates in the order of 2.11 × 10−5 mm3 N−1 m−1 at 400°C and 
unnoticeable wear track at 800°C with a Si3N4 counterpart ball and 5 N load [70]. The use 
of intermetallic matrix for composite coatings has also been studied here as a good strategy 
for improving wear as it was reviewed for laser cladding coatings; in this case, not only TiC 
[65] but also WC [69], CeO2 [68] and TiN-TiB2 [66] cermets have been synthesized. One of the 
best wear performances was the coating where 10 wt.% of BN and 20 wt.% of Ti were added 
to starting Fe3Al powder leading to 8 × 10−7 mm3/Nm with an alumina ball and 10 N load.

The performance of iron aluminide in gaseous corrosion, molten salt corrosion, erosion-corrosion, 
aqueous corrosion, oxidizing, carburizing and sulfidizing properties has been quite investigated. 
The moderate and high temperature conditions have been the mostly studied. They possess the 
ability to form compact aluminum oxide layers due to their high Al content; at high temperatures 
(>900°C), the occurrence of a stable α-Al2O3 layer is highly desirable, but some spallation can be 
induced if less stable oxides are present; the relative diffusion kinetics of Fe and Al upon expo-
sure can induce the formation of voids at the coating-oxide layer interface [64].
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when external stresses are applied or induced thermally, as well as mismatch in the coefficient 
thermal expansion of the coating and substrate. Also, lower porosity reduces the effective 
surface area and increases the life service.

Thermal spray iron aluminide coatings have been tested in high temperature gaseous envi-
ronments [64], but to the author’s knowledge, very few findings were observed concerning 
their use in hot corrosion conditions [71]. These authors reported that no degradation (cor-
rosion and wear) was noticed on the Fe-25% Al-Zr plasma and HVOF coatings sprayed onto 
low carbon steel heat exchanger tubes tested in a new industrial plant burning very poor fuel; 
however, this work is not explicit on the coating structures and corrosion evolution. Coal 
combustion atmospheres can be simulated by testing the coatings in sulfidizing mixture of 
gases. Coating microstructure can strongly affect its resistance to sulfur penetration [72]. By 
adding CeO2, the sulfidation resistance was improved [73].

Finally, Shankar highlights the interest on aqueous corrosion mainly for two reasons [74]; 
firstly, to test durability of these alloys when they are either stored ideally or during working 
conditions in a corrosive atmosphere. Secondly, since these materials are less expensive com-
pared to conventional stainless steels, they are also considered for room temperature applica-
tions in replacement of stainless steels, such as pipes and tubes for heating elements, and in 
distillation and desalination plants. It is also worth to consider that in order to avoid the use 
of strategic elements, such as Cr and Ni, these materials are also considered for biomaterials 
applications, for example bone joints and surgical instruments. Primarily then, their low tem-
perature electrochemical behavior has been tested in simulated human body fluids (Hank’s 
solutions) [75], NaCl [76], H2SO4 [77] and NaOH [78]. For thermal sprayed coatings, just few 
authors have dealt with the topic [79, 80].

2.2.1.2. Ni-Al coatings

In analogy to the Fe-Al system, nickel aluminide coatings also intend to produce uniform 
coatings with target NiAl or Ni3Al compositions. Like it occurred in the microstructure of 
Fe-Al-based coatings, HVOF NiAl and Ni3Al coatings typically present Ni-rich regions along 
the splat boundaries, as well as oxides and the intermetallic at the splat core.

Concerning mechanical properties, up to 470 HV0.1 of hardness value was obtained for NiAl 
HVOF coatings [81] and even higher up to 750 HV0.1 when nanocrystalline powders are used 
[82], which have made them also attractive for wear resistance even in slurry conditions [83]. 
Recently, Benegra et al. [84] compared the abrasive behavior of HVOF and PTA NiAl coatings 
and reported similar results. At room temperature and dry sliding conditions, friction coef-
ficients as low as 0.3 at 90 N can be obtained with a AISI 52100 steel pin [85]. Like FeAl, nickel 
aluminides have been proposed as matrix phases for wear performance at high temperatures 
[86–88]; in erosion conditions, NiAl–40Al2O3 coatings showed lower sensitivity to the test tem-
perature in front of chromium carbide cermet coatings. Wang et al. [89] investigated the high 
temperature wear behavior (600–900°C) of NiAl-Al2O3-TiC composites against SiC under dry 
sliding conditions on a ball-on-disc test; they exhibited excellent self-lubricating property.
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α-Al2O3, nickel spinels and oxides were formed during oxidation of HVOF NiAl coatings 
above 900°C [90]. The addition of ceria was also used for the improvement of carburization 
resistance, by creating corrosion products acting as diffusion barrier [91], but giving lower 
efficiency for the erosion resistance compared to nonheat-treated coatings [92].

To the author knowledge, no aqueous corrosion works have been found for NiAl HVOF coat-
ings; some exist for plasma-sprayed deposits in 0.01 M H2SO4 electrolyte solution at ambient 
temperature [93], with lower current densities and higher aluminum content.

2.2.1.3. Ti-Al coatings

Few articles have dealt on HVOF spraying of titanium aluminides and those few ones are 
based mainly on the TiAl with additions of Cr, Fe [94–97] or even Al2O3 incorporation [98]. 
TiAl-based alloys can be more sensitive to the high temperature oxidation occurring within 
the flame resulting in high oxidation [99].

The hardness and wear performance of plane titanium aluminide HVOF coatings have not 
been much investigated unlike other of the conventional processes such as plasma spray-
ing, whose hardness values can reach 589 HV at room temperature [100]. As in the other 
reviewed cases, the use of such intermetallics has also been used to form composite coatings 
to improve the wear resistance of Ti6Al4V substrates [101]. The sliding wear resistance is 
reported to be higher for γ-TiAl-Al2O3 HVOF, followed by γ-TiAl-Al2O3 APS and, finally, 
by γ-TiAl APS. In addition, HVOF γ-TiAl-Al2O3 coatings exhibited lower wear rate at 700°C 
compared to uncoated hardened H13 tool steels [102]. Under non-lubricated conditions, the 
wear resistance of γ-TiAl-Al2O3 HVOF at RT is higher than γ-TiAl-Al2O3 HVOF at 700°C, and 
this, in turn, higher than RT H13 at RT. Also, carbide reinforcement was introduced but for 
APS coatings.

As far as the oxidation resistance is concerned, mixed Al2O3-TiO2 layers are usually formed 
on titanium aluminides, resulting in less protection capabilities than Al2O3 scales. By alloy-
ing further elements to Ti3Al and TiAl, this can be improved [103]. Also TiAl3 + Al coatings 
have been sprayed to achieve better sprayability avoiding the brittleness of the intermetal-
lic and reporting improved performance at 700°C. APS, VPS and HVOF coatings were also 
tested under cyclic and isothermal oxidation tests at 700 and 900°C [104]. HVOF coatings 
have shown good cyclic oxidation resistance, reporting that service temperature might be 
increased by 150°C more than the steel substrate material. No spallation was there observed, 
while some studies concerning LPPS (low pressure plasma spray) coatings, indicated crack-
ing failure during deposition or early oxidation testing, when coatings are applied on Ti and 
TiAl [105].

Ti-Al blends were also sprayed by warm spraying, which has been lately studied for the 
deposition of titanium aluminides given their sensitivity to oxidation. This allows working at 
decreased temperatures of combustion gas via mixing with nitrogen. After heat treatments, 
Ti3Al, TiAl and TiAl3 were formed with significant porosity that developed during the heat 
treatment was caused mainly by Kirkendall effect [106].
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2.2.2. Cold spray

2.2.2.1. Fe-Al coatings

CS of iron aluminide coatings has been produced with feedstock compositions Fe + Al, Fe(Al) 
and FeAl. The easiest way is by co-spraying the elemental powders or ball-milled powders 
with a solid solution composition, thus avoiding the challenges of the high strength and brit-
tleness of the intermetallic compound, but this needs annealing post-processing to achieve 
the desired composition [107]. Direct cold spraying of intermetallic Fe 40 at.% Al particles has 
been just attempted by Cinca et al. [108], and dense coatings have been achieved (Figure 3a). 
The study of the spraying parameters revealed that in order to obtain good deposition, a nar-
row window of selected parameters need to be selected. More investigations need to be pur-
sued concerning the influence of the anomaly yield strength behavior of this material as well 
as the performance under the typical high strain rates of the cold spray process; some studies 
in this direction are being undergone through the analysis of the as-sprayed deposits by the 
EBSD technique, which is showing considerable grain refinement not only at particle bound-
aries but also all along the upper part of the coating (Figure 3b) [109], probably because those 
particles are impinging on the first layers which are stiffer compared to the stainless steel sub-
strate; splats of individual powder particles can be suspected; some examples are indicated 
by dotted ellipses. Assuming that, the large deformed grains are primarily located inside the 
splashes, which are surrounded by fine-grained material due to high strain rate deformation 
at the intersplat boundaries. Fracture surface features indicate the presence of ductile fracture 
most probably induced by softening (Figure 3c).

The cavitation wear and corrosion resistance of such Fe 40 at.% Al coatings have been char-
acterized [110]. They exhibited reasonably good cavitation performance in fresh water with a 
low wear rate. In addition, the isothermal and cyclic oxidation at 900°C up to 300 h has shown 
that the coating keeps unaltered; most promising, Figure 3d shows the coating cross section 

Figure 3. Cold sprayed Fe 40 at.% Al coating: (a) as-sprayed cross section, (b) orientation distribution map—EBSD, (c) 
fracture surface and (d) cross section after exposure at chlorinating environment.
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above 900°C [90]. The addition of ceria was also used for the improvement of carburization 
resistance, by creating corrosion products acting as diffusion barrier [91], but giving lower 
efficiency for the erosion resistance compared to nonheat-treated coatings [92].
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based mainly on the TiAl with additions of Cr, Fe [94–97] or even Al2O3 incorporation [98]. 
TiAl-based alloys can be more sensitive to the high temperature oxidation occurring within 
the flame resulting in high oxidation [99].

The hardness and wear performance of plane titanium aluminide HVOF coatings have not 
been much investigated unlike other of the conventional processes such as plasma spray-
ing, whose hardness values can reach 589 HV at room temperature [100]. As in the other 
reviewed cases, the use of such intermetallics has also been used to form composite coatings 
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reported to be higher for γ-TiAl-Al2O3 HVOF, followed by γ-TiAl-Al2O3 APS and, finally, 
by γ-TiAl APS. In addition, HVOF γ-TiAl-Al2O3 coatings exhibited lower wear rate at 700°C 
compared to uncoated hardened H13 tool steels [102]. Under non-lubricated conditions, the 
wear resistance of γ-TiAl-Al2O3 HVOF at RT is higher than γ-TiAl-Al2O3 HVOF at 700°C, and 
this, in turn, higher than RT H13 at RT. Also, carbide reinforcement was introduced but for 
APS coatings.

As far as the oxidation resistance is concerned, mixed Al2O3-TiO2 layers are usually formed 
on titanium aluminides, resulting in less protection capabilities than Al2O3 scales. By alloy-
ing further elements to Ti3Al and TiAl, this can be improved [103]. Also TiAl3 + Al coatings 
have been sprayed to achieve better sprayability avoiding the brittleness of the intermetal-
lic and reporting improved performance at 700°C. APS, VPS and HVOF coatings were also 
tested under cyclic and isothermal oxidation tests at 700 and 900°C [104]. HVOF coatings 
have shown good cyclic oxidation resistance, reporting that service temperature might be 
increased by 150°C more than the steel substrate material. No spallation was there observed, 
while some studies concerning LPPS (low pressure plasma spray) coatings, indicated crack-
ing failure during deposition or early oxidation testing, when coatings are applied on Ti and 
TiAl [105].

Ti-Al blends were also sprayed by warm spraying, which has been lately studied for the 
deposition of titanium aluminides given their sensitivity to oxidation. This allows working at 
decreased temperatures of combustion gas via mixing with nitrogen. After heat treatments, 
Ti3Al, TiAl and TiAl3 were formed with significant porosity that developed during the heat 
treatment was caused mainly by Kirkendall effect [106].
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The cavitation wear and corrosion resistance of such Fe 40 at.% Al coatings have been char-
acterized [110]. They exhibited reasonably good cavitation performance in fresh water with a 
low wear rate. In addition, the isothermal and cyclic oxidation at 900°C up to 300 h has shown 
that the coating keeps unaltered; most promising, Figure 3d shows the coating cross section 

Figure 3. Cold sprayed Fe 40 at.% Al coating: (a) as-sprayed cross section, (b) orientation distribution map—EBSD, (c) 
fracture surface and (d) cross section after exposure at chlorinating environment.

Transition Metal Aluminide Coatings and Initial Steps on Additive Manufacturing
http://dx.doi.org/10.5772/intechopen.72582

179



after exposure at 650°C for 500 h in N2 + 6% H2O + 15% CO2 + 4% O2 + 0.1% SO2 + 500 ppm 
HCl, indicating no damage at all (Figure 3d), which evidences the great capabilities of such 
materials under aggressive industrial environments [111].

2.2.2.2. Ni-Al coatings

Also, blends of elemental powders and ball-milled Ni + Al powders were deposited by cold 
spray [112–114]. When a mixture of powders is used as feedstock, the microstructure is non-
homogeneous in composition and an annealing treatment is required afterwards [112], while 
the composition along the coating is more homogeneous when starting from the mechanically 
alloyed powders [113]. The microstructure of cold-sprayed NiAl deposits was also compared 
to that of HVOF and APS coatings through electrical measurements, proving that their resistiv-
ity values strongly depend on splat interface areas and porosity distribution; the presence of 
interparticle porosity within CS deposits results in higher electrical resistivities [115].

More recently, Azarmi et al. [116] investigated the performance of cold sprayed Ni–Ni3Al 
composite coatings on aluminum substrates as an industrial material can be used under harsh 
service conditions. The compound coatings presented higher strength as well as elastic mod-
ulus values compared to pure Ni coatings given the increased amount of dislocations and 
hardening in Ni3Al.

2.2.2.3. Ti-Al coatings

In order to improve high-temperature oxidation resistance, orthorhombic Ti2AlNb alloy 
substrates, promising lightweight materials for the aeronautic industry, were coated with 
TiAl3-Al composite coatings; the feedstock was a blend and needed a heat treatment of the 
as-sprayed deposit to enable the formation of the composite. During oxidation at 650, 800 and 
950°C for 1200 h, the aluminum led to alumina; less protective intermetallics resulting from Al 
depletion of the TiAl3 alloy and (Ti, Nb)Alx compounds were formed [117–120]. Also, Ti-46Al-
8.5Nb-1Ta (at.%) particles were deposited on a commercial alloy IMI-834 and the metastable 
phases present in the feedstock later transformed to the equilibrium ordered γ-TiAl and α2-
Ti3Al phases when heat treatment was applied to the as-sprayed deposit [121].

2.3. Physical vapor deposition

In PVD processes, reduced pressures are necessary for the coating deposition by condensa-
tion from neutral or ionized atoms of metals. Of all the possible PVD techniques, magnetron 
sputtering and cathodic arc vapor deposition usually result in adherent and dense thin layers 
at relatively low temperatures. In addition to the dense structure, PVD layers exhibit a nano-
crystalline microstructure, which further enhances the adhesion and hardness properties of 
thin protective coatings.

Intermetallic aluminide coatings produced by PVD processes are mainly investigated to 
increase oxidation and corrosion resistance of several steel materials, rather than for improv-
ing the wear resistance as has been reported in previous coating technologies.

As far as the Fe-Al system is concerned, Fe-40% Al [122] and Fe-45% Al [122–124] were pro-
duced, studying the high temperature oxidation resistance. Magnetron sputtered Fe-45% Al 
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coatings containing different nominal compositions ranging 6.5–45 wt.% Cr and 0.5% Zr were 
deposited on bulk FeAl and 304 stainless steel. The scale spallation was diminished by the 
addition of such alloying elements during thermal cycling at 1000 and 1100°C. The resistance 
to scale spallation was even superior than bulk iron aluminides. The nanostructure of PVD 
coatings has been reported to improve the oxide scale adherence due to the reduction of the 
thermal stresses and inducing an anchoring effect as result of the formed oxide intrusions.

Cathodes of Fe-40% Al and Fe-45% Al composition were used by Paldey and Deevi [122] to 
deposit iron aluminides by means of cathodic arc evaporation, which uses a higher energy 
input than PVD sputtering processes, and it was observed a reduction of the mass gain dur-
ing isothermal oxidation at 800°C of 440C steel by four times and also improved the oxidation 
resistance up to 1000°C of 304SS.

The cyclic thermal oxidation was also evaluated for NiAl PVD coatings to be employed as 
bond coats in thermal barrier coating (TBC) systems [125]; such bond coats have the role of (i) 
reducing the mismatch in thermal expansion coating of typically superalloy substrates and 
ceramic upper coatings and (ii) improving the oxidation resistance. He et al. [125] investi-
gated three routes for the Ni30Al70 deposition on 304 SS and Inconel 600 alloy plates, i.e. arc 
ion plating (AIP), electron beam evaporative ion plating (EBIP) and sputter ion plating (SIP); 
description of such techniques can be found elsewhere. The AIP was formed by NiAl3 and 
Ni2Al3 phases; the SIP was dominated by NiAl3 and less Ni2Al3, while EBIP was rather formed 
by minor Ni2Al3 in mainly Al. Although such differences in composition, the oxidation resis-
tance was improved at 800 and 1100°C for the two substrates, although by means of different 
protection mechanisms. Another technique, here cathodic arc plasma (CAP), was used by 
Chang et al. [126] with the aim to improve the cavitation wear resistance of AISI 1045 steel 
substrates with Ni3Al coating through the following target compositions: Ni52Al48, Ni60Al40 
and Ni70Al30; the cavitation performance was ameliorated by 10 times to the bare substrate 
in fresh water and twice in 3.5 wt.% NaCl. Potentiodynamic polarization tests also indicated 
an improvement on the corrosion resulting in higher corrosion potentials and lower corrosion 
current densities.

Titanium aluminides seem to have been more extensively studied by PVD methods. Ti-51Al-
12Cr at.% magnetron sputtered layers were applied to γ-TiAl substrates and then covered 
by yttria partially stabilized zirconia to form TBCs. Such layers did not provide long-term 
protection at 900°C [127].

Predominantly, (Al,Cr)2O3 films were found to be protective on the TiAlCrN, TiAl55CrSiYN 
and TiAl60CrSiYN layers deposited by PVD on titanium aluminide alloys, thus improving 
the isothermal oxidation resistance at 900°C [128].

Good thermal stabilities up to 700°C of titanium aluminide films on SiO2 substrates prove 
them as candidates for materials for high temperature electronics [129].

When using sputtering, titanium aluminide thin films have been manufactured by the use of 
different targets: (i) a target of an Al disk mounted on a Ti disk, (ii) one target of titanium and 
another of aluminum, (iii) the intermetallic target [130–133]. A part from the high tempera-
ture performance, the microstructure evolution [131–133], crystallization kinetics [133] and 
mechanical properties [130] have also been investigated. In some cases, a proper annealing 
treatment was necessary to achieve the target composition within the deposited film.
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different targets: (i) a target of an Al disk mounted on a Ti disk, (ii) one target of titanium and 
another of aluminum, (iii) the intermetallic target [130–133]. A part from the high tempera-
ture performance, the microstructure evolution [131–133], crystallization kinetics [133] and 
mechanical properties [130] have also been investigated. In some cases, a proper annealing 
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3. Final remarks

To sum up, thick coating deposition techniques such as welding-related processes can provide 
significant advantages for repairing purposes and good adhesion being achieved due to the met-
allurgical bonding mechanism. However, as it is reviewed, uniform compositions are reached 
hardly, the heat affected zone can induce alteration in substrate microstructure and properties 
and surface cracking is common resulting from thermal mismatch between the coating and sub-
strate due to their different crystal structure, especially for the Fe-Al and Ti-Al system.

Each depositing method results in its characteristic coating microstructure, also determining of 
the final properties. Given the interest regarding high temperature applications, usually thick 
transition aluminide coatings are required in order to form a continuous and stable Al2O3 layer, 
especially in the case of titanium aluminides, where thin layers often result in oxide scales 
containing large amounts of TiO2 which exhibits limited protection. In that case, intermediate 
coating methods such as thermal spray technologies can be of interest, although good bond 
strength requires proper mechanical anchoring, also related to convenient matching of thermal 
expansion coefficients between the coating and substrate.

The oxidation performance up to 900°C in isothermal and cyclic testing conditions and even 
higher temperatures has raised an interest for nickel and iron aluminides for aeroengines 
and power generation industries, while that of titanium aluminides has been more focused 
also for automobile parts. Their degradation in other harsh environments as well as for wear 
resistance has become frequently investigated during the last decade, giving importance to 
the use of intermetallic as promising metal matrix for composite coatings in high temperature 
wear applications.

The use then of intermetallics as coatings can be expanded as long as new compositions can 
reach protection at more aggressive environments.

Finally, the manufacture of components via additive manufacture technologies occupies more 
and more references in the literature. Up to this moment, Ni-, Fe- and Ti-based aluminides have 
been investigated through laser processes. Clearly, this seems to be the trend for the future. 
Nowadays, additive manufacturing technologies are gaining more importance; especially for 
this type of materials, where several fabrication issues arising from conventional technologies 
might be a concern, the build-up of near net shape components through the use powders can be 
of great interest. The effort, however, is need to be focused on achieving uniform compositions  
without disparity of undesired phases that may lower the mechanical properties.
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Abstract

The electronic structure of B2-YCu and YRh intermetallic compounds which crystallize 
in the CsCl structure has attracted the attention of the scientific world because of their 
excellent mechanical properties. The advantage of studying these materials is to answer 
of some industrial request in the materials that resist for high temperature and high 
oxidation resistance. However, high ductility has been observed in these compounds 
at room temperature. In this present work, we employed ab initio calculation methods 
while basing on the full-potential linearized augmented plane wave (FP-LAPW) method 
within density functional theory implanted in the Wien-2 k code, which is used to exam-
ine the various properties of these materials (YCu, YRh) like structural, electronic, and 
elastic properties. The results obtained are in good agreement with those found in other 
theoretical studies and experimental data.

Keywords: intermetallic compounds, electronic structure, elastic properties, FP-LAPW 
method

1. Introduction

The intermetallic compounds typically possess chemical, physical, and mechanical properties 
superior to those of ordinary metals. They have many applications in engineering due to their 
high melting points, high tensile strength, good stiffness, low density, high corrosion, and 
oxidation resistances at elevated temperature [1, 2]. However, the brittle comportment and 
low ductility of these intermetallics at ambient temperature severely limit their application. 
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The previous studies revealed that the brittleness of intermetallic systems increases when 
the symmetry of the unit cell decreases and the number of atoms by unit cell increases [3]. In 
2003, it has been discovered by scientists at Ames Laboratory (Iowa University) that a new 
type of binary stoichiometric rare earth intermetallic compounds possesses high ductility at 
room temperature [4–6]. They have B2 CsCl-type structure with equal atomic ratios and have 
R-M formula, where R is the rare earth and M is the transition metal. YCu and YRh are typical 
members of this family of B2 ductile rare earth intermetallics. Furthermore, many experi-
mental and theoretical works have examined these compounds. The phase stability, elastic 
constants, and electronic structure of YCu have been recently studied by ab initio calculations 
[7–9]. The electronic properties of YCu and YRh were calculated by Khadeer et al. [10] utiliz-
ing TB-LMTO technique. The crystal-field (CF) parameters and electronic structure of YRh 
and YCu crystals were calculated by Divis and Kuriplach [11]. In the last years, an ab initio 
study of structural, elastic, and electronic properties of YRh has been reported in Refs. [12–14]. 
The dissociation and core properties of dislocations in YCu were investigated by using the 
generalized Peierls-Nabarro formalism [15]. The ductility mechanism of YCu and YRh has 
been determined in Ref. [12]. Chouhan et al. [16] have also studied the electronic, thermo-
elastic, and mechanical properties of YCu. The rare earth ions in intermetallic compounds are 
generally trivalent [17]. The result indicates that YRh has more significant ductility than YCu. 
To understand some of the physical properties of these compounds, the electronic structures 
of these compounds are required. In this chapter, we present ab initio calculations of the prop-
erties of YRh and YCu compounds, including the structural parameters, elastic constants, 
band structure, and density of state (DOS), which are computed and compared with the avail-
able theoretical and experimental results.

2. Methodology

In this work, we have employed the full-potential linearized augmented plane wave (FP-LAPW) 
method [18, 19] as implanted in the Wien-2 k code developed by Blaha et al. [20]. The exchange 
and correlation effects are described in the framework of the density functional theory with the 
parameterization of Perdew et al. [21]. To confirm the convergence of our calculations, we care-
fully investigate the dependence of total energy of the cutoff energy and the k-point set mesh 
according to the Monkhorst pack grid [22]. The unit cell is divided into no overlapping muffin-
tin spheres of radius RMT and an interstitial region, where the Kohn-Sham wave functions are 
expressed in spherical harmonic functions within spheres and plane waves in the remaining 
space of unit cell. We use the value of RMT. Kmax equal to 8 which determines the matrix size, 
where Kmax is the PW cutoff and RMT is the muffin-tin radius. Basis functions, charge density, 
and potential were expanded inside the muffin-tin spheres in spherical harmonic functions with 
cutoff lmax = 10 and in Fourier series in the interstitial region. The iteration process was repeated 
until the calculated total energy of the crystal converged to less than 0.5 mRy/unit cell. A mesh 
of 35 special k-points is used in the irreducible wedge of the Brillouin zone. We have taken the 
RMT for Y, Cu, and Rh equal to 2.0, 1.87, and 2.3 a.u., respectively. YRh and YCu crystallize in the 
B2 CsCl-type structure with space group Pm3m-N° 221, where Rh and Cu atoms are occupied 
(½, ½, ½) position and Y occupy (0, 0, 0) position. The following basic orbital is used:

Intermetallic Compounds - Formation and Applications194

Y: 5s2, 5p0, 4d1

Cu: 4s1, 3d10, 4p0

Rh: 5s2, 5p0, 4d8

3. Lattice parameters and elastic properties

As a first step, the total energy of YCu and YRh was calculated at many different volumes 
around equilibrium fitted to Murnaghan’s equation of state [23] from which we obtained the 
equilibrium structural parameters. This is performed by applying hydrostatic pressure by 
changing the lattice parameters while keeping the c/a and b/a ratios constant with the optimized 
volume. The variation of the total energy with the relative volume for YCu and YRh compounds 
is given in Figure 1(a, b). The calculated equilibrium lattice parameter and the bulk modulus 
of each of these compounds, which are in the B2 structure, are compared with the available 
experimental data and some theoretical results. They are tabulated in Table 1. The calculated 
lattice parameters and the bulk modulus (B) for YCu are in good agreement with those mea-
sured experimentally. Hence, we can conclude that the computation parameters and conditions 
selected in the present work should be suitable. The calculated values of the Bulk modulus (B) 
are 70.149 and 108.507 GPa for YCu and YRh compounds, respectively, indicating a disagree-
ment with those found by Khadeer and coworkers [10] which indicates values of 97.49 GPa for 
YCu and 49 for YRh obtained by TB-LMTO method within the atomic sphere approximation 
(ASA). The difference is essentially due to the fact that they used the LDA approximation with 
relativistic effect, while we have used the GGA approximation. So, there are no experimen-
tal results available to us for YRh compounds. We have also calculated the elastic constants 
(C11, C12, and C44) in B2 phase at the equilibrium volume for these cubic compounds using the 
method discussed in detail in Ref. [28]. In all cases the comparison is quite agreeable. The largest 

Figure 1. Calculated total energies as a function of volume in B2 phase for YCu (a) and YRh (b).

Physical Properties of Yttrium-Rhodium and Yttrium-Copper B2-Type Rare Earth Intermetallic…
http://dx.doi.org/10.5772/intechopen.73189

195



The previous studies revealed that the brittleness of intermetallic systems increases when 
the symmetry of the unit cell decreases and the number of atoms by unit cell increases [3]. In 
2003, it has been discovered by scientists at Ames Laboratory (Iowa University) that a new 
type of binary stoichiometric rare earth intermetallic compounds possesses high ductility at 
room temperature [4–6]. They have B2 CsCl-type structure with equal atomic ratios and have 
R-M formula, where R is the rare earth and M is the transition metal. YCu and YRh are typical 
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B2 CsCl-type structure with space group Pm3m-N° 221, where Rh and Cu atoms are occupied 
(½, ½, ½) position and Y occupy (0, 0, 0) position. The following basic orbital is used:
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Y: 5s2, 5p0, 4d1

Cu: 4s1, 3d10, 4p0

Rh: 5s2, 5p0, 4d8

3. Lattice parameters and elastic properties

As a first step, the total energy of YCu and YRh was calculated at many different volumes 
around equilibrium fitted to Murnaghan’s equation of state [23] from which we obtained the 
equilibrium structural parameters. This is performed by applying hydrostatic pressure by 
changing the lattice parameters while keeping the c/a and b/a ratios constant with the optimized 
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sured experimentally. Hence, we can conclude that the computation parameters and conditions 
selected in the present work should be suitable. The calculated values of the Bulk modulus (B) 
are 70.149 and 108.507 GPa for YCu and YRh compounds, respectively, indicating a disagree-
ment with those found by Khadeer and coworkers [10] which indicates values of 97.49 GPa for 
YCu and 49 for YRh obtained by TB-LMTO method within the atomic sphere approximation 
(ASA). The difference is essentially due to the fact that they used the LDA approximation with 
relativistic effect, while we have used the GGA approximation. So, there are no experimen-
tal results available to us for YRh compounds. We have also calculated the elastic constants 
(C11, C12, and C44) in B2 phase at the equilibrium volume for these cubic compounds using the 
method discussed in detail in Ref. [28]. In all cases the comparison is quite agreeable. The largest 

Figure 1. Calculated total energies as a function of volume in B2 phase for YCu (a) and YRh (b).
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discrepancy between theory and experiment is the value for C12 for YCu, where the difference is 
approximately 4.24%. The value for C11 is also different by 3%. Our calculated positive value of 
the elastic constants (C12 > 0, C11 > 0, C44 > 0, and C11 + 2C12 > 0) is an indication of the mechanical 
stability of YCu and YRh. There are no experimental results available to us for YRh compound. 
We hope that our present work will stimulate some more works in the YRh compound.

In addition, the elastic constants are correlated to numerous macroscopic parameters as 
the shear modulus (G), Young’s modulus (E), Poisson’s ratio (ν), and the elastic anisotropy 
(A). The results obtained by our method (FP-LAPW) of calculation are presented in Table 1, 
including the experimental data and those obtained by other numerical approaches.

The polycrystalline shear modulus is associated with the resistance to plastic deformation, 
while the bulk modulus represents the opposition to band rupture. The polycrystalline shear 
modulus is described by equation [7]:

  G =   
 C  11   −  C  12   + 3  C  44    __________ 5    (1)

as well as the bulk modulus (B) is given by the following equation:

  B =   
 C  11   + 2  C  12   _______ 3    (2)

YCu YRh

Present Exp. Other theories Present 
[14]

Exp. Other theories

a0 (A°) 3.47 3.477 [7] 3.475 [24], 3.418 [10], 3.478 
[16]

3.47 3.408 [11], 
3.415 [12]

3.368 [12], 3.43 [13]

B (GPa) 70.14 70.1 [7], 70.0 
[25]

97 [10], 70 [7], 70 [25], 
69.8 [16]

108.50 / 113.4 [12], 115.78 [13], 
49 [10]

C11 (GPa) 116.94 113.4 [7] 117.7 [26], 113.6 [12], 116 
[7], 114.4 [25], 121.9 [16]

133.48 / 171.0 [12], 186.47 [13]

C12 (GPa) 46.43 48.4 [7] 47.2 [26], 48.4 [12], 47 [7], 
47.8 [25], 49.1 [16]

96.01 / 83.6 [12], 80.44 [13]

C44 (GPa) 32.05 32.3 [7] 36.1 [26], 36.8 [12], 35 [7], 
34.3 [25], 35.7 [16]

20.14 / 38.4 [12], 51.64 [13]

G (GPa) 33.33 32.38 [27] 35.25 [26], 35.9 [16] 19.57 / /

B/G 2.10 2.140 [7] 1.977 [26], 1.944 [16] 5.54 / /

A 0.90 0.99 [7] 1.02 [26], 0.98 [16] 1.07 / /

ν 0.284 0.299 [7] 0.286 [26], 0.289 [16] 0.41 / /

E (GPa) 133.333 85.1 [16] 91.80 [26], 92.7 [16] 78.31 / /

Note that the values of our calculations are given at T = 0 K values, while the experiments are given at room temperature.

Table 1. Lattice parameter and elastic constants (Cij) for YCu and YRh compounds. The bulk modulus (B), shear modulus 
(G), elastic anisotropy (A), Poisson’s ratio (ν), Young’s modulus (E) and available experimental values are also given.
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Young’s modulus expresses the rigidity of the material. For a cubic structure, it is related to 
the shear modulus and bulk modulus by [29]

  E =   9BG _____ 3B + G    (3)

The relation between Poisson’s ratio and the elastic constants is expressed by

  ν =   
 C  12   ______  C  11   −  C  12  

    (4)

It is well known that microcracks are easily induced in the material due to the significant 
elastic anisotropy. Hence, it is very important to calculate the elastic anisotropy factor (A) in 
order to improve their mechanical durability. The elastic constants can be described by the 
following expression [7]:

  A = 2   
 c  44   _____  c  11   −  c  12      (5)

The elastic constants (Cij) permit calculation of Pugh’s factor [30] for these materials investi-
gated here. Pugh proposed that for materials with melting temperature above 900°C, the bulk 
modulus (B) divided by the shear modulus (G) predicts whether the material is expected to 
deform in a ductile or brittle manner: if B/G > 1.75, then the ductile behavior is predicted, else 
the materials have brittle behavior. Therefore, using the relation between the bulk modulus 
(B), shear modulus (G), and the elastic constants (Cij), the ratio B/G can be calculated for RM 
(M = Cu and Rh). From Table 1, the value of Pugh’s factor (2.104) for YCu is consistent with 
the recent theoretical and experimental studies.

The calculated Poisson’s ratio (ν) and the anisotropy constant (A) are also given in Table 1. 
For YCu, one can observe that the calculated value of the elastic anisotropy (A) is inferior 
to the experimental value [7]; the error is around 8%. For Poisson’s ratio (ν), we find a good 
agreement with the theoretical studies and the experimental data. The values of anisotropy 
factor calculated are close to unity signifying that the YCu and YRh studied have isotropic 
elasticity.

In Table 1, we also observed that the YCu material has a low bulk modulus (70.149 GPa) and 
a relatively low B/G ratio (2.104), which reflects a high value of shear modulus (G). As a result, 
YCu undergoes a lower deformation than YRh compound. YRh is more ductile than YCu 
(due to the relatively low shear modulus (19.578 GPa) and high bulk modulus (108.507 GPa)) 
and has less rigid structure (E(YRh) < E(YCu)). This tendency underlines proportionality found 
between the toughness and the ductility.

4. Band structure calculation and density of state (DOS)

In this section, it is interesting to examine the electronic structure for YCu and YRh com-
pounds at equilibrium volume using the accurate full-potential linearized augmented plane 
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the recent theoretical and experimental studies.
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For YCu, one can observe that the calculated value of the elastic anisotropy (A) is inferior 
to the experimental value [7]; the error is around 8%. For Poisson’s ratio (ν), we find a good 
agreement with the theoretical studies and the experimental data. The values of anisotropy 
factor calculated are close to unity signifying that the YCu and YRh studied have isotropic 
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a relatively low B/G ratio (2.104), which reflects a high value of shear modulus (G). As a result, 
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In this section, it is interesting to examine the electronic structure for YCu and YRh com-
pounds at equilibrium volume using the accurate full-potential linearized augmented plane 
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wave (FP-LAPW) method with PBE-GGA approximation. The calculated band energies along 
the higher symmetry directions are presented in Figure 2. It can be seen that both materials 
possess a large dispersions of the free electrons around Г point and an overlap of the bands, 
which confirm us the metallic character. The overall band profiles obtained in the present 
work are in fairly good agreement with the tight-binding linear muffin-tin orbital (TB-LMTO) 
calculations [10, 11] using the LDA approximation. In Figure 2a, the bands in the energy 
domain between −4 and −2 eV are largely predominant by the d states of the Cu atom. The 
bands near the Fermi energy (EF) are due to Y-d states. Some bands lying around −3.0 eV, 
following along the direction + Г are nearly flat, indicating that the recovery of the orbital 
between the neighboring atoms is more restricted, and other bands of high energy that are 
around 4.0 eV present a large dispersion. For YRh, below the Fermi energy, the bands are 
predominantly by Rh-d states, while at high energies, one can find bands due to Y-d states. 
A pseudo-gap was also observed at the Fermi energy level. The bands are narrow. They are 
characterized by a doubly degeneration of bands in the point Г; it is due to the cubic symme-
try of crystals (Figure 2b).

The density of state (DOS) for YCu and YRh compounds is calculated in B2 phase by the 
method of the standard tetrahedron [29]. The total and partial densities of states have 
also been plotted for both YCu and YRh and are shown in Figures 3 and 4, respectively. 
From these figures, the following observations have been made. For YCu, we find that 
the large occupied peak is located at energy range between −6.0 and −1.9 eV in valence 
region, which is dominated by Cu-d state below the Fermi energy (EF = 0.621 eV). In the 

Figure 2. Band structure for YCu (a) and YRh (b) in B2 phase.
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conduction band above the Fermi level, the states are mainly due to Y-d state. The DOS of 
YRh (Figure 4) is similar to YCu, while the large occupied peak is dominated by the Rh-d 
state in the valence band (states below the Fermi level EF = 0.773 eV). At higher energy 
around 4 eV, one can find DOS mainly due to Y-d states. The location of the Fermi level 
near a local minimum in the DOS is very important for the stability of these binary rare 
earth intermetallic compounds. We have also observed that the densities of states at the 
Fermi level N (EF) are different to zero which indicates the metallic character for YRh 
and YCu.

Figure 3. Total densities of states of YCu (1) and YRh (2) in the B2 structure.
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5. Conclusion

In this chapter, we have investigated the structural, electronic, and elastic properties of YCu and 
YRh B2 rare earth intermetallics by means of the full-potential linearized augmented plane wave 
(FP-LAPW) approach. The use of the PBE-GGA approximation for the exchanging correlation 
potential allowed us to obtain good values of the electronic structure. The value of the bulk modu-
lus obtained in YRh material is in disagreement with those found by the method TB-LMTO. This 
difference can be justified later by the experience. Our calculations demonstrate that the YM 
(M = Cu and Rh) ductile materials are significantly different than previously studied intermetallic 
B2 compounds. The elastic constants have significantly more isotropic behavior, and Poisson’s 
ratio is smaller than theoretical value (<0.25) indicating that these materials are compressible. 
The calculated band structure and density of state (DOS) were in good agreement with other 
theoretical calculations. The remarkable characteristic is that the total density of state (DOS) of 
these B2 rare earth intermetallics is similar. In addition, there are no experimental studies on the 
bulk modulus and elastic properties of YRh compound. Hopefully, these results will encourage 
further experimental works on YRh intermetallics to test and refine the theoretical works. So, it 
may be interesting to perform high-pressure X-ray diffraction studies on this compound.
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5. Conclusion

In this chapter, we have investigated the structural, electronic, and elastic properties of YCu and 
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bulk modulus and elastic properties of YRh compound. Hopefully, these results will encourage 
further experimental works on YRh intermetallics to test and refine the theoretical works. So, it 
may be interesting to perform high-pressure X-ray diffraction studies on this compound.
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Abstract

Soft ferromagnetic cubic NaZn13-type La0.7Pr0.3Fe11.4Si1.6 has turned out to be a standout 
amongst the most fascinating compounds for investigating substantial magnetocaloric 
effect (MCE) on the grounds that the attractive properties of this compound shows large 
enough spontaneous magnetization for applications, strongly doping dependent, and as 
well as delicate soft ferromagnetism. These impacts can be attributed to the itinerant elec-
tron metamagnetic (IEM) transition especially around the first-order magnetic transition 
region. However, this compound is difficult to frame by the basic cementing process because 
of the inherent deficiency of the peritectic response, Υ-Fe + La → La(Fe,Si)13(τ1a), which 
frequently brings about a blended microstructure of α-Fe + La(Fe,Si)13(τ1a) + LaFeSi(τ4).  
Additionally, dependability of La(FexSi1−x)13 is no middle-of-the-road stage and com-
mon solvency amongst Fe and La in the Fe-La framework as a reality is represented by 
response dispersion as indicated by magnetic and electronic states’ contribution. From 
this point of view, the structure, attractive properties and MCE of this compound have 
been talked about in detail as indicated by various temperatures and times of the anneal-
ing treatment. In addition, efficiently contemplating on the doping impact from various 
concentrations of transition metal elements such as Copper (Cu) and Chromium (Cr) on 
Iron (Fe) in the La0.7Pr0.3Fe11.4Si1.6 compound is likewise discussed.
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1. Introduction

Attractive refrigeration moves toward becoming more solid to supplant the ordinary refrig-
eration frame work due to its favourable circumstances utilizing magnetocaloric effect (MCE) 
application. This innovation has brought huge points of interest as high refrigeration effi-
ciency, environment friendly, practical of volume size, cheapest, nondangerous, and out of 
sound pollution draw in to additionally look into, contrasted/compared to conventional gas 
pressure refrigeration system. The MCE was initially found by Warburg [1] in 1881, and since 
the discovery of the giant magnetocaloric effect at room temperature in 1997 [2], attractive 
materials with expansive MCE have been widely examined tentatively and hypothetically in 
the previous two decades. Up to the present time, various materials with impressive  magnetic 

Nominal composition Condition of case study Ref

La(Fe13−xSix)

Different of Si concentration

Tc found to increase from 195 K for Si=1, 195 K for Si=1.2, 210 K for 
Si=1.43, 222 K for Si=1.6 and 231 K for Si=1.8

[7]

La(FexSi1−x)13

Different of Fe concentration

Tc found to decrease from 208 K for Fe=11.4, 195 K for Fe=11.44, 188 K 
for Fe=11.57 and 184 K for x=11.7

[9]

LaFe11.4Si1.6 Tc=209 K [10]

LaFe10.98Co0.22Si1.8 Tc=242 K

LaFe11.13Co0.71Al1.17 Tc=279 K

La0.7Pr0.3(Fe13−xSix)

Different of Si concentration

Tc found to increase from 168 to 218 K for Si=1.5 to Si=2.0 [11]

LaFe10.6Si2.4 Tc=242 K [12]

LaFe11.44Co0.13Si1.43 Tc=205 K [13]

LaFe11.44Co0.39Si1.17 Tc=240 K

LaFe11.44Co0.52Si1.04 Tc=250 K

LaFe11.4Si1.6 Tc=200 K [14]

La0.9Er0.1Fe11.4Si1.6 Tc=205 K

La0.7Er0.3Fe11.4Si1.6 Tc=214 K

LaFe11.4Si1.6 Large MCE with reversible magnetic phase transition at Tc [8]

La1−xRxFe11.5Si1.5

R=Ce, Pr, Nd

Tc found to increase up to 11% when 30% of La replaced by R element [15]

La(FexSi1−x)13Hy

Doping of Hydrogen

y= 0, 0.5, 1.0 and 1.5

Tc found to increase from 195 to 330 K for y=0 to 1.5 [19]

La0.7Pr0.3Fe11.4−xCuxSi1.6

Different of Cu concentration

Tc found to increase from 197 K for x=0, 210 K for x=0.06, 218 K for 
x=0.12, 224 K for x=0.23 and 230 K for x=0.34

[25]

La0.7Pr0.3Fe11.4−xCrxSi1.6

Different of Cr concentration

Tc found to decrease from 197 K for x=0 to 180 K for x=0.06 and start 
to increase till 185 K for x=0.12, 190 K for x=0.23 and 195 K for x=0.34

[26]

Table 1. Brief summary of previous study related to La0.7Pr0.3Fe11.4Si1.6 compound.
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entropy change values have been observed, for example, Gd5Si2Ge2 [2], NdMn2−xTxSi2 (T = tran-
sition metal = Cr, Cu, V, Ti) [3–5], MnAs1−xSbx [6] and La(Fe,Si)13 [7–9].

The cubic NaZn13-type La(Fe,Si)13 winds up noticeably as one of the intriguing compounds 
to investigate large MCE because of their attractive properties, for example, firmly doping 
reliant, sufficiently extensive unconstrained charge and delicate soft ferromagnetism [10–12]. 
These impacts can be attributed to the itinerant electron metamagnetic (IEM) change in the 
region of the primary request progress temperature. Doping other attractive rare earth ele-
ments, for example, Pr, Nd, Ce, Er and Gd, substitute the La position which was utilized 
to change the temperature and diminish the critical field of 3d-metamagnetic progress in 
La(Fe,Si)13 compound [13–15] in light of the fact that the rare earth-Fe magnetic coupling in 
this system shows a solid reliance on the kind of the rare earth element, respectively.

The cubic NaZn13 type is difficult to be formed by regular solidification process because of 
the characteristic inadequacy of a peritectic response, γ-Fe + L → La(Fe,Si)13(τ1a), which fre-
quently results in the blended microstructure of α-Fe + La(Fe,Si)13(τ1a) + LaFeSi(τ4) [16]. Many 
researchers set up this compound treatment in the range of 1173–1323 K for at least 10 days to 
produce the NaZn13-type structure [17–19]. However, the peritectic response temperature in 
La(Fe,Si)13 is around 1673 K regarding the La-Fe quasi table diagram [20] and the temperature 
was found to be more beneficial in the shorting-stage change process [21] as demonstrated 
by Liu et al. [22] and Chen et al. [23]. Both these groups revealed that the readiness in tem-
perature range around 1323–1623 K can create most measures of the NaZn13-type structure. 
Table 1 indicated the variable case study related to the NaZn13 type which showed different 
physical properties’ behaviour in substitution or doping effect on the La(FeSi)13 compound, 
respectively.

According to Shen et al. [24] findings, substituting La with other rare earth component can 
prompt surprising improvements of magnetic entropy change. However, these behaviors 
come with an expansion hysteresis loss as the nature of first-order magnetic transition. In 
this chapter, we clarify in detail the impact of different temperature-annealing processes on 
the structure and magnetic properties of La0.7Pr0.3Fe11.4Si1.6. The influence of Cu and Cr doping 
with the substitute of Fe in the La0.7Pr0.3Fe11.4Si1.6 compound on magnetic properties and mag-
netocaloric effect was also explained.

2. The phase relation between low temperature with long-time 
annealing (LTA) and high temperature with short-time annealing 
(HTA)

2.1. Structural properties

It was all around acknowledged that the stage level of impurity structure in the NaZn13-type 
compound is dependent on the procedure of preparation process [25, 26]. Starting there, the 
La0.7Pr0.3Fe11.4Si1.6 compound was chosen to be set up with two different annealing treatments 
with low-temperature annealing (LTA) at 1323 K for 14 days and high-temperature annealing 
(HTA) at 1523 K for 4 h to elucidate which method is more advantageous and forms a better 
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It was all around acknowledged that the stage level of impurity structure in the NaZn13-type 
compound is dependent on the procedure of preparation process [25, 26]. Starting there, the 
La0.7Pr0.3Fe11.4Si1.6 compound was chosen to be set up with two different annealing treatments 
with low-temperature annealing (LTA) at 1323 K for 14 days and high-temperature annealing 
(HTA) at 1523 K for 4 h to elucidate which method is more advantageous and forms a better 
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NaZn13-type structure. Results from XRD diffraction (as indicated in Figure 1) show that the 
HTA with less time can form a bigger number of the NaZn13– compound structure phase 
compared to LTA with long-time annealing process. LTA produces substantially an amount 
of impurity, LaFeSi and α-Fe phase in the La0.7Pr0.3Fe11.4Si1.6 compound.

It is shown in Table 2 that the LTA procedure brings about less amount of the NaZn13 struc-
ture though the peritectic reaction alludes to refined structure. This behaviour happens with 
respect to non-equilibrium solidification phenomenon regarding the uncompleted peritec-
tic response γ-Fe + L → La(Fe,Si)13(τ1a) [16]. At the point when the annealing temperature 
is higher, the speed of the dispersion of atom is just large during the high temperature and 
solid-phase diffusion reaction process. Along these lines, it unmistakably happens that while 
expanding the annealing temperature to 1523 K for 4 h (HTA), the measure of the NaZn13 
structure steadily formed will eliminate nearly all of the LaFeSi structure and decrease the 
amount of the α-Fe structure. The Retiveld refinement is indicated in Table 2 and it is shown 
that the weight of NaZn13 structure increases from 69% at LTA to 96% while the weight 
amount of LaFeSi and the α-Fe stage at HTA is found to decrease. The constitutions of the 
formed NaZn13 structure in 1523 K for 4 h of annealing treatment are in concurrence with 
other groups [22, 23]. However, it was hard to shape a single-structure sample by the bulk 
synthesis technique as a low cooling rate of the solidification procedure which will deliver an 
inhomogeneous structure to the sample. That is the reason, with a specific method in order to 
stay away from recrystallization of α-Fe and the LaFeSi structure, the samples were quickly 
quenched in water.

Figure 1. Room temperature X-ray diffraction patterns of La0.7Pr0.3Fe11.4Si1.6 produced by the HTA and LTA processes.
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2.2. Magnetic properties

Figure 2 demonstrates the temperature dependent of magnetization measured under the low 
magnetic field of 0.01 T in temperature range from 100 to 300 K of the La0.7Pr0.3Fe11.4Si1.6 com-
pound for LTA and HTA. The TC values were characterized as a maximum of dM/dT from 
Figure 2. It found that TC of the La0.7Pr0.3Fe11.4Si1.6 compound from LTA treatment is ~ 200 K 
which is 13 K higher than HTA treatment as ~197 K. Furthermore, LTA has different magnetic 
phase transition characteristics because of the different Si concentration in the NaZn13 phase 
compared to HTA, in which LTA is formed with higher Si concentration and contributes to 
expand TC and changes the magnetic state from first-order to second-order transition in this 
case study. Moreover, LTA treatment also interfaced to produce more impurity such as α-Fe and 

Nominal composition Heat treatment 
(T(K)/t)

Phase Wt% Refined composition Lattice 
parameter, 
a (Å)

La0.7Pr0.3Fe11.4Si1.6 1323 K/14 days

(LTA)

Nazn13

α-Fe

LaFeSi

69.05

19.42

11.53

La0.7Pr0.3Fe14.1Si2.1 11.45104

2.86435

La0.7Pr0.3Fe11.4Si1.6 1523 K/4 hours

(HTA)

Nazn13

α-Fe

LaFeSi

96.12

3.56

0.32

La0.7Pr0.3Fe11.00Si1.6 11.45845

2.86563

Table 2. Synthesis conditions (heat treatment process) and results of the structural characterization (phase observed, 
analyzed compositions, and lattice parameter of the NaZn13, α-Fe, and LaFeSi phases) for LTA and HTA from XRD.

Figure 2. Temperature dependence of magnetization of La0.7Pr0.3Fe11.4Si1.6 for LTA and HTA.
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2.2. Magnetic properties

Figure 2 demonstrates the temperature dependent of magnetization measured under the low 
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pound for LTA and HTA. The TC values were characterized as a maximum of dM/dT from 
Figure 2. It found that TC of the La0.7Pr0.3Fe11.4Si1.6 compound from LTA treatment is ~ 200 K 
which is 13 K higher than HTA treatment as ~197 K. Furthermore, LTA has different magnetic 
phase transition characteristics because of the different Si concentration in the NaZn13 phase 
compared to HTA, in which LTA is formed with higher Si concentration and contributes to 
expand TC and changes the magnetic state from first-order to second-order transition in this 
case study. Moreover, LTA treatment also interfaced to produce more impurity such as α-Fe and 
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Table 2. Synthesis conditions (heat treatment process) and results of the structural characterization (phase observed, 
analyzed compositions, and lattice parameter of the NaZn13, α-Fe, and LaFeSi phases) for LTA and HTA from XRD.
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LaFeSi structure and decrease the main NaZn13 structure content with respect to temperature 
and time during annealing process, which troubles in solution treatment at low temperature 
directly increasing the Si concentration behaviour. In Table 2, it is shown from XRD refinement 
that the concentration of Si in the NaZn13 structure for LTA is higher compared to HTA. As far 
as the impacts of expanding the Si concentration in the NaZn13 structure is concerned, we sug-
gest that this marvel adds to expanding the value of TC and changes the magnetic phase transi-
tion. Comparative phenomena likewise have been reported by Bo Liu et al. [27].

Magnetic hysteresis loss (as shown by the territory encased between ascending and descend-
ing branches of the magnetization curves) is additionally normal for first-order magnetic 
transition. The magnetization curves obtained for La0.7Pr0.3Fe11.4Si1.6 (LTA and HTA) for fields 
in the range B = 0–5 T around their ferromagnetic ordering temperatures have been studied 
respectively [25]. This information was obtained for increasing and decreasing fields at 5 K 
and 2 K intervals at 200 K around TC, consequently giving data about magnetic hysteresis loss 
effect as discussed using the below Equation [28].

  Magnetic hysteresis loss =   ∫ 
decrease H

  
increase H

     (∂ M)   H   dH  (1)

As exhibited in Figure 3, examination of the magnetic hysteresis loss around the ferromagnetic 
ordering temperatures for La0.7Pr0.3Fe11.4Si1.6 (LTA and HTA) is up to ~ 12.4 J kg−1 (demonstrated 
value for B = 0–5 T as appropriate to compare) for La0.7Pr0.3Fe11.4Si1.6 (HTA) at TC ~ 197 K, while 
almost no magnetic hysteresis loss of ~ 0.1 J kg−1 is found for La0.7Pr0.3Fe11.4Si1.6 (LTA) around TC 
~ 210 K. It is exhibited that the field which actuated the first-order magnetic transition from 
paramagnetic to ferromagnetic was eminently debilitated by the more Si concentration in LTA 
which demonstrated second-order magnetic transition as a contrast with HTA which showed 

Figure 3. Comparison of the magnetic hysteresis losses for La0.7Pr0.3Fe11.4Si1.6 produced by the HTA and LTA process 
under magnetic fields over the ranges B = 0–5 T.
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first-order magnetic transition. The upside of the sample without hysteresis loss expands the 
proficiency of magnetic refrigerator application [29] which is of little vitality loss during tem-
perature change in the cycle operation system.

2.3. Magnetocaloric effect

Giant MCE value and magnetic entropy changes are generally accompanied with a first-order 
magnetic transition because of an extensive rate of change in magnetic field. Even these materi-
als have been preferred in terms of the MCE value compared to second-order material; the issues 
of thermal and magnetic hysteresis loss are impossible to solve. So as to fulfill the reasonable-
ness of various tests and related logical ways to deal with, calculation of the isothermal entropy 
change, −∆SM, in this study, has been characterized from the decreased field of magnetization 
measurement by the Maxwell relation [30, 31]:

 - ∆  S  M   (T, H)  =   ∫ 
0
  

H
     (  ∂M ___ ∂T  )   

H
   dH  (2)

Figure 4. Magnetic entropy change, −∆Sm, for a 0–5 T change in field of La0.7Pr0.3Fe11.4Si1.6 for (a) HTA and (b) LTA 
compounds as a function of temperature.
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LaFeSi structure and decrease the main NaZn13 structure content with respect to temperature 
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first-order magnetic transition. The upside of the sample without hysteresis loss expands the 
proficiency of magnetic refrigerator application [29] which is of little vitality loss during tem-
perature change in the cycle operation system.

2.3. Magnetocaloric effect

Giant MCE value and magnetic entropy changes are generally accompanied with a first-order 
magnetic transition because of an extensive rate of change in magnetic field. Even these materi-
als have been preferred in terms of the MCE value compared to second-order material; the issues 
of thermal and magnetic hysteresis loss are impossible to solve. So as to fulfill the reasonable-
ness of various tests and related logical ways to deal with, calculation of the isothermal entropy 
change, −∆SM, in this study, has been characterized from the decreased field of magnetization 
measurement by the Maxwell relation [30, 31]:
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Figure 4. Magnetic entropy change, −∆Sm, for a 0–5 T change in field of La0.7Pr0.3Fe11.4Si1.6 for (a) HTA and (b) LTA 
compounds as a function of temperature.
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The −∆SM peak gradually broadens toward higher temperatures with increasing magnetic 
field (from ΔB = 0–5 T) as shown in Figure 4(a) and (b) for La0.7Pr0.3Fe11.4Si1.6 (LTA and HTA) 
related to behaviour of a field-induced transition from the paramagnetic to ferromagnetic 
state, respectively. The changes in magnetic entropy for La0.7Pr0.3Fe11.4Si1.6 (LTA and HTA) 
around their ferromagnetic ordering temperatures as indicated in Figure 4 are calculated 
from decreasing applied fields in order to satisfy the isothermal entropy change and suit-
ability of different experiments [32]. The MCE values are −∆SM ~ 16.8 J kg−1 K−1 at TC = 197 
for HTA and decrease to −∆SM ~ 7.9 J kg−1 K−1 at TC = 200 K for LTA. The decrease in the value 
of −∆SM is related to increase in Si and there is less magnetization moment concentration 
in La0.7Pr0.3Fe11.4Si1.6 (LTA) compared to La0.7Pr0.3Fe11.4Si1.6 (HTA). This phenomenon indicated 
that La0.7Pr0.3Fe11.4Si1.6 (HTA) is more favorable and advantageous compare to La0.7Pr0.3Fe11.4Si1.6 
(LTA) as a refrigerant in the magnetic refrigerator application.

3. The influence of phase and properties in La0.7Pr0.3Fe11.4Si1.6 with 
partial substitution of Cu for Fe

3.1. Structural properties

La0.7Pr0.3Fe11.4−xCuxSi1.6 (x = 0–0.34) is prepared using the HTA method. As indicated in Table 3, 
the amount of α-Fe and LaFeSi phases increases with Cu-doping contribution. This behav-
iour occurs when we substitute Cu for Fe in La0.7Pr0.3Fe11.4Si1.6 and it affected the bulk dif-
fusion rate controlling factor of homogenization in the NaZn13–type structure. Table 3 
shows the LaFeSi and α-Fe phase fractions in La0.7Pr0.3Fe11.4−xCuxSi1.6 which increases with 
the increasing Cu substitution while the NaZn13 phase decreases from 96% at x = 0 to 85% 
at x = 0.34. In the La-Fe-Si ternary system, the substitution new element directly influ-
ences the La-Si and Fe-Si bonding as discussed in detail from the previous study [27]. The 
substitution of Cu into Fe in La0.7Pr0.3Fe11.4Si1.6 produces the differences in relation between 
the La-Si and La-Fe pairs, changing the interatomic distances which contribute to affect-
ing the structural stability of the NaZn13 structure. As discussed by Fujita et al. [19], that 
diffusion, also sensitive to modification of both the electronic structure and lattice spacing, 
then agrees well with this study which takes in different atomic radii of Cu (1.28 Å) and 
Fe (1.24 Å).

3.2. Magnetic properties

As indicated in Table 3, increase in Cu doping in La0.7Pr0.3Fe11.4Si1.6 will increase the TC and 
change the magnetic phase transition from first- to second-order type. This behaviour found 
that related exchange interactions exist between Fe-Fe in the Fe-rich rare earth intermetallic 
compounds. It is related to the phenomenon when the separation of the Fe–Fe pair is smaller 
than 2.45 Å, the exchange interaction will be negative but the interaction is positive at larger 
Fe–Fe distances as similarly reported by other group [31]. Based on the fact that the atomic 
radius of Fe is smaller than that of Cu, increase in Cu concentration doping will increase 
the lattice parameter and the Fe-Fe distance then will enhance the positive interactions with 
increasing TC.

Intermetallic Compounds - Formation and Applications210

As details included in Table 3, the compounds were found to exhibit ferromagnetic behaviour 
with a saturation magnetization below 24 μB/f.u. [25]. However, it is shown that the replace-
ment Cu for Fe will reduce the saturation magnetization field in La0.7Pr0.3Fe11.4−xCuxSi1.6 accord-
ing to the characteristics of Cu as a diamagnetic element. As we assume no contribution from 
the Pr moment with increasing Cu content, the average moment of the Fe can be derived from 
the total moment. It is indicated that substituting Fe by Cu leads to a decrease in the average 
moment of the Fe in La0.7Pr0.3Fe11.4Si1.6. This agrees well with x = 0.34; the value of the saturation 
magnetization is higher than expected. The saturation magnetization is higher because the 
total moment is included with a large amount of the α-Fe moment in La0.7Pr0.3Fe11.06Cu.34Si1.6.

3.3. Magnetocaloric effect

The values of −∆SM around TC that have been derived from the decrease in magnetic field are 
shown in Table 3 as a function of temperature with a 0–5 T change in the field for La0.7Pr0.3Fe11.4−x 
CuxSi1.6 (x = 0–0.34) compounds. It is shown that the −∆SM peak gradually becomes broader 
at higher temperatures with increasing magnetic field from 1 to 5 T as characteristic of the 
field-induced IEM transition from the paramagnetic to the ferromagnetic state particularly 
around temperatures above TC. Furthermore when there is increase in the concentration of 
Cu in La0.7Pr0.3Fe11.4-Si1.6, the −∆SM decreases from 17 J/kgK for x = 0 to 5 J/kgK for x = 0.34 as it 
is proved that Cu is dilute and not a magnetic element.

The relative cooling power (RCP) is very important and related to the magnetic refrigera-
tor application performance. Using the full width at half maximum of the peak in the tem-
perature dependence of the magnetic entropy change −∆SM and the maximum of the entropy 
variation −  ∆S  

M
  max  , the value of RCP has been calculated using the following formula [19, 33]:

  RCP = −  ∆S  M  max  δ T   FWHM   (3)

Nominal composition 
La0.7Pr0.3Fe11.4−xCuxSi1.6

X = 0 x = 0.06 x = 0.12 x = 0.23 x = 0.34

Phase (Wt%) Nazn13 (96.12%) Nazn13 
(91.68%)

Nazn13 
(88.20%)

Nazn13 
(86.83%)

Nazn13 (85.20%)

α-Fe

(3.56%)

α-Fe (7.33%) α-Fe (9.06%) α-Fe (10.15%) α-Fe (10.63%)

LaFeSi (0.32%) LaFeSi (0.99%) LaFeSi (2.74%) LaFeSi (3.02%) LaFeSi (4.16%)

Lattice parameter, a (Å) 11.45845 11.46035 11.46274 11.46495 11.46621

Tc (K) 197 210 218 224 230

−ΔSM (J/kg K) 17 12 9 7 5

RCP (J/Kg) 400 330 300 280 245

MS (μB/ f.u.) at 5 K 22.8 22 21.6 21 21.4

Table 3. Results of the structural characterization (phase observed, analyzed compositions, and lattice parameter of the 
NaZn13, α-Fe, and LaFeSi phases) magnetic and magnetic entropy change for La0.7Pr0.3Fe11.4−xCuxSi1.6 (x = 0, 0.06, 0.12, 0.23, 
0.34) [25].
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The −∆SM peak gradually broadens toward higher temperatures with increasing magnetic 
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state, respectively. The changes in magnetic entropy for La0.7Pr0.3Fe11.4Si1.6 (LTA and HTA) 
around their ferromagnetic ordering temperatures as indicated in Figure 4 are calculated 
from decreasing applied fields in order to satisfy the isothermal entropy change and suit-
ability of different experiments [32]. The MCE values are −∆SM ~ 16.8 J kg−1 K−1 at TC = 197 
for HTA and decrease to −∆SM ~ 7.9 J kg−1 K−1 at TC = 200 K for LTA. The decrease in the value 
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in La0.7Pr0.3Fe11.4Si1.6 (LTA) compared to La0.7Pr0.3Fe11.4Si1.6 (HTA). This phenomenon indicated 
that La0.7Pr0.3Fe11.4Si1.6 (HTA) is more favorable and advantageous compare to La0.7Pr0.3Fe11.4Si1.6 
(LTA) as a refrigerant in the magnetic refrigerator application.

3. The influence of phase and properties in La0.7Pr0.3Fe11.4Si1.6 with 
partial substitution of Cu for Fe

3.1. Structural properties

La0.7Pr0.3Fe11.4−xCuxSi1.6 (x = 0–0.34) is prepared using the HTA method. As indicated in Table 3, 
the amount of α-Fe and LaFeSi phases increases with Cu-doping contribution. This behav-
iour occurs when we substitute Cu for Fe in La0.7Pr0.3Fe11.4Si1.6 and it affected the bulk dif-
fusion rate controlling factor of homogenization in the NaZn13–type structure. Table 3 
shows the LaFeSi and α-Fe phase fractions in La0.7Pr0.3Fe11.4−xCuxSi1.6 which increases with 
the increasing Cu substitution while the NaZn13 phase decreases from 96% at x = 0 to 85% 
at x = 0.34. In the La-Fe-Si ternary system, the substitution new element directly influ-
ences the La-Si and Fe-Si bonding as discussed in detail from the previous study [27]. The 
substitution of Cu into Fe in La0.7Pr0.3Fe11.4Si1.6 produces the differences in relation between 
the La-Si and La-Fe pairs, changing the interatomic distances which contribute to affect-
ing the structural stability of the NaZn13 structure. As discussed by Fujita et al. [19], that 
diffusion, also sensitive to modification of both the electronic structure and lattice spacing, 
then agrees well with this study which takes in different atomic radii of Cu (1.28 Å) and 
Fe (1.24 Å).

3.2. Magnetic properties

As indicated in Table 3, increase in Cu doping in La0.7Pr0.3Fe11.4Si1.6 will increase the TC and 
change the magnetic phase transition from first- to second-order type. This behaviour found 
that related exchange interactions exist between Fe-Fe in the Fe-rich rare earth intermetallic 
compounds. It is related to the phenomenon when the separation of the Fe–Fe pair is smaller 
than 2.45 Å, the exchange interaction will be negative but the interaction is positive at larger 
Fe–Fe distances as similarly reported by other group [31]. Based on the fact that the atomic 
radius of Fe is smaller than that of Cu, increase in Cu concentration doping will increase 
the lattice parameter and the Fe-Fe distance then will enhance the positive interactions with 
increasing TC.
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α-Fe (7.33%) α-Fe (9.06%) α-Fe (10.15%) α-Fe (10.63%)

LaFeSi (0.32%) LaFeSi (0.99%) LaFeSi (2.74%) LaFeSi (3.02%) LaFeSi (4.16%)
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−ΔSM (J/kg K) 17 12 9 7 5
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MS (μB/ f.u.) at 5 K 22.8 22 21.6 21 21.4

Table 3. Results of the structural characterization (phase observed, analyzed compositions, and lattice parameter of the 
NaZn13, α-Fe, and LaFeSi phases) magnetic and magnetic entropy change for La0.7Pr0.3Fe11.4−xCuxSi1.6 (x = 0, 0.06, 0.12, 0.23, 
0.34) [25].
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A summary of RCP values and other magnetic characterization parameters listed in Table 3 
for La0.7Pr0.3Fe11.4−xCuxSi1.6 (x = 0, 0.06, 0.12, 0.23, 0.34) compounds is presented. The RCP value 
shows the similar behaviour with MCE which starts to decrease from 400 J/kg for x = 0 to 
245 J/kg for x = 0.34 on application of a B = 0–5 T, respectively.

4. The influence of phase and properties in La0.7Pr0.3Fe11.4Si1.6 with 
partial substitution of Cr for Fe

4.1. Structural properties

The x-ray diffraction analysis at room temperature in Table 4 showed that Cr concentration con-
tributes to an increase in the amount of α-Fe and LaFeSi phases from the beginning to x = 0.06. 
However it was found to increase from x = 0.12 to x = 0.34. We suggest this behaviour to be related 
to bulk diffusion rate controlling factor of homogenization in the cubic NaZn13–type phase struc-
ture (space group Fm3c) by substitution of Cr for Fe. Table 4, shows that the weight fraction of 
the NaZn13 structure decreases from 96% at x = 0 to 85% at x = 0.06 and then increases to 97% 
with increasing Cr content till x = 0.34. The replacement of Cr for Fe into La0.7Pr0.3Fe11.4Si1.6 starts 
to produce large differences between the La-Si and the La-Fe pairs which effect to decrease the 
stability on clusters of the NaZn13 phase. That diffusion is also sensitive to modification of both 
the electronic structure and lattice spacing [34] agrees with the phenomenon of lattice parameter 
a, which decreases from 11.458 Å at x = 0 to 11.451 Å at x = 0.34; even Cr atomic radius is larger 
than Fe and at different electronic environments (Fe ~ 3d64s2 and Cr ~ 3d54s1, respectively).

4.2. Magnetic properties

The temperature dependence of the magnetization for calculated TC of La0.7Pr0.3Fe11.4−xCrxSi1.6 
compound is measured under magnetic field of 0.01 T as shown in Table 4. TC was found to 

Nominal composition 
La0.7Pr0.3Fe11.4−xCrxSi1.6

X = 0 x = 0.06 x = 0.12 x = 0.23 x = 0.34

Phase (Wt%) Nazn13 
(96.12%)

Nazn13 
(85.90%)

Nazn13 
(92.60%)

Nazn13 
(94.00%)

Nazn13 
(97.60%)

α-Fe (3.56%) α-Fe (10.6%) α-Fe (6.00%) α-Fe (4.70%) α-Fe (2.30%)

LaFeSi (0.32%) LaFeSi (3.55%) LaFeSi 
(1.40%)

LaFeSi (1.30%) LaFeSi (0.20%)

Lattice parameter, a (Å) 11.45845 11.45560 11.4540 11.45240 11.45180

Tc (K) 197 180 185 190 195

-ΔSM (J/kg K) 17 12 14.2 15.6 17.5

RCP (J/Kg) 400 365 380 400 420

Table 4. Results of the structural characterization (phase observed, analyzed compositions, and lattice parameter of the 
NaZn13, α-Fe, and LaFeSi phases) magnetic and magnetic entropy change for La0.7Pr0.3Fe11.4−xCrxSi1.6 (x = 0, 0.06, 0.12, 0.23, 
0.34) [26].
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decrease from 197 K at x = 0 to 180 K at x = 0.06 and then increase to 185 K at x = 0.12 until 
195 K at Cr concentration where x = 0.34. This variation of temperature occurs related to the 
more presence of α-Fe and LaFeSi phase (impurity) at lower Cr concentration and starts to 
decrease that amount by increasing Cr until x = 0.34, respectively. The variation of the TC val-
ues with the Cr content in these compounds occurs according to two types of exchange inter-
actions existing between Fe-Fe in the Fe-rich rare earth intermetallic compounds as discussed 
in detail somewhere else [26].

Magnetic hysteresis is one characteristic of the first-order magnetic transition as discuss in 
the previous section. It can be seen that the M-B curves exhibit almost no magnetic hysteresis 
for x = 0.34 which is found to be similar of the characteristic at x = 0 but did not change the 
first-order magnetic transition behaviour [26]. The phenomenon will provide the advantage 
of the sample with higher IEM transition and will contribute to enhance the value of magnetic 
entropy change [11, 23, 35].

4.3. Magnetocaloric effect

The values of −∆SM around TC have been derived from the magnetic data and are indicated in 
Table 4 for La0.7Pr0.3Fe11.4−xCrxSi1.6 compounds. −∆SM was found to decrease from 17 J kg−1 K−1 
at x = 0 to 12 J kg−1 K−1 at x = 0.06 and then increase to 14.2 J kg−1 K−1 at x = 0.12 until it reaches 
17.5 J kg−1 K−1 at x = 0.34 which is larger than Gd (10.2 J kg−1 K−1). The relative cooling power 
(RCP) is defined by Eq. (3). It can clearly list at Table 4 that the RCP values increase from 
365 J kg−1 at x = 0.06 to 420 J kg−1 at x = 0.34 under 0–5 T field applied. The RCP value at x = 0.34 
is slightly higher than the parent compound as indicated by the promising material of the 
La0.7Pr0.3Fe11.06Cr0.34Si1.6 compound.

5. Conclusion

A systematic investigation of the structural and magnetic characterization of La0.7Pr0.3Fe11.4Si1.6 
for HTA and LTA samples has been carried out. The results show that the HTA offers more 
advantages in solving the problem of non-equilibrium solidification behaviour due to the 
incomplete peritectic reaction γ-Fe + L → La(Fe,Si)13(τ1a) that occurs in the LTA process. The 
HTA sample shows promising values of −∆SM with very small hysteresis loss. This indicates 
that the elevated temperature in HTA plays an important role to form the NaZn13-type struc-
ture in the La0.7Pr0.3Fe11.4Si1.6 compound.

Furthermore, the substitution of Cu for Fe in La0.7Pr0.3Fe11.4−xCuxSi1.6 leads to a decrease the mag-
netic entropy change but eliminates hysteresis loss. Increasing the Cu concentration also changes 
the magnetic-phase transition type from first to second order which in effect reduces the charac-
teristics of IEM transition. The Curie temperature, TC, increases with increasing Cu concentration. 
This phenomenon is related with the increase in the lattice parameter and the modification of the 
composition. The compound with a small amount of Cu substitution shows a promising magnetic 
performance for magnetic refrigerator application, with no hysteresis loss and reasonable RCP.

In conclusion, substitution of Cr for Fe La0.7Pr0.3Fe11.4−xCrxSi1.6 compound leads to decreases 
in lattice parameter but variation behaviour on TC. The variation of TC with increasing Cr 
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NaZn13, α-Fe, and LaFeSi phases) magnetic and magnetic entropy change for La0.7Pr0.3Fe11.4−xCrxSi1.6 (x = 0, 0.06, 0.12, 0.23, 
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ues with the Cr content in these compounds occurs according to two types of exchange inter-
actions existing between Fe-Fe in the Fe-rich rare earth intermetallic compounds as discussed 
in detail somewhere else [26].

Magnetic hysteresis is one characteristic of the first-order magnetic transition as discuss in 
the previous section. It can be seen that the M-B curves exhibit almost no magnetic hysteresis 
for x = 0.34 which is found to be similar of the characteristic at x = 0 but did not change the 
first-order magnetic transition behaviour [26]. The phenomenon will provide the advantage 
of the sample with higher IEM transition and will contribute to enhance the value of magnetic 
entropy change [11, 23, 35].
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The values of −∆SM around TC have been derived from the magnetic data and are indicated in 
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17.5 J kg−1 K−1 at x = 0.34 which is larger than Gd (10.2 J kg−1 K−1). The relative cooling power 
(RCP) is defined by Eq. (3). It can clearly list at Table 4 that the RCP values increase from 
365 J kg−1 at x = 0.06 to 420 J kg−1 at x = 0.34 under 0–5 T field applied. The RCP value at x = 0.34 
is slightly higher than the parent compound as indicated by the promising material of the 
La0.7Pr0.3Fe11.06Cr0.34Si1.6 compound.
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for HTA and LTA samples has been carried out. The results show that the HTA offers more 
advantages in solving the problem of non-equilibrium solidification behaviour due to the 
incomplete peritectic reaction γ-Fe + L → La(Fe,Si)13(τ1a) that occurs in the LTA process. The 
HTA sample shows promising values of −∆SM with very small hysteresis loss. This indicates 
that the elevated temperature in HTA plays an important role to form the NaZn13-type struc-
ture in the La0.7Pr0.3Fe11.4Si1.6 compound.

Furthermore, the substitution of Cu for Fe in La0.7Pr0.3Fe11.4−xCuxSi1.6 leads to a decrease the mag-
netic entropy change but eliminates hysteresis loss. Increasing the Cu concentration also changes 
the magnetic-phase transition type from first to second order which in effect reduces the charac-
teristics of IEM transition. The Curie temperature, TC, increases with increasing Cu concentration. 
This phenomenon is related with the increase in the lattice parameter and the modification of the 
composition. The compound with a small amount of Cu substitution shows a promising magnetic 
performance for magnetic refrigerator application, with no hysteresis loss and reasonable RCP.

In conclusion, substitution of Cr for Fe La0.7Pr0.3Fe11.4−xCrxSi1.6 compound leads to decreases 
in lattice parameter but variation behaviour on TC. The variation of TC with increasing Cr 
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 concentration can be understood in terms of sensitive changes of Fe1-Fe2 and Fe2-Fe2 dis-
tances. Analysis of the magnetisation data demonstrates that the order of magnetic phase 
transition around TC is consistent on the first-order type even when x = 0.34 for La0.7Pr0.3Fe11.4−x 
CrxSi1.6 compounds. Replacement of Fe by Cr leads to a reduction of the magnetic entropy 
change from x = 0 to x = 0.06; however, it starts to enhance again when one increases Cr con-
centration until x = 0.34.
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