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Abstract

In recent decades, extensive studies have been conducted on controlling and engineering 
novel functionalities in transition metal oxide (TMO) heterostructures by epitaxial strain. 
In this chapter, we discuss popular transition metal oxide thin films in the context of 
various research fields that are extensively studied in condensed matter physics. These 
materials include La1.85Sr0.15CuO4 (a high temperature superconductor), SrRuO3 (a highly 
conductive ferromagnetic metal), La0.67Sr0.33MnO3 (a colossal magnetoresistive ferromag-
netic metal), BiFeO3 (a multiferroic oxide), LaAlO3-SrTiO3 (a conductive oxide interface), 
and LaNiO3 (a strongly correlated metal). We focus on the appearance of novel functional 
properties from imposing epitaxial strain (compressive or tensile strain caused by the use 
of various lattice-mismatched substrates) on these films that cannot be observed in their 
bulk form. Subsequently, the intrinsic mechanisms for these novel phenomena are dis-
cussed based on experimental observations and theoretical modelling. We conclude that 
by using epitaxial strain, not only can thin film functionalities be tuned but many novel 
correlated phenomena can also be created. We believe that our collective efforts on the 
strain engineering of various transition metal oxide thin films will provide an insightful 
description of this emerging subject from a fundamental physics and nanoscale device 
applications point of view.

Keywords: oxides, substrates, thin films, strain effect, transport properties

1. Introduction

Matter can primarily be classified into three states: (1) gaseous, (2) liquid, and (3) solid (or 
condensed). In gaseous phases, the interactions among particles (atoms, molecules and ions) 
are very weak, and therefore they move freely. In liquid phases, the interactions between par-
ticles are comparatively strong. In solids, particles are closely packed or condensed, making 
the interactions between them the strongest compared to the other two states of matter.

© 2018 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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Condensed matters (solids) are mostly crystalline; i.e., they have a periodic arrangement of 
atoms, ions or molecules. Depending on the periodicity of the atoms, they form different 
crystal structures. In nature, there are seven types of lattice structures: cubic (e.g., SrTiO3), tri-
clinic (e.g., FeSiO3), monoclinic (e.g., BiMnO3), orthorhombic (e.g., GdFeO3), tetragonal (e.g., 
BaTiO3), rhombohedral (e.g., BiFeO3), and hexagonal (e.g., YMnO3). Moreover, completely 
disordered systems displaying non-periodicity of atoms are called non-crystalline amorphous 
solids (e.g., glass). In reality, both types of systems show complex physics and chemistry with 
an immense number of functionalities [1].

Irrespective of their structural symmetry, three types of crystalline solids can be found either 
naturally or artificially, i.e., made in the laboratory. These include polycrystals, single crys-
tals, and thin films. Polycrystalline materials are composed of many crystallites of various 
sizes that are oriented randomly (Figure 1a). Due to the random orientation of crystallites, 
they have many crystallite grains (~1 μm in size) with grain boundaries, twin boundaries 
and high porosity. As a result, polycrystals are occasionally considered dirty materials, and 
they show unusual behaviors at low temperature due to disorder. Polycrystals can be nearly 
several centimeters in size. Typically, the “solid-state reaction” method is used to synthesize 
polycrystalline materials [2].

Single crystals, in contrast, contain uniform orientations of their crystal lattices up to their edges, 
even at the macroscopic level; hence, there are no grain boundaries (Figure 1b). Therefore, it 
becomes easy to determine the various directions of a crystal and measure its properties along 
a particular direction. As a result, single crystals are regarded to be the cleanest and are very 
popular among the material science community as they reflect the exact properties of a mate-
rial. Single crystals are nearly a few mm in size. For the most part, the floating-zone method, 
Czochralski method and Bridgman-Stockbarger method are used to grow high-quality single 
crystals [3]. A detailed analysis of these methods is beyond the scope of this chapter.

Thin films consist of very few layers of a solid material. They are typically deposited on struc-
turally compatible metal oxide substrate surfaces (Figure 1c) by various thin-film deposition 
techniques [5]. Details about various thin-film deposition techniques are discussed later in 

Figure 1. Schematics of a (a) polycrystal, (b) single crystal, and (c) thin film. Polycrystals have many grains, whereas the 
crystal orientation in single crystals is uniform. Moreover, thin films are grown on structurally compatible metal oxide 
substrates. Polycrystalline figure was taken from Ref. [4].
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this chapter. Thin films are those with thicknesses ranging from a few angstroms to several 
nanometers (~4 Å to 1000 nm). Most thin films are made of oxides, particularly transition 
metal oxides (TMOs).

TMO thin films are one of the most investigated research topics in condensed matter physics 
as they show a variety of phenomena, e.g., metal insulator transitions (MIT), high-temperature 
superconductivity (HTSC), colossal magnetoresistance (CMR), and multiferrocity (coexistence 
of magnetism and ferroelectricity), as well as those exhibited by high-mobility two-dimen-
sional electron gases (2DEGs), topological insulators (TI), and quantum spin-liquids (QSL) 
[6–20]. In TMOs, the d-orbital electrons of transition metal elements play a crucial role in deter-
mining the physical properties of a compound through the interplay between spin, lattice, 
charge, and orbital degrees of freedom (Figure 2a) [21–24]. Among the various types of TMOs, 
perovskites are a class of materials that shows almost all the properties mentioned above. They 
have been a deeply researched topic among physicists owing to their simple crystal structure 
(Figure 2b) [25, 26].

Perovskites, named after the Russian Mineralogist Count Lev Aleksevich von Perovski, have 
a general unit cell crystal structure of the ABO3 type, where the A-site is an alkaline earth 
or rare earth metal and the B-site is a transition metal element (e.g., Fe, Co, Ni, Mn, Ti, Ru, 
and Ir). The structure can easily accommodate a wide range of valence states in both A- and 
B-sites (e.g. A+1B+5O3, A+2B+4O3, and A+3B+3O3); so the variety of perovskite oxides is unlim-
ited; for example, manganites, ruthenates, nickelates, titanates, and iridates [25]. CaTiO3 
was the first perovskite discovered by Gustav Rose in 1839 from samples found in the Ural 
Mountains in Russia. The B-site cation of ABO3 perovskites is surrounded by six O anions, 
forming a corner-shared BO6 octahedron (Figure 2c). This octahedral cage is the most impor-
tant part of the crystal structure of these materials because the hopping of electrons from one 
d-orbital of the transition metal element to another d-orbital depends on the shape, size and 
position of this octahedron; thus, it affects the physics and chemistry of the material and the 
appearance of variety of phenomena [21–24].

Figure 2. (a)-(b) Electronic and structural degrees of freedom in transition metal oxides and their interplay show a 
variety of correlated multifunctional phenomena in perovskite oxides, for both bulk and heterostructure thin films. 
(c) Schematic representation of a typical ABO3 perovskite structure (e.g., SrTiO3). Sr-cation is at the center; Ti-cation is 
surrounded by six O-anion forming TiO6 octahedra cage. Reprinted with permission from [11, 20, 26]. Copyright 2012 
Elsevier Ltd; Copyright 2014 Annual Reviews; Copyright 2008 IOP Publishing Group.
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In bulk polycrystals and single crystals, the shape, size and position of the BO6 octahedra can 
be manipulated externally by inducing chemical pressure (replacing A-site or B-site cations 
with other transition metal elements), or by partial oxygen pressure (changing the pressure 
from the atmospheric one) [6]. Ceramic materials fail structurally under modest strain (typi-
cally < 0.1% under strain) as these materials are brittle and thus will crack under this magni-
tude of strain, limiting the ability of routes involving chemical substitutions to control these 
materials. Cations with different sizes lead to the distortion of the crystal lattice, which is 
usually quantified as the Goldsmith tolerance factor [27] tf , given by

   t  f   =   
 r  A   +  r  O  

 _______ 
 √ 

__
 2   ( r  B   +  r  O  ) 

    (1)

where rA, rB, and rO represent the ionic radii of ions A, B and O, respectively. The stability and 
distortion of a crystal structure is indicated by the value of tf. For a perfect cubic structure, tf is 
1. Structure still remains cubic for 0.89 ≤ tf ≤ 1.0 [26]. For more lower value of tf it forms other 
types of crystal structures, resulting in structural transitions to orthorhombic, or rhombohe-
dral states that have lower symmetry than the cubic state.

However, as a result of chemical substitutions, disorder is introduced into the materials, which 
in most cases suppresses and even destroys the properties of a material. These difficulties can 
be overcome in a unique way in thin films by a disorder-free clean route approach. This can be 
achieved by growing thin films on substrates that are structurally compatible but have different 
cubic (pseudo-cubic) lattice constants. This is termed “strain engineering” in epitaxial thin films 
[28]. Once a strain effect is induced in a film, due to the change of energy scales of various degrees 
of freedoms (lattice, charge, spin, and orbital), it shows novel properties that cannot be found in 
parent bulk compound. This means that novel quantum-correlated phenomena can be obtained 
by the strain engineering of oxide heterostructures, which broadens the field and our under-
standing of condensed matter physics. In the next section, we will discuss how to grow such 
atomically controlled high-quality thin films and induce the strain effect in TMO heterostructure.

2. Thin film growth methods and substrates

In recent decades, significant advances have been made in synthesizing epitaxial thin films 
in the laboratory using various deposition techniques [5]. These methods are: (1) pulsed laser 
deposition (PLD), (2) molecular beam epitaxy (MBE), (3) off-axis radio frequency magnetron 
sputtering (RFMS), (4) metal-organic chemical vapor deposition (MOCVD), and (5) chemi-
cal solution deposition (CSD). By using these techniques, atomically controlled epitaxial thin 
films (epi means “above” and taxy means “in an ordered manner” in Greek), heterostructures 
and artificial superlattices can be grown. Among these techniques, PLD and MBE are the most 
popular ones adopted by the thin film community.

2.1. Pulsed laser deposition (PLD)

In 1986, the successful growth of HTSC YBa2Cu3O7−δ (YBCO, TSC ~90 K) thin films by the PLD 
technique by Dijkkamp et al., generated great interest among the material science community, 
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as it provided an alternative method for making thin-film materials in the laboratory [29]. The 
PLD technique is probably the most commonly used method for growing oxide thin films [5, 
30–32]. Films are grown inside a high-vacuum chamber. A homemade or commercially avail-
able polycrystalline target is ablated by an energy source (typically a KrF laser with a wave-
length of 248 nm or a frequency-doubled Nd:YAG laser with a wavelength of 532 nm). When 
the target is ablated, it produces a highly energetic plasma plume from the target. This highly 
energetic plume contains ions and molecules that are then deposited onto the substrate surface, 
which is attached on a substrate holder and placed opposite the target along the same out-of-
plane axis. The substrate temperature, which is controlled by a heater, is determined from out-
side the chamber using a pyrometer. The target-to-substrate distance is kept at ~40–50 mm as 
the dynamics and kinetics of the plume species are limited to a maximum critical distance from 
the target because of collisions. A schematic diagram of a PLD chamber is shown (Figure 3a) 
[33]. Gaseous atoms condense on a template created by the substrate to form a single crystal. 
During this process, one needs to fulfill the growing conditions, e.g., optimize the base pres-
sure, gas (O2, O3, or Ar) pressure, substrate temperature, laser density, spot size, and substrate 
surface flatness. Since the whole process is a thermally non-equilibrium one, by tuning all these 
parameters and ultimately optimizing them, one can grow the highest quality atomically con-
trolled epitaxial oxide thin films (Figure 3b) [15]. The in-situ growth process can be monitored 
in real time by using the reflection high-energy electron diffraction (RHEED) method.

The advantages of the PLD technique are: (1) in-situ stoichiometric transfer of composition from 
target to substrate; (2) compatible materials can be grown under oxygen pressures ranging 
from ultra-high vacuum (UHV) to atmospheric pressure; (3) materials ranging from ultra-thin 
homoepitaxial thin films to artificial superlattices can be grown with nanometer precision; (4) 
depending on the availability of the target material, a wide variety of films can be grown; and 
(5) materials are grown in a compact and inexpensive chamber. Furthermore, the disadvantages 
are: (1) sub-optimized growth conditions can lead to the non-stoichiometric films; and (2) due 
to the highly energetic plumes, macroparticles called “droplets” can be deposited on a substrate 
surfaces within a micrometer range [30]. Therefore, to grow the highest quality epitaxial thin 
films, one should be aware of these facts. There are many groups around the world who have 
been pioneers in growing artificial epitaxial single-crystalline thin films of the highest quality.

Figure 3. (a) Schematic diagram of a PLD chamber used for growing epitaxial oxide thin films. (b) Schematic of a layer-
by-layer view of two different materials grown on a substrate. Reprinted with permission from Refs. [15, 33]. Copyright 
2013 Materials Research Society; Copyright 2012 IOP Publishing Ltd.
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During this process, one needs to fulfill the growing conditions, e.g., optimize the base pres-
sure, gas (O2, O3, or Ar) pressure, substrate temperature, laser density, spot size, and substrate 
surface flatness. Since the whole process is a thermally non-equilibrium one, by tuning all these 
parameters and ultimately optimizing them, one can grow the highest quality atomically con-
trolled epitaxial oxide thin films (Figure 3b) [15]. The in-situ growth process can be monitored 
in real time by using the reflection high-energy electron diffraction (RHEED) method.
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target to substrate; (2) compatible materials can be grown under oxygen pressures ranging 
from ultra-high vacuum (UHV) to atmospheric pressure; (3) materials ranging from ultra-thin 
homoepitaxial thin films to artificial superlattices can be grown with nanometer precision; (4) 
depending on the availability of the target material, a wide variety of films can be grown; and 
(5) materials are grown in a compact and inexpensive chamber. Furthermore, the disadvantages 
are: (1) sub-optimized growth conditions can lead to the non-stoichiometric films; and (2) due 
to the highly energetic plumes, macroparticles called “droplets” can be deposited on a substrate 
surfaces within a micrometer range [30]. Therefore, to grow the highest quality epitaxial thin 
films, one should be aware of these facts. There are many groups around the world who have 
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2.2. Molecular beam epitaxy (MBE)

Molecular beam epitaxy (MBE) is also a method used to grow high-quality epitaxial thin films 
[5, 34]. It was invented in 1960s at Bell Labs by Arthur and Alfred Y. Cho [35]. The overall 
schematic of MBE is very similar to that of PLD thin film deposition. The only difference is the 
target material. Instead of a ceramic target, one uses “guns” called effusion cells (Figure 4a) 
[28, 36]. At the same time, one generates molecules from each cell using a highly intense laser 
beam (termed “atomic spray painting” by D. G. Schlom, a famous MBE thin film scientist) 
(Figure 4b) [28]. The spray duration is individually controlled for each beam by shutters. 
Once all the deposition conditions are satisfied, the ejected molecules travel to the substrate 
surface, condenses and form a single-crystalline thin film compatible with the substrate crys-
tal structure. One of the main advantages of MBE thin film growth is its extreme cleanliness; 
i.e., no dirt particles (highly energetic species) or unwanted gas molecules can interfere with 
or contaminate the single-crystal thin film growth.

2.3. Substrate selection for epitaxial thin films

Substrates seem to be the basis of all thin film growth. Choosing a suitable metal oxide sub-
strate is an important factor for growing high-quality epitaxial thin films as the structure and 
properties of a thin film depends on the underlying substrate and the interfacial interaction 

Figure 4. (a) Schematic diagram of a laser-MBE chamber for growing epitaxial thin films. (b) Schematic illustration of 
layer-by-layer MBE thin film growth, i.e., “atomic spray painting.” Reprinted with permission from [28, 37]. Copyright 
2008 The American Ceramic Society; Copyright 2014 Macmillan Publishers Limited.

Epitaxy8

between the substrate and film [38]. When choosing a metal oxide substrate for growing epi-
taxial films, one should consider the following factors:

1. Lattice matching between the substrate and film, which is important for the growth of 
most natural state films (structural compatibility).

2. No chemical reaction between the elements of the substrate and film (chemically 
compatibility).

3. Thermal-expansion matching between the substrate and film, as films are generally grown 
at high temperatures (good thermal-expansion match).

4. Surface quality of the substrate (e.g., free of cracks, unwanted particles, defects, and im-
pure phases).

In most cases, the lattice constant and structure of a thin film should be compatible with those 
of the substrate to grow epitaxial films in their most natural state (Figure 5a). For most ABO3 
perovskites, their lattice constants range from 3.80 to 4.00 Å [39]. Fortunately, there are many 
perovskite single-crystal metal oxide substrates available commercially with lattice constants 

Figure 5. (a) Structural relationship between the substrate and film. For the most natural growth state of a film, a film’s 
lattice constant (af) should be similar to the substrate’s lattice constant (as), and the two should have structural compatibility. 
(b) List of cubic (pseudo-cubic) substrates and thin films within the lattice constant range from 3.70 to 4.00 Å. With a 
judicial choice of substrate, various atomically controlled high-quality thin films can be grown. Reprinted and adapted 
with permission from Ref. [41]. Copyright 2014 Materials Research Society.
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ranging from 3.70 to 4.20 Å [28, 33, 40–42]. Among various available perovskite substrates, 
insulating SrTiO3 is the most popular one. It has a cubic structure with a lattice constant of 
~3.905 Å. There are also a broad range of substrates available with similar structures to that 
of SrTiO3 while possessing different lattice constants and crystal orientations. These commer-
cially available substrates include REScO3 (RE = rare earths), La0.18Sr0.82Al0.59Ta0.41O3 (LSAT), 
NdGaO3, SrLaAlO4, LaAlO3, SrLaAlO4, and YAlO3 (Figure 5b). Thus, after careful consider-
ation of all the important factors listed above and a film’s lattice constant, it is easy to choose 
a substrate suitable for the epitaxial growth of thin films.

3. Strain in perovskite thin films

3.1. Strain engineering of perovskite thin films

Strain engineering is a unique way to create the novel functionalities in epitaxial oxide thin 
films [40–43]. From substrate-thin film relation point of view, when the lattice constant of a 
film (af) is dissimilar to the lattice constant a substrate (as), compression or elongation occurs 
within the film’s crystal structure and thus elastic strain is induced in the film [41]. For cases 
of dissimilar lattice constants (  a  f    ≠  a  s   ), the structure of the thin film tries to take the structure of 
the substrate, causing structural changes (mainly the change in BO6 octahedron rotation, tilt-
ing, and distortion, and/or the change in B─O bond length) to occur from the original atomic 
position. This is defined as the typical strain effect in thin films. Quantitatively, the amount of 
strain (ε) induced in a film is defined as

  ϵ =  (  
 a  s   -  a  f   ____  a  f    )   (2)

where as is the substrate lattice constant and af is the film lattice constant.

Generally, compressive strain (Figure 6a) is induced in a film when af > as, whereas tensile 
strain (Figure 6b) is induced in a film when af < as. Under these epitaxial strain scenarios, the 
properties of functional oxide thin films can be drastically altered. Currently, the strain (ε) of 
~2–3% is quite common in epitaxial oxide thin films, with highest strain to date of ~6.5% being 
imposed on multiferroic BiFeO3 films grown on a highly lattice-mismatched (1 1 0) YAlO3 sub-
strate [43]. Thus, elastic strain is a viable route to observe materials with exceptional proper-
ties that cannot be observed in their bulk form by any other means [44, 45]. Although it looks 
simple, the intrinsic mechanism of the appearance of novel functionalities induced by the 
strain effect is quite complex to understand. In the next section, we briefly discuss about the 
intrinsic mechanism of the strain effect in perovskite thin films.

3.2. Mechanism of the strain effect in perovskite thin films

In post-Moore era, electronic devices with multifunctionality may offer a new alternative to 
replace the current silicon-based technology because the additional value the devices would 
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generate from multifunctionality may create an economically viable path superseding the 
miniaturization limit of silicon electronic devices. In this perspective, oxide electronics based 
on multifunctional properties of transition metal oxides looks promising [46, 47]. Even more 
exciting is the fact that advanced thin film growth techniques with atomic controllability pro-
vide further opportunities to design and synthesize artificial complex transition metal oxide 
heterostructures and superlattices to bring forth emergent physical properties, normally not 
seen in bulk states. However, despite the rapid progress and tremendous success in obtaining 
novel functionalities by the strain engineering of epitaxial oxide heterostructures, there is no 
general rule or theory available till date for predicting a material’s electronic, magnetic, or 
other functional properties. This is perhaps due to a lack of knowledge about fully resolved 
atomic structures, especially the position of non-trivial oxygen atoms, as no experimental tool 
has yet been developed for the direct observation of oxygen atoms. In view of the lack of an 
experimental tool of this kind for transition metal oxides, electronic structure calculations 
could play a role instead. J. M. Rondinelli and N. A. Spaldin’s recent article is particularly 
insightful in this regard, and we follow them briefly in this section [48].

The detailed structural distortion obtained by the movement of oxygen atoms due to strain 
is highly significant and it has a strong influence on the electronic properties of TMOs. In 
fact, just a small modification in an atomic structure would change the relevant energy scales 
(lattice, charge, spin, and orbital) and it is hard to predict functionalities as material proper-
ties are strongly dependent on the competition between these energy scales. To illustrate the 
effects of structural distortions in thin films, let us start with the ideal ABO3 perovskite struc-
ture which is a simple cubic one with space group  Pm  ̄  3 m . The most important part of this struc-
ture is its corner-shared BO6 (B = transition metal) octahedron, which results in an O─B─O─B 
chain with a 180° B─O─B bond angle (Figure 7a). There are very few systems that adopt this 
cubic structure (e.g., SrTiO3); however, in practice, most perovskites show structural distor-
tions that lower their symmetry from that of a highly symmetric cubic structure.

Figure 6. “Strain engineering” of perovskite heterostructures. (a) Compressive and (b) tensile strain is induced in a film 
through the use of various lattice-mismatched substrates. For compressive strain, af > as, whereas for tensile strain, af < as. 
In principle, for compressive strain, a thin film’s lattice is compressed along the in-plane direction, and expanded along 
the out-of-plane direction. On the other hand, for tensile strained films, lattices expand along the in-plane direction and 
shrink along the out-of-pane direction. Reprinted with permission from Ref. [41]. Copyright 2014 Materials Research 
Society.
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Rotations or tilts of BO6 octahedra around the high-symmetry axes are the most common 
distortions in perovskite structures [49–51]. These are conveniently described by the Glazer 
notation [52, 53] and written as a#b#c#, where a, b, and c are the axes around which rotation 
occurs and the superscripts indicate whether the octahedral rotation is in phase (+) or out 
of phase (−). Thus, a, b, and c are not identical with the lattice constants; instead, they indi-
cate that the nearest neighbor transition metal distances along that direction are equivalent. 
As perovskites are three-dimensional systems, a rotation or tilt in one direction restricts the 
rotation or tilt in other directions. Depending on the rotation or tilt of the BO6 octahedra, 
the cubic structure can deform, leading to the symmetry lowering of other crystal structures 
(Figure 7b) [48–51].

Figure 7. (a) The ideal ABO3 perovskite crystal structure showing tilt in all three directions. (b) Distortion of BO6 octahedra 
along various directions, lowering the symmetry of the cubic structure and forming other crystal structure. The +ve sign 
indicates in-phase rotation (c+), and the −ve sign indicates out-of-phase rotation (c−). Reprinted with permission from Ref. 
[48]. Copyright 2011 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
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This structural distortion is imposed on a thin film by the appropriate choice of lattice-mis-
matched substrates. It is widely believed that the strain imposed by film-substrate lattice mis-
match generally changes the in-plane lattice parameter, but exactly what occurs still remains 
unclear and moreover is difficult to determine experimentally. Two possibilities remain: (1) 
changes in the in-plane lattice parameter are offset by changes in the in-plane metal-oxygen 
B─O bond lengths (Figure 8a and b), or (2) while keeping the B─O distance fixed, the lattice 
mismatch is offset by a change in magnitude of the tilt patterns through the rigid rotation of 
the BO6 octahedron (Figure 8c and d). This is highly significant as, for example, the magni-
tude and symmetry of a crystal field are affected by changes in the B─O bond length, whereas 
the strength and sign of a superexchange interaction are affected by changes in the B─O─B 
bond angle [48].

Quantitatively, changes in the B─O bond length and B─O─B bond angles of octahedra affect 
the bandwidth (W) of ABO3 perovskites as follows:

  W ∝   
cos ψ

 _____  d   3.5     (3)

where ψ = (π − φ)/2 is the buckling deviation of the B─O─B bond angle φ from π and d is the 
B─O bond length (Figure 8e) [54]. Due to rigidity, it is hard to change the B─O bond-length. 
Thus, as a result of imposed strain, octahedral rotation and tilt angle changes, the electron 
hopping changes within the d-orbitals and thus changes a material’s functionalities. Changes 
in the bandwidth also affect the effective correlation as in general changes in these energy 
scales cause the appearance of novel functionalities in oxide heterostructures under strain.

Figure 8. (a) Contraction and (b) elongation of B─O bond lengths, d, in a coherently strained perovskite film. Contraction 
is due to compressive strain, whereas elongation is due to tensile strain. Alternatively, change in the in-plane lattice 
parameters are due to the rotation of octahedra (c) perpendicular to the plane of the substrate or (d) about an axis 
parallel to the plane of the substrate. (e) Rotation (θ) and tilt (φ) angle used to describe the substrate-induced changes 
of octahedra. Reprinted with permission from Ref. [48]. Copyright 2011 WILEY-VCH Verlag GmbH & Co. KGaA, 
Weinheim.
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Rotations or tilts of BO6 octahedra around the high-symmetry axes are the most common 
distortions in perovskite structures [49–51]. These are conveniently described by the Glazer 
notation [52, 53] and written as a#b#c#, where a, b, and c are the axes around which rotation 
occurs and the superscripts indicate whether the octahedral rotation is in phase (+) or out 
of phase (−). Thus, a, b, and c are not identical with the lattice constants; instead, they indi-
cate that the nearest neighbor transition metal distances along that direction are equivalent. 
As perovskites are three-dimensional systems, a rotation or tilt in one direction restricts the 
rotation or tilt in other directions. Depending on the rotation or tilt of the BO6 octahedra, 
the cubic structure can deform, leading to the symmetry lowering of other crystal structures 
(Figure 7b) [48–51].

Figure 7. (a) The ideal ABO3 perovskite crystal structure showing tilt in all three directions. (b) Distortion of BO6 octahedra 
along various directions, lowering the symmetry of the cubic structure and forming other crystal structure. The +ve sign 
indicates in-phase rotation (c+), and the −ve sign indicates out-of-phase rotation (c−). Reprinted with permission from Ref. 
[48]. Copyright 2011 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.

Epitaxy12

This structural distortion is imposed on a thin film by the appropriate choice of lattice-mis-
matched substrates. It is widely believed that the strain imposed by film-substrate lattice mis-
match generally changes the in-plane lattice parameter, but exactly what occurs still remains 
unclear and moreover is difficult to determine experimentally. Two possibilities remain: (1) 
changes in the in-plane lattice parameter are offset by changes in the in-plane metal-oxygen 
B─O bond lengths (Figure 8a and b), or (2) while keeping the B─O distance fixed, the lattice 
mismatch is offset by a change in magnitude of the tilt patterns through the rigid rotation of 
the BO6 octahedron (Figure 8c and d). This is highly significant as, for example, the magni-
tude and symmetry of a crystal field are affected by changes in the B─O bond length, whereas 
the strength and sign of a superexchange interaction are affected by changes in the B─O─B 
bond angle [48].

Quantitatively, changes in the B─O bond length and B─O─B bond angles of octahedra affect 
the bandwidth (W) of ABO3 perovskites as follows:

  W ∝   
cos ψ

 _____  d   3.5     (3)

where ψ = (π − φ)/2 is the buckling deviation of the B─O─B bond angle φ from π and d is the 
B─O bond length (Figure 8e) [54]. Due to rigidity, it is hard to change the B─O bond-length. 
Thus, as a result of imposed strain, octahedral rotation and tilt angle changes, the electron 
hopping changes within the d-orbitals and thus changes a material’s functionalities. Changes 
in the bandwidth also affect the effective correlation as in general changes in these energy 
scales cause the appearance of novel functionalities in oxide heterostructures under strain.

Figure 8. (a) Contraction and (b) elongation of B─O bond lengths, d, in a coherently strained perovskite film. Contraction 
is due to compressive strain, whereas elongation is due to tensile strain. Alternatively, change in the in-plane lattice 
parameters are due to the rotation of octahedra (c) perpendicular to the plane of the substrate or (d) about an axis 
parallel to the plane of the substrate. (e) Rotation (θ) and tilt (φ) angle used to describe the substrate-induced changes 
of octahedra. Reprinted with permission from Ref. [48]. Copyright 2011 WILEY-VCH Verlag GmbH & Co. KGaA, 
Weinheim.
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Along with these changes in bond length, bond-angle and crystal symmetry that determine 
changes in the in-plane lattice parameters, another possibility for substrate-induced changes 
in lattice parameter remains: the defect stoichiometry or defect concentration of the material. 
Defect concentration, especially the oxygen concentration, is particularly important as films 
are generally grown under the high oxygen pressure or high vacuum. To accommodate the 
strain energy, it is easy to form oxygen vacancies. It is known that the higher the concentration 
of oxygen vacancies, the larger the lattice constants [55]. Since strain is induced by various 
lattice-mismatched substrates, it is difficult to establish whether changes in defect concentra-
tion are an intrinsic thermodynamic response due to strain or if they arise due to an extrinsic 
effect during the growth process.

4. Material properties tuned by epitaxial strain

4.1. A high temperature superconductor: La1.85Sr0.15CuO4

In 1986, the discovery of HTSC in the cuprate oxide family by Bednorz and Müller generated 
considerable interest within the material science community, both in fundamental and applied 
research, due to the possibility obtaining oxides that are room-temperature superconductors 
[56]. La1.85Sr0.15CuO4 (LSCO) is one example of these oxides. La2CuO4 is an antiferromagnetic 
insulator, but upon doping divalent Sr2+ ions in the trivalent La3+ site, magnetism is suppressed, 
and the compound makes a transition from an insulating to a superconducting state [57]. LSCO 
has a K2NiF4-type tetragonal structure with bulk lattice constants of a = 3.777 Å and c = 13.226 Å 
and space group P42/ncm (Figure 9a) [58]. It has quasi-two-dimensional copper-oxygen (Cu─O) 
planes, and superconductivity occurs within these planes [59]. In the bulk, around the optimal 
doping region, its maximum superconducting transition temperature is TC ~25 K (Figure 9b 
and c) [60]. Its carrier doping remains within the Cu─O planes and the formation of electron 
pairs due to coupling between electrons and phonons seem to play a major role in achieving 
superconductivity [61]. Its critical temperature is controlled by either the density of electron 
pairs or the strength of electron pairing interactions [62].

In principle, external perturbation is applied to a material to enhance its functional properties, 
suggesting that substrate-induced strain might be a way to enhance the superconducting TC of 
cuprates (Figure 10a) [63–70]. Indeed, Sato et al., and Locquet et al., grew La2−xSrxCuO4 (LSCO; 
x = 0.1, 0.15) thin films on two different substrates, such as (0 0 1) SrTiO3 and (0 0 1) SrLaAlO4 
[63, 64]. Surprisingly, Locquet et al., observed that when films are grown on highly strained 
(0 0 1) SrLaAlO4 substrates (as = 3.75 Å), which produces ~0.5% compressive strain onto these 
films, this amount of strain is enough to modify the superconducting TC, making TC almost 
double to its value found in the bulk, i.e., TC ~49.1 K (Figure 10b) [64]. Independently, Sato, 
also reported the same study (Figure 10c) [69]. This is thought to be associated with strain-
induced lattice deformation, which modifies the energy scales, leading to the formation and 
condensation of superconducting pairs. It was also observed that the residual resistivity value 
(ρ (0 K)) decreases as TC increases [69]. More specifically, increasing TC has a clear correlation 
with low residual resistivity. As stated by Sato, an increase in Cu─O bond length enhances 
the electrostatic potential at the Cu site relative to that at the oxygen site in the Cu─O plane. 

Epitaxy14

Figure 9. (a) Schematic representation of the K2NiF4-type tetragonal crystal structure of La2−xSrxCuO4 (LSCO) with lattice 
constants of a = 3.777 Å and c = 13.226 Å. (b) Resistivity of bulk single LSCO, showing the appearance of superconducting 
TSC upon divalent Sr hole doping. (c) Sr hole doping dependence temperature vs. the material properties phase diagram 
of LSCO, showing that the system makes a transition from an antiferromagnetic insulator to a superconducting phase 
with the increase in Sr doping. Crystal structure was drawn using VESTA software. Reprinted with permission [57, 60]. 
Copyright 1992 American Physical Society; Copyright 2013 Macmillan Publishers Limited.
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Along with these changes in bond length, bond-angle and crystal symmetry that determine 
changes in the in-plane lattice parameters, another possibility for substrate-induced changes 
in lattice parameter remains: the defect stoichiometry or defect concentration of the material. 
Defect concentration, especially the oxygen concentration, is particularly important as films 
are generally grown under the high oxygen pressure or high vacuum. To accommodate the 
strain energy, it is easy to form oxygen vacancies. It is known that the higher the concentration 
of oxygen vacancies, the larger the lattice constants [55]. Since strain is induced by various 
lattice-mismatched substrates, it is difficult to establish whether changes in defect concentra-
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pairs due to coupling between electrons and phonons seem to play a major role in achieving 
superconductivity [61]. Its critical temperature is controlled by either the density of electron 
pairs or the strength of electron pairing interactions [62].

In principle, external perturbation is applied to a material to enhance its functional properties, 
suggesting that substrate-induced strain might be a way to enhance the superconducting TC of 
cuprates (Figure 10a) [63–70]. Indeed, Sato et al., and Locquet et al., grew La2−xSrxCuO4 (LSCO; 
x = 0.1, 0.15) thin films on two different substrates, such as (0 0 1) SrTiO3 and (0 0 1) SrLaAlO4 
[63, 64]. Surprisingly, Locquet et al., observed that when films are grown on highly strained 
(0 0 1) SrLaAlO4 substrates (as = 3.75 Å), which produces ~0.5% compressive strain onto these 
films, this amount of strain is enough to modify the superconducting TC, making TC almost 
double to its value found in the bulk, i.e., TC ~49.1 K (Figure 10b) [64]. Independently, Sato, 
also reported the same study (Figure 10c) [69]. This is thought to be associated with strain-
induced lattice deformation, which modifies the energy scales, leading to the formation and 
condensation of superconducting pairs. It was also observed that the residual resistivity value 
(ρ (0 K)) decreases as TC increases [69]. More specifically, increasing TC has a clear correlation 
with low residual resistivity. As stated by Sato, an increase in Cu─O bond length enhances 
the electrostatic potential at the Cu site relative to that at the oxygen site in the Cu─O plane. 
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Figure 9. (a) Schematic representation of the K2NiF4-type tetragonal crystal structure of La2−xSrxCuO4 (LSCO) with lattice 
constants of a = 3.777 Å and c = 13.226 Å. (b) Resistivity of bulk single LSCO, showing the appearance of superconducting 
TSC upon divalent Sr hole doping. (c) Sr hole doping dependence temperature vs. the material properties phase diagram 
of LSCO, showing that the system makes a transition from an antiferromagnetic insulator to a superconducting phase 
with the increase in Sr doping. Crystal structure was drawn using VESTA software. Reprinted with permission [57, 60]. 
Copyright 1992 American Physical Society; Copyright 2013 Macmillan Publishers Limited.
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Therefore, hole carriers are distributed more preferentially in itinerant states originating from 
the O 2p orbitals. As a result, antiferromagnetic spin fluctuation in the Cu─O plane is sup-
pressed due to the reduction of the superexchange interaction between two adjacent Cu spins. 
Reduced spin fluctuation is the possible origin for reduction in ρ (0 K) and increase in TC [69].

For compressively strained films grown on (0 0 1) SrTiO3 substrate, which induced ~3% ten-
sile strain on films, the TC was found to be ~10 K [64]. Later, Božović et al., showed that with 
higher quality films (with much more oxygen intake as the films were annealed under an 
ozone atmosphere), TC could reach up to ~40 K for tensile-strained films grown on (0 0 1) 

Figure 10. (a) In-plane strain and lattice parameters of the LSCO thin film and other perovskite substrates studied. (b) 
Strain-dependent resistivity (ρ) and superconductivity of LSCO films, showing that for tensile-strained films (on SrTiO3 
substrates), superconductivity occurs at TC ~10 K, whereas for compressive-strained films (on SrLaAlO4 substrates), the 
superconductivity transition temperature is doubled from the bulk value; i.e., TC becomes ~49.1 K. (c) Superconductivity 
at TC ~50 K for films grown on LaSrAlO4 substrates with various amount of hole doping scenarios. (d) Changes in the 
c-axis lattice parameter and out-of-plane strain as a function of in-plane strain. The gray oval shape is the region where 
films do not show superconductivity. Reprinted with permission from Refs. [64, 69, 70]. Copyright 1998 Macmillan 
Publisher Ltd.; Copyright 2008 Elsevier Ltd.; Copyright 2015, AIP Publishing LLC.

Epitaxy16

SrTiO3 substrates and ~51.5 K for compressive-strained films grown on (0 0 1) LaSrAlO4 sub-
strates [68]. Recently, Lee et al., also showed that oxygen vacancies and thickness-dependent 
strain relaxation indeed play a crucial role in increasing the superconducting TC as lattice 
structures are highly sensitive to oxygen stoichiometry (Figure 10d) [70].

4.2. A highly conductive ferromagnetic metal: SrRuO3

SrRuO3 is one of the most promising oxide material among those used by thin-film research-
ers [71]. It is an itinerant ferromagnetic bad metal [72, 73]. Structurally, it has a GdFeO3-type 
orthorhombic distorted perovskite structure at T = 300 K with lattice parameters of a = 5.5670 
Å, b = 5.5304 Å, and c = 7.8446 Å and space group Pbnm (Figure 11a) [74]. This structure is con-
verted into a pseudo-cubic (pc) lattice with a constant of   a  pc   ~ 3.93 Å  ( a  c   =  b  c   =  √ 

_______
  a   2  +  b   2  /  2   = d110 and  

c  c   = c /  2 = d002)  . Bulk SrRuO3 shows structural phase transitions from orthorhombic to tetrag-
onal at T = 547°C and then to cubic symmetry at T = 677°C, respectively [75]. This is associated 
with the occurrence of RuO6 octahedral rotation, leading to a lowered structural symmetry 
from the ideal cubic perovskites.

In high-quality bulk single crystals, the ρ is ~200 μΩ cm with a mean free path of electrons 
of ~10 Å at T = 300 K (Figure 11b) [73]. SrRuO3 shows a ferromagnetic transition at the Curie 
temperature TC ~165 K (Figure 11c) with a magnetic moment of ~1.6 μB per Ru atom [76]. 
Although extensively studied, but the origin of its ferromagnetism, Stoner-type itinerant fer-
romagnetism vs. localized moment picture, is still under fierce debate because of contradict-
ing experimental results and theoretical calculations [77, 78]. Due to its highly conductive 
nature and structural compatibility with other perovskite thin films, it is particularly interest-
ing for its usefulness as a bottom electrode for BiFeO3, BaTiO3, or Pb(Zr,Ti)O3 ferroelectric thin 
films used in electronic applications [79].

Eom et al. were the first to synthesize high quality metallic epitaxial SrRuO3 thin films on vari-
ous substrates [80]. The ferromagnetic transition temperature for these thin films were found 
be lower than the bulk value, TC ~150 K, which is probably caused by the dimensionality and 

Figure 11. (a) Schematic view of the crystal structure SrRuO3 showing both the orthorhombic and pseudo-cubic unit 
cell. Lattice parameters are a = 5.5670 Å, b = 5.5304 Å, and c = 7.8446 Å, with the pseudo-cubic (apc) one being ~3.93 Å. 
(b–c) Resistivity (ρ) and magnetization of SrRuO3. The material was found be metal over the whole temperature range 
with ρ ~200 μΩ cm at T = 300 K. Magnetization measurement shows ferromagnetic ordering at TC = 165 K. Reprinted 
with permission from Refs. [72–74]. Copyright 1996 IOP Publishing Ltd.; Copyright 1996, American Physical Society; 
Copyright 1999, American Institute of Physics.
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Therefore, hole carriers are distributed more preferentially in itinerant states originating from 
the O 2p orbitals. As a result, antiferromagnetic spin fluctuation in the Cu─O plane is sup-
pressed due to the reduction of the superexchange interaction between two adjacent Cu spins. 
Reduced spin fluctuation is the possible origin for reduction in ρ (0 K) and increase in TC [69].
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films do not show superconductivity. Reprinted with permission from Refs. [64, 69, 70]. Copyright 1998 Macmillan 
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strain relaxation indeed play a crucial role in increasing the superconducting TC as lattice 
structures are highly sensitive to oxygen stoichiometry (Figure 10d) [70].
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from the ideal cubic perovskites.

In high-quality bulk single crystals, the ρ is ~200 μΩ cm with a mean free path of electrons 
of ~10 Å at T = 300 K (Figure 11b) [73]. SrRuO3 shows a ferromagnetic transition at the Curie 
temperature TC ~165 K (Figure 11c) with a magnetic moment of ~1.6 μB per Ru atom [76]. 
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romagnetism vs. localized moment picture, is still under fierce debate because of contradict-
ing experimental results and theoretical calculations [77, 78]. Due to its highly conductive 
nature and structural compatibility with other perovskite thin films, it is particularly interest-
ing for its usefulness as a bottom electrode for BiFeO3, BaTiO3, or Pb(Zr,Ti)O3 ferroelectric thin 
films used in electronic applications [79].
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strain effects [81]. Along with its electrode applications, due to its high metallicity upon ferro-
magnetic ordering, strain engineering of SrRuO3 has become a popular research topic among 
thin-film scientists. Later, it has been found that the structural, metallic, and magnetic proper-
ties of SrRuO3 thin films are highly sensitive to the substrate-induced strain (Figure 12a) [81–92].

The structural phase transition temperature (TS) of SrRuO3 is strongly affected by epitaxial 
strain. After imposing tensile strain on SrRuO3 by growing films on (1 1 0) DyScO3 substrates, 
an orthorhombic (stable in bulk phase) to tetragonal phase (stable at high temperature) tran-
sition could be observed at T = 300 K [84]. Strain imposed by substrates, induces additional 
rotation of RuO6 octahedra, thus reducing the TS [84, 86].

Transport wise, ρ at T = 300 K increases with the induced tensile strain (films grown on (1 1 0) 
GdScO3 and (1 1 0) DyScO3 substrates). The Ru─O─Ru bond angle is reduced when exerting 
tensile strain, which increases the effective correlation and thus reduces the bandwidth (W) 
(Figure 12b) [84]. Consequently, in the case of tensile-strained films, ρ has a higher value 
at T = 300 K compared to that of the most natural state of a film. On the other hand, it has 
also been found that for compressive-strained films (films grown on (0 0 1) SrTiO3, (0 0 1) 
LSAT, and (0 0 1) LaAlO3 substrates), ρ decreases, which is consistent with the increase in 
the Ru─O─Ru bond angle, decrease in effective correlation, and increase in bandwidth (W) 
(Figure 12c) [85]. The slight increase in the ρ of films grown on (0 0 1) LaAlO3 substrates is 
associated with either the rough surface quality of the films caused by the twin structure of 
(0 0 1) LaAlO3 or the films being fully relaxed on this substrate (Figure 12d) [85].

Figure 12. (a) Schematic illustration of the strain effect in epitaxial orthorhombic SrRuO3 thin films. Films on DyScO3 
are subject to tensile strain, whereas films on SrTiO3, LSAT, and LaAlO3 undergo compressive strain. (b) Schematic 
representation of RuO6 octahedral rotation from the bulk, due to both compressive and tensile strain. (c–d) Effect of 
tensile strain and compressive strain on the resistivity of SrRuO3. For the tensile strain case, overall resistivity increases, 
while for the compressive-strained case, resistivity decreases from its bulk value. (e) Increase in saturation magnetization 
following the induction of compressive strain. The magnetic moment becomes ~2 μB per Ru atom, which is close to the 
theoretical value. Reprinted with permission from Refs. [84–86]. Copyright 2008 AIP Publishing LLC; Copyright 2010 
AIP Publishing LLC; Copyright 2010 Wiley-VCH Gmbh & Co. KGaA.

Epitaxy18

Strain has definite effect on the magnetic properties of SrRuO3. Inducing compressive strain 
on SrRuO3 by using various lattice-mismatched substrates, e.g., (0 0 1) SrTiO3, (0 0 1) LSAT, 
and (0 0 1) LaAlO3, and its effect on magnetic properties has been investigated. The ferromag-
netic TC has a strong substrate dependence as it was found be TC ~124 K for films grown on 
LSAT and TC ~128 K for films grown on (0 0 1) SrTiO3 [85]. It has been found that the saturated 
magnetic moment (MS) increases from its bulk value and maximum of ~2 μB per Ru atom for 
films grown on (0 0 1) LSAT substrates (Figure 12e). For more compressive-strained films 
(those on (0 0 1) LaAlO3), the MS increases, possibly due to the deterioration in film quality 
caused by the twin structure of (0 0 1) LaAlO3 substrates. The increase in MS in compressive 
strained case is associated with the better alignment of moments in a low Ru4+ spin state. This 
higher value of magnetic moment was also expected based on the theoretical calculations [77].

Compressive and tensile strain-dependent physical properties have also been examined for 
the tetragonal phase of SrRuO3. (1 1 0) NaGaO3 substrates were used for imposing compres-
sive strain, whereas (1 1 0) GdScO3 substrates were used to induce tensile strain [90]. It has 
been found that tensile-strained films show low ferromagnetic ordering at TC ~100 K, whereas 
compressively strained films show an almost bulk-like ferromagnetic transition at TC ~155 K 
(Figure 13). Similar to the orthorhombic phase, compressive strain causes a lower residual 
resistivity ratio. The observations described above are associated with the deformation rather 
than the tilting of RuO6 octahedra and thus the change in effective correlation [90–93].

4.3. A colossal magnetoresistive ferromagnetic metal: La0.67Sr0.33MnO3

La0.67Sr0.33MnO3 (LSMO) is an extremely important class of material in condensed matter phys-
ics [7, 94]. At T = 300 K, LSMO forms a rhombohedral crystal structure (a = 3.869 Å) with 
space group  R  ̄  3 c  (Figure 14a) [94]. Undoped LaMnO3 is an antiferromagnetic insulator below 
TN = 139.5 K [95]. Upon hole doping with divalent Sr2+ in place of La3+, it becomes a ferromag-
netic metal (Figure 14b) [96]. Doped LSMO is a mixed valence compound with Mn3+ (3d4) and 
Mn4+ (3d3). The change in its magnetism was well explained by the double-exchange hop-
ping mechanism [96]. It is a highly conductive oxide that is useful as a bottom electrode for 
thin film device applications. It shows ferromagnetic ordering above room temperature with  
TC ~360 K (Figure 14c) [97], having a magnetic moment of ~3.6 μB per Mn ion [98]. Its ρ changes 
greatly with the application of a magnetic field and shows colossal magnetoresistance (CMR; 
Δρ/ρ > 106%) (Figure 14d) [97], which is important in commercial applications, including mag-
netic field sensors, “read” heads of magnetic hard-disk drives and non-volatile magnetic ran-
dom access memory (MRAM). Its half metallic behavior—i.e., spins are fully polarized within 
one band structure whereas others are empty—is highly important for spintronic applications 
[98]. It also shows compositional- and temperature-dependent MITs (Figure 14e) [99].

Due to its rich electronic and magnetic phase diagram (Figure 14e) [99], it is highly desirable 
to investigate the change in functionalities or appearance of novel states in LSMO by induc-
ing the strain effect. Several groups have reported on the effect of strain on the electronic and 
magnetic properties of LSMO [100–111]. To observe the strain-dependent magnetic phase dia-
gram, Tsui et al., grew epitaxial LSMO thin films on various substrates, such as (0 0 1) LaAlO3, 
(1 1 0) NdGaO3, (0 0 1) LSAT, and (0 0 1) SrTiO3 [103]. By using four different substrates, the 

Strain Effect in Epitaxial Oxide Heterostructures
http://dx.doi.org/10.5772/intechopen.70125

19



strain effects [81]. Along with its electrode applications, due to its high metallicity upon ferro-
magnetic ordering, strain engineering of SrRuO3 has become a popular research topic among 
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ties of SrRuO3 thin films are highly sensitive to the substrate-induced strain (Figure 12a) [81–92].
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strain. After imposing tensile strain on SrRuO3 by growing films on (1 1 0) DyScO3 substrates, 
an orthorhombic (stable in bulk phase) to tetragonal phase (stable at high temperature) tran-
sition could be observed at T = 300 K [84]. Strain imposed by substrates, induces additional 
rotation of RuO6 octahedra, thus reducing the TS [84, 86].

Transport wise, ρ at T = 300 K increases with the induced tensile strain (films grown on (1 1 0) 
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Figure 12. (a) Schematic illustration of the strain effect in epitaxial orthorhombic SrRuO3 thin films. Films on DyScO3 
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AIP Publishing LLC; Copyright 2010 Wiley-VCH Gmbh & Co. KGaA.
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Strain has definite effect on the magnetic properties of SrRuO3. Inducing compressive strain 
on SrRuO3 by using various lattice-mismatched substrates, e.g., (0 0 1) SrTiO3, (0 0 1) LSAT, 
and (0 0 1) LaAlO3, and its effect on magnetic properties has been investigated. The ferromag-
netic TC has a strong substrate dependence as it was found be TC ~124 K for films grown on 
LSAT and TC ~128 K for films grown on (0 0 1) SrTiO3 [85]. It has been found that the saturated 
magnetic moment (MS) increases from its bulk value and maximum of ~2 μB per Ru atom for 
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higher value of magnetic moment was also expected based on the theoretical calculations [77].
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(Figure 13). Similar to the orthorhombic phase, compressive strain causes a lower residual 
resistivity ratio. The observations described above are associated with the deformation rather 
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TN = 139.5 K [95]. Upon hole doping with divalent Sr2+ in place of La3+, it becomes a ferromag-
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netic field sensors, “read” heads of magnetic hard-disk drives and non-volatile magnetic ran-
dom access memory (MRAM). Its half metallic behavior—i.e., spins are fully polarized within 
one band structure whereas others are empty—is highly important for spintronic applications 
[98]. It also shows compositional- and temperature-dependent MITs (Figure 14e) [99].

Due to its rich electronic and magnetic phase diagram (Figure 14e) [99], it is highly desirable 
to investigate the change in functionalities or appearance of novel states in LSMO by induc-
ing the strain effect. Several groups have reported on the effect of strain on the electronic and 
magnetic properties of LSMO [100–111]. To observe the strain-dependent magnetic phase dia-
gram, Tsui et al., grew epitaxial LSMO thin films on various substrates, such as (0 0 1) LaAlO3, 
(1 1 0) NdGaO3, (0 0 1) LSAT, and (0 0 1) SrTiO3 [103]. By using four different substrates, the 
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strain ranged from compressive to tensile strain as follow; −2.0% compressive strain for films 
grown on (0 0 1) LaAlO3, −0.25% compressive strain for films grown on (1 1 0) NdGaO3, +0.25% 
tensile strain for films grown on (0 0 1) LSAT, and +0.85% tensile strain for films grown on 
(0 0 1) SrTiO3. Compressively strained films on (0 0 1) LaAlO3 substrates show in-plane com-
pression and out-of-plane expansion in their lattice parameters. In contrast, tensile-strained 
films on (0 0 1) SrTiO3 show the opposite effect. For films grown on the other two substrates 
with very low strain, they show very weak out-of-plane expansion in their lattice parameters. 
For compressively strained films on (0 0 1) LaAlO3 substrates, there is a strong suppression 
of TC from its bulk value; i.e., TC is reduced from 360 to 300 K. There is an increase in in-plane 
magnetization compared to out-of-plane magnetization, which indicates the presence of easy-
plane anisotropy. Films grown on (0 0 1) SrTiO3 substrates show magnetic ordering below TC 
~320 K. On the other hand, films grown on the almost lattice-matched substrates, i.e., films 

Figure 13. Compressive (on NdGaO3) and tensile (on GdScO3) strain-dependent resistivity of tetragonal phase SrRuO3 
thin films. A striking feature was obtained in magnetic ordering. For tensile-strained films (on GdScO3), resistivity 
is higher than the bulk value and the magnetic ordering temperature is reduced with ferromagnetic TC ~124 K. For 
compressive-strained film (on NdGaO3), resistivity and magnetic ordering are very close to the bulk values with 
ferromagnetic TC ~155 K. Reprinted with permission from Ref. [90]. Copyright 2013 AIP Publishing LLC.
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grown on (0 0 1) LSAT and (1 1 0) NdGaO3 substrates, show magnetic ordering below TC 
~340 K. Field-dependent magnetization measurements confirm the presence of perpendicular 
magnetic anisotropy for films grown on (0 0 1) LaAlO3 substrates, whereas films grown on 
(0 0 1) SrTiO3 exhibit easy-plane magnetic anisotropy at low T. For the films grown on (0 0 1) 
LSAT and (1 1 0) NdGaO3 substrates, the presence of distorted easy-pane anisotropy was con-
firmed by magnetization measurements [103].

Recently, Adamo et al., performed a comprehensive study on the strain effect on the electronic 
and magnetic properties of LSMO with biaxial strain ranging from −2.3 to +3.2% by using the 
following substrates: (1 0 0)pc LaAlO3, (0 0 1) LaSrGaO4, (1 1 0) NdGaO3, (0 0 1) LSAT, (0 0 1) 
SrTiO3, (1 1 0) DyScO3, (1 1 0) GdScO3, (1 1 0) SmScO3 and (1 1 0) NdScO3 (Figure 15a–c) [108]. ρ 
show a strong strain dependency on the MIT temperature. For low strain values, low tempera-
ture ρ is closer to the single-crystal value. The MIT value for films grown on (1 1 0) NdGaO3 
is TMIT > 390 K, whereas the MIT transition value for films grown on (0 0 1) SrTiO3 is around 
TMIT = 370 ± 10 K. Films with high compressive strain show fully insulating behavior over 
the entire T range (Figure 15d). For films under higher tensile strain, at T = 300 K, ρ is nearly  
1 Ω cm. The magnetization behavior of these films are quite similar to that observed by Tsui 
et al., The observed magnetic behavior and change in TC exhibit a strong strain dependence 
(Figure 15e), which is in good agreement with the theoretical predictions of Millis et al. [112].

Figure 14. (a) Rhombohedral crystal structure of La0.67Sr0.33MnO3 (LSMO) showing MnO6 octahedra. (b) Sr hole 
doping-dependent resistivity of bulk LSMO single crystals showing insulator-to-metal transitions with the kink in 
resistivity; appearance of magnetic ordering. (c) Magnetization measurements show ferromagnetic ordering above 
room temperature at TC ~360 K. (d) Magnetoresistance measurements, i.e., magnetic field-dependent resistivity, show 
a marked change in resistivity upon the application of a magnetic field, which is defined as the appearance of “colossal 
magnetoresistance” in LSMO. (e) Temperature- and compositional-dependent phase diagram of LSMO, showing that 
as Sr hole doping increases, various novel phases can appear in LSMO, making it a rich material that shows complex 
physics. Adapted and reprinted with permission from Refs. [94, 96, 97, 99]. Copyright 2001 Elsevier Ltd.; Copyright 
1995 American Physical Society; Copyright 1996 American Physical Society; Copyright 1996 American Physical Society.
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4.4. A multiferroic oxide: BiFeO3

Bismuth ferrite, BiFeO3 (BFO), is probably the most promising compound in condensed mat-
ter physics [9]. It possess a rhombohedral distorted perovskite structure (a = b = c = 5.63 Å, α = 
β = γ = 59.4°) with space group  R  ̄  3 c  at T = 300 K (Figure 16a) [113–115]. There is a coexistence 
of its magnetism and ferroelectricity, that’s why BiFeO3 is called a multiferroic (Figure 16b 
and c) [115]. In principle, the coexistence of ferroelectricity and magnetism is a very rare 
phenomenon as ferroelectricity requires B-site ions with d0 electronic configurations, whereas 
magnetism requires B-site ions with dn (n > 0) electronic configurations [116]. Therefore, mul-
tiferrocity is a very unique phenomenon in condensed matter physics. Bulk single-crystal 
BiFeO3 shows G-type antiferromagnetic ordering below the Néel temperature at TN = 643 K 
[117]. In BiFeO3, Fe moments are coupled ferromagnetically with the pseudo-cubic {1 1 1}C 
planes, whereas they are antiferromagnetically coupled between neighboring planes. In the 
bulk, an additional long-range cycloidal magnetic modulation is superimposed on the anti-
ferromagnetic ordering, which results in a rotation of the spin axis through the crystal [43]. 
It also exhibits ferroelectricity below TC ~ 1103 K with a polarization (P) value of ~3.5 μC/cm2 
along (001)C and ~6.1 μC/cm2 along [1 1 1]C [118]. Recently, the polarization value of highly 
pure single-crystal BiFeO3 was found to be ~100 μC/cm2 along the [1 1 1]C [119]. Due to its 

Figure 15. (a) Epitaxial growth of compressive- and tensile-strained La0.67Sr0.33MnO3 (LSMO) films. Films grown on 
LaAlO3, LaSrGaO4, NdGaO3, and LSAT are subject to compressive strain, whereas films grown on SrTiO3, DyScO3, 
GdScO3, SmScO3, and NdScO3 are subject to tensile strain. The appearance of thickness fringes in the X-ray diffraction 
patterns shows the high crystallinity of each film. (b) Change in lattice parameter and (c) evolution of biaxial strain 
with the judicial choice of substrates for LSMO thin films. (d and e) Resistivity and magnetization of compressive- and 
tensile-strained films. Highly tensile- or compressive-strained films show insulating behavior (due to the strain and 
intrinsic atomic disorder effect), whereas metallic behavior was obtained for films that were exposed to moderate tensile 
or compressive strain. Magnetization measurements show that the ferromagnetic ordering temperature decreases as the 
tensile strain increases. Reprinted with permission from Ref. [108]. Copyright 2009 AIP Publishing LLC.
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 multiferroic properties above T = 300 K, it is a very promising candidate for room-tempera-
ture magnetoelectric device applications [120].

Wang et al., were the first to synthesize high quality epitaxial BiFeO3 heterostructures on 
(0 0 1) SrTiO3 substrates by using the PLD method and observed multiferroic properties [115]. 
They observed that these films display a spontaneous P ~ 60 μC/cm2 at T = 300 K, an order of 
magnitude higher than the bulk value. After this finding, it has been shown that the structural, 
polar, and magnetic behavior of BiFeO3 thin films are highly sensitive to substrate-induced 
strain, i.e., the strain promoted by using different lattice-mismatched substrates [121–137].

As said, at T = 300 K, BiFeO3 adopts rhombohedral symmetry (R-phase). With the availability 
of various substrates, compressive (−) or tensile (+) strain can be induced on the film, which 
changes its structural symmetry as octahedral tilt is highly sensitive to strain. Commercially 
available perovskite substrates such as (1 1 0) YAlO3, (0 0 1) LaAlO3, (0 0 1) LAST, (1 1 0) 
DyScO3, (1 1 0) GdScO3, (1 1 0) SmScO3, (1 1 0) NdScO3 and (1 1 0) PrScO3 impose a strain on 
BiFeO3 of −6.5%, −4.5%, −2.6%, −0.5%, −0.1%, +0.2%, +0.9% and +1.2%, respectively, -ve sign 
being the compressive strain and +ve sign corresponds to tensile strain. For cases of low com-
pressive or tensile strain, BiFeO3 shows monoclinic (M) phases (Figure 17a–f) [120]. In general, 
for R-phase BiFeO3, the ratio of lattice parameters c/a is ~1. When grown on high lattice-mis-
matched (0 0 1) LaAlO3 substrate, the ratio of lattice parameters c/a shows a large increase to 
a value of ~1.23 [124, 128]. This high c/a value can be regarded as being similar to a tetragonal 
(TG)-phase or super TG-phase of BiFeO3. Upon imposing even higher compressive strain by 
using (1 1 0) YAlO3 substrates, BiFeO3 makes a transition to a fully TG-phase (Figure 17g) [124, 
134]. The transition from R-phase to TG-phase was thought to be an isosymmetric monoclinic 
symmetry phase transition [128]. However, it was actually shown that octahedral tilt disap-
pears, and the sudden jump in the c/a ratio can be attributed to structural relaxation through 
an out-of-plane shift. In contrast, imposing moderate tensile strain by using high lattice-mis-
matched (1 1 0) NdScO3 substrates results in BiFeO3 in a novel orthorhombic (O) phase [132]. 

Figure 16. (a) Atomic and magnetic structure of rhombohedral BiFeO3 showing rhombohedral distortion with easy-axis 
polarization along the [1 1 1]C and magnetization plane is perpendicular to the polarization direction. (b) Polarization-
electric field hysteresis loop showing that BiFeO3 is ferroelectric with a polarization value of ~60 μC/cm2 along the 
[1 1 1]C. (c) Magnetization vs. magnetic field hysteresis loop of BiFeO3, showing that the system is antiferromagnetic 
with a saturation magnetization of ~150 emu/cm3. Blue: in-plane, and red: out-of-plane magnetization-magnetic field 
loop. Reprinted and adapted with permission [114, 115]. Copyright 2011 The Royal Society; Copyright 2003 American 
Association for the Advancement of Science.

Strain Effect in Epitaxial Oxide Heterostructures
http://dx.doi.org/10.5772/intechopen.70125

23



4.4. A multiferroic oxide: BiFeO3

Bismuth ferrite, BiFeO3 (BFO), is probably the most promising compound in condensed mat-
ter physics [9]. It possess a rhombohedral distorted perovskite structure (a = b = c = 5.63 Å, α = 
β = γ = 59.4°) with space group  R  ̄  3 c  at T = 300 K (Figure 16a) [113–115]. There is a coexistence 
of its magnetism and ferroelectricity, that’s why BiFeO3 is called a multiferroic (Figure 16b 
and c) [115]. In principle, the coexistence of ferroelectricity and magnetism is a very rare 
phenomenon as ferroelectricity requires B-site ions with d0 electronic configurations, whereas 
magnetism requires B-site ions with dn (n > 0) electronic configurations [116]. Therefore, mul-
tiferrocity is a very unique phenomenon in condensed matter physics. Bulk single-crystal 
BiFeO3 shows G-type antiferromagnetic ordering below the Néel temperature at TN = 643 K 
[117]. In BiFeO3, Fe moments are coupled ferromagnetically with the pseudo-cubic {1 1 1}C 
planes, whereas they are antiferromagnetically coupled between neighboring planes. In the 
bulk, an additional long-range cycloidal magnetic modulation is superimposed on the anti-
ferromagnetic ordering, which results in a rotation of the spin axis through the crystal [43]. 
It also exhibits ferroelectricity below TC ~ 1103 K with a polarization (P) value of ~3.5 μC/cm2 
along (001)C and ~6.1 μC/cm2 along [1 1 1]C [118]. Recently, the polarization value of highly 
pure single-crystal BiFeO3 was found to be ~100 μC/cm2 along the [1 1 1]C [119]. Due to its 

Figure 15. (a) Epitaxial growth of compressive- and tensile-strained La0.67Sr0.33MnO3 (LSMO) films. Films grown on 
LaAlO3, LaSrGaO4, NdGaO3, and LSAT are subject to compressive strain, whereas films grown on SrTiO3, DyScO3, 
GdScO3, SmScO3, and NdScO3 are subject to tensile strain. The appearance of thickness fringes in the X-ray diffraction 
patterns shows the high crystallinity of each film. (b) Change in lattice parameter and (c) evolution of biaxial strain 
with the judicial choice of substrates for LSMO thin films. (d and e) Resistivity and magnetization of compressive- and 
tensile-strained films. Highly tensile- or compressive-strained films show insulating behavior (due to the strain and 
intrinsic atomic disorder effect), whereas metallic behavior was obtained for films that were exposed to moderate tensile 
or compressive strain. Magnetization measurements show that the ferromagnetic ordering temperature decreases as the 
tensile strain increases. Reprinted with permission from Ref. [108]. Copyright 2009 AIP Publishing LLC.

Epitaxy22

 multiferroic properties above T = 300 K, it is a very promising candidate for room-tempera-
ture magnetoelectric device applications [120].

Wang et al., were the first to synthesize high quality epitaxial BiFeO3 heterostructures on 
(0 0 1) SrTiO3 substrates by using the PLD method and observed multiferroic properties [115]. 
They observed that these films display a spontaneous P ~ 60 μC/cm2 at T = 300 K, an order of 
magnitude higher than the bulk value. After this finding, it has been shown that the structural, 
polar, and magnetic behavior of BiFeO3 thin films are highly sensitive to substrate-induced 
strain, i.e., the strain promoted by using different lattice-mismatched substrates [121–137].

As said, at T = 300 K, BiFeO3 adopts rhombohedral symmetry (R-phase). With the availability 
of various substrates, compressive (−) or tensile (+) strain can be induced on the film, which 
changes its structural symmetry as octahedral tilt is highly sensitive to strain. Commercially 
available perovskite substrates such as (1 1 0) YAlO3, (0 0 1) LaAlO3, (0 0 1) LAST, (1 1 0) 
DyScO3, (1 1 0) GdScO3, (1 1 0) SmScO3, (1 1 0) NdScO3 and (1 1 0) PrScO3 impose a strain on 
BiFeO3 of −6.5%, −4.5%, −2.6%, −0.5%, −0.1%, +0.2%, +0.9% and +1.2%, respectively, -ve sign 
being the compressive strain and +ve sign corresponds to tensile strain. For cases of low com-
pressive or tensile strain, BiFeO3 shows monoclinic (M) phases (Figure 17a–f) [120]. In general, 
for R-phase BiFeO3, the ratio of lattice parameters c/a is ~1. When grown on high lattice-mis-
matched (0 0 1) LaAlO3 substrate, the ratio of lattice parameters c/a shows a large increase to 
a value of ~1.23 [124, 128]. This high c/a value can be regarded as being similar to a tetragonal 
(TG)-phase or super TG-phase of BiFeO3. Upon imposing even higher compressive strain by 
using (1 1 0) YAlO3 substrates, BiFeO3 makes a transition to a fully TG-phase (Figure 17g) [124, 
134]. The transition from R-phase to TG-phase was thought to be an isosymmetric monoclinic 
symmetry phase transition [128]. However, it was actually shown that octahedral tilt disap-
pears, and the sudden jump in the c/a ratio can be attributed to structural relaxation through 
an out-of-plane shift. In contrast, imposing moderate tensile strain by using high lattice-mis-
matched (1 1 0) NdScO3 substrates results in BiFeO3 in a novel orthorhombic (O) phase [132]. 

Figure 16. (a) Atomic and magnetic structure of rhombohedral BiFeO3 showing rhombohedral distortion with easy-axis 
polarization along the [1 1 1]C and magnetization plane is perpendicular to the polarization direction. (b) Polarization-
electric field hysteresis loop showing that BiFeO3 is ferroelectric with a polarization value of ~60 μC/cm2 along the 
[1 1 1]C. (c) Magnetization vs. magnetic field hysteresis loop of BiFeO3, showing that the system is antiferromagnetic 
with a saturation magnetization of ~150 emu/cm3. Blue: in-plane, and red: out-of-plane magnetization-magnetic field 
loop. Reprinted and adapted with permission [114, 115]. Copyright 2011 The Royal Society; Copyright 2003 American 
Association for the Advancement of Science.

Strain Effect in Epitaxial Oxide Heterostructures
http://dx.doi.org/10.5772/intechopen.70125

23



First-principle calculations also suggested that with a tensile strain of 2% or more, the ortho-
rhombic phase in BiFeO3 can be stabilized. This is associated with the oxygen octahedral tilt 
exhibiting short atomic bonds and zig-zag cation displacement patterns. Consequently, the 
strain effect in BiFeO3 induces very high structural flexibility, which changes the structure 
from R-phase to M-, TG- and O-phases or even mixed (R + O) ones [43, 128, 131].

One of the key aspects of the strain-induced scenario is to increase the out-of-plane P in 
strained BiFeO3 thin films. One of the goals is to induce strain and raise the P above  
100 μC/cm2 at T = 300 K. However, in the rhombohedral phase, whatever the growth direc-
tion is, the projected P along the [1 1 1]C increases by only up to ~20% compared to its initial 
value (Figure 18a) [133]. First-principle calculations suggested that suppressing octahedral 

Figure 17. (a–f) Summary of the various crystal structures of BiFeO3 thin films under epitaxial strain, i.e., both 
compressive and tensile strain. Under different amounts of strain, bulk rhombohedral (R) phase to monoclinic (M), 
tetragonal (TG), and orthorhombic (O) phase transitions can be observed in BiFeO3. (g) Calculated overall energy of the 
system and c/a ratio for strained BiFeO3. Reprinted with permission from Refs. [120, 124]. Copyright 2014 IOP Publishing 
Ltd; Copyright 2009 American Association for the Advancement of Science.
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tilt favors an increase in P, whereas the presence of tilts instead favors a change in the direc-
tion without changing the P [130]. Recent theoretical calculations suggest that if highly 
strained BiFeO3 is grown with P4mm structure, then it would show a high P of ~150 μC/cm2 
along the [0 0 1]C and ~100 μC/cm2 along the [1 1 1]C, which has been found experimentally in 
the super tetragonal-phase [137, 138].

To address how G-type antiferromagnetism is affected by strain effects, Sando et al., stud-
ied the strain effect within the range from −2.6% (compressive strain) to +1.0 (tensile strain) 
for the R-phase of BiFeO3 (Figure 18b) [135]. By using Mössbauer and Raman spectrosco-
pies combined with Landau–Ginzburg theory and effective Hamiltonian calculations, they 
observed different magnetic structures for different amounts of strain. For low compressive 
strain, there exists a bulk-like cycloidal spin modulation with non-collinear order, whereas for 
moderate tensile strain, they observed a new cycloidal phase with a propagation wave vector 

Figure 18. (a) Polarization values of strained BiFeO3 thin films. The large value of polarization for compressively strained 
films grown on LSAT substrates was attributed to a leakage problem. (b) Magnetic phase diagram shows that with the 
evolution of strain, various novel magnetic phases can appear in BiFeO3 thin films. The colors correspond to different 
stable magnetic states (blue: antiferromagnetic; red: type-1 cycloid; orange: type-2 cycloid). The different substrates used 
for the study are shown above with different colors corresponding to the different magnetic structures of BiFeO3. The 
spins are denoted by green arrows. Reprinted with permission from Refs. [133, 135]. Copyright 2012 IOP Publishing Ltd; 
Copyright 2013 Macmillan Publisher Limited.
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tetragonal (TG), and orthorhombic (O) phase transitions can be observed in BiFeO3. (g) Calculated overall energy of the 
system and c/a ratio for strained BiFeO3. Reprinted with permission from Refs. [120, 124]. Copyright 2014 IOP Publishing 
Ltd; Copyright 2009 American Association for the Advancement of Science.
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along [110]. For the high compressive- or tensile-strained case, the magnetic state was found 
to be a pseudo-collinear antiferromagnetic one.

4.5. A conductive oxide interface: LaAlO3-SrTiO3

SrTiO3 and LaAlO3 are both band insulators with band gaps of ~3.25 eV and ~5.6 eV, respec-
tively [139, 140]. Along [0 0 1], SrTiO3 unit cells consist of charge-neutral layers of SrO0 and 
TiO2

0, whereas LaAlO3 consists of polar layers of LaO1+ and AlO2
1− (Figure 19a and b) [14]. In 

2004, Ohtomo and Hwang discovered that if band insulator LaAlO3 (LAO) is grown on top 
of another band insulator, SrTiO3 (STO), with atomic precision, the interface of LAO-STO can 
be highly conducting, which results in a two-dimensional electron gas (2DEG) at the inter-
face [14]. Surprisingly, conductivity was observed for only one type of interface: LaO-TiO2 
(n-type), whereas insulating characteristics were observed for AlO2-SrO (p-type) interfaces 
(Figure 19c) [141]. With this discovery, a tremendous interest has emerged among the thin-
film community to deposit each and every thin film material with atomically controlled inter-
faces. Later, it was found that the LAO-STO interface not only is highly conductive but can 
also show coexistence of superconductivity and magnetism, the quantum Hall effect, and the 
Rashba effect [18, 142–145]. Based on various experimental observations, the origin of 2DEG, 
interfacial charge distribution vs. oxygen vacancy scenario is still under debate [146, 147].

Since the atomic configuration of a substrate’s topmost layer plays a key role in forming 2DEGs 
at interfaces between two non-conducting oxides, it would be highly desirable to study the 
formation of 2DEGs at oxide interfaces with the strain effects [148–155]. Bark et al., grew LAO-
STO interfaces on various substrates, such as (1 1 0) NdGaO3, (0 0 1) LSAT, (1 1 0) DyScO3, and 
(1 1 0) GdScO3 (Figure 20a) [148]. By using four different substrates, the strain ranged from 
compressive to tensile strain as follow; −1.21% compressive strain for films grown on (1 1 0) 
NdGaO3, −0.96% compressive strain for films grown on (0 0 1) LSAT, +1.11% tensile strain for 
films grown on (1 1 0) DyScO3, and +1.59% tensile strain for films grown on (1 1 0) GdScO3. 
They have shown that imposing tensile strain on SrTiO3 destroys the 2DEG, whereas exerting 
compressive strain leads to the 2DEG nature being retained but with a reduction of carrier con-
centration compared to that of unstrained LAO-STO interfaces (Figure 20b). Using theoretical 
calculations, they suggested that this behavior is associated with the built-in polarization in 
SrTiO3, as it was observed that with induced strain, polarization can have built up in pure 
SrTiO3 as well [44]. This polarization is directed away from the interface and creates a negative 
polarization opposing that of the polar LaAlO3 layer. It has also been calculated that the dis-
tortion of interfacial Ti─O octahedra enhances with increases in in-plane compressive strain, 
which also modulates the carrier concentration [152]. Applied in-plane compressive strain 
also reduces the carrier concentration. On the other hand, under tensile strain, the interfacial 
charge carrier density increases, which is consistent with the theoretical calculations [155]. 
It has been found that when moving from the compressive-strained to the tensile-strained 
scenario at the LAO-STO interface, the Ti─O bond length becomes elongated, which confines 
the Ti dxy orbital electrons at the interface, thus increasing the sheet carrier concentration (ns) 
at the interface. For the compressively strained scenario, the Ti─O bond length decreases and 
the Ti dxy orbital cannot hold all the electrons at the interface; hence, the remaining electrons 
are transferred to a deeper layer, reducing the carrier concentration at the interface.

Epitaxy26

To observe the correlation and strain effect induced by the topmost polar layer, Ariando et al., 
grew various combination of polar/non-polar ABO3 perovskites, e.g., NaAlO3/SrTiO3, PrAlO3/
SrTiO3, and NdGaO3/SrTiO3 (Figure 20c) [150]. They found that these interfaces are also conduct-
ing and form 2DEGs. They also claimed that the interfacial strain and electron correlation caused 
by the polar layers seem to control the carrier density and mobility at the interface (Figure 20d). 
The presence of large octahedral distortion due to strain also plays an important role in observing 

Figure 19. (a) and (b) Schematic representation of two possible interfaces between change neutral SrTiO3 (band insulator) 
and polar LaAlO3 (band insulator) materials showing the composition and ionic distribution. Depending on the topmost 
layer termination of the (0 0 1) SrTiO3 substrate, two possible interfaces can form: (1) LaO1+-TiO2

0, and (2) AlO2
1−-SrO0. 

(c) Temperature-dependent resistivity of these two types of interfaces. LaO1+-TiO2
0 interfaces show metallicity and 

the formation of 2-dimesnioanl electron gas (2DEG) with n-type charge carriers at the interface, whereas AlO2
1−-SrO0 

interfaces show insulating characteristics at the interface. Reprinted with permission from Refs. [14, 141]. Copyright 2004 
Nature Publishing Group; Copyright 2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
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charge carrier density increases, which is consistent with the theoretical calculations [155]. 
It has been found that when moving from the compressive-strained to the tensile-strained 
scenario at the LAO-STO interface, the Ti─O bond length becomes elongated, which confines 
the Ti dxy orbital electrons at the interface, thus increasing the sheet carrier concentration (ns) 
at the interface. For the compressively strained scenario, the Ti─O bond length decreases and 
the Ti dxy orbital cannot hold all the electrons at the interface; hence, the remaining electrons 
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these novel phases. Instead of growing various rare earth-based polar ABO3 perovskites, Jang et 
al., directly grew monolayers of rare-earth oxides (RO, R = La, Pr, Nd, Sm, and Y) to observe the 
correlation effect at interfaces (Figure 20e) [149]. Surprisingly, they found that some oxides (La, 
Pr, and Nd) forms 2DEGs at the interface, whereas an insulating interface is formed in the case 
of SmO and YO. Based on the observations and theoretical calculations, they claimed that this is 
due to the correlation effect at the interface. Independent theoretical calculation also suggest that 
in-plane strain can induce metal-insulator transitions at oxide interfaces [155].

4.6. A strongly correlated metal: LaNiO3

The physics of strongly correlated materials, i.e., those having strong electronic correlations, 
is remarkably rich and complex and cannot be understood within the framework of conven-
tional theories of metals and insulators [21, 22]. For example, in strongly correlated nickelate 
materials,  spin, lattice charge, and orbital degrees of freedom result in competing interactions. 
Due to this, these materials show exotic phases [156–158]. Among strongly correlated materials, 

Figure 20. (a) Schematic representation of a LaAlO3-SrTiO3 interface grown on various substrates (i.e., on GdScO3, 
DyScO3, LSAT and NdGaO3). (b) Carrier concentration at room temperature at the LAO-STO interface under various 
epitaxial strains. For tensile-strained films, the carrier concentration is below the measurement limit. (c) The strain 
effect at the interface and lattice parameters of various perovskites. (d) Sheet resistance (RS), carrier concentration 
(ns), and mobility (μ) of various polar/non-polar interfaces. (e) Carrier concentration at the interface of LAO-STO with 
monolayer growth of rare earth oxides. For some rare earth cases, the interfaces are conductive, whereas insulating 
interfaces are formed in some cases involving rare-earth oxides, showing the effect of correlation on the formation of 
2DEGs at interfaces. Reprinted with the permission from Refs. [148–150]. Copyright 2011 National Academy of Sciences; 
Copyright 2011 American Association for the Advancement of Science; Copyright 2012 American Physical Society.

Epitaxy28

nickelates, more specifically LaNiO3 is a strongly correlated Mott metal [159, 160]. LaNiO3 has a 
highly distorted rhombohedral structure with lattice parameters of a = b = 5.4573 Å, c = 13.1462 
Å, and α = β = γ = 60.49° and with space group  R  ̄  3 c  (Figure 21a) [161]. Its pseudo-cubic lattice 
constant is apc = 3.84 Å. It is highly metallic over the entire temperature range (Figure 21b) [162]. 
It is the only member in the perovskite nickelate family (RENiO3, RE = rare earths) which shows 
no long-range magnetic ordering [156–158].

The functionalities of strongly correlated rare-earth nickelates are highly sensitive to external 
perturbation, e.g., chemical pressure and atmospheric pressure [156–158]. Thus, it would be 
very interesting to investigate the ability of strain-based perturbation (i.e., by using various 
lattice-mismatched substrates) to obtain novel functionalities in LaNiO3. Several groups have 
reported the strain dependent transport properties in epitaxial LaNiO3 thin films [163–172]. 
Moon et al., investigated in detail the transport properties of tensile- and compressive-strained 
LaNiO3 systems. They grew 10-unit cell ultra-thin LaNiO3 films on (1 1 0) YAlO3, (0 0 1) SrLaAlO4, 
(0 0 1) LaAlO3, (0 0 1) SrLaGaO4, (0 0 1) LSAT, (0 0 1) SrTiO3, and (1 1 0) GdScO3 substrates 
(Figure 22a) [167–169]. They investigated ρ of tensile-strained films and observed that when the 
tensile strain increases, LaNiO3 gradually evolves from the Mott to the Mott-Anderson regime; 
i.e., correlation and disorder play a crucial role at low temperature (Figure 22b) [163, 167].

The authors have also investigated the Hall effect (1/RH ∝ T; RH = Hall coefficient) in both the 
compressive- and tensile-strained cases (Figure 22c) [168]. They claimed that the evolution 
of the linear T dependent transport coefficient is quite similar to that of hole-doped cuprate 
superconductors. By using density functional theoretical (DFT) calculations, they claimed 
that strain-induced changes in transport properties arise from changes in the low-energy elec-
tronic band structure that induces self-doping, i.e., a transfer of charge between the O p and 
Ni d states. Using detailed quantitative structural analysis and theoretical calculations May 
et al., found that strain systematically modifies both the Ni─O─Ni bond angles and Ni─O 
lengths in this functional perovskite oxide (Figure 22d) [164, 172], which has strong effect on 
its strain-dependent transport properties.

Figure 21. (a) Schematic representation of the distorted rhombohedral crystal structure of LaNiO3 showing highly 
distorted NiO6 octahedra with lattice parameters of a = b = 5.4573 Å and c = 13.1462 Å. The pseudo-cubic unit cell is ~3.84 Å.  
(b) Resistivity of bulk polycrystalline LaNiO3 showing it is a paramagnetic metal without any indication of magnetic 
ordering over the entire temperature range. Reprinted with permission from Refs. [161, 162]. Copyright 2015 Elsevier B. V. 
Ltd.; Copyright 2014 American Physical Society.
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Figure 22. (a) Schematic representation of compressive and tensile strain imposed on LaNiO3 by various metal oxide 
substrates. (b) Low-temperature resistivity of strained LaNiO3 films. With an increase in tensile strain, resistivity at 
room temperature increases, although the resistivity minima also decrease. (c) The temperature-dependent Hall 
coefficient (1/RH) for strained LaNiO3 films grown on various substrates. With an increase in compressive strain, 1/RH 
becomes almost linearly dependent on temperature (1/RH ∝ T), thus bearing a striking resemblance to the behavior of 
cuprate superconductors. (d) Tensile strain increases rotation of octahedra along the [1 0 0] and [0 1 0], and decreases 
it along the [0 0 1]. (e) Compressive strain reduces the rotation along the [1 0 0] and [0 1 0], and increases it along the 
[0 0 1]. Reprinted with permission from Refs [164, 167, 168]. Copyright 2010 American Physical Society; Copyright 2013 
American Chemical Society; Copyright 2011 IOP Publishing Ltd and Deutsche Physikalische Gesellschaft.

Epitaxy30

5. Summary

In principle, material functionalities arise from the coupling between spin, lattice, charge, 
and orbital degrees of freedom. Lattice strain is thus found to be a unique way to engineer-
ing the functionalities of many TMOs, which modifies above energy scales. Here, we pre-
sented the effect of strain-dependent functionalities of various TMO-based thin films: (1) a 
high temperature superconductor, La1.85Sr0.15CuO4, (2) a highly conductive oxide, SrRuO3, 
(3) a colossal magnetoresistive metal, La0.67Sr0.33MnO3, (4) a multiferroic oxide, BiFeO3, (5) 
a conducting oxide interface, LaAlO3-SrTiO3, and (6) a strongly correlated metal, LaNiO3. 
The aforementioned materials all show rich and complex structural, electronic, magnetic 
and polar phase diagrams that are dependent on epitaxial strain, which is mainly caused by 
modifications of their crystal structures and the effects of these modification on the coupling 
of their various degrees of freedoms (relevant energy scales). More specifically, tailoring 
the shape, size, and position of BO6 octahedra by strain give rise to new functionalities in 
ABO3 perovskite oxides. Strain-dependent MITs, increase in magnetic transition temperature 
and ferroelectric polarization can be observed in these materials. Obtaining novel proper-
ties by designing artificial oxide heterostructures and the subsequent new physics resulting 
from the strain effect have always been an interesting topic of research among the thin-film 
community as cheap and environment friendly oxide thin film-based electronic devices are 
highly in demand in industry. Although there has been vast progress in the strain-dependent 
tuning of material properties, there is still long way to go to fully understand the intrin-
sic mechanisms and theoretical developments behind these strain-dependent phenomena. 
Nevertheless, strain has provided an avenue to explore materials with novel functionalities. 
We believe that our experimental investigations along with insightful explanations will pro-
vide readers with an easier way to understand the strain effect in epitaxial oxide heterostruc-
tures and utilize it to explain the fundamental physics and to commercialize oxide-based 
electronic devices.
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Figure 22. (a) Schematic representation of compressive and tensile strain imposed on LaNiO3 by various metal oxide 
substrates. (b) Low-temperature resistivity of strained LaNiO3 films. With an increase in tensile strain, resistivity at 
room temperature increases, although the resistivity minima also decrease. (c) The temperature-dependent Hall 
coefficient (1/RH) for strained LaNiO3 films grown on various substrates. With an increase in compressive strain, 1/RH 
becomes almost linearly dependent on temperature (1/RH ∝ T), thus bearing a striking resemblance to the behavior of 
cuprate superconductors. (d) Tensile strain increases rotation of octahedra along the [1 0 0] and [0 1 0], and decreases 
it along the [0 0 1]. (e) Compressive strain reduces the rotation along the [1 0 0] and [0 1 0], and increases it along the 
[0 0 1]. Reprinted with permission from Refs [164, 167, 168]. Copyright 2010 American Physical Society; Copyright 2013 
American Chemical Society; Copyright 2011 IOP Publishing Ltd and Deutsche Physikalische Gesellschaft.
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5. Summary

In principle, material functionalities arise from the coupling between spin, lattice, charge, 
and orbital degrees of freedom. Lattice strain is thus found to be a unique way to engineer-
ing the functionalities of many TMOs, which modifies above energy scales. Here, we pre-
sented the effect of strain-dependent functionalities of various TMO-based thin films: (1) a 
high temperature superconductor, La1.85Sr0.15CuO4, (2) a highly conductive oxide, SrRuO3, 
(3) a colossal magnetoresistive metal, La0.67Sr0.33MnO3, (4) a multiferroic oxide, BiFeO3, (5) 
a conducting oxide interface, LaAlO3-SrTiO3, and (6) a strongly correlated metal, LaNiO3. 
The aforementioned materials all show rich and complex structural, electronic, magnetic 
and polar phase diagrams that are dependent on epitaxial strain, which is mainly caused by 
modifications of their crystal structures and the effects of these modification on the coupling 
of their various degrees of freedoms (relevant energy scales). More specifically, tailoring 
the shape, size, and position of BO6 octahedra by strain give rise to new functionalities in 
ABO3 perovskite oxides. Strain-dependent MITs, increase in magnetic transition temperature 
and ferroelectric polarization can be observed in these materials. Obtaining novel proper-
ties by designing artificial oxide heterostructures and the subsequent new physics resulting 
from the strain effect have always been an interesting topic of research among the thin-film 
community as cheap and environment friendly oxide thin film-based electronic devices are 
highly in demand in industry. Although there has been vast progress in the strain-dependent 
tuning of material properties, there is still long way to go to fully understand the intrin-
sic mechanisms and theoretical developments behind these strain-dependent phenomena. 
Nevertheless, strain has provided an avenue to explore materials with novel functionalities. 
We believe that our experimental investigations along with insightful explanations will pro-
vide readers with an easier way to understand the strain effect in epitaxial oxide heterostruc-
tures and utilize it to explain the fundamental physics and to commercialize oxide-based 
electronic devices.
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Abstract

Epitaxial growth of Ge on Si has received considerable attention for its compatibility with 
Si process flow and the scarcity of Ge compared with Si. Applications that drive the efforts 
for integrating Ge with Si include high mobility channel in metal-oxide-semiconductor 
field-effect transistors, infrared photodetector in Si-based optical devices, and template 
for III-V growth to fabricate high-efficiency solar cells. Epitaxy Ge on Si can be used as a 
virtual Ge substrate for fabrication of III-V solar cells, which has advantages of superior 
mechanical properties and low cost over Ge wafers. This work investigates the epitaxial 
growth of Ge on Si using magnetron sputtering, which is an environment-friendly, inex-
pensive, high throughput, and simple deposition technique. The effects of substrate tem-
perature on the properties of Ge are analyzed. A novel method to epitaxially grow Ge on 
Si by magnetron sputtering at low temperature is developed using one-step aluminum-
assisted crystallization. By applying an in-situ low temperature (50–150°C) heat treatment 
in between Al and Ge sputter depositions, the epitaxial growth of Ge on Si is achieved. 
This method significantly lowers the required temperature for and therefore the cost of 
epitaxial growth of Ge on Si.
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one-step aluminum-assisted crystallization

1. Introduction

Epitaxial growth of Ge on Si has received considerable attention for its compatibility with Si 
process flow and the scarcity of Ge compared with Si. Applications driving the efforts for inte-
grating Ge with Si include: high mobility channel in metal-oxide-semiconductor field-effect 
transistors [1], infrared photodetector in Si-based optical devices [2], and template for III-V 
growth to fabricate high efficiency solar cells [3].
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Epitaxial growth of Ge on Si has received considerable attention for its compatibility with 
Si process flow and the scarcity of Ge compared with Si. Applications that drive the efforts 
for integrating Ge with Si include high mobility channel in metal-oxide-semiconductor 
field-effect transistors, infrared photodetector in Si-based optical devices, and template 
for III-V growth to fabricate high-efficiency solar cells. Epitaxy Ge on Si can be used as a 
virtual Ge substrate for fabrication of III-V solar cells, which has advantages of superior 
mechanical properties and low cost over Ge wafers. This work investigates the epitaxial 
growth of Ge on Si using magnetron sputtering, which is an environment-friendly, inex-
pensive, high throughput, and simple deposition technique. The effects of substrate tem-
perature on the properties of Ge are analyzed. A novel method to epitaxially grow Ge on 
Si by magnetron sputtering at low temperature is developed using one-step aluminum-
assisted crystallization. By applying an in-situ low temperature (50–150°C) heat treatment 
in between Al and Ge sputter depositions, the epitaxial growth of Ge on Si is achieved. 
This method significantly lowers the required temperature for and therefore the cost of 
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1. Introduction

Epitaxial growth of Ge on Si has received considerable attention for its compatibility with Si 
process flow and the scarcity of Ge compared with Si. Applications driving the efforts for inte-
grating Ge with Si include: high mobility channel in metal-oxide-semiconductor field-effect 
transistors [1], infrared photodetector in Si-based optical devices [2], and template for III-V 
growth to fabricate high efficiency solar cells [3].
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Ge wafers are the commonly used substrates for the fabrication of high efficiency III-V tan-
dem solar cells [4–6]. Though cheaper than III-V materials, Ge wafers are over 100 times 
more expensive than Si accounting for more than 50% of the cell cost [3]. Compared with Ge 
wafer, Si wafer is an alternative with low cost, superior mechanical properties, and higher 
band gap more desirable for the bottom cell in a double or triple stack [7]. However, the lat-
tice constant of Si is too small to match that of the III-V materials as shown in Figure 1. The 
lattice mismatch can induce large densities of defects negating the advantages of Si substrate. 
Several approaches have been investigated to control the defect density in this mismatched 
heterostructure including the insertion of various III-V intermediate layers, strained layer 
super-lattices, and the use of thermal annealing [8]. The obtained material qualities through 
these methods are not high enough to yield high efficiency III-V cells. A promising alterna-
tive is growing a Ge buffer layer to engineer the lattice constant of substrate surface to match 
that of III-V materials. Ge epitaxial film on Si can be used as a “virtual Ge substrate” for III-V 
solar cells. The virtual Ge substrate has advantages of superior mechanical properties and 
low cost over Ge wafer.

This work investigates the epitaxial growth of Ge on Si by magnetron sputtering, which is 
an environment-friendly, economical, high throughput, and simple deposition technique. 
Molecular beam epitaxy (MBE) and chemical vapor deposition (CVD) are widely used for Ge 
epitaxial growth on Si [10–13]. The MBE and CVD systems require higher vacuum (5 × 10−11 
and 1.5 × 10−9 mbar, respectively) than magnetron sputtering (5 × 10−7 mbar) used in this work 
[14]. While MBE is the most expensive of the three and toxic gases such as germane and silane 
are used in a CVD system, magnetron sputtering offers a lower cost and safer alternative in 

Figure 1. Lattice/band gap diagram for tetrahedrally coordinated semiconductors and their alloys [9].
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supplying epitaxial Ge films on Si, which is potentially capable of large-scale production with 
good uniformity. This chapter presents the successful epitaxial growth of Ge on Si by mag-
netron sputtering, investigation on the effects of substrate temperature, and the development 
of a novel method to grow epitaxial Ge on Si by magnetron sputtering at low temperature 
through one-step aluminum-assisted crystallization.

2. Growth mechanism of Ge epitaxy on Si

2.1. Stranski-Krastanow growth

Three modes are possible in epitaxial growth: Frank-van der Merwe [15], Volmer-Weber [16], 
and Stranski-Krastanow [17], as shown in Figure 2. Frank-van der Merwe and Volmer-Weber 
modes are pure 2D layer-by-layer growth and 3D island growth, respectively. Stranski-
Krastanow (SK mode) is a unique mode of 2D growth plus 3D island formation.

The interfacial free energy and the lattice mismatch determine which growth mode will be 
adopted in a given system [18]. In lattice-matched systems, the epitaxial film grows either in 
layer-by-layer mode or island growth mode depending on the interface energy and surface 
energy of the epitaxial film. In systems with large lattice mismatch, the growth mode may 
transit from 2D to island growth (SK mode) to relax strain in the epitaxial film. The early stage 
of the growth could be layer-by-layer due to the small interface energy. With epitaxial film 
growing thicker, strain energy is accumulated. The island formation is triggered to lower the 
total energy by introducing misfit dislocations.

Figure 2. Illustrations of three possible epitaxial growth modes: Frank-van der Merwe, Volmer-Weber, and Stranski-
Krastanow [18].
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that of III-V materials. Ge epitaxial film on Si can be used as a “virtual Ge substrate” for III-V 
solar cells. The virtual Ge substrate has advantages of superior mechanical properties and 
low cost over Ge wafer.

This work investigates the epitaxial growth of Ge on Si by magnetron sputtering, which is 
an environment-friendly, economical, high throughput, and simple deposition technique. 
Molecular beam epitaxy (MBE) and chemical vapor deposition (CVD) are widely used for Ge 
epitaxial growth on Si [10–13]. The MBE and CVD systems require higher vacuum (5 × 10−11 
and 1.5 × 10−9 mbar, respectively) than magnetron sputtering (5 × 10−7 mbar) used in this work 
[14]. While MBE is the most expensive of the three and toxic gases such as germane and silane 
are used in a CVD system, magnetron sputtering offers a lower cost and safer alternative in 

Figure 1. Lattice/band gap diagram for tetrahedrally coordinated semiconductors and their alloys [9].
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supplying epitaxial Ge films on Si, which is potentially capable of large-scale production with 
good uniformity. This chapter presents the successful epitaxial growth of Ge on Si by mag-
netron sputtering, investigation on the effects of substrate temperature, and the development 
of a novel method to grow epitaxial Ge on Si by magnetron sputtering at low temperature 
through one-step aluminum-assisted crystallization.

2. Growth mechanism of Ge epitaxy on Si

2.1. Stranski-Krastanow growth

Three modes are possible in epitaxial growth: Frank-van der Merwe [15], Volmer-Weber [16], 
and Stranski-Krastanow [17], as shown in Figure 2. Frank-van der Merwe and Volmer-Weber 
modes are pure 2D layer-by-layer growth and 3D island growth, respectively. Stranski-
Krastanow (SK mode) is a unique mode of 2D growth plus 3D island formation.

The interfacial free energy and the lattice mismatch determine which growth mode will be 
adopted in a given system [18]. In lattice-matched systems, the epitaxial film grows either in 
layer-by-layer mode or island growth mode depending on the interface energy and surface 
energy of the epitaxial film. In systems with large lattice mismatch, the growth mode may 
transit from 2D to island growth (SK mode) to relax strain in the epitaxial film. The early stage 
of the growth could be layer-by-layer due to the small interface energy. With epitaxial film 
growing thicker, strain energy is accumulated. The island formation is triggered to lower the 
total energy by introducing misfit dislocations.

Figure 2. Illustrations of three possible epitaxial growth modes: Frank-van der Merwe, Volmer-Weber, and Stranski-
Krastanow [18].

Epitaxial Growth of Ge on Si by Magnetron Sputtering
http://dx.doi.org/10.5772/intechopen.73554

47



The Ge epitaxial growth on Si can be described as SK growth mode due to the 4.2% lattice 
mismatch between Si and Ge [19, 20]. In order to be used as a virtual substrate for the III-V 
deposition, smooth Ge surface is required [21, 22]. The island formation kinetics can be sup-
pressed by shortened atomic surface migration length [23]. The reduced diffusion length can 
forbid the mass transport over a certain distance, which is required to form islands.

The diffusion length of Ge atoms could be reduced by using surfactant [24, 25] or low growth 
temperature [26, 27]. Sb has been used as a surfactant to suppress the Ge island formation. 
The energy barrier to diffuse is higher on the surfactant-covered surface than that of pure Si 
surface. In addition, the Ge atoms may be incorporated below the surfactant layer due to the 
site exchange process and therefore it is difficult for the Ge on top of the surfactant layer to 
diffuse as a relatively high diffusion barrier that has to be overcome. However, the use of sur-
factant also induces the incorporation of Sb leading to a n-type doping in the Ge film [28]. The 
effect of substrate temperature on the Ge surface roughness will be investigated in this work.

2.2. Lattice mismatch

Due to the 4.2% lattice mismatch between Si and Ge, the Ge epitaxial growth on Si is defect-
free only below the critical thickness. The thin wetting layer is compressively strained in plane 
to adapt its lattice constant to that of the underlying Si substrate. In the meanwhile, a tensile 
strain is introduced in perpendicular inducing a tetragonal distortion to the Ge lattice. The 
biaxial strain compensates the lattice mismatch and therefore no defect is formed. The critical 
thickness for the defect-free growth of strained Ge on Si is in the range of several nanometers, 
which is also affected by the growth temperature [29].

When Ge growing above the critical thickness, misfit dislocations will nucleate at the interface 
and thread segments of dislocations run through the layer to the surface as threading disloca-
tions. The misfit dislocations are incorporated to relax the strain arising from the lattice mis-
match between Si and Ge by introducing extra half plane of atoms [30]. The misfit dislocations 
are energetically stable at the Si and Ge interface when Ge layer is above the critical thickness. 
As byproduct of misfit dislocations, threading dislocations thread either form a dislocation loop 
or terminate at the film surface. The threading dislocations are detrimental for the electrical 
devices because they lie cross the whole film reducing the carrier mobility, carrier lifetime, and 
device reliability [31]. In this work, the epitaxial Ge layer has to be above the critical thickness 
to achieve a fully relaxed Ge surface matching the lattice of overlying III-V materials. The effect 
of substrate temperature on the threading dislocation density (TDD) of Ge will be investigated.

3. Epitaxial growth of Ge on Si by magnetron sputtering

3.1. Magnetron sputtering

Sputtering is a physical vapor deposition method. The target and the substrate are put on the 
cathode and anode, respectively. An inert gas such as argon (Ar) is introduced to create gas-
eous plasma by applying a voltage between the cathode and anode. The produced ions (Ar+) 
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are accelerated toward the source target to sputter neutral atoms of the target. The ejected 
neutral atoms will travel to the substrate in a straight line unless they have collision with 
particles such as Ar atoms. The sputtered atoms, which arrive at the substrate may implant, 
bounce, diffuse, or simply stick onto the substrate, depending on their kinetic energies. As a 
result, the substrate will be coated by a thin film composed of target materials.

In conventional RF sputtering, most electrons lose their energy in nonionizing collisions are 
collected by the anode. The efficiency of ionization from energetic collisions between the elec-
trons and gas atoms is low. Magnets are used to increase the percentage of electrons that 
participate in the ionization process. Large magnets are formed behind the target by applying 
a magnetic field at right angles to the electric field. The electrons are trapped near the target 
surface and kept in spiral motion until they collide with gas atoms. The increased probability 
of ionization significantly improves the efficiency of target materials sputtering and therefore 
increases the deposition rate at the substrate. Moreover, this allows the use of lower gas pres-
sure, which may improve the film quality.

Figure 3 shows a schematic diagram of the RF magnetron sputtering system employed in this 
work. Four-inch intrinsic Ge target was used for the depositions of Ge film on Si and 4-inch 
SiO2 target was used for capping layer deposition. The RF powers were supplied to the Ge 
and SiO2 targets by two independent RF generators. The RF reverse power was reduced to 
zero by tuning the variable capacitors in the impedance matching network. Each target had a 
shutter to isolate the substrate from the plasma. The tilt angle of the targets and the distance 
between the targets and the substrate could be adjusted to achieve good uniformity.

Gas inlet with mass flow meter was used to supply argon into the main chamber. The vacuum 
in the main chamber was established by a mechanical rotary pump and a turbo molecular 
pump. Moreover, a load lock chamber was employed to protect the vacuum condition in the 
main chamber. Quartz halogen lamps were used to heat the substrate. The deposition rate was 
controlled by varying the RF power applied on the target and measured by a crystal monitor. 
The substrate was rotated during deposition to improve uniformity of the films.

Figure 3. Schematic diagram of RF magnetron sputtering system used in this work.
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The Ge epitaxial growth on Si can be described as SK growth mode due to the 4.2% lattice 
mismatch between Si and Ge [19, 20]. In order to be used as a virtual substrate for the III-V 
deposition, smooth Ge surface is required [21, 22]. The island formation kinetics can be sup-
pressed by shortened atomic surface migration length [23]. The reduced diffusion length can 
forbid the mass transport over a certain distance, which is required to form islands.
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surface. In addition, the Ge atoms may be incorporated below the surfactant layer due to the 
site exchange process and therefore it is difficult for the Ge on top of the surfactant layer to 
diffuse as a relatively high diffusion barrier that has to be overcome. However, the use of sur-
factant also induces the incorporation of Sb leading to a n-type doping in the Ge film [28]. The 
effect of substrate temperature on the Ge surface roughness will be investigated in this work.

2.2. Lattice mismatch

Due to the 4.2% lattice mismatch between Si and Ge, the Ge epitaxial growth on Si is defect-
free only below the critical thickness. The thin wetting layer is compressively strained in plane 
to adapt its lattice constant to that of the underlying Si substrate. In the meanwhile, a tensile 
strain is introduced in perpendicular inducing a tetragonal distortion to the Ge lattice. The 
biaxial strain compensates the lattice mismatch and therefore no defect is formed. The critical 
thickness for the defect-free growth of strained Ge on Si is in the range of several nanometers, 
which is also affected by the growth temperature [29].

When Ge growing above the critical thickness, misfit dislocations will nucleate at the interface 
and thread segments of dislocations run through the layer to the surface as threading disloca-
tions. The misfit dislocations are incorporated to relax the strain arising from the lattice mis-
match between Si and Ge by introducing extra half plane of atoms [30]. The misfit dislocations 
are energetically stable at the Si and Ge interface when Ge layer is above the critical thickness. 
As byproduct of misfit dislocations, threading dislocations thread either form a dislocation loop 
or terminate at the film surface. The threading dislocations are detrimental for the electrical 
devices because they lie cross the whole film reducing the carrier mobility, carrier lifetime, and 
device reliability [31]. In this work, the epitaxial Ge layer has to be above the critical thickness 
to achieve a fully relaxed Ge surface matching the lattice of overlying III-V materials. The effect 
of substrate temperature on the threading dislocation density (TDD) of Ge will be investigated.

3. Epitaxial growth of Ge on Si by magnetron sputtering

3.1. Magnetron sputtering

Sputtering is a physical vapor deposition method. The target and the substrate are put on the 
cathode and anode, respectively. An inert gas such as argon (Ar) is introduced to create gas-
eous plasma by applying a voltage between the cathode and anode. The produced ions (Ar+) 
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are accelerated toward the source target to sputter neutral atoms of the target. The ejected 
neutral atoms will travel to the substrate in a straight line unless they have collision with 
particles such as Ar atoms. The sputtered atoms, which arrive at the substrate may implant, 
bounce, diffuse, or simply stick onto the substrate, depending on their kinetic energies. As a 
result, the substrate will be coated by a thin film composed of target materials.

In conventional RF sputtering, most electrons lose their energy in nonionizing collisions are 
collected by the anode. The efficiency of ionization from energetic collisions between the elec-
trons and gas atoms is low. Magnets are used to increase the percentage of electrons that 
participate in the ionization process. Large magnets are formed behind the target by applying 
a magnetic field at right angles to the electric field. The electrons are trapped near the target 
surface and kept in spiral motion until they collide with gas atoms. The increased probability 
of ionization significantly improves the efficiency of target materials sputtering and therefore 
increases the deposition rate at the substrate. Moreover, this allows the use of lower gas pres-
sure, which may improve the film quality.

Figure 3 shows a schematic diagram of the RF magnetron sputtering system employed in this 
work. Four-inch intrinsic Ge target was used for the depositions of Ge film on Si and 4-inch 
SiO2 target was used for capping layer deposition. The RF powers were supplied to the Ge 
and SiO2 targets by two independent RF generators. The RF reverse power was reduced to 
zero by tuning the variable capacitors in the impedance matching network. Each target had a 
shutter to isolate the substrate from the plasma. The tilt angle of the targets and the distance 
between the targets and the substrate could be adjusted to achieve good uniformity.

Gas inlet with mass flow meter was used to supply argon into the main chamber. The vacuum 
in the main chamber was established by a mechanical rotary pump and a turbo molecular 
pump. Moreover, a load lock chamber was employed to protect the vacuum condition in the 
main chamber. Quartz halogen lamps were used to heat the substrate. The deposition rate was 
controlled by varying the RF power applied on the target and measured by a crystal monitor. 
The substrate was rotated during deposition to improve uniformity of the films.

Figure 3. Schematic diagram of RF magnetron sputtering system used in this work.
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3.2. Experimental details

In this work, the epitaxial growth of Ge on Si is demonstrated by sputtering Ge target using 
the AJA ATC-2200 magnetron sputtering system. The base pressure of the chamber was 
5 × 10−7 mbar. N-type Si (100) wafers were used as the substrates. The Si substrates were 
cleaned using RCA solutions [32] followed by a HF dip. The Si substrate was immediately 
loaded into a load lock chamber after cleaning to minimize the oxidation of the Si surface.

The Ge films were sputter-deposited from a 4-inch intrinsic Ge target (99.999% purity) at a 
process pressure of 1.5 × 10−3 mbar. Rotation of 30 revolutions per minute was applied to the 
substrate during deposition to ensure the uniformity of the films. The Ar flow was kept at 
15 sccm and the RF power applied to the Ge target was 150 W. The Ge deposition rate was 
5 nm/min examined by a quartz crystal deposition rate monitor. 300 nm thick Ge films were 
sputter-deposited on Si at various substrate temperatures of 300, 400, and 500°C to investigate 
the effects of substrate temperature. The temperature calibration data was supplied and mea-
sured with a Si wafer by the manufacturer of the sputter system.

The surface morphology of Ge films was examined by atomic force microscopy (AFM) with 
Bruker Icon using the tapping mode. The scan area was 2 × 2 μm. The crystalline quality of 
the annealed Ge films was analyzed by high resolution X-ray diffraction (XRD), Raman spec-
troscopy, and transmission electron microscopy (TEM). The XRD measurements were per-
formed with Bruker D8 at a voltage of 45 kV and a current of 100 mA, using Cu Kα1 radiation 
(λ = 1.5406 Å). The diffractometer was calibrated by making the Si (400) diffraction peak from 
the substrate maximized and at its theoretical position. Raman spectra of the Ge films were 
measured with Renishaw inVia Raman microscope using Ar+ laser with wavelength of 514 nm 
as the excitation source. The beam power was limited to 6 mW to prevent the locally induced 
crystallization of Ge films during the measurement. Static mode with 20 times accumulation 
was employed to improve the signal to noise ratio. TEM measurements were conducted with 
Phillips CM200 microscope operating at 200 kV. The TEM samples were prepared by focused 
ion beam milling using Nova Nanolab 200.

3.3. Results and discussions

XRD 2θ-Ω scans were conducted on the Ge films deposited on Si at 300, 400, and 500°C in the 2θ 
range between 20 and 75° to examine the crystallinity of the Ge films. As shown in Figure 4(a), 
apart from the strong Si (400) peak at 69.2° attributed to the substrate, only one peak at around 
66° is observed which corresponds to Ge (400). The absence of any other Ge peaks indicates 
the Ge films might be single-crystalline Ge (100) which requires further examination by XRD 
Phi scans. Figure 4(b) shows Si (220) and Ge (220) Phi scan patterns collected from the sample 
deposited at 300°C by rotating the specimen with respect to the [110] axis. Only the four (220) 
reflections are observed in the Ge Phi scan pattern suggesting the film is with fourfold symme-
try about an axis normal to the substrate [33]. In addition, the Ge (220) reflections align with the 
Si substrate (220) reflections indicating the Ge is single-crystalline epitaxy film.

The interface of the Ge film and Si substrate is investigated by high-resolution TEM to confirm 
the epitaxial growth of Ge on Si. As shown in the atomic-resolution image at the interface in 
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Figure 4. (a) XRD 2θ-Ω diffraction patterns of the Ge films deposited on Si at 300°C, 400°C, and 500°C, (b) Si (220) and 
Ge (220) phi scan patterns collected from the sample deposited at 300°C showing the epitaxial relationship between the 
Ge film and Si substrate.

Figure 5. Atomic-resolution cross-sectional TEM image of Ge/Si interface on the sample deposited at 300°C.
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3.2. Experimental details
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cleaned using RCA solutions [32] followed by a HF dip. The Si substrate was immediately 
loaded into a load lock chamber after cleaning to minimize the oxidation of the Si surface.
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process pressure of 1.5 × 10−3 mbar. Rotation of 30 revolutions per minute was applied to the 
substrate during deposition to ensure the uniformity of the films. The Ar flow was kept at 
15 sccm and the RF power applied to the Ge target was 150 W. The Ge deposition rate was 
5 nm/min examined by a quartz crystal deposition rate monitor. 300 nm thick Ge films were 
sputter-deposited on Si at various substrate temperatures of 300, 400, and 500°C to investigate 
the effects of substrate temperature. The temperature calibration data was supplied and mea-
sured with a Si wafer by the manufacturer of the sputter system.

The surface morphology of Ge films was examined by atomic force microscopy (AFM) with 
Bruker Icon using the tapping mode. The scan area was 2 × 2 μm. The crystalline quality of 
the annealed Ge films was analyzed by high resolution X-ray diffraction (XRD), Raman spec-
troscopy, and transmission electron microscopy (TEM). The XRD measurements were per-
formed with Bruker D8 at a voltage of 45 kV and a current of 100 mA, using Cu Kα1 radiation 
(λ = 1.5406 Å). The diffractometer was calibrated by making the Si (400) diffraction peak from 
the substrate maximized and at its theoretical position. Raman spectra of the Ge films were 
measured with Renishaw inVia Raman microscope using Ar+ laser with wavelength of 514 nm 
as the excitation source. The beam power was limited to 6 mW to prevent the locally induced 
crystallization of Ge films during the measurement. Static mode with 20 times accumulation 
was employed to improve the signal to noise ratio. TEM measurements were conducted with 
Phillips CM200 microscope operating at 200 kV. The TEM samples were prepared by focused 
ion beam milling using Nova Nanolab 200.

3.3. Results and discussions

XRD 2θ-Ω scans were conducted on the Ge films deposited on Si at 300, 400, and 500°C in the 2θ 
range between 20 and 75° to examine the crystallinity of the Ge films. As shown in Figure 4(a), 
apart from the strong Si (400) peak at 69.2° attributed to the substrate, only one peak at around 
66° is observed which corresponds to Ge (400). The absence of any other Ge peaks indicates 
the Ge films might be single-crystalline Ge (100) which requires further examination by XRD 
Phi scans. Figure 4(b) shows Si (220) and Ge (220) Phi scan patterns collected from the sample 
deposited at 300°C by rotating the specimen with respect to the [110] axis. Only the four (220) 
reflections are observed in the Ge Phi scan pattern suggesting the film is with fourfold symme-
try about an axis normal to the substrate [33]. In addition, the Ge (220) reflections align with the 
Si substrate (220) reflections indicating the Ge is single-crystalline epitaxy film.

The interface of the Ge film and Si substrate is investigated by high-resolution TEM to confirm 
the epitaxial growth of Ge on Si. As shown in the atomic-resolution image at the interface in 

Epitaxy50

Figure 4. (a) XRD 2θ-Ω diffraction patterns of the Ge films deposited on Si at 300°C, 400°C, and 500°C, (b) Si (220) and 
Ge (220) phi scan patterns collected from the sample deposited at 300°C showing the epitaxial relationship between the 
Ge film and Si substrate.

Figure 5. Atomic-resolution cross-sectional TEM image of Ge/Si interface on the sample deposited at 300°C.
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Figure 5, the atoms are continuously aligned from the Si substrate to the grown Ge film sug-
gesting successful epitaxy. This results is in good agreement with the XRD measurements.

The crystallinity of the as-deposited film depends on both the substrate temperature and 
growth rate as indicated in the schematic diagram shown in Figure 6 [34]. The crystallin-
ity can be improved by increasing the substrate temperature and reducing the growth rate. 
The XRD and TEM results suggest that substrate temperature of 300°C is enough to obtain 
single-crystalline Ge epitaxial growth on Si at the growth the rate of 5 nm/min. The effects 
of substrate temperature on the quality of Ge films are investigated in the following section.

4. Effects of substrate temperature

As reviewed in the previous section, the substrate temperature may play an important role 
in determining the growth mode. The effects of substrate temperature on the properties of 
sputter-deposited epitaxial Ge films are discussed in this section. 300 nm thick Ge films were 
sputter-deposited on Si at various substrate temperatures of 300, 400, and 500°C.

The effect of substrate temperature on surface morphology of the Ge films is investigated 
using tapping mode AFM. Figure 7 shows the 2D and 3D AFM images of the Ge films depos-
ited at (a) 300°C, (b) 400°C, and (c) 500°C. It can be seen from the 3D AFM images that the sur-
face morphology varies significantly among the Ge films deposited at different temperatures. 
The root mean square (RMS) surface roughness of the Ge films increases from 0.49 to 6.87 nm 
with substrate temperature increasing from 300 to 500°C. The increase in surface roughness 
with increasing substrate temperature indicates the growth switching from layer-by-layer 
mode to islanding mode with increasing substrate temperature.

In general, the epitaxial growth of Ge on Si follows the Stranski-Krastanow mode due to the lat-
tice mismatch [18]. The growth initially follows layer-by-layer mode and progresses into island 

Figure 6. A schematic phase map of the crystallinity of as-deposited semiconductor films as function of growth rate and 
temperature [34].
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mode when the layer becoming thicker. The thicker layer has large strain energy, which can be 
lowered by forming isolated thick islands. The island formation can be avoided by reducing 
the diffusion length of Ge. The reduced diffusion length hinders the mass transport of Ge over 
large distances which is necessary for the formation of islands [23]. Since the diffusion length of 
Ge decreases with reducing substrate temperature, the islanding is suppressed at low substrate 
temperature. As shown in Figure 7, layer-by-layer growth can be obtained at low temperature 
of 300°C to achieve smooth Ge surface, which is favored for the following III-V deposition. 
However, the low substrate temperature might induce the degradation of crystallinity simulta-
neously which will be investigated by the following XRD and TEM measurements.

The XRD reciprocal space mappings (RSM) were conducted to investigate the effect of sub-
strate temperature on the crystallinity of the Ge films. Figure 8 shows the (004) RSM of the 
Ge films deposited at (a) 300°C, (b) 400°C, and (c) 500°C. Figure 8(a) demonstrates that the Ge 

Figure 7. 2D and 3D AFM images showing the surface morphology of the Ge films deposited at (a) 300°C, (b) 400°C, 
and (c) 500°C.
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The XRD and TEM results suggest that substrate temperature of 300°C is enough to obtain 
single-crystalline Ge epitaxial growth on Si at the growth the rate of 5 nm/min. The effects 
of substrate temperature on the quality of Ge films are investigated in the following section.
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sputter-deposited on Si at various substrate temperatures of 300, 400, and 500°C.

The effect of substrate temperature on surface morphology of the Ge films is investigated 
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face morphology varies significantly among the Ge films deposited at different temperatures. 
The root mean square (RMS) surface roughness of the Ge films increases from 0.49 to 6.87 nm 
with substrate temperature increasing from 300 to 500°C. The increase in surface roughness 
with increasing substrate temperature indicates the growth switching from layer-by-layer 
mode to islanding mode with increasing substrate temperature.

In general, the epitaxial growth of Ge on Si follows the Stranski-Krastanow mode due to the lat-
tice mismatch [18]. The growth initially follows layer-by-layer mode and progresses into island 
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mode when the layer becoming thicker. The thicker layer has large strain energy, which can be 
lowered by forming isolated thick islands. The island formation can be avoided by reducing 
the diffusion length of Ge. The reduced diffusion length hinders the mass transport of Ge over 
large distances which is necessary for the formation of islands [23]. Since the diffusion length of 
Ge decreases with reducing substrate temperature, the islanding is suppressed at low substrate 
temperature. As shown in Figure 7, layer-by-layer growth can be obtained at low temperature 
of 300°C to achieve smooth Ge surface, which is favored for the following III-V deposition. 
However, the low substrate temperature might induce the degradation of crystallinity simulta-
neously which will be investigated by the following XRD and TEM measurements.

The XRD reciprocal space mappings (RSM) were conducted to investigate the effect of sub-
strate temperature on the crystallinity of the Ge films. Figure 8 shows the (004) RSM of the 
Ge films deposited at (a) 300°C, (b) 400°C, and (c) 500°C. Figure 8(a) demonstrates that the Ge 
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Figure 8. XRD (004) reciprocal space maps of the Ge films deposited at (a) 300°C, (b) 400°C, and (c) 500°C.

diffraction spots are elongated along the Qx direction, which is due to the deteriorated crystal 
quality [35]. With the substrate temperature increasing from 300 to 500°C, the Ge peak exhib-
its steeper decay in the Qx direction and the Ge peak position shows a slight upwards shift 
along the Qz direction. These results indicate that the Ge film deposited at higher temperature 
has lower defect density and reduced compressive strain.

Micro-Raman spectra were used to investigate the structural property of the surface layer in the 
Ge samples deposited on Si at 300°C, 400°C, and 500°C. The penetration depth of the laser in 
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the Ge layer was limited within the top 20 nanometers by using the wavelength of 514 nm exci-
tation source [36]. As shown in Figure 9, the Ge films exhibit peaks centered around 300 cm−1 
corresponding to the Ge-Ge optical vibration modes [37]. All the Ge films deposited at various 
temperatures exhibit peaks positioned at a higher wavenumber than the bulk unstrained Ge, 
suggesting compressive strains in the films. With increasing substrate temperatures, the peak 
positions of the Ge films shift to lower wavenumbers toward that of the bulk Ge indicating 
decreased compressive strain in the films [38], which is in agreement with the XRD results.

The reduction of compressive strain with increasing substrate temperature might be due to 
the difference in linear thermal expansion coefficients between Si and Ge. The thermal expan-
sion coefficient of Ge is Δa/a (Ge) = 5.8 × 10−6 ΔT (°C), which is larger than that of Si, Δa/a 
(Si) = 2.6 × 10−6 ΔT (°C) [39]. The Ge films, which are nearly fully lattice-matched to the Si sub-
strate at the growth temperature experience tensile strain when cooling to room temperature 
[40]. This is because the perpendicular lattice parameter of the Ge films shrinks more easily 
during cooling process than the in-plane lattice which is influenced by the underneath Si sub-
strate with lower thermal expansion coefficient.

Figure 10 shows the cross-sectional TEM images of Ge samples deposited at 300°C in (a) bright 
and (b) dark field, deposited at 400°C in (c) bright and (d) dark field, and deposited at 500°C in (e) 
bright and (f) dark field. As shown in Figure 10(a) and (b), the Ge film deposited at 300°C exhibits 
very high TDD which is estimated to be of the order of 1010 cm−2. The high TDD might be owing 
to the reduced diffusion length of Ge at low temperature. With increasing substrate temperature, 
the TDD decreases and some planar defects are observed in the Ge film deposited at 500°C as 
shown in Figure 10(c)–(f). The density of the planar defects is particularly high in the vicinity area 
of the Ge/Si interface and most of them are restricted to that region and do not extend to the film 

Figure 9. Raman spectra of the Ge films deposited on Si at 300, 400, and 500°C.
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Figure 8. XRD (004) reciprocal space maps of the Ge films deposited at (a) 300°C, (b) 400°C, and (c) 500°C.

diffraction spots are elongated along the Qx direction, which is due to the deteriorated crystal 
quality [35]. With the substrate temperature increasing from 300 to 500°C, the Ge peak exhib-
its steeper decay in the Qx direction and the Ge peak position shows a slight upwards shift 
along the Qz direction. These results indicate that the Ge film deposited at higher temperature 
has lower defect density and reduced compressive strain.

Micro-Raman spectra were used to investigate the structural property of the surface layer in the 
Ge samples deposited on Si at 300°C, 400°C, and 500°C. The penetration depth of the laser in 
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the Ge layer was limited within the top 20 nanometers by using the wavelength of 514 nm exci-
tation source [36]. As shown in Figure 9, the Ge films exhibit peaks centered around 300 cm−1 
corresponding to the Ge-Ge optical vibration modes [37]. All the Ge films deposited at various 
temperatures exhibit peaks positioned at a higher wavenumber than the bulk unstrained Ge, 
suggesting compressive strains in the films. With increasing substrate temperatures, the peak 
positions of the Ge films shift to lower wavenumbers toward that of the bulk Ge indicating 
decreased compressive strain in the films [38], which is in agreement with the XRD results.

The reduction of compressive strain with increasing substrate temperature might be due to 
the difference in linear thermal expansion coefficients between Si and Ge. The thermal expan-
sion coefficient of Ge is Δa/a (Ge) = 5.8 × 10−6 ΔT (°C), which is larger than that of Si, Δa/a 
(Si) = 2.6 × 10−6 ΔT (°C) [39]. The Ge films, which are nearly fully lattice-matched to the Si sub-
strate at the growth temperature experience tensile strain when cooling to room temperature 
[40]. This is because the perpendicular lattice parameter of the Ge films shrinks more easily 
during cooling process than the in-plane lattice which is influenced by the underneath Si sub-
strate with lower thermal expansion coefficient.

Figure 10 shows the cross-sectional TEM images of Ge samples deposited at 300°C in (a) bright 
and (b) dark field, deposited at 400°C in (c) bright and (d) dark field, and deposited at 500°C in (e) 
bright and (f) dark field. As shown in Figure 10(a) and (b), the Ge film deposited at 300°C exhibits 
very high TDD which is estimated to be of the order of 1010 cm−2. The high TDD might be owing 
to the reduced diffusion length of Ge at low temperature. With increasing substrate temperature, 
the TDD decreases and some planar defects are observed in the Ge film deposited at 500°C as 
shown in Figure 10(c)–(f). The density of the planar defects is particularly high in the vicinity area 
of the Ge/Si interface and most of them are restricted to that region and do not extend to the film 

Figure 9. Raman spectra of the Ge films deposited on Si at 300, 400, and 500°C.

Epitaxial Growth of Ge on Si by Magnetron Sputtering
http://dx.doi.org/10.5772/intechopen.73554

55



Figure 10. Cross-sectional TEM images of Ge samples deposited at 300°C in (a) bright and (b) dark field, deposited at 
400°C in (c) bright and (d) dark field, and deposited at 500°C in (e) bright and (f) dark field.

surface which is consistent with previous report [41]. The TDD of the Ge film deposited at 500°C 
is in the order of 109 cm−2, one magnitude order lower than that deposited at 300°C. The improved 
crystallinity with increasing substrate temperature agrees well with the XRD results.

5. Epitaxial growth of Ge on Si at low temperatures by one-step 
aluminum-assisted crystallization

The aluminum-induced crystallization (AIC) of Si, Ge and SiGe on foreign substrates has 
been extensively studied by several groups to obtain polycrystalline material at a low tem-
perature [42–45]. The a-Ge/Al/c-Si structure has been investigated and epitaxial SiGe alloys 
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were obtained [46]. The aforementioned conventional AIC includes two steps: (1) depositing 
a stacked Al and amorphous Ge layer on the Si substrate, (2) postdeposition annealing to 
induce the layer exchange process. The postdeposition annealing introduces the diffusion 
of Si into the Ge layer resulting in formation of SixGe1−x alloy. In order to achieve epitaxial 
growth of pure Ge on Si through Al at low temperature, one-step aluminum-assisted crystal-
lization is developed.

The novelty of one-step aluminum-assisted crystallization of Ge epitaxy on Si lies in the 
elimination of the postdeposition annealing step [47]. This process simply requires sequential 
depositions of Al and Ge films via magnetron sputtering in the same chamber without break-
ing the vacuum. By applying an in-situ low temperature (50–150°C) heat treatment in between 
Al and Ge sputter depositions, the epitaxial growth of Ge on Si is achieved. This low tempera-
ture process has a low thermal budget and can fabricate pure Ge layer compared with SixGe1−x 
alloy as obtained in the conventional process. The effects of Al heating temperature on the 
properties of the epitaxial Ge films are investigated and the mechanism of epitaxial growth of 
Ge on Si by one-step aluminum-assisted crystallization is discussed based on observations on 
samples with various Ge deposition times.

The Al films were sputter-deposited onto Si substrates at room temperature using a 2 inch 
intrinsic Al target (99.999% purity) at a deposition rate of 3 nm/min. The samples then under-
went an in-situ heat treatment for 10 minutes prior to the Ge deposition. The Ge films were 
then sputter-deposited using a 4 inch intrinsic Ge target (99.999% purity) without further inten-
tional substrate heating at 5 nm/min. The Al heating temperatures were varied at 50°C (Sample 
ID: 60-50-12), 100°C (Sample ID: 60-100-12), and 150°C (Sample ID: 60-150-12) with Al thick-
ness of 60 nm and Ge deposition time of 12 min to investigate the effect of heating temperature. 
One control sample (Sample ID: 60-NA-12) did not undergo this heat treatment. Shorter Ge 
deposition of 1 minute (Sample ID: 60-100-1) and 3 minutes (Sample ID: 60-100-3) were experi-
mented on substrates with 60 nm Al deposition and 100°C heat treatment as well with the aim 
to investigate the mechanism of Ge epitaxial growth on Si by one-step aluminum-assisted crys-
tallization. The Ge samples were analyzed by XRD, TEM and EDS (Phillips CM200 microscope 
equipped with an EDAX energy dispersive X-ray spectroscopy system) measurements.

5.1. Effects of heating temperature

Figure 11(a) shows the XRD 2θ-Ω diffraction patterns of samples 60-NA-12, 60-50-12, 60-00-
12 and 60-150-12. For sample 60-NA-12, the XRD pattern shows a peak at 65.2° corresponding 
to Al (220) and a strong Si (400) peak at 69.2° from the Si substrate. The Ge film on 60-NA-12 
is amorphous due to the absence of a Ge peak. For samples 60-50-12, 60-100-12 and 60-150-
12, apart from the Al peak and Si peak, a peak located at 66° is present which corresponds to 
Ge (400). The absence of any other Ge peaks and the results of X-ray Phi scans indicate the 
Ge films are single-crystalline Ge (100). Figure 11(b) shows the Si (220) and Ge (220) Phi scan 
patterns collected from sample 60-100-12 by rotating the specimen with respect to the [110] 
axis. The four (220) reflections are observed in the Ge Phi scan pattern which suggests the 
film is with fourfold symmetry about an axis normal to the Si substrate [33]. In addition, the 
Ge (220) reflections align with the Si substrate (220) reflections indicating the Ge is single-
crystalline epitaxy film.
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Figure 10. Cross-sectional TEM images of Ge samples deposited at 300°C in (a) bright and (b) dark field, deposited at 
400°C in (c) bright and (d) dark field, and deposited at 500°C in (e) bright and (f) dark field.

surface which is consistent with previous report [41]. The TDD of the Ge film deposited at 500°C 
is in the order of 109 cm−2, one magnitude order lower than that deposited at 300°C. The improved 
crystallinity with increasing substrate temperature agrees well with the XRD results.

5. Epitaxial growth of Ge on Si at low temperatures by one-step 
aluminum-assisted crystallization

The aluminum-induced crystallization (AIC) of Si, Ge and SiGe on foreign substrates has 
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perature [42–45]. The a-Ge/Al/c-Si structure has been investigated and epitaxial SiGe alloys 
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were obtained [46]. The aforementioned conventional AIC includes two steps: (1) depositing 
a stacked Al and amorphous Ge layer on the Si substrate, (2) postdeposition annealing to 
induce the layer exchange process. The postdeposition annealing introduces the diffusion 
of Si into the Ge layer resulting in formation of SixGe1−x alloy. In order to achieve epitaxial 
growth of pure Ge on Si through Al at low temperature, one-step aluminum-assisted crystal-
lization is developed.

The novelty of one-step aluminum-assisted crystallization of Ge epitaxy on Si lies in the 
elimination of the postdeposition annealing step [47]. This process simply requires sequential 
depositions of Al and Ge films via magnetron sputtering in the same chamber without break-
ing the vacuum. By applying an in-situ low temperature (50–150°C) heat treatment in between 
Al and Ge sputter depositions, the epitaxial growth of Ge on Si is achieved. This low tempera-
ture process has a low thermal budget and can fabricate pure Ge layer compared with SixGe1−x 
alloy as obtained in the conventional process. The effects of Al heating temperature on the 
properties of the epitaxial Ge films are investigated and the mechanism of epitaxial growth of 
Ge on Si by one-step aluminum-assisted crystallization is discussed based on observations on 
samples with various Ge deposition times.

The Al films were sputter-deposited onto Si substrates at room temperature using a 2 inch 
intrinsic Al target (99.999% purity) at a deposition rate of 3 nm/min. The samples then under-
went an in-situ heat treatment for 10 minutes prior to the Ge deposition. The Ge films were 
then sputter-deposited using a 4 inch intrinsic Ge target (99.999% purity) without further inten-
tional substrate heating at 5 nm/min. The Al heating temperatures were varied at 50°C (Sample 
ID: 60-50-12), 100°C (Sample ID: 60-100-12), and 150°C (Sample ID: 60-150-12) with Al thick-
ness of 60 nm and Ge deposition time of 12 min to investigate the effect of heating temperature. 
One control sample (Sample ID: 60-NA-12) did not undergo this heat treatment. Shorter Ge 
deposition of 1 minute (Sample ID: 60-100-1) and 3 minutes (Sample ID: 60-100-3) were experi-
mented on substrates with 60 nm Al deposition and 100°C heat treatment as well with the aim 
to investigate the mechanism of Ge epitaxial growth on Si by one-step aluminum-assisted crys-
tallization. The Ge samples were analyzed by XRD, TEM and EDS (Phillips CM200 microscope 
equipped with an EDAX energy dispersive X-ray spectroscopy system) measurements.

5.1. Effects of heating temperature

Figure 11(a) shows the XRD 2θ-Ω diffraction patterns of samples 60-NA-12, 60-50-12, 60-00-
12 and 60-150-12. For sample 60-NA-12, the XRD pattern shows a peak at 65.2° corresponding 
to Al (220) and a strong Si (400) peak at 69.2° from the Si substrate. The Ge film on 60-NA-12 
is amorphous due to the absence of a Ge peak. For samples 60-50-12, 60-100-12 and 60-150-
12, apart from the Al peak and Si peak, a peak located at 66° is present which corresponds to 
Ge (400). The absence of any other Ge peaks and the results of X-ray Phi scans indicate the 
Ge films are single-crystalline Ge (100). Figure 11(b) shows the Si (220) and Ge (220) Phi scan 
patterns collected from sample 60-100-12 by rotating the specimen with respect to the [110] 
axis. The four (220) reflections are observed in the Ge Phi scan pattern which suggests the 
film is with fourfold symmetry about an axis normal to the Si substrate [33]. In addition, the 
Ge (220) reflections align with the Si substrate (220) reflections indicating the Ge is single-
crystalline epitaxy film.
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The Ge peak intensity of sample 60-50-12 is lower than that of sample 60-100-12 as shown 
in Figure 11(a) due to incomplete Ge crystallization. The drop in Ge peak intensity for 
sample 60-150-12 might be due to the lower number of Al grain boundaries compared with 
that of sample 60-100-12. The Al grain boundaries play an important role in the Al-assisted 
crystallization process as they supply pathways for the Ge atoms to be epitaxially grown 
from the Si surface [46]. With increasing heating temperature, Al grain size is enlarged and 
therefore the density of grain boundaries is reduced [48] verified by the following TEM 
measurements.

Figure 12 shows the cross-sectional TEM images of samples 60-NA-12, 60-50-12, 60-100-12, 
and 60-150-12. Figure 12(a) shows the absence of Ge crystallization as the Al and amorphous 
Ge layers on the Si substrate. Figure 12(b)–(d) show the Ge epitaxial growth at selected sites on 
samples 60-50-12, 60-100-12, and 60-150-12. With increasing heating temperature, the crystalli-
zation sites decrease probably due to the decrease in density of Al grain boundaries [48], which 

Figure 11. (a) XRD 2θ-Ω diffraction patterns of samples 60-NA-12, 60-50-12, 60-100-12 and 60-150-12, (b) Si (220) and Ge 
(220) phi scan patterns collected from the sample 60-100-12 showing the epitaxial relationship between the Ge film and 
Si substrate. (reprinted from Liu et al. [47], with the permission of AIP publishing).
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are responsible for supplying pathways for the nucleation of the Ge from the Si substrate [46]. 
An amorphous Ge layer is shown in Figure 12(b) verifying the previous observations that Ge 
crystallization is in-complete on sample 60-50-12. Although sample 60-50-12 has more nucle-
ation sites, it exhibits more discontinuous Ge layer compared with sample 60-100-12 owing to 
the incomplete crystallization.

The Ge/Si interface of sample 60-100-12 is magnified and shown in Figure 12(e). The epitaxial 
growth of the Ge layer on Si is revealed and planar defects are observed at the interface in 
Figure 12(e). Figure 12(f) shows the continuous alignment of the atoms from the Si substrate 
to the grown Ge film suggesting successful epitaxy. Furthermore, the electron diffraction pat-
tern taken from the Ge layer shown in the insert to Figure 12(f) indicates the Ge is single 
crystal [49]. This result is in good agreement with the XRD measurements.

Figure 12. Cross-sectional TEM images of samples (a) 60-NA-12, (b) 60-50-12, (c) 60-100-12, and (d) 60-150-12. (e) Higher 
magnification and (f) atomic resolution (with SAED pattern in the insert) images of Ge/Si interface on sample 60-100-12. 
(reprinted from Liu et al. [47], with the permission of AIP Publishing).
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are responsible for supplying pathways for the nucleation of the Ge from the Si substrate [46]. 
An amorphous Ge layer is shown in Figure 12(b) verifying the previous observations that Ge 
crystallization is in-complete on sample 60-50-12. Although sample 60-50-12 has more nucle-
ation sites, it exhibits more discontinuous Ge layer compared with sample 60-100-12 owing to 
the incomplete crystallization.

The Ge/Si interface of sample 60-100-12 is magnified and shown in Figure 12(e). The epitaxial 
growth of the Ge layer on Si is revealed and planar defects are observed at the interface in 
Figure 12(e). Figure 12(f) shows the continuous alignment of the atoms from the Si substrate 
to the grown Ge film suggesting successful epitaxy. Furthermore, the electron diffraction pat-
tern taken from the Ge layer shown in the insert to Figure 12(f) indicates the Ge is single 
crystal [49]. This result is in good agreement with the XRD measurements.

Figure 12. Cross-sectional TEM images of samples (a) 60-NA-12, (b) 60-50-12, (c) 60-100-12, and (d) 60-150-12. (e) Higher 
magnification and (f) atomic resolution (with SAED pattern in the insert) images of Ge/Si interface on sample 60-100-12. 
(reprinted from Liu et al. [47], with the permission of AIP Publishing).
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5.2. Mechanism of one-step aluminum-assisted crystallization

To better understand the mechanism of the epitaxial growth of Ge on Si through one-step alu-
minum-assisted crystallization, EDS mapping of samples that underwent different Ge depo-
sition times (1 minute, 3 minutes and 12 minutes) were carried out. The cross-sectional TEM 
images (top row), EDS maps of Ge (middle row) and EDS maps of Al (bottom row) of samples 
60-100-1, 60-100-3, and 60-100-12 are shown in Figure 13(a)–(c), respectively. They reveal the 
Ge and Al distributions at different stages of the crystallization process. As shown, the pro-
cess begins with the Ge nucleating at selected sites at the Si and Al interface. With increasing 
deposition time, the Ge tends to grow upwards at the initial stage and then grow laterally.

The mechanism of the epitaxial growth of Ge on Si by one-step aluminum-assisted crystal-
lization is discussed as follows. The covalent bonds of Ge are weakened at the interface with 
the Al layer as a consequence of a screening effect of the free electrons in the Al layer [50]. 
These Ge atoms have relatively high mobility and may provide the agent for initiating the 
crystallization process. These mobile atoms tend to lower the Gibbs energy of the system 
by diffusing to sites of low energy such as the Al grain boundaries. This diffusion is some-
times called grain boundary wetting that reduces total interface energy by replacing the grain 

Figure 13. Cross-sectional TEM images (top), EDS maps of Ge (middle) and al (bottom) of samples (a) 60-100-1, (b) 
60-100-3, and (c) 60-100-12. (reprinted from Liu et al. [47], with the permission of AIP publishing.
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boundary with two interphase boundaries [51]. The diffusion of Ge into the Al grain bound-
aries forms a pathway to supply the material for crystallization. The crystallization is then 
driven by the reduction in bulk Gibbs energy when the material changes from amorphous 
to crystalline [52]. However, this can be counteracted by the increase in interface energy as 
crystallization proceeds [53]. When a heat treatment is applied, the interface energy at the 
crystalline-amorphous interface increases, while the interface energy at the crystalline-crys-
talline decreases [43]. This effectively reduces the energy difference between the crystalline-
amorphous and the crystalline-crystalline interfaces favoring the crystallization process. This 
explains the observed Ge crystallization in the heat treated samples. As studied and discussed 
in previous work [46], the Al/Si is the preferred interface to Ge/Al for nucleation, as observed 
on sample 60-100-1 in this work. After the nucleation on Si substrate, the epitaxial growth of 
Ge continues with further incorporation of Ge atoms though the Al grain boundaries.

6. Conclusions

Epitaxial growth of Ge films on Si has been achieved using magnetron sputtering which is 
low cost, safe and scalable. The effects of substrate temperature on the properties of the Ge 
films have been investigated. The surface roughness of the Ge films increases with substrate 
temperature. Smooth surface with RMS roughness of 0.48 nm can be obtained at 300°C owing 
to the reduced diffusion length of Ge atoms at low temperature. On the other hand, the crys-
tallinity of the Ge films could be improved by increasing substrate temperature as revealed 
by XRD and TEM measurements. In addition, the compressive strain in the Ge films decreases 
with increasing substrate temperature owing to the difference in the thermal expansion coef-
ficients between Si and Ge.

Epitaxial growth of Ge films on Si by magnetron sputtering at low temperature has been 
achieved through one-step aluminum-assisted crystallization. By applying an in-situ low tem-
perature (50–150°C) heat treatment in between Al and Ge sputter depositions, the epitaxial 
growth of Ge on Si can be achieved as verified by high resolution TEM and XRD analyses. The 
mechanism of epitaxial growth of Ge on Si substrate by one-step aluminum-assisted crystal-
lization is discussed based on observations on samples with various Ge deposition times. This 
method significantly lowers the required temperature for and therefore the cost of epitaxial 
growth of Ge on Si.
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boundary with two interphase boundaries [51]. The diffusion of Ge into the Al grain bound-
aries forms a pathway to supply the material for crystallization. The crystallization is then 
driven by the reduction in bulk Gibbs energy when the material changes from amorphous 
to crystalline [52]. However, this can be counteracted by the increase in interface energy as 
crystallization proceeds [53]. When a heat treatment is applied, the interface energy at the 
crystalline-amorphous interface increases, while the interface energy at the crystalline-crys-
talline decreases [43]. This effectively reduces the energy difference between the crystalline-
amorphous and the crystalline-crystalline interfaces favoring the crystallization process. This 
explains the observed Ge crystallization in the heat treated samples. As studied and discussed 
in previous work [46], the Al/Si is the preferred interface to Ge/Al for nucleation, as observed 
on sample 60-100-1 in this work. After the nucleation on Si substrate, the epitaxial growth of 
Ge continues with further incorporation of Ge atoms though the Al grain boundaries.

6. Conclusions

Epitaxial growth of Ge films on Si has been achieved using magnetron sputtering which is 
low cost, safe and scalable. The effects of substrate temperature on the properties of the Ge 
films have been investigated. The surface roughness of the Ge films increases with substrate 
temperature. Smooth surface with RMS roughness of 0.48 nm can be obtained at 300°C owing 
to the reduced diffusion length of Ge atoms at low temperature. On the other hand, the crys-
tallinity of the Ge films could be improved by increasing substrate temperature as revealed 
by XRD and TEM measurements. In addition, the compressive strain in the Ge films decreases 
with increasing substrate temperature owing to the difference in the thermal expansion coef-
ficients between Si and Ge.

Epitaxial growth of Ge films on Si by magnetron sputtering at low temperature has been 
achieved through one-step aluminum-assisted crystallization. By applying an in-situ low tem-
perature (50–150°C) heat treatment in between Al and Ge sputter depositions, the epitaxial 
growth of Ge on Si can be achieved as verified by high resolution TEM and XRD analyses. The 
mechanism of epitaxial growth of Ge on Si substrate by one-step aluminum-assisted crystal-
lization is discussed based on observations on samples with various Ge deposition times. This 
method significantly lowers the required temperature for and therefore the cost of epitaxial 
growth of Ge on Si.
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In the context of miniaturization of devices, ferroelectric materials are used as multifunc-
tional materials for their well-known intrinsic properties, especially for the switching of 
polarization in an applied electric field. The high-quality epitaxial thin film structures 
are used for the possibility to study different effects as low dimensions, interface, strain 
and strain gradients on ferroelectric materials and other electric characteristics, also rep-
resenting a possibility to obtain new phenomena and properties that can be used for 
development of new devices with different functionalities. This chapter is a summary of 
the ferroelectric and dielectric behaviour of epitaxial thin films of Pb(Zr,Ti)O3 (PZT) and 
BaTiO3 (BTO) obtained by pulsed laser deposition and the correlation with structural 
quality of the layers and with different electrostatic conditions induced either by elec-
trodes or by the different interlayers. For this purpose in the first part, studies regarding 
the influence of the substrates and of different top electrodes are performed for Pb(Zr,Ti)
O3 (PZT) 52/48. In the second part, we focused on artificial multiferroic structures from 
alternating layers of PZT 20/80 or BaTiO3 (BTO) as ferroelectric phase and CoFe2O4 (CFO) 
as magnetic material. We found that interface configuration and strain engineering could 
control ferroelectric hysteresis, the capacitance or the leakage current magnitude.
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1. Introduction

Ferroelectrics are multifunctional materials possessing special properties derived from 
the presence of the spontaneous polarization in the absence of an applied electric field. 
Ferroelectricity is electrical analogue of ferromagnetism, the distinguishing property of fer-
roelectricity being the possibility of reversing the spontaneous polarization when an external 
electric field is applied in the opposite direction. As a consequence, the polarization describes 
a hysteresis loop as magnetization does in ferromagnetic materials. Ferroelectric materials 
also possess piezoelectric and pyroelectric properties which are used in many electronic appli-
cations, such as tunable capacitors, ferroelectric nonvolatile memories, ultrasound sensors 
or generators and infrared sensors [1–4]. Another interesting topic is related to multiferroic 
materials—single phase or heterostructures—which possess more than one order parameter 
(usually magnetic and ferroelectric ordering) and which can lead to new applications if there 
is a coupling between the order parameters [5–9].

For many applications, the ferroelectrics are used either as bulk ceramics/single crystals or 
as thin films with different structural qualities, from polycrystalline to epitaxial. The neces-
sary electrical properties for different applications of ferroelectric materials are strongly influ-
enced by the structural quality. For instance, the existence of the grains and grain boundaries 
in nanostructured thin films/polycrystalline thin films can induce modification on the magni-
tude of polarization, dielectric constant and so forth. As for the standard semiconductors, the 
studies of intrinsic electrical properties should be performed on high-quality single-crystal 
samples. One method to obtain such samples is to deposit thin films of epitaxial quality. The 
obtaining of epitaxy for ferroelectric materials often involves the deposition of the ferroelec-
tric thin films on single-crystal substrates, with different buffer or electrode layers, resulting 
in a heteroepitaxial growth of the film. Therefore, the use of materials with different values for 
the lattice parameters can generate mechanical tensions/deformations and strain in the lattice 
of the ferroelectric film [10–13].

It is known that, by changing the pressure on ferroelectric bulk ceramics or single crystals, 
the transition temperature, piezoelectric and dielectric constants can be modified. In the case 
of thin films, applying significant hydrostatic pressure to induce modification of ferroelectric 
properties leads to physical cracks of the samples. Thus, the epitaxy offers the possibility to 
induce strain and strain-polarization coupling for the enhancement of ferroelectric proper-
ties. Examples of the influence of the strain in epitaxial heterostructures are enhancement of 
polarization in BaTiO3 (BTO) [14–16], the shift of the transition temperature for PbTiO3 and 
BaTiO3 films towards higher values [17], room temperature-induced ferroelectricity in SrTiO3 
thin films [14–16] and in un-doped HfO2 layers [18] or in artificial superlattices [19] formed 
from non-ferroelectric materials, etc. These phenomena are specific for fully coherent thin 
films with low density of dislocations. Nevertheless, by growing the thickness of the depos-
ited ferroelectric layer, many dislocations and other defects appear in order to minimize the 
free energy of the systems. Different lattice relaxation processes could generate strain gradi-
ents in the films, which could imply a flexoelectric field. The effects of these supplementary 
fields lead to different behaviours in polarization switching, shift of the hysteresis loop along 
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voltage axis, modification of remnant polarization and occurrence of diode-like current char-
acteristics with dependence on polarization direction [20–22].

As complex equivalent circuits are used for many applications involving ferroelectric mate-
rials, it ensures that good knowledge of the electric properties of these materials is a very 
important topic besides the deposition method and the structural quality. The ferroelectric 
materials/thin films should be integrated in a capacitor-like structure for the study of the elec-
trical properties. Therefore, a common way to build such a structure is to deposit a continuous 
conductor thin film as bottom electrode, on which ferroelectric thin film is further deposited. 
On top of this structure, the top electrode is deposited using a shadow mask, which delimi-
tates the active area of the capacitor. The specific measurements can be realized by connecting 
the measurement circuit on the upper and bottom electrodes.

The most used characterization techniques for investigation of ferroelectric properties are 
hysteresis loops of polarization versus the applied electric field, small signal capacitance mea-
surements (as dependence of capacitance on voltage, frequency or temperature) and leak-
age current. These characteristics offer information about the ferroelectric character of the 
structure (e.g. the measurement of a rectangular hysteresis loop or a butterfly shape of the 
capacitance-voltage characteristics) or the values for different parameters of interest (dielec-
tric constant, coercive field, magnitude of polarization and transition temperature).

One of the most studied classes of ferroelectric materials is oxide ferroelectrics, especially 
the subclass of the materials with perovskite structure. BaTiO3 and Pb(Zr,Ti)O3 (PZT) are 
the most investigated materials from this category from the point of view of applications. 
In this chapter, we will present the electrical and ferroelectric properties for this type of epi-
taxial ferroelectric thin films, obtained by pulsed laser deposition (PLD), and their depen-
dence on the type of the substrate used for deposition or on the material used for the top 
electrode. Further on, we will show that, by constructing artificially layered structures from 
thin films of ferroelectric materials and materials having different electric/dielectric proper-
ties, the ferroelectric/electric properties can be modified and engineered to obtain enhanced 
or even new properties. For example, due to either electromechanical or electrostatic inter-
actions, a tuning of capacitance, switching behaviour or leakage current magnitude can be 
realized.

2. Epitaxy

The term epitaxy refers to a film growth on a substrate with crystallographic structure close 
to that of the deposited layer. Epitaxial growth is one of the most important techniques in 
the present microelectronic industry, allowing a better correlation between structure and the 
macroscopic properties of thin films. Important problems can be studied in this way, related 
to physics of surfaces, interfaces and strain engineering. There are a wide variety of growth 
techniques that can be used to obtain epitaxial thin films including sputtering, metal-organic 
chemical vapour deposition, pulsed laser deposition, molecular beam epitaxy, physical 
vapour deposition, etc. In this chapter, we will discuss the heteroepitaxial growth, by pulsed 
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voltage axis, modification of remnant polarization and occurrence of diode-like current char-
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laser deposition, of oxide thin films with ferroelectric/multiferroic properties. There are three 
known growth modes: (1) Frank-Van der Merwe, layer-by-layer growth; (2) Volmer-Weber, 
island growth and (3) Stranski-Krastanov, a combination of layer-by-layer and island growth. 
Thermodynamic approach was used in order to explain these growth modes in close to equi-
librium conditions [23]. The balance between free energies from the film surface (γF), the sub-
strate surface (γS) and the interface between them (γI) is the key factor that determines the thin 
film morphology in this approach. Frank-Van der Merwe growth mode is characterized by 
the fact that the deposited atoms or molecules are more strongly bonded to the substrate than 
in between them, thus forming a continuous layer on the substrate. In the case of the Volmer-
Weber growth mode, the atoms and molecules are more strongly bonded in between them, 
forming island on the substrate, thus the wetting of the substrate is poor. Stranski-Krastanov 
mode is characterized by the fact that, at the beginning of the growth, the atoms and mol-
ecules form complete monolayers on the substrate (layer-by-layer growth, usually 1–5 mono-
layers), and then islands start to develop (growth mode changes to island formation). The 
transition from monolayers to islands is caused by increased tensions (strain) from increasing 
the layer thickness. Experimentally, the growing of thin films is not an equilibrium process; 
therefore kinetic effects have to be taken into account, leading to the occurrence of different 
growth modes. The above-mentioned growth modes and their schematic representations are 
shown in Figure 1.

A preliminary substrate preparation has to be achieved in order to obtain heteroepitaxial 
thin films on single-crystal SrTiO3 (STO) substrates. The substrate preparation consists in 
transforming an optically polished surface into a step-and-terrace surface that is well ordered 
even on an atomic scale. For this purpose, the SrTiO3 substrates are etched in NH4-HF solu-
tion to remove Sr residue and to obtain a purely Ti-terminated surface and to get a high-
quality step-and-terrace structure on the surface. All step edges should have equal height 
(single unit cell ~ 0.4 nm), and the steps should be approximately parallel and equidistant. 
This can be obtained after an annealing process, at elevated temperatures, of the etched sub-
strates. The substrate transformation after each processing step is investigated by atomic 
force microscopy, and the results are presented in Figure 2.

Figure 1. Growth modes for epitaxial thin films: (a) Frank-Van der Merwe, (b) Stranski-Krastanov and (c) Volmer-Weber.
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3. Growth method

Pulsed laser deposition, as the name suggests, is a technique, which uses pulses of laser radia-
tion to remove material from the surface of a solid target. The technique involves complex 
physical aspects as follows:

1. Interaction between the laser radiation and the target material—high temperature is 
achieved over a small area (the area of the laser spot) due to the high power of the laser 
beam in the short period of the laser pulse; this leads to a number of processes occurring 
at the target surface, such as material decomposition, ionization and evaporation. One has 
to mention that the target has the same chemical composition as the film intended to be 
deposited on the substrate.

2. Transfer of the ablated material: the evaporated material from the step 1 forms a plasma 
plume over the substrate on which the film has to be deposited.

3. Deposition of the ablated material on the substrate—this step consists in the adsorption/
chemisorption of the ablated material on the surface of the substrate. One has to mention 
that the substrate is, usually, heated.

4. Nucleation and growth of the film on the surface of the substrate—the main condition 
for this process to occur is represented by the balance between free energies from the film 
surface, the substrate surface and the interface between them.

Each step involved in the pulsed laser deposition process is crucial for obtaining the hetero-
epitaxial growth of the thin films.

3.1. Experimental setup

The experimental setup is designed for the deposition of thin films and multilayers from oxide 
materials and consists of an excimer laser source (KrF, λ = 248 nm) with a pulse duration of 

Figure 2. Atomic force microscopy images obtained on STO substrate after each processing step: upper image, fresh 
substrate; middle image, substrate after etching; and lower image, substrate after thermal annealing.
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20 ns; a target carrousel with four targets of 2″ diameter, allowing permanent rotation of 
each target; a substrate holder with controlled motion on five axes and possibility to heat the 
substrate up to 1000°C; a deposition chamber allowing base vacuum down to 10−7 mbar; and 
high-pressure reflection high-energy electron diffraction (RHEED) system for in situ charac-
terization. The entire system is controlled by PC and is presented in Figure 3.

The energy density of the laser pulse (fluence) can reach 5 J/cm2, and the repetition rate is 
in the 1–10 Hz range. The laser beam is delivered on the target surface at an angle 45° to the 
normal. The pressure inside the chamber can be varied during the deposition by changing the 
flow rate of deposition gas (O2 or Ar) using mass flow controllers. The substrate temperature 
is controlled with a proportional–integral–derivative controller (PID controller) temperature 
controller from room temperature (RT) up to 1000°C. The distance between target and sub-
strate can be adjusted from 40 to 80 mm. All these parameters have to be optimized for each 
material in order to get the desired heteroepitaxial thin films.

4. Epitaxial ferroelectric thin films: structural and electrical properties

One representative and widely studied material of the class of perovskite ferroelectrics is lead 
titanate-zirconate Pb(Zr,Ti)O3 (PZT). Its phase diagram is quite complex, and its structural, 

Figure 3. Schematic view of the pulsed laser deposition system.
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ferroelectric, pyroelectric and piezoelectric properties depend on temperature, strain and Zr/
Ti ratio. Around Zr/Ti ratio of 52/48 this material presents a morphotropic phase boundary, 
and this composition is often preferred due to enhanced dielectric constant and/or piezoelectric 
coefficient [24–27].

In the last years, great efforts have been dedicated to the epitaxial growth of ferroelectric thin films 
with the purpose of obtaining enhanced properties compared to that of the polycrystalline ones. 
There are many reports on obtaining high-quality epitaxial PZT thin films, deposited by various 
methods on single-crystal substrates with perovskite structures such as SrTiO3 (STO), but there 
is an increased need to obtain the same material performances on substrates (Si) allowing rapid 
integration of ferroelectric materials in the existing complementary metal–oxide–semiconductor 
(C-MOS) technology. First attempts to deposit PZT layers on Si were realized in the context of 
constructing metal-ferroelectric-semiconductor field-effect transistors, and it was found out that 
silicates or other parasitic phases are formed at the PZT-Si interface [28]. To overcome these prob-
lems, insulating buffer layers were used as barriers to avoid diffusion of Pb atoms towards Si 
interface, but this method leads to high depolarization fields. As a consequence, the polarization 
magnitude decreases, and the retention properties are deteriorated [29–32].

In this context, our first results presented in this section consist in evidencing epitaxial deposi-
tion by PLD of PZT on Si (001) using as interlayer a MBE-deposited thin film of STO which 
acts as a barrier for Pb diffusion and as a template for the growth of the subsequent layers. A 
20 nm film of SrRuO3 (SRO) has been deposited by PLD to serve as bottom electrode, and then 
the PZT film was grown. Even if an epitaxial structure is obtained using this configuration 
of deposited layers, many structural and electrical differences are observed compared to the 
same ferroelectric capacitor structure deposited on single-crystal STO substrate [33].

XRD 2θ−ω diagrams are presented in Figure 4 for both types of samples, PZT/SRO/STO/Si 
and PZT/SRO/STO, showing only (00l) (l = 1,2,3,4) maximas for PZT, SRO and STO layers, 
indicating an out-of-plane-oriented pseudocubic structure for both cases. Around SRO and 
STO peaks, the layered fringes evidenced in the inset figures are specific for epitaxial thin 
films and indicate very smooth and parallel interfaces. The PZT out-of-plane lattice param-
eter is calculated from this data, and a significantly larger value is obtained in the case of the 
single-crystal STO substrate (cPZT = 4.113 Å) compared to the case of Si substrate with STO 
buffer layer (cPZT = 4.055 Å). In addition, the rocking curves recorded around 002 lines suggest 
a better alignment of the crystal planes for PZT films deposited on STO substrate, with a full 
width at half maximum of 0.2°, compared to 0.6° in the case of the PZT films deposited on 
STO-buffered Si substrate. Phi scans were performed on tilted crystalline planes to evidence 
the cube-on-cube growing relation between PZT, SRO and STO and to determine the (001) 
orientation relation between the planes of the Si substrate and those of the oxide layers (see 
Figure 4). The epitaxial growth is confirmed by obtaining the four peaks, related to the four-
fold rotation axis of the pseudocubic symmetry. The in-plane orientation relations are such 
that PZT[100]//SRO[100]//STO[100]//Si[110] and are schematically represented in inset figures 
of Phi scans.

Transmission electron microscopy (TEM) investigations are performed for both structures 
for a complete structural characterization. It can be easily observed in both cases that the 

Electrical Properties of Epitaxial Ferroelectric Heterostructures
http://dx.doi.org/10.5772/intechopen.70133

73



20 ns; a target carrousel with four targets of 2″ diameter, allowing permanent rotation of 
each target; a substrate holder with controlled motion on five axes and possibility to heat the 
substrate up to 1000°C; a deposition chamber allowing base vacuum down to 10−7 mbar; and 
high-pressure reflection high-energy electron diffraction (RHEED) system for in situ charac-
terization. The entire system is controlled by PC and is presented in Figure 3.

The energy density of the laser pulse (fluence) can reach 5 J/cm2, and the repetition rate is 
in the 1–10 Hz range. The laser beam is delivered on the target surface at an angle 45° to the 
normal. The pressure inside the chamber can be varied during the deposition by changing the 
flow rate of deposition gas (O2 or Ar) using mass flow controllers. The substrate temperature 
is controlled with a proportional–integral–derivative controller (PID controller) temperature 
controller from room temperature (RT) up to 1000°C. The distance between target and sub-
strate can be adjusted from 40 to 80 mm. All these parameters have to be optimized for each 
material in order to get the desired heteroepitaxial thin films.

4. Epitaxial ferroelectric thin films: structural and electrical properties

One representative and widely studied material of the class of perovskite ferroelectrics is lead 
titanate-zirconate Pb(Zr,Ti)O3 (PZT). Its phase diagram is quite complex, and its structural, 

Figure 3. Schematic view of the pulsed laser deposition system.

Epitaxy72

ferroelectric, pyroelectric and piezoelectric properties depend on temperature, strain and Zr/
Ti ratio. Around Zr/Ti ratio of 52/48 this material presents a morphotropic phase boundary, 
and this composition is often preferred due to enhanced dielectric constant and/or piezoelectric 
coefficient [24–27].

In the last years, great efforts have been dedicated to the epitaxial growth of ferroelectric thin films 
with the purpose of obtaining enhanced properties compared to that of the polycrystalline ones. 
There are many reports on obtaining high-quality epitaxial PZT thin films, deposited by various 
methods on single-crystal substrates with perovskite structures such as SrTiO3 (STO), but there 
is an increased need to obtain the same material performances on substrates (Si) allowing rapid 
integration of ferroelectric materials in the existing complementary metal–oxide–semiconductor 
(C-MOS) technology. First attempts to deposit PZT layers on Si were realized in the context of 
constructing metal-ferroelectric-semiconductor field-effect transistors, and it was found out that 
silicates or other parasitic phases are formed at the PZT-Si interface [28]. To overcome these prob-
lems, insulating buffer layers were used as barriers to avoid diffusion of Pb atoms towards Si 
interface, but this method leads to high depolarization fields. As a consequence, the polarization 
magnitude decreases, and the retention properties are deteriorated [29–32].

In this context, our first results presented in this section consist in evidencing epitaxial deposi-
tion by PLD of PZT on Si (001) using as interlayer a MBE-deposited thin film of STO which 
acts as a barrier for Pb diffusion and as a template for the growth of the subsequent layers. A 
20 nm film of SrRuO3 (SRO) has been deposited by PLD to serve as bottom electrode, and then 
the PZT film was grown. Even if an epitaxial structure is obtained using this configuration 
of deposited layers, many structural and electrical differences are observed compared to the 
same ferroelectric capacitor structure deposited on single-crystal STO substrate [33].

XRD 2θ−ω diagrams are presented in Figure 4 for both types of samples, PZT/SRO/STO/Si 
and PZT/SRO/STO, showing only (00l) (l = 1,2,3,4) maximas for PZT, SRO and STO layers, 
indicating an out-of-plane-oriented pseudocubic structure for both cases. Around SRO and 
STO peaks, the layered fringes evidenced in the inset figures are specific for epitaxial thin 
films and indicate very smooth and parallel interfaces. The PZT out-of-plane lattice param-
eter is calculated from this data, and a significantly larger value is obtained in the case of the 
single-crystal STO substrate (cPZT = 4.113 Å) compared to the case of Si substrate with STO 
buffer layer (cPZT = 4.055 Å). In addition, the rocking curves recorded around 002 lines suggest 
a better alignment of the crystal planes for PZT films deposited on STO substrate, with a full 
width at half maximum of 0.2°, compared to 0.6° in the case of the PZT films deposited on 
STO-buffered Si substrate. Phi scans were performed on tilted crystalline planes to evidence 
the cube-on-cube growing relation between PZT, SRO and STO and to determine the (001) 
orientation relation between the planes of the Si substrate and those of the oxide layers (see 
Figure 4). The epitaxial growth is confirmed by obtaining the four peaks, related to the four-
fold rotation axis of the pseudocubic symmetry. The in-plane orientation relations are such 
that PZT[100]//SRO[100]//STO[100]//Si[110] and are schematically represented in inset figures 
of Phi scans.

Transmission electron microscopy (TEM) investigations are performed for both structures 
for a complete structural characterization. It can be easily observed in both cases that the 

Electrical Properties of Epitaxial Ferroelectric Heterostructures
http://dx.doi.org/10.5772/intechopen.70133

73



SRO and PZT layer thickness is of about 100 and 20 nm, respectively. In the case of the 
structure deposited on Si substrate, a bright thin layer with thickness of 4 nm is detected 
at the interface between Si and STO layers, and it is attributed to a native layer of SiO2. 
Epitaxial relation between the constituent layers and the orientation relationship between 
crystallographic planes are revealed from the selected area electron diffraction patterns 
(SAED). The results obtained for the lattice constant of PZT from SAED images are in 
accordance with those obtained by XRD, again indicating a more relaxed PZT in the case 
of Si substrate compared to a more elongated unit cell in the case of PZT deposited on 
STO substrate. High-resolution TEM (HRTEM) images are acquired in order to observe 
the quality of the interfaces between the constituent layers. A strain contrast is revealed in 
the PZT layer in the case of the sample deposited on Si substrate, with a distorted region 
at the interface with the bottom SRO electrode, region-containing clusters of dislocations 
(Figures 5 and 6).

All the differences observed in the structural quality of the deposited layers and interfaces are 
having a significant impact on the macroscopic electrical properties of the two structures, as 
will be presented further on.

Figure 4. (a) XRD 2Theta-Omega scans (the insets are details around the 001 lines, showing the layer fringes of SRO, or 
of both SRO and STO thin films, respectively), (b) rocking curves taken at PZT 002, STO 002 and Si 004 lines and (c) phi 
scans obtained in asymmetric geometry by locating the {103} planes of STO and PZT and the {113} planes of Si (insets, 
sketches of the in-plane relationships deduced from the phi scans).
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The presence of the hysteresis loop, describing the change in spontaneous polarization when 
an external electric field is applied on the ferroelectric capacitor, is the most important prop-
erty of a ferroelectric material. The defining parameters of the hysteresis loop are saturated 
polarization (maximum value of polarization), remnant polarization (the value of polarization 

Figure 5. (a) TEM image at low magnification of PZT/SRO/STO heterostructure, (b) SAED pattern corresponding to TEM 
image (a), (c) HRTEM image of the STO-SRO interface and (d) HRTEM image of the SRO-PZT interface.

Figure 6. (a) HRTEM image at low magnification of PZT/SRO/STO/Si heterostructures, (b) SAED pattern corresponding 
to TEM image (a), (c) HRTEM image of the Si-SiO2-STO interfaces, (d) HRTEM image of the STO-SRO interface and (e) 
HRTEM image of the SRO-PZT interface.
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at zero applied field) and coercive field (the required electric field to have zero polarization). 
The classic circuit to record a hysteresis loop is based on the Sawyer-Tower experiment [34]. 
A similar principle used nowadays, computer controlled equipment, is able to record at the 
same time both current and charge (polarization) hystereses. The current loop recorded for a 
ferroelectric capacitor should present the two peaks, one for each polarity of the applied volt-
age. The peaks are attributed to polarization switching from one direction to the other. The 
polarization-voltage loop is obtained by integration of the current loop.

The ferroelectric character is checked for the two structures by recording the hysteresis loops, 
and the obtained results are presented in Figure 7. Even if both samples present an epitaxial 
relation between deposited layers and ferroelectricity is evidenced in both cases by the presence 
of the switching peaks in the current hysteresis, many relevant properties and values are differ-
ent. For instance, in the case of the structure deposited on STO substrate, the switching peaks are 
sharper, and the polarization loop is more rectangular than the case of the structure deposited 
on Si substrate. In addition, the values of the remnant polarization are different: 26 μC/cm2 for 
PZT on Si compared to 48 μC/cm2 for PZT on STO substrate. The coercive voltage is lower in the 
case of PZT deposited on Si, 1.3 V compared to 2.5 V for the other structure.

The presence of ferroelectricity is also revealed by the butterfly shape of the capacitance-voltage 
(C-V) characteristics, which is also related to the switching phenomena by the relation ε =   1 __  ε  

0
       ∂ E ___ ∂ P   .  

The differences between the C-V measurement and the previously described P-V measure-
ment consist in the fact that the former is performed by superimposing a small amplitude AC 
voltage (to measure the capacitance) over a DC voltage (setting the polarization value), while 
the latter is performed by applying a variable voltage (sin or triangle waveform) on the sample. 
Therefore, the C-V measurement is quasi-static, while P-V is dynamic. The C-V characteristics 

Figure 7. (a and d) Polarization hysteresis loop for PZT deposited on Si substrate and STO substrate, respectively; (b and 
e) current hysteresis loops; and (c and f) capacitance-voltage characteristics.
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are also presented in Figure 7. It can be observed that the structures present different shapes 
of the characteristic and that the values for capacitance and coercive voltages are dependent 
on the used substrate. In the case of the PZT film deposited on the Si substrate, the value of the 
dielectric constant at 0 V is 650, much higher than the value of 240 obtained for the PZT film 
grown on STO substrate. Furthermore, an asymmetry can be observed in the case of PZT/SRO/
STO structure. The two capacitance peaks have different values for positive and negative volt-
age polarities, with a shaper maxima and higher value for positive voltages.

The differences observed between the two structures, and mentioned above, are related to the 
previously described differences in the structural quality of the ferroelectric films deposited 
on different substrates. The higher polarization value obtained for the PZT film deposited on 
the STO substrate is correlated to a higher strain in this case, while the lower value for the film 
deposited on Si substrate is explained by the increased density of defects in the ferroelectric 
layer. These defects may suppress the switching of ferroelectric domains, determining a lower 
polarization value and a slower reversal of polarization, with a larger width of the switching 
current peaks.

An imprint voltage around 1 V is observed in the hysteresis loop of the structure deposited 
on the STO substrate, suggesting the presence of an internal electric field oriented towards the 
top electrode. This internal field cannot be assigned to different work functions of the bottom 
SRO electrode (4.6–4.9 eV) [35] and top Pt electrode (5.65 eV) [36] as the same electrodes are 
used for the PZT film deposited on Si substrate. However, the imprint is very much reduced 
in this case, leading to a more symmetric hysteresis loop, as shown in Figure 7 (d). This is an 
indication that the internal electric field has a different origin, such as a gradient of the strain 
distribution or non-homogenous spatial distribution of defects like oxygen vacancies.

Despite these differences, the values of the most important parameters, such as remnant 
polarization and dielectric constant, belong to the same order of magnitude. This proves that 
high-quality epitaxial PZT films can be grown by PLD on Si substrates with STO buffer layer, 
allowing their rapid integration with semiconductor technology. The electric properties can 
be further tuned by changing the electrode material of the ferroelectric capacitor [37, 38]. The 
influence of the electrode-ferroelectric interface on the macroscopic electrical properties of 
epitaxial PZT films has been previously studied [39] for films with tetragonal structure depos-
ited on single-crystal STO substrate, but it was less studied for epitaxial PZT films deposited 
on Si substrate and with composition near the morphotropic phase boundary [38]. Therefore, 
different materials were used as top electrodes (Pt, Ir, Ru and an oxide with metallic conduc-
tion, SRO) on PZT layer deposited on Si substrate with STO buffer layer.

The hysteresis loops and C-V characteristics obtained at room temperature for all four types of 
electrodes are presented in Figure 8. A first observation is that the shape of the hysteresis loops 
and the values of the remnant polarizations and coercive fields depend on the material used 
for the top electrode. For example, in the case of SRO top electrode, the remnant polarization 
has the highest value around 20 μC/cm2 and the highest coercive voltage of 3.7 V. Moreover, 
both hysteresis and C-V loop are almost symmetric, which is expected due to symmetry of the 
electrode configuration for this structure (both top and bottom electrodes are SRO). The small 
shift of the hysteresis, of 0.2 V towards positive voltages, observed in this case can be explained 
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voltage (to measure the capacitance) over a DC voltage (setting the polarization value), while 
the latter is performed by applying a variable voltage (sin or triangle waveform) on the sample. 
Therefore, the C-V measurement is quasi-static, while P-V is dynamic. The C-V characteristics 
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on the used substrate. In the case of the PZT film deposited on the Si substrate, the value of the 
dielectric constant at 0 V is 650, much higher than the value of 240 obtained for the PZT film 
grown on STO substrate. Furthermore, an asymmetry can be observed in the case of PZT/SRO/
STO structure. The two capacitance peaks have different values for positive and negative volt-
age polarities, with a shaper maxima and higher value for positive voltages.

The differences observed between the two structures, and mentioned above, are related to the 
previously described differences in the structural quality of the ferroelectric films deposited 
on different substrates. The higher polarization value obtained for the PZT film deposited on 
the STO substrate is correlated to a higher strain in this case, while the lower value for the film 
deposited on Si substrate is explained by the increased density of defects in the ferroelectric 
layer. These defects may suppress the switching of ferroelectric domains, determining a lower 
polarization value and a slower reversal of polarization, with a larger width of the switching 
current peaks.

An imprint voltage around 1 V is observed in the hysteresis loop of the structure deposited 
on the STO substrate, suggesting the presence of an internal electric field oriented towards the 
top electrode. This internal field cannot be assigned to different work functions of the bottom 
SRO electrode (4.6–4.9 eV) [35] and top Pt electrode (5.65 eV) [36] as the same electrodes are 
used for the PZT film deposited on Si substrate. However, the imprint is very much reduced 
in this case, leading to a more symmetric hysteresis loop, as shown in Figure 7 (d). This is an 
indication that the internal electric field has a different origin, such as a gradient of the strain 
distribution or non-homogenous spatial distribution of defects like oxygen vacancies.

Despite these differences, the values of the most important parameters, such as remnant 
polarization and dielectric constant, belong to the same order of magnitude. This proves that 
high-quality epitaxial PZT films can be grown by PLD on Si substrates with STO buffer layer, 
allowing their rapid integration with semiconductor technology. The electric properties can 
be further tuned by changing the electrode material of the ferroelectric capacitor [37, 38]. The 
influence of the electrode-ferroelectric interface on the macroscopic electrical properties of 
epitaxial PZT films has been previously studied [39] for films with tetragonal structure depos-
ited on single-crystal STO substrate, but it was less studied for epitaxial PZT films deposited 
on Si substrate and with composition near the morphotropic phase boundary [38]. Therefore, 
different materials were used as top electrodes (Pt, Ir, Ru and an oxide with metallic conduc-
tion, SRO) on PZT layer deposited on Si substrate with STO buffer layer.

The hysteresis loops and C-V characteristics obtained at room temperature for all four types of 
electrodes are presented in Figure 8. A first observation is that the shape of the hysteresis loops 
and the values of the remnant polarizations and coercive fields depend on the material used 
for the top electrode. For example, in the case of SRO top electrode, the remnant polarization 
has the highest value around 20 μC/cm2 and the highest coercive voltage of 3.7 V. Moreover, 
both hysteresis and C-V loop are almost symmetric, which is expected due to symmetry of the 
electrode configuration for this structure (both top and bottom electrodes are SRO). The small 
shift of the hysteresis, of 0.2 V towards positive voltages, observed in this case can be explained 
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by different deposition sequences (PZT deposited on SRO at bottom interface compared to 
SRO deposited on PZT at top interface), leading to small differences in the electronic proper-
ties of the two PZT/SRO interfaces.

Figure 8. Hysteresis loops and capacitance-voltage characteristics obtained for different top electrodes: (a,b) for SRO, 
(c,d) for Pt, (e,f) for Ir and (g,h) for Ru, respectively.

Epitaxy78

The structures with Pt and Ir top electrodes have similar characteristics. This is an expected 
result considering that Pt and Ir are in the same group of precious metals, with the same 
structure of the electron shells (same period of the Mendeleev’s table). For these two struc-
tures, polarization is 12 μC/cm2, and the coercive voltage is 2.5 V. A shift of the hysteresis loop 
towards positive voltages is expected in the case of Pt, due to the higher work function for Pt 
than SRO bottom electrode, but the magnitude of the internal field is much lower than the dif-
ference between work functions. In addition, in the case of Ir, there is no shift of the hysteresis 
loop, even if the difference between work functions is almost 1 eV. These results confirm again 
that the origin of imprints is related to the different defect distributions at the top and bottom 
electrode interfaces and not related to the differences between the work functions of the top 
and bottom electrodes.

The polarization and coercive voltage have much lower values in the case of Ru top elec-
trode—8 μC/cm2 and 1.2 V, respectively—with an imprint of 0.6 V towards negative volt-
ages. The significant differences obtained in the case of Ru top electrode can be assigned to 
a Ru oxidation, forming RuO2, which also has a high conductivity. This process leads to an 
increased density of oxygen vacancy (which acts as a donor-type defect) at the top interface 
and, in consequence, to an electric field oriented towards the bottom contact.

The dielectric constant obtained from C-V measurements at maximum applied voltage, where 
contribution from polarization switching is reduced, is dependent on the material used as top 
electrode: 392, 523, 443 and 309 for SRO, Pt, Ir and Ru, respectively. One can observe from 
Figure 8 that the value of measured capacitance is dependent on the value of the applied volt-
age. The explanation for this behaviour is that the ferroelectric-electrode interface behaves like 
a Schottky contact, with an associated Schottky capacitance dependent on interface properties 
as in the following equation:    C =  √     
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when the material for the top electrode is changed, affecting in this manner the capacitance of 
the entire metal-ferroelectric-metal structure and leading to different capacitance values for 
negative and positive voltages as observed in the C-V characteristics presented in Figure 8.

5. Ferroelectric multilayered thin films: structural and electrical 
properties

One way to obtain new electrical properties/new phenomena, of interest for new applications, 
is to deposit multilayered structures by combining ferroelectric thin films with thin films from 
materials having different properties, for example, ferroelectric/paraelectric, ferroelectric/
dielectric and ferroelectric/ferromagnetic, or by introducing composition gradients. Examples 
of new phenomena experimentally evidenced in multilayered heterostructures are negative 
capacitance in ferroelectric superlattices, enhancement of the electro-resistance or multiple 
ferroelectric states. One of the most known categories of multilayered structures is the one 
of artificial multiferroics, obtained by combining ferroelectric thin films (PZT, BaTiO3-(BTO)) 
with thin films having magnetic properties (CoFe2O4-CFO, LaxSr1−x MnO3-LSMO). Besides at 
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by different deposition sequences (PZT deposited on SRO at bottom interface compared to 
SRO deposited on PZT at top interface), leading to small differences in the electronic proper-
ties of the two PZT/SRO interfaces.
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ference between work functions. In addition, in the case of Ir, there is no shift of the hysteresis 
loop, even if the difference between work functions is almost 1 eV. These results confirm again 
that the origin of imprints is related to the different defect distributions at the top and bottom 
electrode interfaces and not related to the differences between the work functions of the top 
and bottom electrodes.
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trode—8 μC/cm2 and 1.2 V, respectively—with an imprint of 0.6 V towards negative volt-
ages. The significant differences obtained in the case of Ru top electrode can be assigned to 
a Ru oxidation, forming RuO2, which also has a high conductivity. This process leads to an 
increased density of oxygen vacancy (which acts as a donor-type defect) at the top interface 
and, in consequence, to an electric field oriented towards the bottom contact.

The dielectric constant obtained from C-V measurements at maximum applied voltage, where 
contribution from polarization switching is reduced, is dependent on the material used as top 
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the entire metal-ferroelectric-metal structure and leading to different capacitance values for 
negative and positive voltages as observed in the C-V characteristics presented in Figure 8.

5. Ferroelectric multilayered thin films: structural and electrical 
properties

One way to obtain new electrical properties/new phenomena, of interest for new applications, 
is to deposit multilayered structures by combining ferroelectric thin films with thin films from 
materials having different properties, for example, ferroelectric/paraelectric, ferroelectric/
dielectric and ferroelectric/ferromagnetic, or by introducing composition gradients. Examples 
of new phenomena experimentally evidenced in multilayered heterostructures are negative 
capacitance in ferroelectric superlattices, enhancement of the electro-resistance or multiple 
ferroelectric states. One of the most known categories of multilayered structures is the one 
of artificial multiferroics, obtained by combining ferroelectric thin films (PZT, BaTiO3-(BTO)) 
with thin films having magnetic properties (CoFe2O4-CFO, LaxSr1−x MnO3-LSMO). Besides at 
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least two order parameters (ferroelectric polarization and magnetization), these materials also 
can present magneto-electric coupling mediated by interfacial strain or charge, making them 
very suitable for future applications and devices.

The electrical and ferroelectric characteristics of multiferroic heterostructures will be pre-
sented in this section. The structures were obtained by combining PZT or BTO ferroelectric 
thin films with CFO layers. The first part of the study consists in analysing the influence of the 
PZT (20/80)-CFO or BTO-CFO interfaces on the structural, ferroelectric and dielectric prop-
erties of the multilayer. Two different configurations, symmetrical (PZT-CFO-PZT or BTO-
CFO-BTO) and asymmetrical (PZT-CFO or BTO-CFO), have been selected and deposited on 
(100) STO single crystal with SRO bottom electrode [41].

The XRD 2θ−ω scans reveal pseudocubic structures of the deposited layers for all cases of 
symmetric and asymmetric structures and for both ferroelectric layers: the full scan from 10 to 
110° presents only 00l peaks for constituent layers: SRO, PZT or BTO and CFO. To prove the 
epitaxial relation between the deposited layers, azimuth phi scan is performed on {103} skew 
planes for STO, SRO and PZT and on {115} planes of CFO. The results are shown in Figure 9 
for PZT-based structures which mention that the same results are obtained for BTO-based 
structures. These results indicate a cube-on-cube epitaxial relation for all four structures, and 
the in-plane orientation is CFO[100]||PZT[100]||SRO[100]||STO[100].

Figures 10 and 11 present TEM images obtained for multilayered structures. The TEM 
images at low magnifications reveal the constituent layers as well as their thickness. It can be 
noticed that the CFO layer has a pyramidal growth with a roughness surface, determined by 
a Volmer-Weber growth mechanisms determined by the lattice mismatch between PZT and 
CFO. The first layer of ferroelectric materials (PZT or BTO) is of high quality, as is it expected 
due to small lattice mismatch between ferroelectric layers and SRO bottom electrode and sub-
strate. The second layer of PZT or BTO in symmetric structures presents an increased density 
of defects induced by the CFO layers, although the hetero-epitaxy is preserved.

In the experimental study of the multilayered structures, it is very important to decide if their 
electrical properties are a simple superposition of the bulk properties of the constituent materials 
or are a result of interface phenomena. For example, when a ferroelectric layer is combined with 
a paraelectric layer, two competing phenomena are determined by the presence of the interface: 

Figure 9. (a) XRD 2θ−ω scans zoomed near STO 004 for PZT-based multilayers structures, (b) XRD 2θ−ω scans zoomed 
near STO 004 for BTO-based multilayers structures and (c) Phi scans obtained in asymmetric geometry by location the 
{103} planes of STO and PZT and the {115} planes of CFO.

Epitaxy80

strain fields or strain gradients coming from lattice mismatch between the layers and the associ-
ated lattice relaxation mechanisms to reduce the total free energy and depolarization fields with 
origin in the discontinuity of the polarization charges which will determine different ways of 
response of the ferroelectric layer such as formation of polydomain structure or transition to a 
paraelectric state.

Figure 10. TEM image at low magnification of PZT-CFO and PZT-CFO-PZT heterostructure (first line) and HRTEM 
images of the STO-SRO, SRO-PZT and PZT-CFO-PZT interfaces (second line).

Figure 11. (a)TEM image at low magnification of BTO-CFO heterostructure, (b) HRTEM images of the STO-SRO and 
SRO-BTO interfaces, (c) TEM image at low magnification of BTO-CFO-BTO heterostructure and (d) HRTEM images of 
the BTO-CFO-BTO interfaces.
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least two order parameters (ferroelectric polarization and magnetization), these materials also 
can present magneto-electric coupling mediated by interfacial strain or charge, making them 
very suitable for future applications and devices.
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planes for STO, SRO and PZT and on {115} planes of CFO. The results are shown in Figure 9 
for PZT-based structures which mention that the same results are obtained for BTO-based 
structures. These results indicate a cube-on-cube epitaxial relation for all four structures, and 
the in-plane orientation is CFO[100]||PZT[100]||SRO[100]||STO[100].

Figures 10 and 11 present TEM images obtained for multilayered structures. The TEM 
images at low magnifications reveal the constituent layers as well as their thickness. It can be 
noticed that the CFO layer has a pyramidal growth with a roughness surface, determined by 
a Volmer-Weber growth mechanisms determined by the lattice mismatch between PZT and 
CFO. The first layer of ferroelectric materials (PZT or BTO) is of high quality, as is it expected 
due to small lattice mismatch between ferroelectric layers and SRO bottom electrode and sub-
strate. The second layer of PZT or BTO in symmetric structures presents an increased density 
of defects induced by the CFO layers, although the hetero-epitaxy is preserved.

In the experimental study of the multilayered structures, it is very important to decide if their 
electrical properties are a simple superposition of the bulk properties of the constituent materials 
or are a result of interface phenomena. For example, when a ferroelectric layer is combined with 
a paraelectric layer, two competing phenomena are determined by the presence of the interface: 
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strain fields or strain gradients coming from lattice mismatch between the layers and the associ-
ated lattice relaxation mechanisms to reduce the total free energy and depolarization fields with 
origin in the discontinuity of the polarization charges which will determine different ways of 
response of the ferroelectric layer such as formation of polydomain structure or transition to a 
paraelectric state.

Figure 10. TEM image at low magnification of PZT-CFO and PZT-CFO-PZT heterostructure (first line) and HRTEM 
images of the STO-SRO, SRO-PZT and PZT-CFO-PZT interfaces (second line).

Figure 11. (a)TEM image at low magnification of BTO-CFO heterostructure, (b) HRTEM images of the STO-SRO and 
SRO-BTO interfaces, (c) TEM image at low magnification of BTO-CFO-BTO heterostructure and (d) HRTEM images of 
the BTO-CFO-BTO interfaces.
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The following results show how different electrostatic boundary conditions modify ferro-
electric and dielectric properties of multilayered structures. Typical hysteresis loops obtained 
for epitaxial PZT 20/80 and BTO layers grown on STO substrate with SRO top and bottom 
electrodes are presented in Figure 12 (a, d). The PZT20/80-based capacitor presents a rectan-
gular shape of the polarization loop, with two sharp current peaks associated to polarization 
switching from one direction to the other. The remnant and saturated polarization have simi-
lar values, around 85 μC/cm2,, and the coercive field is around 100 kV/cm2. For the BTO-based 
capacitor, the remnant polarization is around 15 μC/cm2, the saturated polarization around 
25 μC/cm2 and the coercive field around 50 kV/cm2. The polarization hysteresis loop is elon-
gated, and the switching current peaks are broader compared to the PZT case. Those are typi-
cal characteristics for these two ferroelectric materials and are further used as references to 
be compared with the ferroelectric hysteresis loops obtained for asymmetric and symmetric 
multilayered structures mentioned above.

In what concerns the asymmetric structures, as PZT-CFO or BTO-CFO, the modifications 
of the hysteresis characteristics are similar for both cases, meaning decrease of the rem-
nant polarization and increase of the coercive field, increase in the width of the switch-
ing current peaks and increase of the polarization back switching. These changes are due 
to imperfect screening of polarization charges at the top interfaces, due to the presence 
of less conductive CFO layer compared with metallic SRO electrodes. The high depolar-
ization field existing in the system is compensated on the expense of polarization value, 
which decreases due to the electrostatic coupling between the component layers. Another 
interesting observation is that, even if the structures are totally asymmetric, with com-
pletely different electrostatic boundary conditions at the top and bottom interfaces of the 

Figure 12. Hysteresis loop for (a) PZT20/80-based capacitor, (b) PZT-CFO asymmetric structure, (c) PZT-CFO-PZT 
symmetric structure, (d) BTO-based capacitor, (e) BTO-CFO asymmetric structure and (f) BTO-CFO-BTO symmetric 
structure.

Epitaxy82

ferroelectric layers, the hysteresis characteristics are approximately symmetric: similar 
coercive voltages and polarization values for both voltage polarities, with similar ampli-
tude of the switching currents.

The ferroelectric characteristics of symmetric PZT-CFO-PZT and BTO-CFO-BTO structures 
become similar with the ones of simple metal-ferroelectric-metal structures, with similar 
values for the polarization and coercive field. The presence of the CFO layer between the 
ferroelectric films induces a higher leakage current in the case of PZT-based multilayered 
structure. In the case of BTO-based structure, the effect is opposite, the presence of the CFO 
layer leading to a lower leakage current and lower back-switching effects, determining in this 
way a more rectangular shape of the polarization hysteresis loop.

The capacitance-voltage measurements performed at 100 kHz frequency, for the two mul-
tilayered structures based on PZT, are depicted in Figure 13. The ferroelectric behaviour 
is also confirmed, for both types of structures, by the butterfly shape of the characteristics. 
In the case of the asymmetric structure, the capacitance is much lower than in the case of 
the symmetric structure even if the thickness is lower. Furthermore, the tunability is much 
lower; the variation of the capacitance value between the peak and the maximum applied 
voltage is 6 pF, compared to 20 pF in the case of the symmetric structure. In addition, the 
asymmetry between the values of the capacitance maxima, in the case of the asymmetric 
structure, can be explained by the presence of asymmetric electrode interfaces, leading to 
different values of the associated capacitances (different interface properties). The dielectric 
behaviour is further examined by measuring the dependence on frequency of the capaci-
tance and dielectric losses for the two types of the structures. The results are compared 
with those obtained on metal-ferroelectric-metal capacitors and on metal-CFO-metal struc-
tures. As regards the SRO-PZT-SRO structure, the dielectric behaviour is typical for a fer-
roelectric/isolator material: there is a small decrease of the capacitance with increasing the 
frequency, with low values of the dielectric losses. Also, the results obtained on SRO-CFO-
SRO structure, presented in Figure 14 (c–d) are specific for ferrite-based capacitors [42]: 

Figure 13. Capacitance voltage characteristics for PZT-based multilayered structures for (a) asymmetric configuration 
and (b) symmetric configuration.
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The following results show how different electrostatic boundary conditions modify ferro-
electric and dielectric properties of multilayered structures. Typical hysteresis loops obtained 
for epitaxial PZT 20/80 and BTO layers grown on STO substrate with SRO top and bottom 
electrodes are presented in Figure 12 (a, d). The PZT20/80-based capacitor presents a rectan-
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lar values, around 85 μC/cm2,, and the coercive field is around 100 kV/cm2. For the BTO-based 
capacitor, the remnant polarization is around 15 μC/cm2, the saturated polarization around 
25 μC/cm2 and the coercive field around 50 kV/cm2. The polarization hysteresis loop is elon-
gated, and the switching current peaks are broader compared to the PZT case. Those are typi-
cal characteristics for these two ferroelectric materials and are further used as references to 
be compared with the ferroelectric hysteresis loops obtained for asymmetric and symmetric 
multilayered structures mentioned above.

In what concerns the asymmetric structures, as PZT-CFO or BTO-CFO, the modifications 
of the hysteresis characteristics are similar for both cases, meaning decrease of the rem-
nant polarization and increase of the coercive field, increase in the width of the switch-
ing current peaks and increase of the polarization back switching. These changes are due 
to imperfect screening of polarization charges at the top interfaces, due to the presence 
of less conductive CFO layer compared with metallic SRO electrodes. The high depolar-
ization field existing in the system is compensated on the expense of polarization value, 
which decreases due to the electrostatic coupling between the component layers. Another 
interesting observation is that, even if the structures are totally asymmetric, with com-
pletely different electrostatic boundary conditions at the top and bottom interfaces of the 

Figure 12. Hysteresis loop for (a) PZT20/80-based capacitor, (b) PZT-CFO asymmetric structure, (c) PZT-CFO-PZT 
symmetric structure, (d) BTO-based capacitor, (e) BTO-CFO asymmetric structure and (f) BTO-CFO-BTO symmetric 
structure.
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ferroelectric layers, the hysteresis characteristics are approximately symmetric: similar 
coercive voltages and polarization values for both voltage polarities, with similar ampli-
tude of the switching currents.

The ferroelectric characteristics of symmetric PZT-CFO-PZT and BTO-CFO-BTO structures 
become similar with the ones of simple metal-ferroelectric-metal structures, with similar 
values for the polarization and coercive field. The presence of the CFO layer between the 
ferroelectric films induces a higher leakage current in the case of PZT-based multilayered 
structure. In the case of BTO-based structure, the effect is opposite, the presence of the CFO 
layer leading to a lower leakage current and lower back-switching effects, determining in this 
way a more rectangular shape of the polarization hysteresis loop.

The capacitance-voltage measurements performed at 100 kHz frequency, for the two mul-
tilayered structures based on PZT, are depicted in Figure 13. The ferroelectric behaviour 
is also confirmed, for both types of structures, by the butterfly shape of the characteristics. 
In the case of the asymmetric structure, the capacitance is much lower than in the case of 
the symmetric structure even if the thickness is lower. Furthermore, the tunability is much 
lower; the variation of the capacitance value between the peak and the maximum applied 
voltage is 6 pF, compared to 20 pF in the case of the symmetric structure. In addition, the 
asymmetry between the values of the capacitance maxima, in the case of the asymmetric 
structure, can be explained by the presence of asymmetric electrode interfaces, leading to 
different values of the associated capacitances (different interface properties). The dielectric 
behaviour is further examined by measuring the dependence on frequency of the capaci-
tance and dielectric losses for the two types of the structures. The results are compared 
with those obtained on metal-ferroelectric-metal capacitors and on metal-CFO-metal struc-
tures. As regards the SRO-PZT-SRO structure, the dielectric behaviour is typical for a fer-
roelectric/isolator material: there is a small decrease of the capacitance with increasing the 
frequency, with low values of the dielectric losses. Also, the results obtained on SRO-CFO-
SRO structure, presented in Figure 14 (c–d) are specific for ferrite-based capacitors [42]: 

Figure 13. Capacitance voltage characteristics for PZT-based multilayered structures for (a) asymmetric configuration 
and (b) symmetric configuration.
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the values of the capacitance present a steplike decrease with frequency, with one order 
of magnitude difference between low and high frequencies; dielectric losses present a fast 
decreasing up to 1 kHz, followed by a peak in the frequency range where the capacitance 
decreases.

The dielectric behaviour for the two types of multilayered structures is different, compared 
to the behaviour of the single-phase PZT or CFO-based capacitors, and is strongly depen-
dent on the symmetry of the structure. Even if the multilayered structures display steplike 
decrease of the capacitance with the increase of frequency and peaks in dielectric losses, 
the values for capacitance and dielectric losses are lower than the case of the simple CFO 
capacitors. The dependence of the capacitance and dielectric losses on frequency for multi-
layered structures are determined especially by an additional interface polarization/charge, 
due to the presence of interfaces between layers of materials with different permittivity 
and resistivity values. At high frequencies, the value of the capacitance for multilayered 
structures is closer to that estimated from the serial connection of the capacitors associated 
to component layers (PZT or CFO). For lower frequencies, the capacitance value is sig-
nificantly dependent on the number of interfaces, increasing as the number of interfaces in 
the structure increases. In addition, the position and magnitude of the relaxation peak are 
strongly related to the configurations of the multilayer structure. Further results will show 
how different strains and strain gradients influence the ferroelectric and dielectric proper-
ties. As an example, we consider two symmetric structures of PZT/CFO/PZT, with thinner 
PZT layer (50 nm) than previous examples, deposited on two different bottom electrodes 
SRO and LSMO.

The results of XRD investigations performed on these two symmetric structures, deposited 
on two different bottom electrodes, are presented in Figure 14 (a) for 2θ−ω around 004 line 
of PZT and in Figure 14 (b) for reciprocal space mapping (RSM). The structure deposited on 
LSMO electrode presents only a peak for PZT in XRD pattern, corresponding to a bulk out of 
plane lattice parameter, and only one node in RSM map is attributed to a fully relaxed PZT. The 

Figure 14. (a) XRD diagrams zoomed near the 004 line of STO and (b) RSM images for PZT-CFO-PZT deposited on SRO 
bottom electrode (left) and of PZT-CFO-PZT deposited on LSMO bottom electrode (right).
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structure deposited on SRO bottom electrode presents different characteristics: evident split-
ting of the PZT lines, associated with two nodes in RSM map, having different in-plane and 
out-of-plane lattice parameters. These values are associated to the two different PZT layers: one 

fully strained, with in-plane parameter close to STO lattice constant (most probably bottom PZT 
layer), and one almost fully relaxed, with similar parameters as for the PZT film in structure 
deposited on LSMO electrode (Figure 15).

The ferroelectric behaviour, for both structures, is comparatively presented in Figure 16 
through polarization hysteresis loops and capacitance-voltage characteristics. Both structures 
present rectangular hysteresis loops and well-evidenced butterfly shape of C-V characteris-
tics. However, a series of differences are easily observed:

• Different values of remnant polarization (90 μC/cm2 for structure with SRO bottom elec-
trode and 60 μC/cm2 for structure with LSMO bottom electrode)

• Much higher shift of the hysteresis loop towards positive voltages for the structure depos-
ited on SRO

Figure 15. TEM image at low magnification of PZT-CFO-PZT deposited on SRO bottom electrode (left) and of PZT-CFO-
PZT deposited on LSMO bottom electrode (right).

Figure 16. (a) The polarization hysteresis loops; (b) capacitance-voltage characteristics for PZT-CFO-PZT symmetric 
structure deposited on SRO bottom electrode and LSMO bottom electrode and (c) the dependence of current density on 
voltage for the two studied structures and compared with a simple thin layer of PZT-based capacitor.
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• Higher tunability in the case of LSMO bottom electrode

• A small asymmetry between capacitance maxima in the case of SRO bottom electrode

These differences could be correlated with different structural characteristics determined 
by XRD and TEM investigations. A totally relaxed structure in the case of the LSMO bot-
tom electrode implies a lower tetragonality and explains lower polarization values. The 
structural defects, observed in TEM imagines for both PZT layers of this structure, could 
act as polarization domain pinning centres which determines a slower reversal of polariza-
tion from one direction towards the other. The structure deposited on SRO presents two 
PZT layers with different structural properties. As a consequence, we assume that there 
is a strain gradient that could be correlated with the existence of an internal electric field 
pointing towards the top interface that explains the shift observed in the P-V loop of this 
structure.

A less discussed topic in this chapter, but very important for the operation of ferroelectric 
devices, is the leakage current. A higher leakage current is detrimental for long-term opera-
tion of ferroelectric-based devices. Thus, a significant research effort is dedicated to the identi-
fication of the conduction mechanisms, which control the leakage current in ferroelectric thin 
films and to find a solution to decrease the value of the leakage current. The dependence of 
the leakage current on voltage (I-V characteristics) is presented in Figure 17 (c) for the cases 
of the two PZT-CFO-PZT structures deposited in SRO and LSMO electrodes. The results are 
compared with those obtained for a simple PZT capacitor with similar thickness. It is clear 
that, even if these structures operate at higher voltages, the leakage current is much lower 
than for a simple PZT layer, the differences being around two orders of magnitude for the 
structure deposited on SRO.

It was shown in the previous section that the number of interfaces in this multilayered het-
erostructures determines the dielectric behaviour. Further, Figure 17 presents the results of 
the measurements regarding the dependence of the capacitance and dielectric losses, on fre-
quency and temperature, for these two symmetrical structures, with different strain condi-
tions and structural quality of the ferroelectric layers. The values of capacitance and dielectric 
losses at temperatures below 250 K are similar to those obtained for single-phase PZT capaci-
tor presented in Figure 18. This behaviour is modified towards a Maxwell-Wagner mech-
anism with an increase in temperature, specific for multilayered structures with interfaces 
between materials with different electric properties. The transition between low-temperature 
and high-temperature dielectric behaviour can be correlated with a strong variation of the 
resistivity of the CFO layer with temperature as is exemplified in Figure 17 (f). Therefore, the 
difference in resistivity between PZT and CFO layers will increase with temperature, favour-
ing in this way Maxwell-Wagner polarization mechanism. The capacitance at lower frequen-
cies and the relaxation marked by the peak in dielectric losses are strongly dependent on the 
structure and on the temperature. It can be observed that for the structure deposited on LSMO 
electrode, the values of the capacitance at lower frequencies are higher, and the frequency 
where the maximum in dielectric losses occurs is higher than for the structure deposited on 
SRO, at the same temperature.

Epitaxy86

Figure 18. (a) The dependence of capacitance on frequency, (b) the dependence of the dielectric loses on frequency 
comparatively presented for PZT-based structures and (c) the dependence of capacitance and dielectric losses on 
frequency for a thin layer of CFO-based capacitor.

Figure 17. (a and b) The dependence of capacitance and dielectric losses, respectively, on frequency and for different 
temperatures for LSMO bottom electrode case; (c and d) the dependence of capacitance and dielectric losses, respectively, 
on frequency and for different temperatures for SRO bottom electrode case; (e) the Arrhenius plot of the maximum 
dielectric losses frequencies and (f) the variation of impedance of a thin layer CFO-based capacitor on temperature.
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Figure 18. (a) The dependence of capacitance on frequency, (b) the dependence of the dielectric loses on frequency 
comparatively presented for PZT-based structures and (c) the dependence of capacitance and dielectric losses on 
frequency for a thin layer of CFO-based capacitor.

Figure 17. (a and b) The dependence of capacitance and dielectric losses, respectively, on frequency and for different 
temperatures for LSMO bottom electrode case; (c and d) the dependence of capacitance and dielectric losses, respectively, 
on frequency and for different temperatures for SRO bottom electrode case; (e) the Arrhenius plot of the maximum 
dielectric losses frequencies and (f) the variation of impedance of a thin layer CFO-based capacitor on temperature.
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6. Conclusions

This chapter presents the electrical properties of epitaxial ferroelectric thin films and multilay-
ers. A short description of the deposition/growing steps used to obtain high-quality epitaxial 
ferroelectric structures, with sharp interfaces, is presented at the beginning. The main experi-
mental results show how ferroelectric and dielectric properties depend on the structural qual-
ity of the ferroelectric layer and on the electrostatic boundary conditions.
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Abstract

Exploring bottom-up procedures to achieve island and particles with a defined size can 
open opportunities in many applications. This contribution focuses on the growth of epi-
taxial Tm islands, below the monolayer range, on the W(110) surface by studying in situ 
the diffusion process at high temperature, between 700 and 1200 K, by means of scanning 
tunnel microscopy (STM) to determine the topography of the Tm deposits as a function 
of the coverage and thermal treatments of an initial room temperature deposit. Samples 
subject to a prolonged heating process, spending several hours at temperatures below 
700 K, show that the average Tm islands size remains constant at higher temperatures, in 
contrast with samples subject to a faster heating. It is observed that the presence of car-
bon strongly limits the diffusion of Tm, thus leading to the formation of pseudomorphic 
nanometric islands instead of a full monolayer.

Keywords: surface diffusion, scanning tunneling microscopy, rare earth nanostructures, 
nucleation, self-organization

1. Introduction

Growing rare earth (RE) on the (110) surface of bcc metals (Mo, W, or Nb) has been widely 
used to obtain layers with the basal plane of the rare earth on this film plane [1–5]. Although 
the (110)bcc and (0001)hcp surfaces do not match with each other and therefore, the concept 
of epitaxial growth is not applicable; it has proven to still be possible to prepare quite per-
fect superlattices and films. Historically, the preparation of rare earth artificial superlattices 
dates from 1985 [1], with the Gd-Y system showing a novel magnetic behavior that has been 
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relevant in the history of nanostructured magnetic materials, as it was the first observation of 
antiferromagnetic coupling between ferromagnetic blocks occurring through a nonmagnetic 
spacer [4].

The (110) surface of W offers the opportunity of studying the magnetic behavior of ordered RE 
overlayers on top of a conductive but nonmagnetic substrate. In general, the body-centered cubic 
crystals of refractory metals such as W and Mo promote the two-dimensional layer growth of RE 
with no intermixing [6–8] with the (110) surface, yielding morphologies with low corrugation.

Thulium represents an interesting case, since it is the only heavy RE which orders magnetically 
along the c axis of the bulk hcp crystal structure. Between the Néel temperature, TN = 58, and 40 K, 
the magnetic moments are ferromagnetically ordered within the hcp basal-plane layers and have 
an incommensurate sinusoidal modulation along the c axis. The easy axis is parallel to the c axis, 
owing to the strong crystal-field anisotropy. Upon decreasing the temperature, the propagation 
wave number along the c axis increases, and below ~30 K, a ferrimagnetic structure with a seven-
layer repeat distance develops: the magnetic moments point up along the c axis in three layers 
and down in the consecutive four layers [9, 10]. As the reduction of thickness along the c axis 
could drastically influence the magnetic behavior of Tm, it is interesting to investigate the limit 
case of one atomic layer. Thulium grows heteroepitaxially on the W(110) surface, with the [1010] 
direction of the Tm layer along the [110] direction of the (110) substrate, similar to the Nishiyama-
Wasserman orientation (see Figure 1) observed in other RE/W(110) systems [11, 12].

In nanostructured systems, there exists a strong relation between the magnetic properties of 
the nanostructure and its crystalline configuration and size, both being controllable by the 
preparation procedure. Tm on W(110) presents a large variety of morphologies depending on 
the coverage and thermal treatment after deposition, ranging from single atoms and clusters, 
to nanowires, to crystalline hexagonal monolayer islands for coverages below the monolayer 
and a hexagonal pyramidal Stranski-Krastanov growth for a multilayer coverage, where a 

Figure 1. Nishiyama-Waserman orientation relationship for a closed-packed fcc or hcp overlayer (right) on a bcc (110) 
surface (left). The Miller indices of the directions in the overlayer are those appropriate for an fcc structure. Adapted 
from [13].

Epitaxy94

full monolayer is first formed on which subsequent pyramidal multilayer islands are able to 
grow. The study presented here is focused on the sub-monolayer regime and its evolution 
with temperature treatments. It is shown that the size of the islands can be controlled by the 
density of impurities on the W(110) surface, which diffuses from the bulk to the surface over 
time at high temperatures.

2. Experimental details

2.1. Scanning tunneling microscopy

The scanning tunneling microscope (STM) is a lensless microscope, able to bypass the diffraction 
limits imposed by the finite numerical aperture and wavelength, where the image is reconstructed 
by measuring a pointwise matrix of the interaction between the sample and a probe; the probe 
consists of a very sharp wire, which, when brought close enough to a metallic surface, conducts 
via quantum tunneling [14, 15]. By moving this probe along the surface, the variation of the tun-
nel current provides information of the local density of states (LDOS) at the surface of the sample, 
therefore making STM strictly a surface technique. Due to the exponential dependence of quan-
tum tunneling with the width of the barrier, STM is extremely sensitive to features at the atomic 
scale, which goes hand in hand with the weakness of being very vulnerable to contamination at 
said scale. To reduce the exposure of samples to unwanted molecules, experiments are typically 
performed in ultra high vacuum conditions (UHV, P ≤ 10−10 mbar), maintaining vacuum unbro-
ken along the whole experimental process, from sample preparation to STM measurements.

The STM used in this work is a SPECS Aarhus HT-STM [16], which can operate over a wide 
range of temperatures, 90–1300 K. A large copper block surrounds the sample acting as 
both temperature reservoir and damping mass to reduce vibrations. High temperatures are 
obtained by thermal radiation from a W filament that can be approached to the back of the 
sample. The STM systems are equipped with a Nanonis SPM control system for data acquisi-
tion and interfacing with the microscopes. Data treatment and analysis are performed using 
WSxM [17] and Gwyddion [18].

STM tips are prepared by electrochemically etching a W wire in a NaOH solution. The wire 
is positioned through a small flat ring where a drip of the solution is placed, forming a thin 
layer by surface tension, minimizing the length of the wire exposed to etching which provides 
for a more robust tip.

2.2. Preparation of Tm/W(110)

2.2.1. Cleaning and carbon contamination of the W(110)

The preparation of a clean W(110) surface is procedurally less complicated than other sur-
faces, but more demanding in the design of the heating stage and sample holder, as they 
involve materials such as W or Mo which are difficult to machine, but able to withstand tem-
peratures above 2300 K.
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The main contaminant in a tungsten single crystal is carbon, which is dissolved in the bulk and 
diffuses to the surface over time. The procedure to remove said C, described in [19], consists in 
annealing cycles in an oxygen-rich atmosphere (T ~ 1500 K, P02 ~ 5 × 10−7 to 1 × 10−8 mbar) which 
causes the C adsorbates to react with the oxygen, forming CO molecules that can desorb from 
the surface. The second step in the procedure is to perform a short, high temperature flash 
of the sample (T > 2300 K) which removes atomic oxygen adsorbates and other remaining 
impurities from the sample. By performing several annealing-flash cycles, until the flashes do 
not produce a significant pressure spike (PFlash ≤ 1 × 10−10 mbar), a high quality clean surface is 
obtained. An STM image of a clean W(110) surface is shown in Figure 2a, with 34 adsorbates 
in a 40 × 40 nm2 area, a ~0.3% of a monolayer. Carbon adsorbates appear as depressions on the 
surface, as they present a lower LDOS. To the right, Figure 2b, the LEED pattern correspond-
ing to the clean surface is shown, where the rectangular lattice of the W(110) surface results in 
clear and well-defined spots; the [110] and [001] directions are indicated by lines.

As with any diffusion process, the rate at which C reaches the surface is strongly related to 
the temperature of the crystal, which during the experiments performed in this chapter is in 
the 700 to 1200 K range for hours at a time, strongly enhancing the C segregation. This pro-
duces a change in the quality of the surface over time, affecting the growth of Tm structures. 
Understanding how the surface evolves as C contamination grows is therefore important 
for high temperature experiments. Locally, carbon reconstruction patches will start to form 
where the adsorbate density is high enough; over time, the carbon reconstruction will cover 
the whole surface. An STM image of said reconstruction is shown in Figure 3 accompanied by 
the corresponding LEED pattern showing the 15 × 3 relation [20].

While LEED measurements are able to distinguish between the two situations presented 
in Figures 2 and 3, quantifying the non-reconstructed adsorbate density is beyond the  

Figure 2. (a) STM image of a clean W(110) surface taken at VBias = 100 mV, It = 1 nA. Carbon adsorbates appear as dark 
spots around and serve as scatter centers for the surface state, which is clearly visible around them. (b) LEED pattern 
corresponding to the clean W(110) surface, with the [110] and [001] directions indicated by lines.
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capabilities of this and other area analysis techniques (such as Auger), and STM characteriza-
tion is required to ensure an adequate surface for experiments sensitive to even low densities 
of impurities.

2.2.2. Evaporation of Tm

Evaporation of Tm has been performed by using an electron beam evaporator. The e-beam 
heats a molybdenum crucible where the evaporant material is located in the form of flakes, 
obtaining a rate near 1 ML/min, as measured by a fluxmeter at the exit of the evaporator, 
where the current is proportional to the number of ions crossing the fluxmeter section per 
unit of time.

2.3. Tm monolayer: structural characterization

Figure 4a presents an STM image, taken at 4.2 K in a low temperature instrument, of the Tm 
ML along with the corresponding LEED pattern in Figure 4d, illustrating the situation. The 
STM image on the left, Figure 4a, shows a quasi-hexagonal symmetry on the Tm layer which 
should be noted is not atomic resolution, but rather a Moiré pattern caused by the overlap 
of the triangular Tm lattice and the rectangular W(110) surface, shown in greater detail in 
Figure 4b; the actual atomic resolution of the Tm layer can be seen in Figure 4c. The LEED 
pattern in Figure 4d presents the spots due the W(110) seen in Figure 2b and an added quasi-
hexagonal structure corresponding to the Tm layer; satellite points forming an hexagon sur-
rounding the Tm spots are due to the Moiré pattern.

The lattice parameter measured along [001] is 4.08 Å, while the two other sides of the isosceles 
triangle measure 3.92 Å. This means that the Tm ML displays a fairly distorted hexagonal 
structure, forming in fact a rhombic or isosceles triangular lattice. Thus, the lattice mismatch 
between Tm and W is large enough to produce in the first monolayer of thulium, an asym-
metric distortion of the hcp structure that, with respect to the bulk lattice parameters, is com-
pressed along the [110] W by 1% and expanded along [001] W by about 15%; the W lattice 

Figure 3. (a) STM image of the Carbon reconstruction on W(110) taken at VBias = 100 mV, It = 1 nA. (b) Corresponding 
LEED pattern illustrating the 15 × 3 reconstruction.
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parameter is slightly enlarged respect to the bulk, with aW = 3.173 Å. This results in a Tm: W 
coincidence match of 2:3 and 7:9 along the [110] and [001] W directions, respectively.

3. Experimental results

3.1. Low coverage: single atoms and clusters

One of the peculiarities of this system is that for low coverages, even at room temperature, 
single atoms and small clusters present a very low diffusion and do not aggregate into larger 
objects until higher temperatures, as illustrated by Figure 5a.

Figure 5. Tm/W(110) sample with a low Tm coverage (a) at RT, as deposited, (b) at 700 K after 4 h in the 550–700 K range, 
causing a high density of C adsorbates on the tungsten surface and (c) at 900 K, after 3 additional hours in the 700–900 K 
range, showing the surface covered in carbon reconstruction patches.

Figure 4. (a) STM image of a Tm/W(110) sample showing the Tm monolayer on W(110); the clean W surface can be seen 
to the sides of the Tm layer. (b) Detail of the Moiré pattern of the Tm monolayer and (c) detail of the underlying atomic 
resolution. (d) LEED pattern corresponding to the Tm monolayer on W(110) showing the spots corresponding to the 
crystalline structure surrounded by satellites corresponding to the Moiré pattern.
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Increasing the temperature of the sample to T = 700 K facilitates diffusion, resulting in migra-
tion of Tm to the step edges, as well as aggregation into small islands (Figure 5b). It should 
be noted that changes in the configuration of the sample occur in a time window smaller than 
the thermalization time required by the system, as no strong evolution is observed at this 
temperature from t700 K = 10 to 30 min (where tT is the time t that the sample has been at a given 
temperature T). Increasing the temperature above 900 K produces a notable change in the 
configuration, as Tm structures acquire visible hexagonal characteristics. Figure 5c shows the 
resulting sample at this temperature, where all Tm have migrated to the step edges forming a 
wire along the edge that expands into islands with sharp hexagonal angles.

In contrast to the previous example, a strikingly different behavior is observed for a similar 
starting coverage if the heating process is altered. Figure 6a shows the sample as deposited at 
room temperature, and while the coverage is roughly 1.5–2.0 times that of Figure 5a, it is still 
low enough for it to consist in small clusters as well as some atom-like objects.

In order to try and capture the diffusion process, longer time periods are spent measuring 
this sample at lower temperatures (600, 650, and 700 K), without observing any significant 
change at any given temperature, pointing to an equilibrium for the island size that is reached 
in the first few minutes after increasing the temperature, before the drift is low enough to 
allow STM measurements. Increasing the time spent at lower temperatures, however, does 
have a significant effect regarding the presence of C on the surface, which is much more 
evident in Figure 6b than for an equivalent temperature (730 K) reached in a shorter time, 
as in Figure 5b; the other difference between the two images is that in this case, Tm does not 
migrate to the step edge or form larger islands, as the diffusion process is inhibited by the 
presence of a large quantity of carbon adsorbates.

The difference in behavior is stronger as the temperature is increased as the large, regular 
islands with hexagonal characteristics, where all the Tm accumulates leaving free the majority 
of the tungsten surface are nowhere to be seen; instead, small irregular islands are distributed 

Figure 6. Tm/W(110) sample with a low Tm coverage (a) at RT, as deposited, (b) at 730 K after 4 h in the 600 to 730 K 
range, causing a high density of C adsorbates on the tungsten surface and (c) at 1100 K, after 3 h in the 750–1100 K range, 
showing the surface covered in carbon reconstruction patches.
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along the surface with multiple carbon reconstruction patches covering the rest of the tungsten. 
Figure 6c shows this behavior, including double-layer islands due to the constraints imposed 
by the growing carbon reconstruction, even after increasing the temperature up to 1100 K.

3.2. Mid coverage: 0.5 monolayers

At higher coverages, Tm still does not tend to aggregate into a single continuous layer but 
rather tends to form small objects a few nanometers wide (Figure 7a) which, when annealed 
at temperatures around 600 K, evolve into small flat islands (Figure 7b). Following a slow 
heating process, as done for lower coverages, produces a similar behavior: the segregation 
of carbon is strongly enhanced which favors the formation of large patches of carbon recon-
struction, inhibiting the diffusion of Tm and thus limiting the size of the islands; with the 
island size constrained by carbon, increasing the temperature up to 950 K induces a struc-
tural change where the islands become regular in shape, with hexagonal features, but without 
merging into large patches, but rather staying mainly as 10–15 nm wide individual islands.

It is not until the coverage is near the full monolayer that Tm does, in fact, aggregate rather than 
forming smaller individual objects. In this state, Tm presents a high corrugation and an irregular 
appearance, as seen in Figure 8a. Increasing the temperature to 780 K favors the mobility of Tm, 
allowing for the formation of a smoother but still irregular layer with a more compact structure, 
as shown by the fact that the tungsten surface is clearly visible in Figure 8b and that maintaining 
the sample at this temperature does not increase the proportion of visible tungsten, therefore dis-
carding reevaporation of Tm as the cause of the observed decrease in coverage. As for the case of 
low coverage shown in Figure 5, at temperatures around 950 K, the Tm layer forms a hexagonal 
structure a single atomic layer in height, although in the form of large patches in this case (pic-
tured in Figure 8c), as performing a faster annealing process conserves a surface clean enough for 
the Tm to diffuse all along the step edges, leaving the rest of the W step free of smaller Tm objects.

The evolution of the system as seen in Figure 8 can actually be monitored by STM, as it changes 
in a scale of minutes. Figure 9 shows the same area of the course of 30 min at T = 780 K, show-
ing a dynamic behavior. The evolution pictured occurs 40 min after setting the temperature 

Figure 7. Tm/W(110) sample with coverage near 0.5 ML (a) at RT, as deposited, in the form of irregular islands (b) at 
750 K showing flatter, but still irregular islands and (c) at 950 K, where the diffusion is limited by the presence of C 
reconstruction patches and Tm takes the form small islands with hexagonal features.

Epitaxy100

set point; some self-assembled nanowires can be seen in the first images, although the over-
whelming majority of Tm is forming irregular-shaped islands. Over time, the islands expand, 
approaching the full monolayer and covering the wire structures. As no new material is added 
during this time, the increase in surface covered by the Tm islands is due to the system evolv-
ing to a new, less compact configuration. At higher temperatures, this is then followed by a 
structural change into a more compact hexagonal lattice, as seen from Figure 8b and c.

Figure 8. Tm/W(110) sample with a coverage around 0.5 ML coverage (a) as deposited at RT (b) at 750 K and (c) at 950 K. 
Islands change from irregular and rough in (b) to the crystalline with a Moiré pattern (c) for higher temperatures.

Figure 9. From left to right, top to bottom: Evolution over 30 min of the sample at 750 K. Thulium islands expand, 
covering the whole surface.
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3.3. High coverage: above 1 monolayer

For higher initial coverages, above the monolayer, the Stranski-Krastanov growth mode is evi-
dent, with Tm forming multiple-layer high hexagonal pyramids in Figure 10a. Annealing this 
sample illustrates the origin of this growth mode: the W-Tm interface is energetically more favor-
able than the Tm-Tm interface; therefore, completion of the initial wetting layer takes priority 
over subsequent layers, as illustrated by the fact that the said higher Tm layers are reevaporated 
at lower temperatures than the wetting layer. Thus, annealing at high temperature, a multilayer 
sample, such as Figure 10a, leads to a similar result as for submonolayer samples, with the 
already discussed heteroepitaxial monolayer with a Moiré pattern, pictured in Figure 10b.

At high temperatures, carbon segregation to the surface is fast enough to observe its effect 
over consecutive scans. Figure 11 shows the same area of the Tm monolayer at 1000 K over 
the course of 5 min. The small dark patch in Figure 11a is an area with carbon reconstruc-
tion which grows over time, while other small patch appears (Figure 11b), eventually merg-
ing with each other, forming a larger area of carbon reconstruction along the step edge. The 
growth of the carbon reconstruction patches displaces Tm from the layer, rather than growing 
below it, as it can be seen in Figure 11b and c: small areas on the Tm layer with a greyer color 
appear to have carbon beneath, while a darker area, similar in hue to the reconstruction along 
the step edge, seems to have displaced the Tm layer.

This effect is also seen on other samples, as shown in Figure 12, while the time evolution is 
not captured, it can be seen that Tm is displaced by the carbon reconstruction onto the second 
layer in Figure 12a, and 30 min later in Figure 12b, the Tm layer is flat once again, with Tm 
organized along to the step edge and carbon adsorbates and reconstruction patches on the 
outer side of the step. As the coverage is lower than the initial, it suggests a reevaporation at 
this temperature of the material that moves onto the second layer.

In this case, the carbon reconstruction patches within the layer have grown to the point where 
it is favorable for Tm to move to the second layer. Over time, this Tm is reevaporated reducing 
the total coverage, while the remaining material reorganizes forming a continuous layer with 
the carbon reconstruction patches along the step edges.

Figure 10. (a) Multilayer Thulium sample as deposited at room temperature showing hexagonal pyramidal islands. (b) 
After annealing at 1100 K, leaving only monolayer Tm islands on the W(110) surface; carbon reconstruction patches can 
also be seen.
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4. Analysis

4.1. Size distribution of Tm islands

To study the effect of carbon adsorbates on the diffusion of Tm on the W(110) surface and 
thus on the resulting island size, it is interesting to first introduce the basic ideas involved in 

Figure 11. Evolution over 5 min of the sample at 1000 K, showing the growth of a carbon reconstruction patch, displacing 
the Tm layer: (a) At eh beginning, (b)  the time between  and (c) at the end of the sequence.

Figure 12. (a) Tm being displaced by carbon reconstruction patches at 1050 K. (b) The same sample 30 min later while 
keeping the temperature at 1050 K, showing that Tm has compensated for the displaced material by migrating to the 
step edge.
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the description of nucleation on ideal surfaces, omitting the effect of impurities, anisotropies, 
steps, and other deviations from a perfect surface.

Once an atom or molecule is absorbed onto a surface, it can be reevaporated or diffused along 
the surface. Adatoms diffusing on the surface can encounter each other leading to the forma-
tion of dimers, clusters, and larger two-dimensional islands. These islands, as a whole, are 
stable and do not diffuse further; their shape and size, however, can change by dissociation 
and diffusion of the adatoms on the edges.

Island nucleation and growth (precoalescence stage) continues until islands grow to the point 
of merging with each other. At this point, continued growth of the layer consists in the filling 
of the remaining holes (post-coalescence stage). Thus, at constant temperature, the number of 
islands increases over time until coalescence between them begins, reducing the total number 
of individual islands. For the case of three dimensional islands, if no additional material is 
deposited on top of the island, but rather there is a transference between layers, overcoming 
the Ehrlich-Schwoebel energy barrier associated with the interlayer jumping is required.

The behavior of single-component metallic systems is well understood, based on scaling 
properties of measured island densities and shapes as a function or temperature and cover-
ing. Several reviews present a thorough presentation of the state of the art [21, 22]. Usually, 
the diffusion process is presented in the context of a clean surface: only the adatoms and the 
surface are considered to obtain the relevant parameters [23]. In some cases of practical inter-
est, the diffusion happens on surfaces partly covered by other impurities, and the diffusion 
is modified with respect to that observed in a clean surface, e.g., adsorbed hydrogen atoms 
enhances the self-diffusion of Pt by two orders of magnitude [24].

4.1.1. Island density

Two factors influence the nucleation and growth of islands: Deposition of atoms onto the 
surface with a flux F and thermally activated diffusion of adatoms along the surface with a 
diffusion coefficient D:

  D =  D  0   exp  (-U /    k  B   T)   (1)

where U is the diffusion barrier and kB the Boltzmann constant. For atomic systems, D0 = νa2, 
where ν is an attempt frequency, and a is the lattice constant of the substrate. Thus, with the defi-
nitions of F and D, the mean time for a unit cell to be hit by an atom is 1/Fa2, and the mean time 
after which the atom leaves the cell by diffusion is a2/D. Some conclusions can be obtained observ-
ing Eq. (1): adatom diffusion is thermally activated, thus increasing temperature produces an 
increment of D, and adatoms can diffuse over longer distances. As a result, the density N of stable 
islands becomes smaller with increasing T, and the number of atoms forming the island increases.

In order to describe and quantify the structures observed by STM or AFM as function of cov-
erage Θ or temperature, a complete set of equations has been obtained in the literature [21]. 
A fundamental concept is the critical island size or critical nucleus i. This variable denotes 
the critical cluster size, which becomes stable on adding an atom. Clusters with i+1 atoms are 
more likely to grow than to dissociate. i depends on the substrate temperature, increasing 
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when T increases, and other factors as the crystal symmetry of the substrate and the structure 
of a film, either amorphous or crystalline.

4.1.2. Mean field calculation

The mean-field nucleation theory has been used to obtain a simple expression for the concen-
tration nx of 2-D islands of size i for the case of complete condensation [21, 22, 25]:

   n  x   ∝   (  D __ F  )    
−χ

  exp [  
 E  i   _______  (i + 2)   k  B   T  ]   (2)

where χ = i/(i+2), and Ei is its bonding energy. A stable cluster means that it grows more rap-
idly than it decays, for instance by a dissociation process, during the course of deposition.

4.2. Influence of carbon adsorbates in island size

While the discussion above pertains to the case of clusters with a small number of atoms, the 
dependence of the equilibrium island size with temperature is a general conclusion. Figure 13 
shows the island size evolution with temperature of a sample, where little carbon has segre-
gated over the whole sequence, leading to a final island size that is actually limited by the 
step size, as seen in the lower section of Figure 13, illustrating the sample at different stages.

Figure 13. (a) Island size evolution with temperature. Below, from left to right, the evolution of the island size on the 
same sample at (b) room temperature, (c) 730 K and (d) 950 K. Note that the island size at high T is limited by the step 
size.
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This is in stark contrast with the behavior described for samples, where the annealing process 
is performed over a longer time, allowing for a greater density of carbon adsorbates on the 
surface, as seen previously in Figures 6 and 7. Plotting the island size as a function of tempera-
ture for several samples illustrates how different the behavior is between a clean surface and 
one saturated with the 15 × 3 carbon reconstruction.

It is not trivial to quantify the number of impurities, especially with experiments at high temper-
ature where resolution might be compromised to avoid risking tip crash, further complicated 
by drift issues. Figure 14 shows the island size evolution for several sets of samples, divided 
roughly in three categories depending on the carbon density on the surface: Low Carbon (blue 
hues in the graph), where the sample remains reasonably clean after the annealing process and 
island size is limited mainly by the size of the steps and the amount of Tm available; Mid Carbon, 
where carbon reconstruction patches and a high density of carbon adsorbates strongly limit the 
mean island size; High Carbon, with carbon reconstruction patches covering the whole surface.

A careful control over the carbon density on the W(110) surface can thus provide a reliable 
method for obtaining self-assembled islands with a definite size, ranging from being limited 
by the atomic step size to islands under 5 nm in diameter.

Figure 14. (a) Island size evolution with temperature for a set of samples. Below, representative final states for different 
samples, corresponding to the curves marked as (b) sample 030 at a final temperature of 950 K, with low carbon presence 
resulting in large islands; (c) sample 031 at 950 K, with a strong presence of carbon reconstruction, but segregated after 
the islands already increased in size; and (d) sample 040 at 1050 K, where very small regular islands can be observed all 
over the surface, due to the inhibited diffusion due to the high density of carbon on the surface.
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5. Conclusion

In this chapter, the preparation of single atomic layer Tm films on a W(110) substrate is 
explored. Sub-monoloyer Tm deposits can present a varied morphology depending on 
initial coverage, substrate temperature and adsorbate density. The key to achieving high-
quality pseudomorphic Tm films resides in an annealing process after evaporation, which 
motivates the study presented here, where STM experiments are performed at high tem-
perature to observe in situ the evolution of the Tm film. Measurements over time evidence 
the diffusion of carbon adsorbates from the bulk of the W crystal onto the surface. The effect 
of carbon impurity density on the diffusion process of Tm atoms is studied by observing 
the evolution of multiple samples at different initial coverages following different thermal 
processes, with longer times leading to a higher adsorbate density. It is observed that the 
presence of carbon strongly limits the diffusion of Tm, thus leading to the formation of 
pseudomorphic nanometric islands instead of the full monolayer. The ultimate result of 
the procedure described in this chapter indicates that with careful control of the impurity 
density, structures with mean Tm island size down to 5 nm in diameter can be obtained, an 
interesting achievement considering that the magnetic anisotropy of Tm foresees perpendic-
ular magnetization in these islands. This work highlights the role of surface adsorbates on 
the diffusion process of single atoms, and how it governs the nucleation of islands; experi-
mental evidence is presented of control over the mean island size by means of inducing a 
change in the diffusion parameters on the surface in a controlled fashion by using impurities 
existing in the substrate, a procedure that could be extrapolated to other magnetic materials 
to create self-ensembled nanosystems.

Acknowledgements

This work was supported by the Spanish MICINN (Grants MAT2015-66726-R and MAT2013-
46593-C6-3-P), Gobierno de Aragón (Grant E81), and Fondo Social Europeo. We thank Dr. 
José Luis Diez-Ferrer for providing the images of Figure 3.

Author details

David Coffey1,2,3, José I. Arnaudas2,3, David Serrate2,3 and Miguel Ciria1,3*

*Address all correspondence to: miguel.ciria@csic.es

1 Instituto de Ciencia de Materiales de Aragón, Consejo Superior de Investigaciones  
Científicas, Zaragoza, Spain

2 Laboratorio de Microscopías Avanzadas, Fundación Instituto de Nanociencia de Aragón, 
Universidad de Zaragoza, Zaragoza, Spain

3 Departamento de Física de la Materia Condensada, Universidad de Zaragoza, Zaragoza, 
Spain

Tm on W(110): A Growth Study by Scanning Tunneling Microscopy
http://dx.doi.org/10.5772/intechopen.70218

107



This is in stark contrast with the behavior described for samples, where the annealing process 
is performed over a longer time, allowing for a greater density of carbon adsorbates on the 
surface, as seen previously in Figures 6 and 7. Plotting the island size as a function of tempera-
ture for several samples illustrates how different the behavior is between a clean surface and 
one saturated with the 15 × 3 carbon reconstruction.

It is not trivial to quantify the number of impurities, especially with experiments at high temper-
ature where resolution might be compromised to avoid risking tip crash, further complicated 
by drift issues. Figure 14 shows the island size evolution for several sets of samples, divided 
roughly in three categories depending on the carbon density on the surface: Low Carbon (blue 
hues in the graph), where the sample remains reasonably clean after the annealing process and 
island size is limited mainly by the size of the steps and the amount of Tm available; Mid Carbon, 
where carbon reconstruction patches and a high density of carbon adsorbates strongly limit the 
mean island size; High Carbon, with carbon reconstruction patches covering the whole surface.

A careful control over the carbon density on the W(110) surface can thus provide a reliable 
method for obtaining self-assembled islands with a definite size, ranging from being limited 
by the atomic step size to islands under 5 nm in diameter.

Figure 14. (a) Island size evolution with temperature for a set of samples. Below, representative final states for different 
samples, corresponding to the curves marked as (b) sample 030 at a final temperature of 950 K, with low carbon presence 
resulting in large islands; (c) sample 031 at 950 K, with a strong presence of carbon reconstruction, but segregated after 
the islands already increased in size; and (d) sample 040 at 1050 K, where very small regular islands can be observed all 
over the surface, due to the inhibited diffusion due to the high density of carbon on the surface.

Epitaxy106

5. Conclusion

In this chapter, the preparation of single atomic layer Tm films on a W(110) substrate is 
explored. Sub-monoloyer Tm deposits can present a varied morphology depending on 
initial coverage, substrate temperature and adsorbate density. The key to achieving high-
quality pseudomorphic Tm films resides in an annealing process after evaporation, which 
motivates the study presented here, where STM experiments are performed at high tem-
perature to observe in situ the evolution of the Tm film. Measurements over time evidence 
the diffusion of carbon adsorbates from the bulk of the W crystal onto the surface. The effect 
of carbon impurity density on the diffusion process of Tm atoms is studied by observing 
the evolution of multiple samples at different initial coverages following different thermal 
processes, with longer times leading to a higher adsorbate density. It is observed that the 
presence of carbon strongly limits the diffusion of Tm, thus leading to the formation of 
pseudomorphic nanometric islands instead of the full monolayer. The ultimate result of 
the procedure described in this chapter indicates that with careful control of the impurity 
density, structures with mean Tm island size down to 5 nm in diameter can be obtained, an 
interesting achievement considering that the magnetic anisotropy of Tm foresees perpendic-
ular magnetization in these islands. This work highlights the role of surface adsorbates on 
the diffusion process of single atoms, and how it governs the nucleation of islands; experi-
mental evidence is presented of control over the mean island size by means of inducing a 
change in the diffusion parameters on the surface in a controlled fashion by using impurities 
existing in the substrate, a procedure that could be extrapolated to other magnetic materials 
to create self-ensembled nanosystems.

Acknowledgements

This work was supported by the Spanish MICINN (Grants MAT2015-66726-R and MAT2013-
46593-C6-3-P), Gobierno de Aragón (Grant E81), and Fondo Social Europeo. We thank Dr. 
José Luis Diez-Ferrer for providing the images of Figure 3.

Author details

David Coffey1,2,3, José I. Arnaudas2,3, David Serrate2,3 and Miguel Ciria1,3*

*Address all correspondence to: miguel.ciria@csic.es

1 Instituto de Ciencia de Materiales de Aragón, Consejo Superior de Investigaciones  
Científicas, Zaragoza, Spain

2 Laboratorio de Microscopías Avanzadas, Fundación Instituto de Nanociencia de Aragón, 
Universidad de Zaragoza, Zaragoza, Spain

3 Departamento de Física de la Materia Condensada, Universidad de Zaragoza, Zaragoza, 
Spain

Tm on W(110): A Growth Study by Scanning Tunneling Microscopy
http://dx.doi.org/10.5772/intechopen.70218

107



References

[1] Kwo J, Gyorgy EM, McWhan DB, et al. Magnetic and structural properties of single-
crystal rare-earth Gd-Y superlattices. Physical Review Letters. 1985;55:1402-1405

[2] Weller D, Alvarado SF, Gudat W, et al. Observation of surface-enhanced magnetic 
order and magnetic surface reconstruction on Gd(0001). Physical Review Letters. 1985; 
54:1555-1558

[3] Kwo J, Hong M, Nakahara S. Growth of rare-earth single crystals by molecular beam 
epitaxy: The epitaxial relationship between hcp rare earth and bcc niobium. Applied 
Physics Letters. 1986;49:319-321

[4] Majkrzak CF, Cable JW, Kwo J, et al. Observation of a magnetic antiphase domain struc-
ture with long-range order in a synthetic Gd-Y superlattice. Physical Review Letters. 
1986;56:2700-2703

[5] Salamon MB, Sinha S, Rhyne JJ, et al. Long-range incommensurate magnetic order in a 
Dy-Y multilayer. Physical Review Letters. 1986;56:259-262

[6] Kolaczkiewicz J, Bauer E. The adsorption of Eu, Gd and Tb on the W(110) surface. 
Surface Science. 1986;175:487-507

[7] Nicklin CL, Binns C, Norris C, et al. Valence state of low-dimensional thulium structures 
grown on molybdenum (110). Surface Science. 1994;307-309:858-862

[8] Bodenbach M, Höhr A, Laubschat C, et al. Surface electronic structure of Tm(0001) and 
Yb(111). Physical Review B. 1994;50:14446-14451

[9] Koehler WC, Cable JW, Wollan EO, et al. Magnetic structures of thulium. Physical 
Review. 1962;126:1672-1678

[10] Brun TO, Sinha SK, Wakabayashi N, et al. Temperature dependence of the periodicity of 
the magnetic structure of thulium metal. Physical Review B. 1970;1:1251-1253

[11] Li H, Tian D, Quinn J, et al. Structural and electronic properties of ultrathin films of Gd, 
Tb, Dy, Ho, and Er. Physical Review B. 1992;45:3853-3856

[12] Tober ED, Ynzunza RX, Westphal C, et al. Relationship between morphology and mag-
netic behavior for Gd thin films on W(110). Physical Review B. 1996;53:5444-5448

[13] Barret S, Dhesi S. The Structure of Rare-Earth Metal Surfaces. London: Imperial C; 2001

[14] Binnig G, Rohrer H, Gerber C, et al. Surface studies by scanning tunneling microscopy. 
Physical Review Letters. 1982;49:57-61

[15] Binnig G, Rohrer H. Scanning tunneling microscopy. Helvetica Physica Acta. 1982;55:726

[16] Petersen L, Schunack M, Schaefer B, et al. A fast-scanning, low- and variable-tempera-
ture scanning tunneling microscope. Review of Scientific Instruments. 2001;72:1438

Epitaxy108

[17] Horcas I, Fernández R, Gómez-Rodríguez JM, et al. WSXM: A software for scanning 
probe microscopy and a tool for nanotechnology. Review of Scientific Instruments. 
2007;78:13705

[18] Nečas D, Klapetek P. Gwyddion: An open-source software for SPM data analysis. 
Central European Journal of Physics. 2012;10:181

[19] Bode M, Krause S, Berbil-Bautista L, et al. On the preparation and electronic properties 
of clean W(110) surfaces. Surface Science. 2007;601:3308

[20] Bode M, Pascal R, Wiesendanger R. STM study of carbon-induced reconstruc-
tions on W(110): Strong evidence for a surface lattice deformation. Surface Science. 
1995;344:185-191

[21] Brune H. Microscopic view of epitaxial metal growth: Nucleation and aggregation. 
Surface Science Reports. 1998;31:121-229

[22] Einax M, Dieterich W, Maass P. Colloquium : Cluster growth on surfaces: Densities, size 
distributions, and morphologies. Reviews of Modern Physics. 2013;85:921-939

[23] Brune H, Bales GS, Jacobsen J, et al. Measuring surface diffusion from nucleation island 
densities. Physical Review B. 1999;60:5991-6006

[24] Horch S, Lorensen HT. Enhancement of surface self-diffusion of platinum atoms by 
adsorbed hydrogen. Nature. 1999;398:134

[25] Venables JA. Nucleation calculations in a pair-binding model. Physical Review B. 
1987;36:4153-4162

Tm on W(110): A Growth Study by Scanning Tunneling Microscopy
http://dx.doi.org/10.5772/intechopen.70218

109



References

[1] Kwo J, Gyorgy EM, McWhan DB, et al. Magnetic and structural properties of single-
crystal rare-earth Gd-Y superlattices. Physical Review Letters. 1985;55:1402-1405

[2] Weller D, Alvarado SF, Gudat W, et al. Observation of surface-enhanced magnetic 
order and magnetic surface reconstruction on Gd(0001). Physical Review Letters. 1985; 
54:1555-1558

[3] Kwo J, Hong M, Nakahara S. Growth of rare-earth single crystals by molecular beam 
epitaxy: The epitaxial relationship between hcp rare earth and bcc niobium. Applied 
Physics Letters. 1986;49:319-321

[4] Majkrzak CF, Cable JW, Kwo J, et al. Observation of a magnetic antiphase domain struc-
ture with long-range order in a synthetic Gd-Y superlattice. Physical Review Letters. 
1986;56:2700-2703

[5] Salamon MB, Sinha S, Rhyne JJ, et al. Long-range incommensurate magnetic order in a 
Dy-Y multilayer. Physical Review Letters. 1986;56:259-262

[6] Kolaczkiewicz J, Bauer E. The adsorption of Eu, Gd and Tb on the W(110) surface. 
Surface Science. 1986;175:487-507

[7] Nicklin CL, Binns C, Norris C, et al. Valence state of low-dimensional thulium structures 
grown on molybdenum (110). Surface Science. 1994;307-309:858-862

[8] Bodenbach M, Höhr A, Laubschat C, et al. Surface electronic structure of Tm(0001) and 
Yb(111). Physical Review B. 1994;50:14446-14451

[9] Koehler WC, Cable JW, Wollan EO, et al. Magnetic structures of thulium. Physical 
Review. 1962;126:1672-1678

[10] Brun TO, Sinha SK, Wakabayashi N, et al. Temperature dependence of the periodicity of 
the magnetic structure of thulium metal. Physical Review B. 1970;1:1251-1253

[11] Li H, Tian D, Quinn J, et al. Structural and electronic properties of ultrathin films of Gd, 
Tb, Dy, Ho, and Er. Physical Review B. 1992;45:3853-3856

[12] Tober ED, Ynzunza RX, Westphal C, et al. Relationship between morphology and mag-
netic behavior for Gd thin films on W(110). Physical Review B. 1996;53:5444-5448

[13] Barret S, Dhesi S. The Structure of Rare-Earth Metal Surfaces. London: Imperial C; 2001

[14] Binnig G, Rohrer H, Gerber C, et al. Surface studies by scanning tunneling microscopy. 
Physical Review Letters. 1982;49:57-61

[15] Binnig G, Rohrer H. Scanning tunneling microscopy. Helvetica Physica Acta. 1982;55:726

[16] Petersen L, Schunack M, Schaefer B, et al. A fast-scanning, low- and variable-tempera-
ture scanning tunneling microscope. Review of Scientific Instruments. 2001;72:1438

Epitaxy108

[17] Horcas I, Fernández R, Gómez-Rodríguez JM, et al. WSXM: A software for scanning 
probe microscopy and a tool for nanotechnology. Review of Scientific Instruments. 
2007;78:13705

[18] Nečas D, Klapetek P. Gwyddion: An open-source software for SPM data analysis. 
Central European Journal of Physics. 2012;10:181

[19] Bode M, Krause S, Berbil-Bautista L, et al. On the preparation and electronic properties 
of clean W(110) surfaces. Surface Science. 2007;601:3308

[20] Bode M, Pascal R, Wiesendanger R. STM study of carbon-induced reconstruc-
tions on W(110): Strong evidence for a surface lattice deformation. Surface Science. 
1995;344:185-191

[21] Brune H. Microscopic view of epitaxial metal growth: Nucleation and aggregation. 
Surface Science Reports. 1998;31:121-229

[22] Einax M, Dieterich W, Maass P. Colloquium : Cluster growth on surfaces: Densities, size 
distributions, and morphologies. Reviews of Modern Physics. 2013;85:921-939

[23] Brune H, Bales GS, Jacobsen J, et al. Measuring surface diffusion from nucleation island 
densities. Physical Review B. 1999;60:5991-6006

[24] Horch S, Lorensen HT. Enhancement of surface self-diffusion of platinum atoms by 
adsorbed hydrogen. Nature. 1999;398:134

[25] Venables JA. Nucleation calculations in a pair-binding model. Physical Review B. 
1987;36:4153-4162

Tm on W(110): A Growth Study by Scanning Tunneling Microscopy
http://dx.doi.org/10.5772/intechopen.70218

109



Section 2

Epitaxy Monte Carlo Simulation and Reactor
Design



Section 2

Epitaxy Monte Carlo Simulation and Reactor
Design



Chapter 5

Monte Carlo Simulation of Epitaxial Growth

Celso I. Fornari, Gabriel Fornari,
Paulo H. de O. Rappl, Eduardo Abramof and
Jerônimo dos S. Travelho

Additional information is available at the end of the chapter

http://dx.doi.org/10.5772/intechopen.70220

Provisional chapter

© 2016 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons  
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use, distribution, 
and reproduction in any medium, provided the original work is properly cited. 

DOI: 10.5772/intechopen.70220

Monte Carlo Simulation of Epitaxial Growth

Celso I. Fornari, Gabriel Fornari,  
Paulo H. de O. Rappl, Eduardo Abramof and 
Jerônimo dos S. Travelho

Additional information is available at the end of the chapter

Abstract

A numerical Monte Carlo (MC) model is described in detail to simulate epitaxial growth. 
This model allows the formation of structural defects, like substitutional defects and 
vacancies, and desorption of adsorbed atoms on the surface. The latter feature supports 
the study of epitaxial growth at very high kinetic regime. The model proposed here is 
applied to simulate the homoepitaxial growth of Si. The results obtained fit well to the 
experimental reports on (0 0 1) silicon homoepitaxy. The easy implementation of a large 
number of microscopic processes and the three-dimensional spatial information during 
the film growth suggests that the model can be applied to simulate the growth of binary, 
ternary, or more compounds and even the growth of superlattices and heterostructures.

Keywords: Monte Carlo simulation, molecular beam epitaxy, epitaxial growth,  
lattice-matched substrates

1. Introduction

Computer simulation has been successfully applied to the study of surface growth by molecu-
lar beam epitaxy (MBE) [1]. These simulation results play a key role in understanding and 
elucidating various aspects of MBE growth. These simulations provide an atomistic inter-
pretation of the changes in characteristic reflection high energy electron diffraction (RHEED) 
patterns, observed in real-time, that are related to the different growth modes, i.e., from island 
nucleation to layer-by-layer growth mode. Additionally, by simulation, the dependency of 
substrate temperature and the growth rate in the vacancy formation and structural defects 
can be evaluated [2–6]. However, the majority of these computational models for  simulating 
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applied to simulate the homoepitaxial growth of Si. The results obtained fit well to the 
experimental reports on (0 0 1) silicon homoepitaxy. The easy implementation of a large 
number of microscopic processes and the three-dimensional spatial information during 
the film growth suggests that the model can be applied to simulate the growth of binary, 
ternary, or more compounds and even the growth of superlattices and heterostructures.

Keywords: Monte Carlo simulation, molecular beam epitaxy, epitaxial growth,  
lattice-matched substrates

1. Introduction

Computer simulation has been successfully applied to the study of surface growth by molecu-
lar beam epitaxy (MBE) [1]. These simulation results play a key role in understanding and 
elucidating various aspects of MBE growth. These simulations provide an atomistic inter-
pretation of the changes in characteristic reflection high energy electron diffraction (RHEED) 
patterns, observed in real-time, that are related to the different growth modes, i.e., from island 
nucleation to layer-by-layer growth mode. Additionally, by simulation, the dependency of 
substrate temperature and the growth rate in the vacancy formation and structural defects 
can be evaluated [2–6]. However, the majority of these computational models for  simulating 
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neglects desorption effect and, consequently, do not explain growth at high substrate tem-
peratures, where the growth rate is decreased due to desorption of atoms adsorbed on the 
surface. Besides, the models often use structural approximations, in which the formation 
of defects is not allowed. In this work, a numerical Monte Carlo (MC) model is presented, 
in which desorption processes and structural defects are allowed, being possible to study 
limit cases, i.e., low kinetic energy regime, where structural defects are more likely, and high 
kinetic energy regime, where the desorption rate competes with the deposition rate.

This chapter is organized as follows: Section 2 presents a review on molecular beam epitaxy, 
focusing on the growth modes and the most common experimental techniques used to char-
acterize thin epitaxial films. Section 3 presents a brief review of computational models of 
epitaxial growth simulation, and the model developed in this work. Section 4 presents the 
simulation results of silicon (Si) homoepitaxial growth on Si (0 0 1). Finally, Section 5 presents 
the main conclusions and new applications of the proposed model.

2. Molecular beam epitaxy

Molecular beam epitaxy (MBE) is a state-of-the-art ultra-high vacuum (UHV) thin film growth 
technique. The materials that will compose the films are sublimated from highly stable effu-
sion cells, forming the molecular beam, which is deposited on an independently heated sub-
strate. The substrate is a monocrystalline material and the impinging atoms, from the solid 
source, follow the substrate crystalline orientation. The physicochemical interaction mecha-
nisms between two phases, in this case, vapor solid, with the growing solid, is called epitaxy, 
which has a Greek root: epi means “above” and taxis means “an ordered manner” [7].

Since the system operates in a UHV environment, the mean free path of the vapor species is 
much larger than the distance between the solid sources and the substrate. The interactions 
of the molecular beam, before colliding with the substrate surface, can be neglected. The sub-
strate temperature is controlled independently of the effusion cells and is kept low relative to 
the temperatures of the cells. Therefore, the growth far from the thermodynamic equilibrium 
makes it possible to compensate distinct thermodynamic properties of the different materials, 
besides allowing the growth of high-quality monocrystalline films.

The UHV conditions in the MBE growth chamber result in an extremely low background 
impurity level, which allows the growth of samples with high doping control. Besides, several 
materials can be sublimated simultaneously and, by means of independent shutter control, 
multi-layer systems, with very sharp interfaces, can be obtained. Among that, a wide range 
of alloy composition and different doping levels can be achieved. The growth conditions are 
reproducible, highly stable and can vary over a wide range, which is crucial for optimiz-
ing the growth for specific materials. Additionally, compatibility with in situ analysis tools 
provides insights into the microscopic processes involved in the growth. The reflection high-
energy electron diffraction (RHEED), for example, probes the film surface and, due to the 
small angle of the incident electron beam, provides information on surface morphology, in 
real time, during the growth [8].
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In the past decades, the interest in MBE was promoted mainly by the exciting properties 
of semiconductor structures due to two characteristics: high control in the atomic level and 
reproducibility. Nowadays, after the theoretical prediction of the topological phase of the 
matter, the MBE technique has shown to be a promising way to obtain high-quality samples, 
without using counter doping to suppress free carriers due to the structural defects [9].

2.1. Growth mechanisms

Growth of MBE can take place on a substrate composed of the same material, e.g., silicon 
epitaxy on Si substrates [10], or on different materials, e.g., Ge epitaxy on Si [11]. The first is 
called homoepitaxy and the second is called heteroepitaxy. These growth conditions may lead 
to different growth mechanisms, due to the differences in the lattice parameters. Basically, 
there are three different modes of growth: Volmer-Weber, Stranski-Krastanov, and Frank-
van der Merwe, which will occur depending on the experimental parameters and the lattice 
mismatches.

In Volmer-Weber’s mode, the interaction of the adsorbed atoms is much stronger among them 
than with the substrate surface, which leads to the formation of clusters or three dimensional 
islands. As growth proceeds, these islands expand, widening their volumes, whose height 
greatly exceeds the thickness of a monolayer (ML), leading to the simultaneous growth of 
atomic layers with rough surface, as shown in Figure 1(a) [8].

In Frank-van der Merwe’s mode, the atoms adsorbed on the surface have a stronger interac-
tion with the surface, leading to the formation of a complete ML before another starts to grow. 
This layer-by-layer growth mode is often referred as a bi-dimensional growth and is shown 
in Figure 1(b) [8].

The last mode of growth, called Stranski-Krastanov, is characterized by mixing both previ-
ously mentioned. In this mode, the adsorbed atoms begin to grow layer-by-layer. When the 
critical layer thickness is reached, which value depends on the specific physical properties of 
each compound, the elastic energy accumulated in the growth relaxes, resulting in the forma-
tion of clusters or islands. This mode of growth is shown in Figure 1(c) [8].

Of course, all these growth modes are important, since each has a particular application. For 
the growth of topological insulators, such as bismuth chalcogenide compounds, the Frank-
van der Merwe mode is necessary, because the aim here is to minimize structural defects 
during the formation of the epitaxial layers [12]. However, to manufacture low-dimensional 

Figure 1. Modes of growth: (a) Volmer-Weber; (b) Frank-van der Merwe; and (c) Stranski-Krastanov.
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which has a Greek root: epi means “above” and taxis means “an ordered manner” [7].
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much larger than the distance between the solid sources and the substrate. The interactions 
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strate temperature is controlled independently of the effusion cells and is kept low relative to 
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makes it possible to compensate distinct thermodynamic properties of the different materials, 
besides allowing the growth of high-quality monocrystalline films.

The UHV conditions in the MBE growth chamber result in an extremely low background 
impurity level, which allows the growth of samples with high doping control. Besides, several 
materials can be sublimated simultaneously and, by means of independent shutter control, 
multi-layer systems, with very sharp interfaces, can be obtained. Among that, a wide range 
of alloy composition and different doping levels can be achieved. The growth conditions are 
reproducible, highly stable and can vary over a wide range, which is crucial for optimiz-
ing the growth for specific materials. Additionally, compatibility with in situ analysis tools 
provides insights into the microscopic processes involved in the growth. The reflection high-
energy electron diffraction (RHEED), for example, probes the film surface and, due to the 
small angle of the incident electron beam, provides information on surface morphology, in 
real time, during the growth [8].
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structures, such as quantum dots, when island morphology is required, the growth param-
eters of the Volmer-Weber mode are determined to control the density, size, and distribution 
of the islands.

2.2. Characterization techniques

RHEED and atomic force microscope (AFM) are the most common experimental techniques 
applied to characterize the surface of epitaxial films. The first, as mentioned, provides infor-
mation in situ and in real time on surface reconstruction, growth rate, and growth mode. The 
second allows probing the surface morphology of the film.

The RHEED equipment, basically, consists of an electron gun, in the energy range of 10–50 keV, 
and a phosphorescent screen. The electron beam is directed to the sample surface, at low angle 
(<5°). The de Broglie wavelength of electrons for this energy range is 0.17–0.06 Å, which corre-
sponds to the interatomic distances in the crystalline lattice. Therefore, whenever the difference 
between the incident beam and the diffracted one is equal to a vector of the reciprocal lattice, 
there will be a maximum of diffraction.

The AFM technique provides high-resolution images of the surface morphology. A piezo-
electric is used to scan the sample surface, and a very sharp tip is used to probe the surface. 
The tip deflection is measured at each point, providing spatial information in the real space 
of the surface. This information can be directly compared to the simulation results, in order 
to validate the growth models.

3. Molecular beam epitaxial models

3.1. Epitaxial growth models

The most common nucleation models used in the simulation of growth by MBE are either 
completely deterministic or totally stochastic. The deterministic models are based on the 
temporal evolution of differential equations and study microscopic parameters or stability 
properties of the growing surface. The deterministic models do not contain explicit spatial 
information of the growing surface [13–15].

Alternatively, to the analytic simulations, there are models that consider the stochastic nature 
of the microscopic processes. These stochastic calculations are typically implemented in the 
form of molecular dynamics (MD) or kinetic Monte Carlo (MC) simulations [16–18]. The MC 
simulation allows the easy implementation of a large number of microscopic processes. The 
rate of each microscopic process is obtained from first principle calculations or from experi-
ments. These models are often in agreement with experimental works and provide spatial 
information of the growing surface [19].

The solid-on-solid (SOS) approach is very common in Monte Carlo simulation models [20]. 
In this approximation, one atom can only be accommodated on another atom, and therefore, 
structural defects, such as vacancies, are not allowed. Since bulk defects are not allowed in the 
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SOS model, the growth quality can only be evaluated by the growing surface. This approach 
has been widely used in growth simulations of MBE due to the successful interpretations of 
RHEED intensity oscillations and the surface atomistic processes.

3.2. The Monte Carlo epitaxial model

This MC computational growth model was implemented using the nearest-neighbor and lat-
tice-gas approximation. The first approximation, as mentioned, considers the interaction only 
with the in-plane nearest neighbor. Figure 2(a) shows an example for a cubic lattice structure, 
which has a maximum of four in-plane neighbors. Therefore, the potential energy of each lat-
tice point is determined by analyzing the number of bonds between the closest atoms. This 
approximation has been widely used in MBE simulations [21]. The second approximation 
considers a fixed crystalline structure, with sites at which the atoms from the solid source can 
be accommodated. In this case, the possible crystalline positions can be either occupied or 
empty. Once a fixed crystalline structure is considered, no strain is accounted in this model. 
Figure 2(b) illustrates the lattice gas approximation. It is good to emphasize that these approx-
imations do not allow studying surface reconstruction, since the atomic positions are pre-
determined and the atoms can fill or not each one. Besides, these approximations allow only 
the study of homoepitaxy or, in some cases, heteroepitaxy of lattice-matched substrates, e.g., 
the growth of bismuth telluride on BaF2 (1 1 1), where the lattice mismatch is of only 0.04% 
[12]. In similar cases, the lattice gas approximation can be employed in the numerical models.

The processes considered, in the model presented in this chapter, are shown in Figure 3. 
After deposition (a), surface atoms are allowed either to migrate to another position (b–e) or 
to desorb (g), and structural defects can be formed (f). The surface is defined as an occupied 
lattice position with dangling bonds. This statement is also valid for atoms near a hole, since 
these atoms have one or more dangling bonds due to the presence of the hole itself. This means 
that the neighboring atoms can migrate and fill the hole, turning on the bulk diffusion process.

Models in which bulk defects are considered allow for the study of structural defect formation 
at low kinetic energy regimes, e.g., growth by MBE at low substrate temperatures. In addition, 

Figure 2. (a) Determination of the number of nearest neighbor to a chosen position of a cubic lattice. In this example, 
the atom has three in-plane bonds and one out-of-plane bond. (b) The lattice gas approximation considers a fixed empty 
crystalline structure, in which the atoms from the solid source are accommodated, initiating epitaxial growth.
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structures, such as quantum dots, when island morphology is required, the growth param-
eters of the Volmer-Weber mode are determined to control the density, size, and distribution 
of the islands.
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the desorption process of atoms at the surface is critical for investigating high-energy growth 
regimes, since desorption of adsorbed atoms (adatoms) significantly affects the growth rate 
and morphology of films at very high substrate temperatures.

The implementation of this model can be divided into two steps: deposition and surface anal-
ysis. The first step is responsible for the seating of the atoms on the growing surface, which, in 
a computational view, can be seen as a square matrix being filled with numbers. In sequence, 
the second step starts, and each position of the matrix is analyzed. At this point, for each 
matrix position, a calculation is made and, depending on the result, one of the possibilities 
described in Figure 3 can occur, except for the process shown in Figure 3(a).

These steps are repeated until a certain growth time, as shown in Figure 4. For each loop inter-
action, a time unit is added to the deposition time. By using deposition rates equivalent to the 
experimental ones and increasing the number of site-analysis during the second step, i.e., the 
number of times each position is analyzed, it is possible to use an approximately equivalent 
experimental time unit.

3.2.1. Deposition rate

Depending on the temperature of the effusion cells, different growth rates are achieved. These 
rates can be experimentally determined, in situ, by measuring RHEED intensity oscillations 
or using a quartz crystal microbalance. In addition, these rates can be determined by directly 
measuring the film thickness after growth.

Figure 3. Allowed processes during MC simulation of thin film growth by MBE: (a) deposition of atoms, arriving from 
the solid sources, on the surface of a growing film; (b) surface diffusion to a more stable position; (c) atom in an unstable 
position, without lateral bonds, which can either desorb to the vacuum volume or diffuse to a more stable position; (d) 
surface diffusion or migration to a higher kink lattice; (e) possible surface diffusion forming overhang; (f) hole formed 
in the structure volume; and (g) desorption.
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In the model, a certain amount of atoms is deposited on the first step of each round of the 
simulation. This amount depends directly on the substrate area, as given by Eq. (1),

   N  X   =  L   2  . D  (1)

In this equation, NX is the number of atoms from specie X that will be deposited per second, 
and L is the lateral dimension of the substrate (the size of one side of the square matrix). The 
constant D is the reciprocal of the experimental deposition rate, given in seconds per mono 
layers (s/ML), i.e., D = 1/GR, where GR is the experimental growth rate in ML/s. In this model, 
it is possible to simulate the growth of materials composed by one or more atomic species. In 
that case, the first step of the model will be repeated Ntot times, with Ntot = NX + NY + …, where 
X, Y indicate each atomic species. To fit the simulation to the experimental data, D must be 
carefully determined for each atomic species in the model.

3.2.2. Surface analysis

In the second step, each position of the surface is analyzed randomly. The surface control is 
managed by a linear dynamic data structure (implemented through a linked list), containing 
all spatial coordinates and the atomic species.

In a certain drawn position, the probability of surface diffusion or desorption is calculated. 
These probabilities are given as the product of an observation time, τ, and a hopping rate, RD, E, 
for diffusion (D) or desorption (E), as shown in Eq. (2),

   P  D, E   = τ .  R  D, E    (2)

Theoretically, the observation time should be as low as possible, τ → 0. However, a very low 
observation time leads to a high computational time, since the second step is repeated until 
the integrated observation time is equal to one unit, as shown in Eq. (3). In practice, a good 
value is τ ≈ 0.01, which means that the second step of the model is repeated 100 times,

Figure 4. Flow chart showing the two-step model. During one time unit, a number of atoms are randomly deposited on 
the growing surface. After deposition, all surface sites are randomly analyzed. Surface diffusion or desorption can occur 
during this process. The deposition time is increased by one unit, and the process is repeated until the total growth time 
is achieved.
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the growing surface. After deposition, all surface sites are randomly analyzed. Surface diffusion or desorption can occur 
during this process. The deposition time is increased by one unit, and the process is repeated until the total growth time 
is achieved.
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The hopping rate is determined by an Arrhenius equation, as shown in Eq. (4),
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In this equation, ED,E is the energy for diffusion (D) or desorption (E), kB is the Boltzmann con-
stant, and T is the substrate temperature. The typical vibration frequency of the atom,R0, is 
function of Planck constant, h, and is given by Eq. (5), typically around 1013 Hz,

   R  0   =   
2  k  B   T

 ____ h   .  (5)

The energies for diffusion or desorption can be obtained from ab initio calculations or by 
experimental results. These values can be fitted to the experimental data to reproduce the 
experimental results.

The energy depends on the number of bonds that each atom possesses. Equation (6) pres-
ents the energy required for an atom to diffuse (ED) or desorb (EE),

   E  D,E   = m E  D0,E0   + n E  DL,EL   ,  (6)

where m is the number of out-of-plane bonds, n is the number of in-plane bonds (see 
Figure 2(a)), and the sub-indices D0 and E0 indicate the energy required to diffuse or desorb, 
respectively, for one out-of-plane bond.

The sub-indices DL and EL indicate the energy required to diffuse or desorb, respectively, for 
one in-plane bond. In practice, in a cubic lattice, m = 0 or 1 and n = 0, 1, 2, 3 or 4. When an atom 
is located on a vacancy, which is an unoccupied site in the lattice, m = 0.

3.2.3. Probabilities

At each round, in the second step, all surface positions are analyzed once. For each position, 
the number of in-plane and out-of-plane bonds is computed, and then, the probabilities for 
diffusion and desorption are calculated. A random number is generated, and if it reaches one 
of these events, the atom will migrate to another available position or desorb. Figure 5(a) 

Figure 5. (a) Example of a draw number where none of the events is reached and (b) when a surface diffusion event is 
achieved.

Epitaxy120

shows a draw number, where none of the events was reached, and Figure 5(b) shows the 
activation of a surface diffusion event.

When a diffusion event is reached, the atom will migrate to any random neighboring posi-
tion in the lattice. For a desorption event, the atom is simply removed from the surface. Since 
the MBE equipment operates under UHV conditions, the mean free path inside the growth 
chamber is very high, and these atoms can stick to the MBE wall chamber without interacting 
with the molecular beam.

For very high substrate temperatures, some lattice positions can be considered unstable, since 
the probability of diffusion and/or desorption can surpass one unit. Whenever the sum of the 
probabilities surpasses one unit, as shown in Eq. (7), a “right event” is achieved,

   P  D   +  P  E   > 1 .  (7)

This situation tries to describe limiting conditions, where the growing rate is overlapped 
by the desorption rate. Since this event occurs at high substrate temperatures, the adatoms 
have a very high surface mobility. To accomplish this condition, each time a “right event” is 
reached all available surface positions are analyzed. If one or more of these positions offers 
enough bonds to avoid another “right event,” the atom migrates randomly to one of these 
positions. Otherwise, if none of the surface positions is stable enough, i.e., if Eq. (6) is true, the 
atom desorbs to the vacuum.

To avoid border effects, a periodic boundary condition was implemented. Atoms located at 
the borders of the substrate have only two or three in-plane bonds. By increasing the substrate 
temperature, these positions can become more unstable. The toroid considers a closed sub-
strate, such as: x(1) ↔ x(L) and y(1) ↔ y(L). In this sense, if an equivalent position is occupied, 
x(1) ↔ x(L), the atom located at x(1) gets a bond.

3.2.4. Random numbers

To obtain the stochastic nature of the microscopic processes, the Mersenne Twister random 
number generator was employed, which is a 623 dimensionally equidistributed uniform 
pseudorandom number generator with an accuracy of up to 32 bits [22].

3.2.5. Quantifying results

Surface roughness is estimated based on the exposed surface, without computing any struc-
tural defects. The simulated film roughness is calculated by:

  σ =     1 __  L   2      ∑  
x=0
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The term h(x,y) represents the highest position occupied by an atom, and    h ¯¯    is the average 
thickness of the entire film. The equation for roughness estimation resembles the Rsq coef-
ficient, obtained experimentally from atomic force microscopy (AFM), scanning tunneling 
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ficient, obtained experimentally from atomic force microscopy (AFM), scanning tunneling 

Monte Carlo Simulation of Epitaxial Growth
http://dx.doi.org/10.5772/intechopen.70220

121



 microscopy (STM), or X-ray reflectivity measurements, which allows a direct comparison 
between simulation and experimental results reported in the literature (Section 2.2).

RHEED patterns are very sensitive to the surface roughness and morphology of the outer 
layers. The growth rate can be estimated in situ during MBE growth through the RHEED 
intensity oscillations, which is dynamically calculated by:

  I  (  t )    =    (   ∑  
n
      (  − 1 )     n  .  S  n    (  t )    )   2.  (9)

where the term Sn(t) is the exposed cover of the nth layer at time t. This equation is slightly 
different from the equations used in the SOS models, since it calculates the reflected intensity 
using only surface atoms exposed to the beam [23].

4. Simulation results

4.1. Silicon (0 0 1)

For the simulation of a (0 0 1) Si homoepitaxy, the energy value for diffusion to out-of-plane 
bond is ED0 = 1 eV and the in-plane energy is EDL = 0.5 eV. The energy barrier for the evaporation 
process was determined by fitting the growth rate curves as a function of substrate tempera-
ture with the calculated growth rates. The curves were calculated using the vapor pressure of 
silicon as a function of temperature and the Knudsen equation [8]. The out-of-plane energy 
barrier found for evaporation is EE0 = 3.8 eV and the in-plane energy is EEL = 0.3 eV. The out-of-
plane barrier energy determines the inflection point of the growth rate curve, and the in-plane 
energy determines directly the derivative of the curve, which is the rate of change as a function 
of substrate temperature.

During growth simulation, the exposed surface, surface roughness, RHEED intensity, struc-
tural defects density, growth rate, and the partial structure, containing all atoms coordinates, 
were continuously recorded as a function of time. The substrate temperature was investi-
gated in a range varying from room temperature up to the silicon melting point. The exter-
nal parameters of the simulation are substrate temperature, deposition rate, lattice size, and 
deposition time.

Figure 6 presents surface roughness in monolayers (ML) for four different substrate tempera-
tures (TSUB). The deposition rate was kept constant at 0.01 ML/s during 1000 s of deposition, 
which results in films thicknesses with approximately 10 ML. At room temperature (300 K), 
the atoms on surface do not have sufficient energy to migrate leading to a limited surface dif-
fusion, which favors the formation of structural defects, like vacancies and overhangs. As the 
substrate temperature increases to 600 K, the diffusion hopping rate raises and atoms situated 
on unstable positions, with a few bonds, may migrate to more stable positions on the lattice. 
This process decreases the surface roughness, as observed in Figure 6, since the innermost 
layers tend to be fulfilled. The growing surface at this condition is dominated by coalescence 
of small clusters. For substrate temperature of 800 K, a layer-by-layer growth mode is reached. 

Epitaxy122

This condition is evidenced by very clear oscillations on the surface roughness profile, with 
a period of approximately 100 s. The oscillation ends in a minimum, indicating that the 10th 
layer is practically completed. Increasing the substrate temperature to 1200 K, the surface 
roughness is raised to a value around 1 ML, which is a consequence of film thickness inhomo-
geneity, due to high surface diffusion rates.

The results of RHEED intensity oscillations dynamically calculated for a set of growth condi-
tions are displayed in Figure 7. At room temperature, the calculated intensity does not exhibit 
any oscillations, which indicates that the intensity of the interference pattern is suppressed by 
the rough surface. The growth at TSUB between 600 and 800 K exhibits well-defined intensity 
oscillations with a period around 100 s, indicating a growth rate of 1 ML/s. At 600 K, the oscil-
lations are less intense and less symmetric than at 800 K, indicating the growth of more than 
one layer at the same time. For substrate temperatures around 800 K a layer-by-layer growth 
mode is achieved, evidenced by the symmetric RHEED intensity oscillation and confirmed 
by the calculated surface roughness (Figure 6). At 1200 K, the intensity oscillations disappear 
again. The layer-by-layer mode is lost due to higher surface atoms mobility, which leads to 
rougher surfaces. These results agree very well to experimental work of (0 0 1) Si homoepitaxy 
[24]. In this report, the RHEED intensity oscillations are weak and vanish after 2 min of depo-
sition at room temperature and at 1270 K, whereas they are intense, well defined, and long-
standing for substrate temperatures between 600 K and 900 K. Surface coverage of the first 10 
layers was calculated and is presented in Figure 8(a) as a function of substrate temperature.

At lower temperatures, more than one atomic layer is filled at the same time, due to low sur-
face diffusion. This is evidenced in the lower panel of Figure 8, where the 10th layer starts to be 
filled around 400 s, whereas the other 9 layers are still been filled. At TSUB = 600 K, the coverage 

Figure 6. Surface roughness profiles for films grown on different substrate temperatures (TSUB). Due to limited surface 
diffusion for films grown at room temperature, high roughness is obtained. Raising the substrate temperature, a high 
surface mobility is achieved, leading to a step-by-step growth mode at 800 K. For even higher substrate temperatures, 
atoms are allowed to diffuse with elevated rate and the reevaporation becomes significant, enhancing surface roughness.
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 microscopy (STM), or X-ray reflectivity measurements, which allows a direct comparison 
between simulation and experimental results reported in the literature (Section 2.2).

RHEED patterns are very sensitive to the surface roughness and morphology of the outer 
layers. The growth rate can be estimated in situ during MBE growth through the RHEED 
intensity oscillations, which is dynamically calculated by:
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Figure 6. Surface roughness profiles for films grown on different substrate temperatures (TSUB). Due to limited surface 
diffusion for films grown at room temperature, high roughness is obtained. Raising the substrate temperature, a high 
surface mobility is achieved, leading to a step-by-step growth mode at 800 K. For even higher substrate temperatures, 
atoms are allowed to diffuse with elevated rate and the reevaporation becomes significant, enhancing surface roughness.
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chart shows that simultaneous growth occurs for a maximum of two layers, whereas, at 800 K, 
the chart evidences the growth of only one layer per time period. Raising TSUB to 1200 K, the 
high diffusion hopping rate recovers simultaneous layer growth and generates noisy lines on 
the surface coverage profile. Besides that reevaporation process becomes significant, contrib-
uting to an increase of spiked profile due to an abrupt change on the atomic layers coverage.

The exposed surface is presented in Figure 8(b) for growth temperatures between 300 K and 
800 K.

From room temperature to TSUB = 500 K, the images present a rough surface with cluster of Si 
atoms close to each other. At 700 K, the surface becomes much more flat, exhibiting large ter-
races with monolayer islands and a few void lakes. This growth condition is mostly controlled 
by islands coalescence and is on transition to the layer-by-layer growth regime. Raising the 
substrate temperature to 800 K, a plain layer-by-layer growth mode is observed, where the 
lowermost atomic layers are completely fulfilled by a step-flow mechanism before a new layer 
start to be formed. These results are in agreement with experimental STM images captured in 
an ultra-high vacuum MBE system right after the (0 0 1) Si homoepitaxy growth [25].

Figure 7. Normalized RHEED intensity oscillations dynamically calculated for several growth substrate temperatures 
(TSUB). The intensity oscillations are suppressed at room temperature and at 1200 K, indicating rough surfaces at these 
conditions. For intermediated substrate temperatures, from 600 to 800 K, clearly defined oscillations are observed.

Epitaxy124

The dependence of the defects density formed during film growth as a function of the sub-
strate temperature is presented in Figure 9 for different deposition rates. This graph shows 
that, for each deposition rate, there is a threshold temperature where the defect density starts 
to decay exponentially. This temperature is higher for higher deposition rates. As the deposi-
tion rate increases, higher diffusion rates, i.e., higher temperatures are needed to accommo-
date the impinging atoms without the formation of holes. The local minima observed in the 
curves of Figure 9 correspond to the variation of the diffusion rate due to the average number 
of bonds of the surface atoms.

At lower substrate temperatures regimes, the hopping rate is decreased, inhibiting the atoms 
mobility. These growth conditions are favorable to structural defects, which leads to rough 

Figure 8. (a) Surface coverage as a function of deposition time of the first ten atomic layers for substrate temperatures 
from 300 K to 1200 K. (b) Exposed surface for a L = 100 lattice positions and four substrate temperatures. Increasing 
substrate temperature enhances atoms mobility, lowering surface roughness by widening terraces on the surface (TSUB 
from 300 to 700 K). At TSUB = 800 K, a transition from cluster to layer-by-layer growth is achieved.
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surfaces. For higher temperatures, in an energetically unstable condition with many dangling 
bonds, the hopping rate for diffusion raises. This condition favors atoms located in unstable 
positions to search other points in the lattice with lower energy, decreasing the number of 
structural defects and the surface roughness. With higher substrate temperatures, the atoms 
located in the surface are allowed to migrate in a short period of time. This condition allows 
atoms to migrate to a more stable position, like on kinks, giving rise to a step-flow growth 
mode with flatter surfaces and less structural defects. For even higher substrate temperatures, 
the hopping rate for diffusion is very high, even for positions with many bonds. In this situ-
ation, several diffusion movements are allowed, producing inhomogeneous thicknesses with 
rougher surfaces. The hopping rate for reevaporation begins to be significant, lowering the 
growth rate. If substrate temperature continues to increase, the reevaporation rate becomes 
more and more significant, until growth rate vanishes.

4.2. Applications

This model can be applied to study low and high kinetic growth regimes, since this numerical 
model of MBE growth considers bulk defects and desorption process and the growth of mul-
tiple elements, such as binary and ternary alloys. Besides, it is possible to study thermal treat-
ment effects on crystalline structures, sputtering processes of surfaces, and even the growth 
on substrates with cleavage steps.

One topic example, which has attracted a lot of attention from experimental scientists, is topo-
logical insulator materials. The most common archetypes of this new electronic state of matter 
are the bismuth chalcogenides compounds, such as Bi2Te3 and Bi2Se3. This class of matter has 
a nontrivial topological order, resulting in a metallic behavior attributed to the surface states 
but insulating behavior in the bulk. However, the presence of spontaneous structural defects in 
these compounds leads to electric conduction in the bulk, which overlaps with surface states. Of 
course, in order to achieve practical applications, it is fundamental to have insulating samples in 

Figure 9. Density of holes formed in the simulated films as a function of substrate temperature for deposition rate 
varying from 0.01 ML/s up to 2.56 ML/s.
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the bulk. The model presented here can be applied to understand the growth dynamics of these 
compounds, elucidating the mechanisms of structural defect formation.

5. Conclusion

This chapter presented firstly a brief description of the molecular beam epitaxy and the main 
growth modes achieved using this technique as well as of the most common experimental 
tools to probe thin film surfaces. The second part described a numerical model based on 
Monte Carlo method to simulate epitaxial growth.

The model proposed here is applied to simulate the molecular beam epitaxial growth of Si on 
(0 0 1) Si substrate. The results obtained fit well to the experimental reports on (0 0 1) silicon 
homoepitaxy. At low substrate temperatures, films exhibit a high density of structural defects 
and a very rough surface. On the other hand, for high temperatures, large surface terraces 
are achieved with a low density of bulk defects. At even higher substrate temperatures, the 
surface roughness increases due to the high mobility of the atoms at the surface, which could 
lead to non-homogeneity of the film thickness. By further increasing the substrate tempera-
ture, the atoms have sufficient energy to desorb, resulting in a reduction of the growth rate.

The large number of microscopic processes and the three-dimensional spatial information 
during the film growth allow the model to simulate the growth of binary, ternary, or more 
compounds and even the growth of superlattices and heterostructures. In addition, the model 
allows an easy implementation to study thermal treatments in crystalline structures and sur-
face sputtering processes.
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surfaces. For higher temperatures, in an energetically unstable condition with many dangling 
bonds, the hopping rate for diffusion raises. This condition favors atoms located in unstable 
positions to search other points in the lattice with lower energy, decreasing the number of 
structural defects and the surface roughness. With higher substrate temperatures, the atoms 
located in the surface are allowed to migrate in a short period of time. This condition allows 
atoms to migrate to a more stable position, like on kinks, giving rise to a step-flow growth 
mode with flatter surfaces and less structural defects. For even higher substrate temperatures, 
the hopping rate for diffusion is very high, even for positions with many bonds. In this situ-
ation, several diffusion movements are allowed, producing inhomogeneous thicknesses with 
rougher surfaces. The hopping rate for reevaporation begins to be significant, lowering the 
growth rate. If substrate temperature continues to increase, the reevaporation rate becomes 
more and more significant, until growth rate vanishes.

4.2. Applications

This model can be applied to study low and high kinetic growth regimes, since this numerical 
model of MBE growth considers bulk defects and desorption process and the growth of mul-
tiple elements, such as binary and ternary alloys. Besides, it is possible to study thermal treat-
ment effects on crystalline structures, sputtering processes of surfaces, and even the growth 
on substrates with cleavage steps.

One topic example, which has attracted a lot of attention from experimental scientists, is topo-
logical insulator materials. The most common archetypes of this new electronic state of matter 
are the bismuth chalcogenides compounds, such as Bi2Te3 and Bi2Se3. This class of matter has 
a nontrivial topological order, resulting in a metallic behavior attributed to the surface states 
but insulating behavior in the bulk. However, the presence of spontaneous structural defects in 
these compounds leads to electric conduction in the bulk, which overlaps with surface states. Of 
course, in order to achieve practical applications, it is fundamental to have insulating samples in 

Figure 9. Density of holes formed in the simulated films as a function of substrate temperature for deposition rate 
varying from 0.01 ML/s up to 2.56 ML/s.
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the bulk. The model presented here can be applied to understand the growth dynamics of these 
compounds, elucidating the mechanisms of structural defect formation.

5. Conclusion

This chapter presented firstly a brief description of the molecular beam epitaxy and the main 
growth modes achieved using this technique as well as of the most common experimental 
tools to probe thin film surfaces. The second part described a numerical model based on 
Monte Carlo method to simulate epitaxial growth.

The model proposed here is applied to simulate the molecular beam epitaxial growth of Si on 
(0 0 1) Si substrate. The results obtained fit well to the experimental reports on (0 0 1) silicon 
homoepitaxy. At low substrate temperatures, films exhibit a high density of structural defects 
and a very rough surface. On the other hand, for high temperatures, large surface terraces 
are achieved with a low density of bulk defects. At even higher substrate temperatures, the 
surface roughness increases due to the high mobility of the atoms at the surface, which could 
lead to non-homogeneity of the film thickness. By further increasing the substrate tempera-
ture, the atoms have sufficient energy to desorb, resulting in a reduction of the growth rate.

The large number of microscopic processes and the three-dimensional spatial information 
during the film growth allow the model to simulate the growth of binary, ternary, or more 
compounds and even the growth of superlattices and heterostructures. In addition, the model 
allows an easy implementation to study thermal treatments in crystalline structures and sur-
face sputtering processes.
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Abstract

Cost-effective and mass production of size-controlled wafers becomes one of the future
trends for electronic devices. Herein, we design a Minimal Fab system for the growth of
half-inch-diameter silicon wafer devices. Different from the conventional chemical
vapour deposition (CVD) systems, a new-type of CVD reactor was designed and devel-
oped for the Minimal Fab. The minimal CVD reactor has a small reaction chamber for
rapid growth processes. It employed (i) a vertical gas flow, (ii) heating modules using
concentrated infrared light, (iii) chlorine trifluoride gas for quick reactor cleaning and
(iv) optimized epitaxial growth conditions so that the reactor cleaning is not necessary.
Reducing the total gas flow rate is an effective way to increase the wafer temperature.
The heating process was further assisted by the absorption of infrared light by the
precursor trichlorosilane. The slimly designed reflector could help in improving the
heating speed.

Keywords: chemical vapour deposition, infrared light heating, reflectors, cleaning
process

1. Introduction

The electronic device fabrication follows the two major trends, that is, the larger silicon wafer
diameter and smaller design rule [1], mainly for economic reasons. A huge number of the
device chips are produced in this manufacturing system. These trends require a huge invest-
ment for developing and preparing the plant.

However, we have the other technical trend [2] that the highly integrated device chips are
customized and applied to various fields including the information technologies. For this
purpose, a small amount of various chips are flexibly produced. Here, the Minimal Fab [3–6]
is expected to flexibly produce just the right number of electronic device chips, from one to
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million, on-demand and on-time, consuming less material and power. For this concept, a small
silicon wafer having 12.5 mm diameter allows the great flexibility. It enables the very quick
processes of the lithography, thin film formation, annealing and others. The instruments have a
very small footprint. The chemical vapour deposition (CVD) process and its reactor should be
developed as the key technology.

Ordinary CVD reactors used for epitaxial growth of large-diameter wafers consume a large
amount of gases and heating power. For fast growth of small-scale devices, such as 12.5-mm
wafer, Minimal Fab is designed better because a slow gas flow rate and slim heating modules
are used. In addition, the environment inside the growth chamber is easily maintained and
therefore the regular chamber cleaning for ordinary CVD reactors becomes less necessary for
Minimal Fab. However, some parameters that are ignored in ordinary CVD systems may
become effective in Minimal Fab. Special care should be paid to finely tune those important
parameters.

To fabricate reactors for small substrates, the thermal condition becomes different when com-
pared to that for the large substrates [7]. The concentrated infrared flux effectively heats the
small substrate; the thermal process becomes very rapid. In addition to the heating system, the
highly reactive gas of chlorine trifluoride (ClF3) [8] is chosen for the reactor cleaning because it
can easily remove the silicon film, unnecessarily formed in the CVD reactor, at various tem-
peratures even at room temperature.

In Section 2 [9], a small footprint CVD reactor for producing silicon thin films is explained.
This employs the technical issues of (i) vertical gas flow, (ii) a concentrated infrared flux and
(iii) in situ reactor cleaning using chlorine trifluoride gas. Steps (i) and (ii) achieve a less heating
energy and a rapid cooling. The cleaning process is rapid by (iii). The heating step is not
necessary because the chlorine trifluoride gas is reactive even at room temperature. Section 3
explains the practical thermal condition [10, 11]. For achieving the rapid process, the infrared
light absorption by the precursor gas is useful. Simultaneously, the cleaning-free process
becomes possible. In Section 4, the heat transport near the wafer is evaluated [12]. The thin
plates are recognized to be the suitable reflector material. For the quick temperature up and
down, the reactor parts set near the wafer should be small, slim and thin. The wafer rotation
and the highly heat-conductive susceptor help in achieving the symmetrical and uniform
profile of silicon epitaxial film thickness.

2. Silicon chemical vapour deposition process for minimal fab

In this section, the CVD reactor was designed and developed, taking into account the thermal
process using the reflector, which concentrates infrared flux. The reactor cleaning process
using the highly reactive chlorine trifluoride gas is also employed.

2.1. Chemical reaction for silicon epitaxy

The chemical reactions at silicon substrate surfaces [13] are briefly shown as follows:

Epitaxy132

SiHCl3 ! �SiCl2 þHCl↑ ð�: Chemisorbed at surfaceÞ (1)

�SiCl2 þH2 ! �Siþ 2HCl↑ (2)

Similar to the ordinary silicon epitaxial growth, trichlorosilane (SiHCl3) is used in a hydrogen
ambient. Firstly, trichlorosilane is chemisorbed at the surface to form the intermediate species,
*SiCl2. Next, it reacts with hydrogen to form silicon. Thus, the overall chemical reaction is
written as follows:

SiHCl3 þH2 ! Siþ 3HCl↑ (3)

Assuming the Eley-Rideal model, the growth rate is expressed as follows:

Growth rate ¼ kAdkr½SiHCl3�½H2�
kAd½SiHCl3� þ kr½H2� ; (4)

Where kAd and kr are the rate constant for Eqs. (1) and (2), respectively. When kAd [SiHCl3] is
significantly larger than kr [H2], the epitaxial growth rate becomes as follows:

Growth rate ¼ kr½H2� (5)

Because the hydrogen concentration in the reactor is nearly constant, the epitaxial growth rate
simply depends on the wafer temperature.

Generally, the epitaxial growth rate at 1100�C is about 1–4 μm/min by the ordinary horizontal
cold wall reactor and is about 8 μm/min by the high-speed rotation vertical reactor.

In order to avoid the formation of surface defects, such as light point defects, the gas phase
chemical reaction is suppressed by maintaining the gas phase temperature low, that is, by
employing the cold wall environment.

2.2. Thermal condition

Figure 1 shows the heat transport for the silicon wafer in the minimal CVD reactor. The half-inch
silicon wafer is heated by the infrared flux, QIR, emitted from the halogen lamps. The heat is
emitted from the half-inch silicon wafer, QEm, as radiation heat. The gas flow containing the
precursor gas from the gas nozzle takes the heat away from the wafer, QFlow.

By concentrating the infrared flux, QIR effectively reaches and locally heats the substrate with
minimizing the heat loss. The distance between the silicon wafer and the gas nozzle can be
changed by finely adjusting QFlow. In order to effectively heat the half-inch wafer, the half-inch
wafer is placed below the reflector, as shown in Figure 2(a). The half-inch silicon wafer is heated
using the infrared flux coming from the upper outside.

By employing this geometry, QEm is high, because the emission of radiation heat is not
disturbed. Although the QEm value decreases the wafer temperature, the increasing rate of the
wafer temperature is high because of the high QIR value. Additionally, the cooling rate of the
wafer becomes high.
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using the infrared flux coming from the upper outside.
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disturbed. Although the QEm value decreases the wafer temperature, the increasing rate of the
wafer temperature is high because of the high QIR value. Additionally, the cooling rate of the
wafer becomes high.
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2.3. Cleaning process

The reactor cleaning is necessary for removing the film produced around the substrate, such as
at the wafer holder and the quartz tube. The typical silicon CVD process [14] utilizes hydrogen
chloride gas near 1200�C. Such high-temperature process requires a long period for increasing
and decreasing the temperature. By contrast, the chlorine trifluoride gas is useful, because the
following chemical reaction occurs at any temperatures, even at room temperature [8],

3Siþ 4ClF3 ! 3SiF4↑þ 2Cl2↑ (6)

Figure 1. Heat transport for the silicon wafer in the minimal CVD reactor.

Figure 2. The minimal CVD reactor, (a) using the reflector concentrating the infrared flux to the silicon wafer, (b) using
the ordinary type reflector, in which the silicon wafer is enclosed and (c) photograph of the minimal reactor.
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2.4. Reactor

Figure 2(a) shows the reactor, which consists of a quartz tube (inner diameter of 24 mm), a quartz
wafer holder, gas inlets, three halogen lamps, and a reflector. A half-inch silicon wafer is set on the
quartz wafer holder. The inner zone and the outer zone gas inlets have diameters of 7 and 24 mm,
respectively. A half of the total gas was introduced to each of the inlets. The distance between the
silicon wafer and the bottom of the inner zone gas inlet was 3 cm, in this section. Figure 2(c)
shows a photograph which depicts the half-inch silicon wafer heated by the infrared flux.

Figure 2(b) shows the CVD reactor having an ordinary type reflector. The half-inch silicon
wafer is enclosed in the reflector. The infrared flux approaches via the various paths experienc-
ing multiple reflections by the reflector. Comparing this with the minimal CVD reactor, the
half-inch wafer cooling rate is shown to be influenced by the reflector geometry. This will be
explained in detail in Section 2.6.

The wafer temperature is measured in ambient nitrogen by an R-type thermocouple, directly
attached to the backside of the half-inch silicon wafer. During the silicon film deposition in
ambient hydrogen, the thermocouple is placed in the quartz wafer holder, as shown in Figure 2(a).

2.5. Process

For the silicon film formation, the carrier gas and precursor gas are vertically introduced to the
silicon wafer. The carrier gas is hydrogen (H2) and the precursor gas is trichlorosilane. The
cleaning gas is chlorine trifluoride diluted to 5% in ambient nitrogen at atmospheric pressure.
The total gas flow rate is 0.2–1.2 slm. The half-inch silicon wafer is heated to 800–1100�C.

The silicon CVD process is shown in Figure 3. After the silicon wafer is heated, the
trichlorosilane gas is introduced for the silicon deposition. After terminating the trichlorosilane
gas supply, the wafer is cooled down and unloaded from the reactor. The chlorine trifluoride
gas is introduced into the reactor at atmospheric pressure and at room temperature for

Figure 3. Silicon chemical vapour deposition process for the Minimal Fab.
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removing the silicon film formed on various places in the reactor. The flow rate of nitrogen and
chlorine trifluoride gas is 1 and 0.05 slm, respectively.

2.6. Cooling rate

The capability of the reflector is first evaluated by the cooling rate of the half-inch silicon wafer.
Figure 4 shows the cooling rate of the minimal CVD reactor at the nitrogen flow rate of 1 slm,
using the reflectors of minimal and ordinary type, shown in Figure 2(a) and (b), respectively.
Figure 4 shows the decreasing temperatures of the half-inch wafer. The cooling rate of the minimal
CVD reactor is �22 K/s, which is 20% greater than that using the ordinary-type reflector.

2.7. Heat balance

The electric power for heating the silicon wafer is evaluated with adjusting the gas flow rate
and the trichlorosilane gas concentration. The half-inch wafer temperature is obtained follow-
ing the relationship between the temperatures on the backside of the half-inch wafer and the
temperature below the quartz wafer holder measured by thermocouple. Additionally, based
on the silicon film growth rate saturation [13] at temperatures lower than 1000�C and at the
high trichlorosilane gas concentrations, the half-inch wafer temperature is obtained.

The half-inch wafer temperature in a steady state is influenced by various conditions, such as
the lamp voltage, V (V), the total gas flow rate, FTotalGas (sccm) and the trichlorosilane gas
concentration, CTCS (%). Using a least-squares approximation, the half-inch wafer temperature,
TWafer (�C), is obtained, assuming that each parameter linearly influences the TWafer value.

Twaferð�CÞ ¼ 90
ffiffiffiffiffiffiffiffiffiffiffi
VðVÞ

p
� 0:13FTotalGasðsccmÞ � 4:3CTCSð%Þ þ 310ð�CÞ (7)

Figure 4. Cooling rate of half-inch silicon wafer in the minimal CVD reactor and the reactor using the ordinary type
reflector. (In ambient nitrogen: 1 slm and atmospheric pressure.).
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The TWafer value increases by the increasing V value and decreases by the increasing FTotalGas

value and CTCS value. Particularly, the increase in FTotalGas of 10 sccm and that of CTCS of 0.25%
induces a 1�C decrease in TWafer.

Following Eq. (7), the half-inch wafer temperature is estimated as a function of the lamp
voltage and the total gas flow rate at the trichlorosilane concentration fixed to be 3.5%, as
shown in Figure 5. Eq (7) shows that the lamp voltage becomes 10–20 V lower by decreasing
the total gas flow rate.

2.8. Reactor cleaning

As shown in Figure 6(a), a polysilicon film is formed on the wafer holder and on the inner wall
of the quartz tube during the film deposition. The thick silicon film is formed at a height near
that of the half-inch silicon wafer, because the reactor inner wall near the substrate is high.

Because the film on the quartz wall might produce particles to cause surface defects, it must be
removed. Thus, chlorine trifluoride gas [2] at 5% is introduced into the reactor at room
temperature in the ambient nitrogen. Figure 6(b) shows a reactor before introducing the
chlorine trifluoride gas. Figure 6(c) shows that the silicon film on the right half of the reactor
wall was removed after 1 min. The right half of the wafer holder is clearly observed. Although
the silicon film on the left half of the reactor wall reduces, a thick film still remains.

As shown in Figure 6(d), only a small amount of the polysilicon film remains after 2 min on the
left position of the reactor wall. After 3 min, the polysilicon film is perfectly removed, as shown
in Figure 6(e) which clearly gives an image of the entire wafer holder. The polysilicon
film formed on the inner wall of the quartz tube is quickly and perfectly removed at room
temperature.

Figure 5. Wafer temperature changing with the lamp voltage and the total gas flow rate.
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3. Thermal condition

The wafer temperature is influenced by many parameters [9] of lamp voltage, total gas flow
rate and trichlorosilane gas concentration. The details of these thermal influences are evalu-
ated. Particularly, the light absorption and the heat transport by the gases are the major issues.
Table 1 shows the experimental conditions.

3.1. Temperature change caused by trichlorosilane

Figure 7 shows the quartz wafer holder temperature. The hydrogen and trichlorosilane
flow rate are 220 and 12 sccm, respectively. The wafer holder temperature slowly becomes
568�C in the ambient consisting of only hydrogen, as shown using dark squares. When the
trichlorosilane gas is added from 9 to 13 min, the wafer holder temperature increases, as
shown using white squares, and reaches 609�C. Empirically, the wafer surface temperature
increase by the trichlorosilane gas is c.a. 80 K.

Trichlorosilane has the infrared light absorption [15] at 3.3 and 2.2 μm. The halogen lamp emits
the light near 1 μm, the wavelength of which widely distributes [16] to that longer than 2 μm.
Thus, the trichlorosilane considerably absorbs the infrared light from the halogen lamps; it
increases the temperature of the gas phase.

Figure 6. Reactor appearance along the reactor cleaning at room temperature. (a) After the film deposition; (b–e): the
decrease of poly Si film.
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3.2. Influence of total gas flow rate

Figure 8 shows the wafer holder temperature during the silicon deposition. Dark squares are
the temperatures at the hydrogen and trichlorosilane flow rate of 220 and 12 sccm, respec-
tively. The wafer holder temperature increases from 8 min; the temperature increase becomes
faster after the addition of trichlorosilane at 10 min. The wafer holder temperature reaches
588�C. The temperatures at the hydrogen and trichlorosilane flow rate of 165 and 9 sccm,
respectively, are shown by white squares. The wafer holder temperature reaches 626�C which
is higher than that at the higher gas flow rate. The wafer holder temperature increases with the
decreasing total gas flow rate.

Although Figure 7might show that the decrease in the trichlorosilane gas flow rate induces the
temperature decrease by means of less infrared absorption, the wafer holder temperature is
actually increased. It is due to the heat transport by the gas flow [9].

Parameters Value

Pressure Atmospheric pressure

Hydrogen gas flow rate 100–1000 sccm

Trichlorosilane gas flow rate 2–60 sccm

Chlorine trifluoride gas flow rate 50 sccm

Substrate 12.5 mm diameter silicon wafer

Electric power 55–100 V

Deposition time 1 min � n times or n minutes once

Substrate temperature 800–1000�C

Table 1. Silicon CVD conditions.

Figure 7. Temperature shift cause by SiHCl3 supply for 4 min (at 64 V).
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3.3. Temperature and obtained film surface

Figure 9 shows the relationship between the wafer temperature, the film surface and the
quartz wall deposition. At a very high temperature, the silicon film deposition occurs at the
silicon wafer surface and the quartz tube inner wall surface. The optimum temperatures
produce the specular silicon epitaxial film without the tube wall deposition.

4. Reflector influence on rapid heating

In order to achieve the uniform-thick epitaxial film, the thermal conditions are important. The
important issues are the infrared ray reflection design [7] and the heat transport through the
reflectors set around the wafer. The CVD reactor for the large-diameter wafer has the large
infrared lamp module consisting of large and thick reflector plates [9–11]. The reflector surface

Figure 8. Temperature increase by the decreasing H2 flow rate (at 65 V).

Figure 9. Film growth and wall deposition.
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not only concentrates the infrared rays to the wafer surface but also absorbs the heat coming
from the lamps. Then, the reflector becomes high temperature. Through the reflector, various
parts and the gas phase, the heat absorbed by the reflector is slowly conducted to the wafer.
The temperature of reflector surface and wafer gradually increases during reaching the ther-
mal steady state. Particularly, the massive metallic parts require long time for reaching a
thermal steady state. In this case, the heating process requires more electric power and finer
heat distribution control. In order to design a quick heat transport through the reflector
maintaining low electric power, a thin and slim reflector is expected. The reflector geometry
should be optimized for the minimal CVD reactor.

Infrared rays tend to converge to generate a hot spot [7]. For broadening the locally formed
heat profile, a silicon carbide susceptor having high heat conductivity is convenient. Addition-
ally, the wafer rotation is popular and effective for averaging the temperature distribution and
the film growth rate [17].

In this section for achieving a quick thermal process, the heating behaviour is evaluated using
two types of reflectors, that is, the Type-I reflector made of thick mirror plates used in the
previous sections and the Type-II reflector made of thin plates. Additionally, the roles of the
wafer rotation and the silicon carbide susceptor are explained for preparing a uniformly thick
silicon epitaxial film.

4.1. Reactor and reflector design

Figure 10 shows the detail of minimal CVD reactor. Similar to the previous sections, the
reactor has the inner and the outer inlet. The distance between the wafer and the inner inlet is
51–56 mm. In this section for improving the heat conduction, the silicon carbide plates are
inserted beneath the wafer.

Figure 11 shows the Type-I and Type-II reflectors covered with an electroplated gold film.
Three reflectors are horizontally arranged around the quartz tube, as shown in Figure 10.
Figure 11(a) shows the Type-I reflector, which is evaluated in the previous sections. The main
body of the Type-I reflector is a 50-mm-thick mirror plate. Its thick body maintains the
temperature stable during the long process, because it is not sensitive to fluctuations in the
temperature around the reactor. However, it may result in slow heat conduction through it.

As shown in Figure 12(a) and (b), through the Type-I reflector and the Type-II reflector,
respectively, the heat from the halogen lamps is transported to the silicon wafer. The solid lines
indicate the heat conduction from the lamp to the reflector plate. This heat conduction also
heats the wafer, with the radiation heat indicated by the dotted lines. Because the heat conduc-
tion requires long period to reach long distance, the large and thick Type-I reflector slowly
achieves the steady state and makes the thermal process slow and long.

The Type-II reflector is shown in Figure 11(b). This reflector consists of a 5-mm-thick plate
which is significantly thinner than that of the Type-I reflector. This thin plate makes the heat
transport through itself quicker than that of the Type-I reflector. Particularly, the temperature
difference between the inside and outside of the reflector plate is reduced. The thermal process
by the Type-II reflector can be quicker than that of the Type-I reflector.
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4.2. Process

The gas mixture of hydrogen (H2) and trichlorosilane (SiHCl3, TCS) is vertically introduced to
the silicon wafer in ambient hydrogen at atmospheric pressure, as shown in Figure 10. The gas
flow rates of the H2 and TCS are 215 and 9 sccm, respectively. The electric power of 55–65 V is
supplied to the halogen lamps. The total electric power is less than 1500 W.

Typically, the epitaxial film formation process has two major steps. Step A removes the native
oxide film on the silicon wafer surface at 1100�C for 1 min. Next, the wafer temperature is

Figure 10. Half-inch silicon CVD reactor for the Minimal Fab.

Figure 11. Two reflectors of (a) Type-I and (b) Type-II.
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adjusted to 700–1000�C for Step B, forming the silicon epitaxial film for several minutes by the
chemical reaction [13] following Eq. (3).

The process shown in Figure 13(a) has the stand-by step, Step C, between Step A and Step B.
Step C, waiting for Step B after Step A, realizes the parallel process. The two virtual reactors,
the A and B Reactors, are arranged for Steps A and B, respectively. Step C transports the wafer
from the A Reactor to the B Reactor at low temperatures. Although the additional period is
necessary for increasing and decreasing the temperature, Steps A and B can be simultaneously
performed. The parallel process of Steps A and B is expected to become quicker. Thus, in the
first part, Step C is intentionally performed using the Type-I and -II reflectors, in order to

Figure 12. Heat transport from halogen lamp to silicon wafer through (a) Type-I and (b) Type-II reflectors. Dotted lines:
heat transport by radiation; solid lines: heat transport by conduction and gas flow.

Figure 13. Process of silicon epitaxial growth by (a) Steps A–C and by (b) Steps A and B. Step A removes native oxide
film, Step B forms silicon epitaxial film and Step C is for stand-by. Dotted lines show virtual reactor process.
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compare their thermal behaviours through exactly the same process. In the second part, the
effect of Step C was evaluated.

4.3. Wafer rotation and susceptor

For obtaining the uniform-thick epitaxial film by the classical ways [18], the wafer rotation and
the silicon carbide susceptor are employed, as shown in Figure 14. Because even the slow
wafer rotation has the effect of averaging the film growth rate along the concentric circle [17],
the epitaxial film thickness is expected to become flat over the wafer. Silicon carbide has a high
thermal conductivity [19] for decreasing the temperature difference over the wafer. The diam-
eter and the thickness of the silicon carbide plate are 16 and 0.58 mm, respectively. Three
silicon carbide plates are stacked beneath the silicon wafer.

4.4. Wafer temperature evaluation

The wafer holder temperature, TWH, is measured and evaluated. The silicon wafer tempera-
ture, TW, is obtained from the silicon epitaxial growth rate. At the wafer temperature lower
than 1000�C and at the TCS gas concentration higher than 1%, the silicon epitaxial growth rate
is governed by the surface chemical reaction. The epitaxial growth rate is expressed using the
wafer temperature, TW, [13]

Growth rate ðμm=minÞ ¼ 1:95� 109 eð�26100=TW Þ ðTW < 1000�CÞ: (8)

Figure 14. Half-inch wafer and silicon carbide susceptor on rotating wafer holder.
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When the wafer holder temperature, TWH, is 650�C, the silicon epitaxial film growth rate was
about 1.2 μm/min, corresponding to the TW value near 960�C.

The silicon epitaxial film is formed by the two types of reflectors, as shown in Figure 15. The
gas flow rates of the TCS and the H2 were 9 and 215 sccm, respectively. Step C is intentionally
introduced for cooling the reflector and for comparing the two types of reflector through the
same process. In Figure 15, the dotted line and the solid line show the wafer holder tempera-
tures during Step B immediately after Step C, by the Type-I and -II reflectors, respectively.

For the Type-I reflector, the TCS gas is introduced between 0 and 5 min. The wafer holder
temperature finally becomes 573�C at 5 min at the halogen lamp voltage of 63 V. The solid line
shows the temperature change using the Type-II reflector. The wafer holder temperature
reaches 621�C at 4 min at the halogen lamp voltage of 62 V. The Type-II reflector can achieve
the wafer temperature higher and faster than the Type-I reflector do.

The wafer holder temperature using the Type-I reflector still increases at 5 min as shown in
Figure 15. As shown by the dotted line in Figure 16, the wafer holder temperature using the
Type-I reflector at the halogen lamp voltage of 62 V can reach 553�C at 10 min. This is 70�C
lower than that by the Type-II reflector. Additionally, the temperature using the Type-I reflec-
tor is entirely lower than that of Type-II through Steps A–C. Thus, the Type-II reflector
achieves a quicker heating process.

In Figures 15 and 16, the wafer holder temperature increases after introducing the TCS gas at
Step B. Because TCS gas absorbs the infrared light [15, 16], the gas phase temperature increases
and finally the wafer temperature increases.

Figure 15. Temperature of wafer holder during Step B immediately after Step C. Dotted line: Type-I reflector at 63 V for 5
min and solid line: Type-II reflector at 62 V for 4 min.
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about 1.2 μm/min, corresponding to the TW value near 960�C.

The silicon epitaxial film is formed by the two types of reflectors, as shown in Figure 15. The
gas flow rates of the TCS and the H2 were 9 and 215 sccm, respectively. Step C is intentionally
introduced for cooling the reflector and for comparing the two types of reflector through the
same process. In Figure 15, the dotted line and the solid line show the wafer holder tempera-
tures during Step B immediately after Step C, by the Type-I and -II reflectors, respectively.

For the Type-I reflector, the TCS gas is introduced between 0 and 5 min. The wafer holder
temperature finally becomes 573�C at 5 min at the halogen lamp voltage of 63 V. The solid line
shows the temperature change using the Type-II reflector. The wafer holder temperature
reaches 621�C at 4 min at the halogen lamp voltage of 62 V. The Type-II reflector can achieve
the wafer temperature higher and faster than the Type-I reflector do.

The wafer holder temperature using the Type-I reflector still increases at 5 min as shown in
Figure 15. As shown by the dotted line in Figure 16, the wafer holder temperature using the
Type-I reflector at the halogen lamp voltage of 62 V can reach 553�C at 10 min. This is 70�C
lower than that by the Type-II reflector. Additionally, the temperature using the Type-I reflec-
tor is entirely lower than that of Type-II through Steps A–C. Thus, the Type-II reflector
achieves a quicker heating process.

In Figures 15 and 16, the wafer holder temperature increases after introducing the TCS gas at
Step B. Because TCS gas absorbs the infrared light [15, 16], the gas phase temperature increases
and finally the wafer temperature increases.

Figure 15. Temperature of wafer holder during Step B immediately after Step C. Dotted line: Type-I reflector at 63 V for 5
min and solid line: Type-II reflector at 62 V for 4 min.
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For the thermal process optimization, the influence of Step C on the wafer temperature is
evaluated using the Type-II reflector. Figure 17 shows the wafer holder temperature with and
without Step C at the halogen lamp voltage of 62 V. The flow rates of H2 gas and TCS gas are
215 and 9 sccm, respectively.

The dotted line shows the wafer holder temperature through Steps A, C and B. In Step A, the
wafer holder temperature reaches 650�C. During Step C, the wafer holder temperature is
cooled to about 250�C, by decreasing the halogen lamp voltage to 30 from 80 V. The wafer
holder temperature is then increased in Step B. At the halogen lamp voltage of 62 V, the wafer
holder temperature becomes 621�C at 14 min. However, the wafer holder temperature still
increases even at 14 min.

The solid line shows the wafer holder temperature during Steps A and B without Step C. The
temperature during Step A is the same as the dotted line. After Step A, the halogen lamp
voltage is increased to 62 V. The wafer holder temperature reaches 618�C at 6 min in a steady
state. Thus, the process deleting Step C can be quick and stable.

4.5. Wafer rotation and susceptor

Using the Type-II reflector, the silicon epitaxial film is formed on the half-inch silicon wafer
surface, by Steps A and B. The TCS and H2 flow rates are 9 and 215 sccm, respectively, for 4 min.

Figure 16. Temperature of wafer holder during Step B after Step C. Dotted line by Type-I reflector at 62 V for 10 min.
Solid line by Type-II reflector at 62 V for 4 min.
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The halogen lamp voltage at Step B is 60 V. The film thickness distribution is evaluated at five
points along the longitudinal and transverse lines, using the dotted line and the solid line,
respectively, as shown in Figure 18. Figure 18(a) shows the thickness profile of the epitaxial film
which is formedwithout using thewafer rotation andwithout using the silicon carbide susceptor.
The epitaxial film thickness along the x-axis is from 1.5 to 3.5 μm. By contrast, the epitaxial film
thickness along the y-axis is very flat. In this figure, the film thickness shows a decrease from right
to left. The epitaxial growth rate is near 0.5 μm/min, which corresponds to the wafer temperature
of 950�C following Eq. (4). The epitaxial growth rate in Figure 18 is governed by the rate of
surface chemical reaction [13]. By the relationship, obtained in Section 2 [9], the introduced gas
reaches the wafer surface and decreases its temperature. As shown in Figure 19(a), by the
asymmetric gas flow direction, the surface temperature is low in the left region. Corresponding
to this temperature trend, the epitaxial film in the left region is thinner than that in the right
region. Additionally, when the wafer is directly loaded on the quartz wafer holder, an adiabatic-
like environment is formed. It produces a locally high-temperature region and the non-uniform
thick film, because the infrared rays are easily concentrated to a local spot [20].

The wafer rotation is used for adjusting the asymmetric condition. Figure 18(b) shows the
epitaxial film thickness profile, when the wafer rotates. The epitaxial film thickness shows a
hill and a valley along the x- and y-axes. Although the thickness profile is averaged along the
concentric circle of the rotating wafer, rather the complicated thickness profile appears. The

Figure 17. Wafer holder temperature using Type-II reflector. Dotted line: along Steps A, C and B and solid line: along
Steps A and B without Step C.
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like environment is formed. It produces a locally high-temperature region and the non-uniform
thick film, because the infrared rays are easily concentrated to a local spot [20].
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Figure 18. Thickness profile of obtained silicon epitaxial film: (a) without wafer rotation and without silicon carbide
susceptor, (b) with wafer rotation and without silicon carbide susceptor and (c) with wafer rotation and with three silicon
carbide susceptors.

Figure 19. Influence of gas flow from the inlet, wafer rotation and silicon carbide susceptor on the epitaxial film thickness
(a) with no wafer rotation and no silicon carbide susceptor, (b) with wafer rotation and no silicon carbide susceptor and (c)
with wafer rotation and three silicon carbide susceptors.
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local low- or high-temperature spot, denoted by the letter L, still remains. An additional method
is necessary for obtaining the flat silicon film.

The locally high and low temperatures over the wafer surface may be produced due to the
quartz material having a low thermal conductivity [20]. The heat transport in the horizontal
direction is enhanced by the silicon carbide susceptor. Figure 19(c) shows that the local non-
uniformity of the wafer temperature remaining even using the wafer rotation is reduced by the
high heat transport through the silicon carbide susceptor. As shown in Figure 18(c), the
epitaxial film thickness becomes very flat along the x- and y-axes.

By using the small, thin and simple geometry of the reactor parts, the quick and flat epitaxial
film production is possible. This concept is valid not only for the minimal CVD reactor.

5. Summary

A chemical vapour deposition reactor for the growth of half-inch silicon wafers is designed by
employing (i) a vertical gas flow, (ii) rapid thermal operation using concentrated infrared light
and (iii) a quick reactor cleaning process. For the rapid heating process, absorption of infrared
light and heat transport by the flowing gases are active parameters. Under the optimized
conditions, the cleaning-free process is possible. The reactor parts placed near the wafer must
be small, slim and thin for quickly heating the wafer. The wafer rotation and the heat-
conductive susceptor help to fabricate uniform silicon epitaxial films. Overall, important
parameters are listed in Table 2. This table includes several parameters which are active and
useful for the small-sized reactor.

Parameters Value

Substrate 12.5 mm diameter silicon wafer

Gas flow Vertical (from top to bottom)

Pressure Atmospheric pressure

Precursor Trichlorosilane (SiHCl3)

Hydrogen gas flow rate Less than 200 sccm

Trichlorosilane gas flow rate 20 sccm

Chlorine trifluoride gas flow rate (Reactor cleaning) 50 sccm in 1000 sccm in N2

Heating module Concentrated infrared light (Three halogen lamps) Slim
and thin reflector

Electric power 55–65 V, less than 1500 W

Substrate surface cleaning Near 1000�C in H2 within 1 min

Deposition time 1–8 min

Substrate temperature 800–1000�C

Substrate rotation 4 rpm
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The differences of the reactor design between the Minimal Fab and the ordinary CVD are listed
in Table 3. The film growth on a small wafer using small gas flow rates significantly reduces
system cost.
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Parameters Value

Susceptor Silicon carbide plate

Footprint 30 � 45 cm

Table 2. List of parameters: silicon epitaxial growth for Minimal Fab.

Minimal CVD reactor Ordinary CVD reactor

Wafer diameter 12.5 mm, single wafer 150, 200, 300 and 450 mm, multi-(batch) and single wafer

Total gas flow rate <0.2 slm >100 slm

Growth rate Near 1 μm/min 1–8 μm/min

Pressure 1 atm (or reduced pressure) 1 atm or reduced pressure

Precursor SiHCl3 SiHCl3, SiH2Cl2, SiH4, and so on

Reactor cleaning ClF3 gas at higher than RT HCl gas near 1200�C

Gas flow Natural convection, Vertical
(downward)

Forced flow, Vertical (downward), horizontal, cylinder,
pancake, and so on

Heating method Concentrated light by lamp heating Lamp, resistant and inductive heating

Electric power <1500 W >100,000 W

Footprint 0.3 � 0.45 m2 Several � Several m2

Throughput Several tens wafers/min (Target) Several wafers/min

Reactor price > $30,000 (Target) > $3,000,000

Table 3. Comparison between minimal and ordinary CVD reactor.
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Abstract

The high-quality GaN microdisks with InGaN/GaN quantum wells (QWs) and InN 
microdisks were grown on γ-LiAlO2 substrates by plasma-assisted molecular beam epi-
taxy (PA-MBE). The samples were analysed using scanning electron microscopy, X-ray 
diffraction, photoluminescence, cathodoluminescence and high-resolution transmission 
electron microscope. The characteristics of the GaN microdisks and InN microdisks were 
studied and the effect of growth temperature was evaluated.
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1. Introduction

III-nitride materials have been extensively studied for the applications to high-efficiency light-
ing sources such as light-emitting diodes (LEDs) or spintronics [1–7]. From the changing of 
indium content (x), the band-gap of InxGa1−xN can be tuned from 0.7 to 3.4 eV to cover the 
whole visible-light spectrum. Figure 1 shows the diagram of band-gap energies of III-nitrides 
with bowing parameters [8] versus lattice constants. However, it is difficult to grow high-
quality InxGa1−xN/GaN quantum wells (QWs) because of the large lattice mismatch between 
GaN (aGaN = 0.3189 nm, cGaN = 0.5185 nm) and InN (aInN = 0.35446 nm, cInN = 0.57034 nm) [8, 9].  
Furthermore, because of the high volatility of indium atom at high temperature, it is hard 
to grow a homogenous high-indium-concentration InxGa1−xN/GaN QW thin film by using 
high-temperature growth techniques (e.g. T > 1000°C) such as vapour phase epitaxy (VPE) or 
metalorganic chemical vapour deposition (MOCVD). The growth of high-quality InxGa1−xN 
epilayer with an indium concentration higher than 20% is regarded as a high challenge 
[10]. To overcome these difficulties, a plasma-assisted molecular beam epitaxy (PA-MBE) 
technique was used to grow InxGa1−xN epilayer at lower temperatures, and some substrates  
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(such as LiAlO2, LiGaO2, ZnO) were selected to grow GaN epilayers in order to minimize 
the lattice mismatch between the substrate and GaN layer as compared to the commercial 
substrates, e.g. sapphire, SiC or Si (1 1 1). From the values of wurtzite GaN on JCPDS files 
No. 50-0792 and those of γ-LiAlO2 on No. 38-1464, the lattice mismatch between c/2LAO and 
aGaN is 1.5% indicating that it is suit to grow c-plane GaN on the g-LiAlO2 substrate. In this 
chapter, we show the high-quality epitaxial growth of GaN microdisks with InxGa1−xN/GaN 
quantum wells and InN microdisks on γ-LiAlO2 lithium aluminium oxide (LAO) substrates at 
low temperatures by the plasma-assisted molecular beam epitaxy system. Consequently, GaN 
and InN microdisks provide better opportunities to fabricate the InxGa1−xN/GaN microdisk 
quantum wells for the application of full-colour micron LED without the sapphire substrate, 
which is mostly used for the bulk GaN-based quantum wells in commercial LEDs but has a 
larger lattice mismatch with InN [1, 2].

2. GaN hexagonal microdisks

2.1. Growth of GaN hexagonal microdisks

The sample was grown on a high-quality 1 × 1 cm2 LAO (1 0 0) substrate by using a low-
temperature PA-MBE system (Veeco Applied-GEN 930) with standard effusion cells for 
Ga-evaporation and an rf-plasma cell with 450 W for N2-plasma source. The LAO substrate 
was cut from the crystal ingot, which was fabricated by the traditional Czochralski pulling 

Figure 1. The diagram shows band-gap energies of III-nitrides with bowing parameters versus lattice constants. The 
substrate materials were also presented.
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technique. Before mounting on a holder, the LAO substrate was cleaned with acetone (5 min), 
isopropanol (5 min) and de-ionized water for a while, and then dried with nitrogen gas imme-
diately. After the chemical cleaning, a thermal treatment was introduced to the LAO substrate 
in the MBE chamber before epitaxial growth. The LAO substrate was out-gassed at 680°C 
for 10 min. The temperature was defined by a thermal couple equipped with the backside of 
the substrate. Thereafter, the substrate temperature was decreased to growth temperatures. 
The Ga wetting layer was performed on the LAO substrate for 5 min at 630°C, and then the 
two-step method (i.e. two different N/Ga flux ratios from 28.9 to 139.7, for 35 and 70 min, 
respectively) was used to fabricate the GaN epi-film at 620°C. The flux ratio was represented 
by beam equivalent pressure (BEP) of evaporative III-group sources from the standard effu-
sion cell against that of the N2 source from the rf-plasma cell [11]. In our previous study, we 
showed the characteristics of c-plane GaN ( 0 0 0  ̄   1  ) hexagonal microdisks [5]. Besides, we 
developed a back process to fabricate an electrical contact for the GaN hexagonal microdisk 
on a transparent p-type GaN template [12]. In this chapter, we have consistently grown a sam-
ple of GaN microdisks to demonstrate the self-assembling model [5], as shown in Figure 2.

2.2. Characteristics of GaN microdisks

The surface morphology of the GaN microdisk sample was evaluated by the field emission 
scanning electron microscopy (FE-SEM, SII-3050). Figure 2 shows SEM images with a tilted 

Figure 2. (a)–(c) The tilt-view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively. (d)–(f) The top-
view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively.
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angle and a top-view of the sample, respectively. The morphology of the sample exhibited 
that a two-dimensional (2D) M-plane GaN film and three-dimensional (3D) c-plane GaN hex-
agonal microdisks were grown on the LAO substrate. The micrographic images of the sample 
showed that the 2D M-plane GaN epi-film was developed along with the lateral orientation 
[ 1 1   ̄  2  0 ]GaN // [0 0 1]LAO, while the 3D c-plane GaN hexagonal microdisks were grown atop 
an anionic hexagonal basal plane of LAO. The two-orientation growth of GaN nanopillars 
on the LAO substrate has been reported in our previous papers [13, 14]. Figure 2(c) shows 
that the neck of contact area between the GaN microdisk and the LAO substrate is small (e.g. 
less than 200 nm). In addition, the lattice mismatch between c/2LAO and aGaN is only 1.5%. It 
implies that the GaN microdisk is nearly freestanding as a new substrate for further growth 
of InxGa1−xN/GaN quantum well (QW) on the top, which ignores the lattice mismatch against 
the LAO substrate. Figure 2(f) shows the enlarged SEM image with a top-view of the GaN 
hexagonal microdisks shown in the centre of Figure 2(d), and the diameter of the GaN micro-
disk is about 2.0 μm. Based on the self-assembling model, we will extend to the growth of 
InxGa1−xN/GaN QW on GaN microdisk and show its characteristics in Section 4.

The optical properties of the GaN microdisk sample were measured by photoluminescence 
spectroscopy (PL, HORIBA HR800) at room temperature with a light source of He-Cd 325 nm 
laser. We performed the laser beam focusing on two different spots (S1 and S2) and compared 
the results with the spot without any microdisk (i.e. mostly M-plane GaN and labelled as 
background), as shown in Figure 3. Two major peaks were obtained for each measurement (S1 
or S2). These two major peaks were confirmed by a non-linear Gaussian-function curve fitting 
with the software Origin (Pro. 8.0). The result of the non-linear Gaussian-function curve fitting 
showed that the positions of two major peaks for two spots were very consistent. The averaged 
value for the first peak is (3.385 ± 0.001) eV with the full width at half maximum (FWHM) value 
equal to (0.128 ± 0.001) eV. It is due to the band-gap transition of wurtzite GaN. The averaged 
value for the second peak is (2.226 ± 0.003) eV with the FWHM value equal to (0.363 ± 0.033) eV. 
It is an energy level related to structural defects (e.g. YL in reference [15]) in GaN, so that the 
FWHM value of GaN is smaller than that of the defect level. The PL intensity corresponding 
to wurtzite GaN and the defect level indicates that c-plane GaN microdisk is a higher quality 
structure than M-plane GaN because the intensity of defect level from GaN microdisk is lower 
than that from M-plane GaN background.

The microstructure of the GaN microdisk sample was analysed by field emission transmis-
sion electron microscopy (FE-TEM) (Phillips, model Tecnai F-20) with an electron voltage of 
200 kV. The cross-sectional TEM specimen of the sample was prepared by a dual-beam Focus 
Ion Beam system (FIB, Seiko Inc., SII-3050), on the cleavage plane along the [ 1   ̄  1  0 0 ] direction 
of the c-plane GaN hexagonal microdisk. The FIB was performed with an accelerated voltage 
of 30 kV to cut the samples roughly and then refined the specimen further by an accelerated 
voltage of 5 kV. Figure 4(a) shows the bright field image with [ 1 1   ̄  2  0   ]GaN // [0 0 1]LAO zone 
axis. It clearly exhibited that the GaN microdisk was well formed on the LAO substrate. The 
height for the c-plane GaN hexagonal microdisk from neck to top was about 4.1 μm. The selec-
tive area diffraction (SAD) pattern at the top area of the GaN microdisk shown in Figure 4(b) 
clearly showed one single rectangular diffraction pattern at the location of DP01, indicating 
that the hexagonal microdisk was uniquely formed by the c-plane wurtzite GaN. The d-spacing 
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between the { 0 0 0  ̄   1  } planes of GaN hexagonal microdisk was measured to be dc = 0.5254 nm 
and the d-spacing between the { 1  ̄   1  0 0   } planes of GaN hexagonal microdisk was found to be  
dM = 0.2785 nm. Compared with the values on JCPDS file No. 50-0792 which are 0.5185 and 
0.2762 nm, respectively, the difference between wurtzite GaN microdisk and bulk GaN for dc 
and dM are 1.33 and 0.08%, respectively, revealing that the lattice constant of GaN microdisk is 
slightly larger than that of bulk GaN. The high-resolution TEM images with the beam direction 
of [ 1 1   ̄  2  0   ]GaN // [0 0 1]LAO were performed at the areas HR01 and HR02 of the sample, as shown 
in Figure 4(a). The symmetric hexagonal shape reveals the high-quality crystalline structure 
of the GaN microdisk, as shown in Figure 4(c). The angle between the edge and the growth 
direction can be examined directly by the high-resolution TEM image performed at HR02 to be 
about 28°, as shown in Figure 4(d). The ball-stick model for the standard wurtzite GaN (JCPDS 
file No. 50-0792) with a = b = 0.3189, c = 0.5185 and u =    α ¯¯   / c = 3 / 8  was used to simulate the c-plane 
GaN hexagonal microdisk in Figure 4(e), where blue balls represented Ga atoms and red balls 
represented N atoms. The c-plane GaN ( 0 0 0   ̄  1    ) hexagonal microdisk was built up with the 
capture of N atoms by the    β ¯¯   -dangling bonds of the most-outside Ga atoms and then the capture 
of Ga atoms by    α ¯¯   -bonds of N atoms to form the microdisk [5]. The lateral over-growth along 
the ( 1  ̄   1  0 0 ) direction was extended to one dM-spacing for each unit step-layer (i.e. dc-spacing), 
resulting in the angle of 28° off the c-axis. Based on the ball-stick model, the laterally exten-
sive width along the [ 1   ̄  1  0 0 ]GaN direction per unit step-layer was equal to     √ 

__
 3  
 __ 2   a . The edge was 

Figure 3. The PL spectra measured at room temperature for different spots (S1 and S2) of the GaN microdisks and M-
plane background of the sample.
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of Ga atoms by    α ¯¯   -bonds of N atoms to form the microdisk [5]. The lateral over-growth along 
the ( 1  ̄   1  0 0 ) direction was extended to one dM-spacing for each unit step-layer (i.e. dc-spacing), 
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Figure 3. The PL spectra measured at room temperature for different spots (S1 and S2) of the GaN microdisks and M-
plane background of the sample.
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then tilted off the c-axis [ 0 0 0   ̄  1  ] direction by the angle, φ = tan−1(    √ 
__

 3  
 __ 2   a /c) = 28.1°, where     √ 

__
 3  
 __ 2   a  is 

equal to one dM, as shown in Figure 4(e). We also calculated the angle from the measured SAD 
data at the GaN hexagonal microdisk in Figure 4(b), and obtained that the d-spacing between 
the { 0 0 0  ̄   1  } planes was dc = 0.5254 nm and the d-spacing between the { 1   ̄  1  0 0   } planes was  
dM = 0.2785 nm, resulting in φ = tan−1(dM/dc) = 28.0°, which was in good agreement with the model 
predicted. The angle between the edge and the growth direction can be examined directly by 
the high-resolution TEM image performed at HR02 to be about 28°, as shown in Figure 4(d).

3. InN hexagonal microdisks

3.1. Growth of InN hexagonal microdisks

The two-orientation growth of GaN nanopillars on the LAO substrate has been reported in 
our previous papers [13, 14] and reconfirmed in Section 2. In this section, we applied the 
two-orientation growth mechanism to grow the 2D M-plane InN epi-film and 3D c-plane InN 
hexagonal thin disks on the LAO substrate with the InGaN buffer layer at low growth temper-
ature (470°C). The InN microdisk sample was grown on a high-quality 1 × 1 cm2 LAO (1 0 0) 

Figure 4. TEM analyses of the GaN hexagonal microdisk: (a) the bright field image with [ 1 1   ̄  2  0   ]GaN // [0 0 1]LAO zone 
axis. The selective area diffraction patterns taken at the point shown in (a) are presented in (b), the scale bars are 2 
(1/nm). The high-resolution TEM images taken at the points shown in (a) are presented in (c) and (d), the scale bars 
are 2 nm and (e) the ball-stick model for GaN hexagonal microdisk.
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substrate with an InGaN buffer layer between them by a low-temperature PA-MBE system 
(Veeco Applied-GEN 930). The LAO substrate was cut from the crystal ingot, which was fab-
ricated by the traditional Czochralski pulling technique. The growth details were described 
completely in our previous paper which was published in AIP Advances [16].

3.2. Characteristics of InN microdisks

The crystal structure of the InN microdisk sample was characterized by the high-resolution 
X-ray diffraction (XRD; Bede D1) measurement and is shown in Figure 5(a). From the result 
of X-ray diffraction pattern (i.e. the peak at 2θ = 31.69°), we estimated the indium content of 
InxGa1−xN on the basis of Vegard’s law to be about 20% [17]. The peaks at 2θ = 29.07, 31.31, 32.29 
and 34.69° represented the X-ray diffraction patterns from the M-plane InN ( 1   ̄  1  0 0 ), c-plane InN 
( 0 0 0  ̄   2    ), M-plane GaN ( 1  ̄   1  0 0 ) and LAO (1 0 0), respectively. These peak positions at the X-ray 
diffraction patterns were obtained and matched with those data of the standard wurtzite struc-
ture bulk InN (JCPDS file No. 50-1239) by the asymmetric double sigmoidal linear curve fitting 
with the software Quick Graph (Version 2.0). The d-spacing between the { 0 0 0   ̄  2  } planes of InN 
was evaluated to be d0002 = 0.28216 nm from the Bragg’s law (2dsinθ = nλ) with Cu Kα1wavelength 
λ = 0.1540562 nm. The lattice constant of wurtzite InN microdisk is smaller than that of bulk InN 
by comparing with the value on JCPDS file, d0002 = 0.28528 nm, and the difference between InN 
microdisk and bulk InN is 1.09%.

Figure 5. (a) The X-ray 2Theta-Omega scan of the sample. (b) The top-view SEM image of InN hexagonal thin disk, the 
scale bar is 0.5 μm. (c) The tilt-view SEM image of InN hexagonal thin disk, the scale bar is 0.5 μm.
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substrate with an InGaN buffer layer between them by a low-temperature PA-MBE system 
(Veeco Applied-GEN 930). The LAO substrate was cut from the crystal ingot, which was fab-
ricated by the traditional Czochralski pulling technique. The growth details were described 
completely in our previous paper which was published in AIP Advances [16].

3.2. Characteristics of InN microdisks

The crystal structure of the InN microdisk sample was characterized by the high-resolution 
X-ray diffraction (XRD; Bede D1) measurement and is shown in Figure 5(a). From the result 
of X-ray diffraction pattern (i.e. the peak at 2θ = 31.69°), we estimated the indium content of 
InxGa1−xN on the basis of Vegard’s law to be about 20% [17]. The peaks at 2θ = 29.07, 31.31, 32.29 
and 34.69° represented the X-ray diffraction patterns from the M-plane InN ( 1   ̄  1  0 0 ), c-plane InN 
( 0 0 0  ̄   2    ), M-plane GaN ( 1  ̄   1  0 0 ) and LAO (1 0 0), respectively. These peak positions at the X-ray 
diffraction patterns were obtained and matched with those data of the standard wurtzite struc-
ture bulk InN (JCPDS file No. 50-1239) by the asymmetric double sigmoidal linear curve fitting 
with the software Quick Graph (Version 2.0). The d-spacing between the { 0 0 0   ̄  2  } planes of InN 
was evaluated to be d0002 = 0.28216 nm from the Bragg’s law (2dsinθ = nλ) with Cu Kα1wavelength 
λ = 0.1540562 nm. The lattice constant of wurtzite InN microdisk is smaller than that of bulk InN 
by comparing with the value on JCPDS file, d0002 = 0.28528 nm, and the difference between InN 
microdisk and bulk InN is 1.09%.

Figure 5. (a) The X-ray 2Theta-Omega scan of the sample. (b) The top-view SEM image of InN hexagonal thin disk, the 
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The surface morphology of the InN microdisk sample was evaluated by the field emission 
scanning electron microscopy (FE-SEM, SII-3050). Figure 5(b) shows the top-view SEM image 
of the sample, and the diameter of the InN microdisk was about 0.96 μm. The morphology of 
the sample exhibited that 2D M-plane InN epi-film and 3D c-plane InN hexagonal microdisks 
were grown on the LAO substrate. Figure 5(c) shows the tilt-view SEM image of the InN micro-
disk. The micrographic images of the sample showed that the 3D c-plane InN hexagonal micro-
disks and nanopillars were grown atop an anionic hexagonal basal plane of LAO, while the 2D 
M-plane InN epi-film was developed along with the lateral orientation [ 1 1   ̄  2  0   ]InN // [0 0 1]LAO. 
Compared with the shape of GaN microdisk, InN microdisk was thinner than GaN microdisk.

The microstructure of the sample was analysed by field emission transmission electron 
microscopy (FE-TEM) (Phillips, model Tecnai F-20) with an electron voltage of 200 kV. The 
cross-sectional TEM specimen of the sample was prepared by a dual-beam FIB system (Seiko 
Inc., SII-3050), on the cleavage plane along the [ 1  ̄   1  0 0 ] direction of the c-plane InN hexagonal 
thin disk. The FIB was performed with an accelerated voltage of 30 kV to cut the samples 
roughly and then refined the specimen further by an accelerated voltage of 5 kV. Figure 6(a) 
shows the bright field image with the [ 1 1  ̄   2  0 ]InN // [0 0 1]LAO zone axis. It clearly exhibited 
that InN was well-formed on the InGaN buffer layer, and the InGaN buffer layer was well-
established on the GaN epi-layer. The thicknesses of M-plane InN, M-plane InGaN and M-
plane GaN were measured to be about 265, 51 and 137 nm, respectively. The height for the 
c-plane InN hexagonal thin disk from neck to top was about 188 nm. The c-plane wurtzite 
structure was followed up to the neck area and formed a uniform c-plane InGaN pyramid-
shaped structure. Outside the pyramid-shaped structure, the wave-shaped structures were 
produced by the staking faults between the misfit c-plane wurtzite structures of InGaN and 
InN. The wave-shaped structures became uniform and then the c-plane wurtzite structure was 
followed further to form the InN hexagonal microdisk. The selective area diffraction (SAD) 
pattern at the top area of hexagonal thin disk shown in Figure 6(b) clearly showed one single 
rectangular diffraction pattern at the location of DP01, indicating that the hexagonal thin disk 
was uniquely formed by the c-plane wurtzite InN. The d-spacing between the { 0 0 0   ̄  1    } planes 
of InN hexagonal thin disk was measured to be dc = 0.5687 nm and the d-spacing between the 
{ 1  ̄   1  0 0   } planes of InN hexagonal thin disk was dM = 0.3025 nm. Compared with the values on 
JCPDS file No. 50-1239, which are 0.5703 and 0.30647 nm, respectively, the difference between 
wurtzite InN microdisk and bulk InN for dc and dM are 0.28 and 1.24%, respectively, revealing 
that the lattice constant of wurtzite InN microdisk is smaller than that of bulk InN. The angle 
between edge and growth direction can be examined directly by the high-resolution TEM 
image performed at HR01 to be about 73°, as shown in Figure 6(c). To establish the growth 
mechanism of the thin InN hexagonal microdisk, we demonstrated a ball-stick model for the 
self-assembled thin InN microdisk. The ball-stick model for the standard wurtzite InN (JCPDS 
file No. 50-1239) with a = b = 0.3537, c = 0.5703 and  u =   α ¯¯  /c = 3/8  was used to simulate the c-plane 
InN hexagonal microdisk, as shown in Figure 6(d) and (e), where blue balls represented In 
atoms and red balls represented N atoms. In the case of InN thin disk, when the growth tem-
perature lowered to 470°C, the c-plane InN ( 0 0 0   ̄  1  ) hexagonal thin disk was built up with the 
capture of N atoms by the    β ¯¯   -dangling bonds of the most-outside In atoms and then the lateral 
over-growth occurred; and the capture of In atoms by    β ¯¯   -dangling bonds of N atoms to form 
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the thin microdisk. The lateral over-growth along the ( 1  ̄   1  0 0 ) direction was extended to six 
dM-spacings for each unit step-layer (i.e. dc-spacing), resulting in the angle of 73° off the c-axis. 
Based on the ball-stick model, the laterally extensive width along the [ 1  ̄   1  0 0 ]InN direction per 
unit step-layer was equal to  3  √ 

__
 3   a . The edge was then tilted off the c-axis [ 0 0 0  ̄   1    ] direction 

by the angle, φ = tan−1( 3  √ 
__

 3   a /c) = 72.76°, where  3  √ 
__

 3   a  is equal to 6dM, as shown in Figure 6(e). 
We also calculated the angle from the measured SAD data at the InN hexagonal thin disk in 
Figure 6(b), and obtained that the d-spacing between the { 0 0 0  ̄   1  } planes was dc = 0.5687 nm 
and the d-spacing between the { 1  ̄   1  0 0   } planes was dM = 0.3025 nm, resulting in φ = tan−1(6dM/
dc) = 72.60°, which was in good agreement with the model predicted (Table 1).

4. InGaN/GaN quantum well

4.1. Growth

The growth mechanism of the awl-shaped GaN microdisk is divergently self-assembled, indi-
cating that the hexagonal neck area for initial nucleation between GaN microdisk and LAO 
substrate is very small (diameter ~100 nm), and the strain due to the lattice-mismatch between 
GaN and LAO substrate will not be delivered to the awl-shaped GaN microdisk at the top. 
This is the way that the GaN microdisk can be grown in balance with a good awl-shape of 

Figure 6. TEM analyses of the InN hexagonal thin disk: (a) the bright field image with [ 1 1   ̄  2  0   1 ]InN // [0 0 1]LAO zone axis. 
The selective area diffraction patterns taken at the points shown in (a) are presented in (b), the scale bars are 2 (1/nm). The 
high-resolution TEM images taken at the point shown in (a) are presented in (c), the scale bars are 2 nm. The ball-stick 
model for InN epilayer: (d) the chemical bonds of the ( 0 0 0  ̄   1  ) surface and (e) the hexagonal thin disk.
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The surface morphology of the InN microdisk sample was evaluated by the field emission 
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M-plane InN epi-film was developed along with the lateral orientation [ 1 1   ̄  2  0   ]InN // [0 0 1]LAO. 
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hexagonal disk. The experimental results revealed that the awl-shaped GaN microdisk exhib-
ited a high-quality single crystal. Therefore, the awl-shaped GaN microdisk can be regarded 
as a nearly freestanding substrate (strain-free) to grow the InxGa1−xN/GaN multiple quantum 
wells (MQWs) on its top. The InxGa1−xN/GaN double quantum well (DQWs) microdisk sam-
ple was grown on a high-quality 1 × 1 cm2 LAO (1 0 0) substrate by low-temperature PA-MBE 
system (Veeco Applied-GEN 930). The LAO substrate was cut from the crystal ingot, fabri-
cated by the traditional Czochralski pulling technique. The growth details were described 
completely in our previous paper which was published in Applied Physics Letters [18].

4.2. Characteristics of InGaN/GaN microdisks

The surface morphology of the InGaN/GaN microdisk sample was evaluated by the field 
emission scanning electron microscopy (FE-SEM, SII-3050). Figure 7 shows SEM images with 
a tilted-angle view and a top view of the sample, respectively. The surface morphology of the 
sample was formed by the two-orientation growth mechanism. Comparing with the surface 
morphology of GaN microdisks, the shape of the as-grown InGaN/GaN DQW microdisks still 
maintains the hexagonal shape. Figure 7(f) shows the enlarged SEM image with a top view of 
the GaN hexagonal microdisk, which is shown in the centre of Figure 7(d), and the diameter 
of the centre GaN microdisk is about 1.96 μm.

The optical properties of the sample were measured by photoluminescence (PL, HORIBA 
HR800) at room temperature with a light source of He-Cd 325 nm laser. We performed the 
laser beam focusing on three different spots (S1–S3) and compared the results with the spot 
without any microdisk (i.e. mostly M-plane GaN and labelled as background), as shown in 
Figure 8. Two major peaks were obtained for each measurement (S1–S3). These two major 
peaks were confirmed by a non-linear Gaussian-function curve fitting with the software 
Origin (Pro. 8.0). The result of the non-linear Gaussian-function curve fitting showed that 
the positions of two major peaks for three spots were very consistent. The averaged value for 
the first peak is (2.199 ± 0.001) eV with the FWHM value equal to (0.410 ± 0.005) eV. It is due 
to the band-gap transition of InGaN wells. According to Vegard’s law [19] with the bowing 
effect of bulk InxGa1−xN: Eg(x) = [3.42 − x*2.65 − x*(1 − x)*2.4] eV [8], we estimated the content 
of indium in the InxGa1−xN DQWs, which is found to be about 28%. We note that the bow-
ing factor needs to be modified slightly for a quantum well, and the energy-shift due to the 
quantum confinement will also result in a small deviation to the indium concentration of 
the InxGa1−xN/GaN DQWs. The averaged value for the second peak is (3.380 ± 0.001) eV with 

Growth temperature Growth mechanism 
(lateral over-growth)

Oblique angle Application

GaN microdisk 620°C One dM/dc 28° Base for InGaN/GaN 
QW

InN microdisk 470°C Six dM/dc 73° Base for InGaN/GaN 
QW

Table 1. Comparison of properties of GaN and InN microdisks.
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the FWHM value equal to (0.043 ± 0.001) eV. It is due to the band-gap transition of wurtzite 
GaN. The FWHM value of GaN is smaller than that of InxGa1−xN QDWs because the defect 
density in GaN is much less than that in InGaN. The PL intensity from InxGa1−xN quantum 
wells is higher than that from GaN due to the effect of quantum confinement. It also domi-
nates the PL spectrum of background area tremendously.

An InxGa1−xN/GaN microdisk was used to evaluate the details of light-emitting area by cath-
odoluminescence (CL, JEOL JSM-6330) and secondary electron images (SEI) measurements. 
The result of CL measurement is shown in Figure 9. We obtained the CL spectrum by detect-
ing the photon energy from 700 (e.g. 1.77 eV) to 340 nm (e.g. 3.64 eV) with an accelerative 
voltage of 10 kV and an extraction voltage of photon-electric magnitude tube of 1100 V. Under 
such a condition, we observed two major peaks at (2.221 ± 0.0001) eV with the FWHM value 
equal to (0.182 ± 0.001) and (3.398 ± 0.0001) eV with the FWHM value equal to (0.046 ± 0.001) 
eV. We also observed the smallest peak at (2.805 ± 0.002) eV with the FWHM value equal to 
(0.110 ± 0.001) eV. The insets of Figure 9 show the CL images corresponding to the three peak 
energies. The CL images show that the peak for the wavelength of 364 nm (e.g. 3.407 eV) is 
mainly emitted from wurtzite GaN microdisks. The peak for the wavelength of 560 nm (e.g. 
2.214 eV) is the highest peak and mainly emitted from the InxGa1−xN quantum wells in the 
InxGa1−xN/GaN microdisks. We also observed the edge of microdisk is brighter than the central 
area. It might arise from the enhanced emission by total internal reflection in the DQWs struc-
ture [20]. The optical properties of these two major peaks are consistent with the results of PL 
spectra, but the smallest peak for the wavelength of 450 nm (e.g. 2.756 eV) is not observed in 
the PL spectra. The peak at 2.805 eV was attributed to the energy level related to the structural 
defects (e.g. Y10 in reference [15]) in microdisks.

Figure 7. (a)–(c) The tilt-view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively. (d)–(f) The top-
view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively.
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hexagonal disk. The experimental results revealed that the awl-shaped GaN microdisk exhib-
ited a high-quality single crystal. Therefore, the awl-shaped GaN microdisk can be regarded 
as a nearly freestanding substrate (strain-free) to grow the InxGa1−xN/GaN multiple quantum 
wells (MQWs) on its top. The InxGa1−xN/GaN double quantum well (DQWs) microdisk sam-
ple was grown on a high-quality 1 × 1 cm2 LAO (1 0 0) substrate by low-temperature PA-MBE 
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4.2. Characteristics of InGaN/GaN microdisks
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sample was formed by the two-orientation growth mechanism. Comparing with the surface 
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The optical properties of the sample were measured by photoluminescence (PL, HORIBA 
HR800) at room temperature with a light source of He-Cd 325 nm laser. We performed the 
laser beam focusing on three different spots (S1–S3) and compared the results with the spot 
without any microdisk (i.e. mostly M-plane GaN and labelled as background), as shown in 
Figure 8. Two major peaks were obtained for each measurement (S1–S3). These two major 
peaks were confirmed by a non-linear Gaussian-function curve fitting with the software 
Origin (Pro. 8.0). The result of the non-linear Gaussian-function curve fitting showed that 
the positions of two major peaks for three spots were very consistent. The averaged value for 
the first peak is (2.199 ± 0.001) eV with the FWHM value equal to (0.410 ± 0.005) eV. It is due 
to the band-gap transition of InGaN wells. According to Vegard’s law [19] with the bowing 
effect of bulk InxGa1−xN: Eg(x) = [3.42 − x*2.65 − x*(1 − x)*2.4] eV [8], we estimated the content 
of indium in the InxGa1−xN DQWs, which is found to be about 28%. We note that the bow-
ing factor needs to be modified slightly for a quantum well, and the energy-shift due to the 
quantum confinement will also result in a small deviation to the indium concentration of 
the InxGa1−xN/GaN DQWs. The averaged value for the second peak is (3.380 ± 0.001) eV with 

Growth temperature Growth mechanism 
(lateral over-growth)

Oblique angle Application

GaN microdisk 620°C One dM/dc 28° Base for InGaN/GaN 
QW

InN microdisk 470°C Six dM/dc 73° Base for InGaN/GaN 
QW

Table 1. Comparison of properties of GaN and InN microdisks.
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the FWHM value equal to (0.043 ± 0.001) eV. It is due to the band-gap transition of wurtzite 
GaN. The FWHM value of GaN is smaller than that of InxGa1−xN QDWs because the defect 
density in GaN is much less than that in InGaN. The PL intensity from InxGa1−xN quantum 
wells is higher than that from GaN due to the effect of quantum confinement. It also domi-
nates the PL spectrum of background area tremendously.

An InxGa1−xN/GaN microdisk was used to evaluate the details of light-emitting area by cath-
odoluminescence (CL, JEOL JSM-6330) and secondary electron images (SEI) measurements. 
The result of CL measurement is shown in Figure 9. We obtained the CL spectrum by detect-
ing the photon energy from 700 (e.g. 1.77 eV) to 340 nm (e.g. 3.64 eV) with an accelerative 
voltage of 10 kV and an extraction voltage of photon-electric magnitude tube of 1100 V. Under 
such a condition, we observed two major peaks at (2.221 ± 0.0001) eV with the FWHM value 
equal to (0.182 ± 0.001) and (3.398 ± 0.0001) eV with the FWHM value equal to (0.046 ± 0.001) 
eV. We also observed the smallest peak at (2.805 ± 0.002) eV with the FWHM value equal to 
(0.110 ± 0.001) eV. The insets of Figure 9 show the CL images corresponding to the three peak 
energies. The CL images show that the peak for the wavelength of 364 nm (e.g. 3.407 eV) is 
mainly emitted from wurtzite GaN microdisks. The peak for the wavelength of 560 nm (e.g. 
2.214 eV) is the highest peak and mainly emitted from the InxGa1−xN quantum wells in the 
InxGa1−xN/GaN microdisks. We also observed the edge of microdisk is brighter than the central 
area. It might arise from the enhanced emission by total internal reflection in the DQWs struc-
ture [20]. The optical properties of these two major peaks are consistent with the results of PL 
spectra, but the smallest peak for the wavelength of 450 nm (e.g. 2.756 eV) is not observed in 
the PL spectra. The peak at 2.805 eV was attributed to the energy level related to the structural 
defects (e.g. Y10 in reference [15]) in microdisks.

Figure 7. (a)–(c) The tilt-view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively. (d)–(f) The top-
view SEM images of the sample, the scale bars are 10, 4 and 1 μm, respectively.
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Figure 8. The PL spectra measured at room temperature for different spots (S1–S3) of the InxGa1−xN/GaN DQWs and the 
M-plane background of the sample.

Figure 9. The CL spectrum measured at room temperature for the InxGa1−xN/GaN QW of the sample. The inset (a) shows 
the SEM image. The inserts (b), (c) and (d) show the CL images for wavelength of 364 nm, 433 nm, and 550 nm to the 
peak energies of CL spectrum.
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The microstructure of the InxGa1−-xN/GaN microdisk sample was analysed by field emission 
transmission electron microscopy (FE-TEM) (Phillips, model Tecnai F-20) with an electron 
voltage of 200 kV. The cross-sectional TEM specimen of the sample was prepared by a dual-
beam FIB system (Seiko Inc., SII-3050), on the cleavage plane along the [ 1  ̄   1  0 0 ] direction of 
the c-plane GaN hexagonal microdisk. The FIB was performed with an accelerated voltage of 
30 kV to cut the samples roughly and then refined the specimen further by an accelerated volt-
age of 5 kV. Figure 10(a) and (b) shows the bright field image with the [ 1 1  ̄   2  0 ]GaN // [0 0 1]LAO 
zone axis, and we found that the height of the microdisk is about 2.12 μm. Figure 10(c) shows 
the scanning transmission electron microscopy (STEM) images of the InxGa1−xN/GaN MQWs 
grown on the GaN microdisk. From the high contract image between InxGa1−xN wells and 
GaN barriers, as shown in Figure 10(f), the thicknesses of InxGa1−xN well and GaN barrier 
evaluated from the STEM image were found to be about 2.75 and 17 nm, respectively. The 
quantum-well-thickness of 2.75 nm offers a good quantum confinement for the charged car-
riers and photon emission in the InxGa1−xN/GaN DQWs. It is consistent with the results of PL 
and CL spectra. The selective area diffraction (SAD) pattern at the top area of GaN microdisk 
shown in Figure 10(d) clearly showed one single rectangular diffraction pattern at the location 
of DP01, indicating that the hexagonal microdisk was uniquely formed by the c-plane wurtz-
ite GaN. The d-spacing between the { 0 0 0  ̄   1    } planes of GaN hexagonal microdisk was mea-
sured to be dc = 0.5172 nm and the d-spacing between the { 1  ̄   1  0 0 } planes of GaN hexagonal 

Figure 10. TEM analyses of the InGaN/GaN QW microdisk: (a) and (b) show the bright field images with [ 1 1   ̄  2  0 ]GaN // 
[0 0 1]LAO zone axis, the scale bars are 0.5 and 100 nm, respectively. (c) The STEM image taken at the top area of InGaN/
GaN QW, the scale bar is 200 nm. The selective area diffraction patterns taken at the points shown in (b) are presented 
in (d), the scale bar is 2 (1/nm). The high-resolution TEM images taken at the point shown in (b) are presented in (e), the 
scale bars are 2 nm. (f) The enlarged STEM image of InGaN/GaN QW (the scale bar is 20 nm).
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[0 0 1]LAO zone axis, the scale bars are 0.5 and 100 nm, respectively. (c) The STEM image taken at the top area of InGaN/
GaN QW, the scale bar is 200 nm. The selective area diffraction patterns taken at the points shown in (b) are presented 
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scale bars are 2 nm. (f) The enlarged STEM image of InGaN/GaN QW (the scale bar is 20 nm).

GaN and InN Hexagonal Microdisks
http://dx.doi.org/10.5772/intechopen.70120

167



microdisk was dM = 0.2764 nm. The angle between edge and growth direction can be obtained 
by φ = tan−1(dM/dc) = 28.1°, which was in good agreement with the model predicted. The angle 
between the edge and the growth direction examined directly by the STEM image can be 
found about 28°, as shown in Figure 10(c). The high-quality crystalline micro structures for 
the InxGa1−xN/GaN DQWs were reconfirmed by the high-resolution TEM images, as shown in 
Figure 10(e). It showed that the InxGa1−xN wells were well-stacked on the high-quality GaN 
microdisk to form well-assembled crystalline InxGa1−xN/GaN DQWs with some minor struc-
tural defects (e.g. dislocations or stacking-faults) occurred in the InxGa1−xN wells. The HR 
results indicated that the density of structural defects in InxGa1−xN wells is greater than that in 
GaN layers. It supported the results of FWHM analyses of PL spectra, indicating that FWHM 
(0.173 eV) for the peak of 2.192 eV from InxGa1−xN wells was greater than FWHM (0.043 eV) 
for the peak of 3.383 eV from the wurtzite GaN layer. The structural defeats in InxGa1−xN wells 
yield the peak of 2.805 eV in CL measurement.

5. Conclusion

We have grown GaN and InN hexagonal microdisks on the LAO substrates at low temperatures 
(GaN at 630°C and InN at 470°C) by PA-MBE. From the SEM images and TEM analyses, we 
found that 3D c-plane hexagonal microdisks and 2D M-plane epi-film were grown on the LAO 
substrate. From TEM analyses, the oblique angle of GaN and InN hexagonal microdisks can 
be examined directly to be about 28 and 73°, respectively. The lateral over-growth mechanism 
causes the bigger oblique angle of InN hexagonal thin disks at low growth temperature. From 
PL and CL analyses, we found that the high-intensity light of 367-nm wavelength (3.380 eV) 
and 566-nm wavelength (2.192 eV) emitted from the GaN microdisks and InxGa1−xN/GaN quan-
tum wells, respectively. Therefore, the stain-free microdisk provides an opportunity to fabricate 
InxGa1−xN/GaN microdisk quantum well for the application of full-colour micron LED without 
the sapphire substrate.
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Abstract

III-Nitride-based heterostructures are well suited for the fabrication of various optoelec-
tronic devices such as light-emitting diodes (LEDs), laser diodes (LDs), high-power/-
high-frequency field-effect transistors (FETs), and tandem solar cells because of their
inherent properties. However, the heterostructures grown along polar direction are
affected by the presence of internal electric field induced by the existence of intrinsic
spontaneous and piezoelectric polarizations. The internal electric field is deleterious for
optoelectronic devices as it causes a spatial separation of electron and hole wave func-
tions in the quantum wells, which thereby decreases the emission efficiency. The growth
of III-nitride heterostructures in nonpolar or semipolar directions is an alternative
option to minimize the piezoelectric polarization. The heterostructures grown on these
orientations are receiving a lot of focus due to their potential improvement on the effi-
ciency of optoelectronic devices. In the present chapter, the growth of polar and nonpolar
III-nitride heterostructures using molecular beam epitaxy (MBE) system and their charac-
terizations are discussed. The transport properties of the III-nitride heterostructure-based
Schottky junctions are also included. In addition, their applications toward UV and IR
detectors are discussed.

Keywords: heterostructures, InN/GaN, InGaN/Si, InGaN/GaN, HRXRD

1. Introduction

There has been remarkable progress in the development of group III-nitride-based hetero-
structures because of their potential application in fabricating various optical and electronic
devices such as light-emitting diodes (LEDs), laser diodes (LDs), tandem solar cells, field-effect
transistors (FETs), and Schottky junctions. Heterostructures are ubiquitous of semiconductor
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Abstract

III-Nitride-based heterostructures are well suited for the fabrication of various optoelec-
tronic devices such as light-emitting diodes (LEDs), laser diodes (LDs), high-power/-
high-frequency field-effect transistors (FETs), and tandem solar cells because of their
inherent properties. However, the heterostructures grown along polar direction are
affected by the presence of internal electric field induced by the existence of intrinsic
spontaneous and piezoelectric polarizations. The internal electric field is deleterious for
optoelectronic devices as it causes a spatial separation of electron and hole wave func-
tions in the quantum wells, which thereby decreases the emission efficiency. The growth
of III-nitride heterostructures in nonpolar or semipolar directions is an alternative
option to minimize the piezoelectric polarization. The heterostructures grown on these
orientations are receiving a lot of focus due to their potential improvement on the effi-
ciency of optoelectronic devices. In the present chapter, the growth of polar and nonpolar
III-nitride heterostructures using molecular beam epitaxy (MBE) system and their charac-
terizations are discussed. The transport properties of the III-nitride heterostructure-based
Schottky junctions are also included. In addition, their applications toward UV and IR
detectors are discussed.

Keywords: heterostructures, InN/GaN, InGaN/Si, InGaN/GaN, HRXRD

1. Introduction

There has been remarkable progress in the development of group III-nitride-based hetero-
structures because of their potential application in fabricating various optical and electronic
devices such as light-emitting diodes (LEDs), laser diodes (LDs), tandem solar cells, field-effect
transistors (FETs), and Schottky junctions. Heterostructures are ubiquitous of semiconductor
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devices, and most of semiconductor devices have two or more semiconductor materials. A
heterostructure is formed between two layers of dissimilar semiconductors having unequal
energy bandgap. In order to realize high-performance devices, growth of device quality
heterostructures is required. Yoshida et al. reported improved cathodoluminescence efficiency of
the GaN layer grown on sapphire using AlN as a buffer layer [1]. Later Akasaki et al. [2] and
Nakamura et al. [3] had employed a two-step growth method, where a nucleation layer was
grown at low temperature followed by the GaN layer at high temperatures. Nakamura et al.
fabricated the first blue LED consisting of a p-GaN/n-InGaN/n-GaN double heterostructure in
1993 [4] for which he won the Nobel Prize in 2014 and the first violet laser consisting of InGaN/
GaN/AlGaN heterostructure in 1996 [5]. Similarly, Khan et al. [6] achieved the first breakthrough
in the field of high mobility transistors based on AlGaN/GaN heterostructure in 1994.

So far most of indium gallium nitride (InGaN)-based LEDs are built along Ga-polar (0001)
orientation, which is susceptible to the strong internal electric field induced by the spontane-
ous and the piezoelectric polarization in wurtzite III-nitrides. The effect of polarization will be
explained in detail in the coming section. There have been concerted efforts in exploring III-
nitride materials and devices along nonpolar and semipolar crystallographic orientations [7, 8].
The two major challenges in the field of InGaN-based LEDs are the “efficiency droop” under a
high injection current density and the “green gap” in the plot of efficiency versus emission
wavelength [9]. Very promising reports of LEDs and laser diodes on nonpolar and semipolar
GaN bulk substrates, in the longer wavelength of green and yellow, tend to validate the
concept of crystallographic engineering [10]. However, nonpolar and semipolar GaN bulk
substrates are presently very small in size and expensive in price. Therefore, most of the
current research in this field is focused on the growth of high-quality epilayers on nonnative
substrates which are available in large wafer sizes and also cost-effective than the native sub-
strates, thus paving the way for the commercialization of devices based on nonpolar and
semipolar GaN [11]. However, the lattice mismatch along different directions poses difficulty
in the hetero-epitaxial growth of nonpolar (a- and m-plane) and semipolar GaN on the foreign
substrates, often resulting in nonuniform nucleation. This leads to the growth of GaN with a
defective microstructure, arising due to the formation of basal-plane stacking faults (BSFs) and
partial dislocations (PDs) [12, 13].

The absence of inversion symmetry in wurtzite GaN along the [0001] direction indicates that
[0001] and [000�1] directions are not equivalent. Along this crystal direction if one face ends
with Ga atoms, the other face will end with N atoms in the place of Ga atom and vice versa.
This asymmetric arrangement of Ga and N atoms along the [0001] direction gives rise to
charge polarity and thus can be referred as microscopic dipoles. The presence of polarity and
lack of inversion symmetry lead to the generation of macroscopic polarization along [0001]
direction and are usually referred to as spontaneous polarization. The word “spontaneous”
means that it is arising only due to the crystallographic arrangement of the end faces but not
due to the strain [14]. In III-nitrides, asymmetry of inversion is present only along the c-axis.
Hence, PSP is parallel to this direction, and c-plane nitrides are therefore called polar nitride
materials. The c-axis direction consists of two opposite stacking sequences of atomic layering,
resulting in either cation-face (metal) or anion-face (nitrogen) epitaxy. Ga and In polarity is in
the [0001] direction, and N-polarity is in the [000�1] direction as shown in Figure 1 [15]. The
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presence of external stress due to lattice mismatch in the films grown on foreign substrates, or
in heterostructures, results in additional, piezoelectric contribution to the polarization. The
total polarization, therefore, can be presented as the sum of the two components:

Ptotal ¼ Pspon þ Ppiezo (1)

The type of stress determines the direction of piezoelectric polarization. When a layer of
smaller lattice constant than that of GaN, such as AlGaN, is grown on GaN, the grown AlGaN
layer experiences tensile stress. Whereas when a layer with larger lattice constant than GaN
such as InGaN is grown on GaN, the resulting strain in the InGaN layer is compressive. The
piezoelectric field generated as a result of the tensile strain in the case of AlGaN/GaN and
compressive strain in the case of InGaN/GaN is parallel and antiparallel, respectively. The
overall polarization effect in InGaN is therefore smaller compared to AlGaN [16]. The polari-
zation field plays a very pivotal role in GaN-based LED devices. Currently, all highly efficient
blue or UV LED devices are based on multi-quantum well (MQW) structures. In a MQW
structure, very few atomic layers of a narrow bandgap material, referred to as wells, are
sandwiched between thicker wide bandgap materials, referred to as barriers. In quantum well
(QW) structures, the charge carriers are confined to wells with high-energy barriers on either
side, thus preventing the charge carriers from escaping without recombining with their coun-
terparts and thus increasing the probability of radiative recombination. The presence of spon-
taneous and piezoelectric polarization in QW leads to asymmetry in the electric-field profile
and results in bending of the conduction and valence bands, thus spatially separating the
charge carriers. Due to this spatial separation of the charge carriers, the overlapping of charge

Figure 1. Ball and stick model illustrating crystal structure of wurtzite Ga-polarity and N-polarity GaN. Reprinted with
permission from [15].
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The absence of inversion symmetry in wurtzite GaN along the [0001] direction indicates that
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(QW) structures, the charge carriers are confined to wells with high-energy barriers on either
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carrier wave functions is substantially reduced resulting in lower recombination probability.
The bending of bands also leads to bandgap shrinkage. As a result the emitted radiation is red-
shifted [17]. This process is referred to as quantum-confined Stark effect and is undesirable.

Apart from the above-mentioned detrimental effects, the effective width of QWs is reduced as
a consequence of tilt in the band edges which leads to a higher charge carrier density and may
eventually lead to nonradiative Auger recombination. The effective barrier height is also
lowered due to band bending, which means the carrier confinement is weakened with increas-
ing bias voltage leading to carrier leakage. It is believed that these two non-radiative recombi-
nation mechanisms are responsible for the reduced efficiency in GaN-based LEDs when
operated at higher current [18]. Besides wurtzite nitrides, cubic nitrides also have similar
bandgaps and are free from the spontaneous polarization. However, due to the instability of
cubic nitrides and the poor quality, they are less preferred for device applications. Growth of
wurtzite materials that have either no polarization field or reduced one in the growth direction
can solve these problems. Figure 2(b–i) shows the wurtzite III-nitride planes which are per-
pendicular or inclined to the [0001] direction [19]. There are two surfaces perpendicular to the

Figure 2. Schematic views of (a) polar c-plane; (b) and (c) nonpolar a- and m-planes; (d)–(i) various semipolar s-planes.
Reprinted with permission from [19].
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c-axis, which have equal number of Group III and V atoms and are called nonpolar surfaces.
Alternatively, inclined surfaces such as (1 0 �1 �3), (1 0 �1 �1), and (1 1 �2 2) are known to
have lower polarization fields and are often called semipolar planes [20].

Compared to the conventionally oriented c-plane GaN, nonpolar and semipolar planes were
considered “unstable” for a long time. Rough and faceted surfaces have been a prolonged
problem for device fabrication on these directions [21, 22]. In 2000, Waltereit et al. first demon-
strated planer m-plane GaN growth via molecular beam epitaxy [7]. This demonstration was
followed by Craven et al.’s metal organic chemical vapor deposition growth of a-plane GaN
films in 2002 [23]. While considerable progress started after this breakthrough in the growth of
thin films in nonpolar orientation, thick-film or bulk growth of this orientation continued to be
elusive, hence limiting the performance of nonpolar GaN-based devices due to lack of suitable
substrates. Achieving low defect density, nonpolar oriented film is a trending problem and
exponential progress is seen in this field over the past decade. In the present chapter, the
growth of polar and nonpolar III-nitride heterostructures using molecular beam epitaxy
(MBE) and their characterizations will be presented. The transport properties of the III-nitride
heterostructure-based Schottky junctions will be presented. In addition, applications toward
UV and IR detectors will be discussed.

2. Growth and characterizations of III-nitride heterostructures

2.1. Polar InN/GaN heterostructures

The InN/GaN heterostructure system has several advantages which includes the high rate of
optical phonon emission in InN (2.5 � 1013 s�1), high peak value of the steady-state electron
drift velocity in InN (5 � 107 cm s�1), and large conduction band offset. However, the fabrica-
tion of high-quality InN/GaN heterostructures is a challenging issue due to the difficulty in
continuous growth of InN and GaN films because of large difference in the optimum growth
temperature between them (InN ~500�C and GaN ~750�C). In addition, due to the low disso-
ciation temperature of InN, it is very difficult to get high-quality InN/GaN heterostructure at
the growth temperature of InN. In addition, the large lattice mismatch between InN and GaN
(11%) results in a poor interface. Several groups [24–26] have studied the interfaces of the
heterostructures like InN/GaN, GaN/ZnO, and GaN/AlN. InN/GaN MQWs with 1 and frac-
tional monolayers of InN were proposed and experimentally demonstrated by Yoshikawa
et al. [27]. Similarly, InN/GaN single-quantum well and double heterostructures were fabri-
cated by the PAMBE [28]. In this section, InN/GaN heterostructures were grown using MBE
system. InN thin films of thicknesses around 300 nm were epitaxially grown on 4 μm-GaN/
Al2O3 (0 0 0 1) templates at different substrate temperatures. Thermal cleaning of the GaN
templates was carried out at 700�C for 5 min in the presence of nitrogen plasma. Following
that, a step growth method was employed to grow high-quality InN epilayers. The first step
involved the growth of low-temperature InN nucleation layer at 400�C for 15 min, which
resulted in the formation of thin buffer layer ~20 nm. Subsequently, the substrate temperature
was increased to 450�C (sample A), 470�C (sample B), 500�C (sample C), and 530�C (sample D)
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to grow active InN epilayers. The nitrogen flow rate and the forward RF power of the plasma
source were set to 0.5 sccm and 350 W. The indium BEP was 1.53 � 10�7 mbar.

Figure 3(a) shows a 2θ-ω scan of InN films grown at different growth temperatures [29]. The
peaks at 2θ = 31.3 and 65.5� are attributed to the (0002) and (0004) planes of the InN epilayers,
whereas the peaks at 2θ = 34.56 and 72.81� are attributed to the (0002) and (0004) planes of the
GaN templates. The peak at 2θ = 41.69� corresponds to the (0006) plane of sapphire substrate.
The InN films grown at low (450�C) and high (530�C) temperatures show a peak at around
2θ = 33� indicating the presence of In metal. The presence of In metal could be due to the low
migration of In at low temperature and more dissociation of InN at high temperature. The
structural quality of the films was evaluated from the full width at half maximum (FWHM) of
(0002) InN X-ray rocking curve (XRC). The rocking curves of the (0002) InN reflection are
shown in Figure 3(b) [29]. Growth of InN epilayers at high temperature improved crystal
quality, i.e., the FWHM of the (0002) InN XRC decreased from 532.8 to 450 arcsec
corresponding to growth temperatures 450 and 500�C. The low migration velocities of In and
N atoms at low growth temperature are the most probable reason for the relatively inferior
crystal quality [30]. On the other hand, growth of InN at higher temperature (530�C) resulted
in pronounced dissociation of InN, thus leading to high FWHM of 716.4 arcsec. The screw
dislocation density of InN films, as calculated from the FWHM of the rocking curves, was
found to be 2.27 � 108, 2.03 � 108, 1.62 � 108, and 4.12 � 108 cm�2 for samples A, B, C, and D,
respectively. In addition, InN films show n-type conductivity with carrier concentrations in the
order of 1018 to 1019 cm�3. As growth temperature increases from 450 to 500�C, the carrier
concentration decreases from 1.57 � 1019 to 3.10 � 1018 cm�3. The high carrier concentration at
low growth temperature may be due to relatively poor crystallinity. On the other hand, the
carrier concentration increased to 1.10 � 1019 cm�3 at high growth temperature of 530�C,
which may be associated with the large dissociation of InN.

The room temperature optical absorption spectra squared as a function of growth temperature
is shown in Figure 3(c) [29]. The absorption spectrum exhibits characteristic interference
fringes due to the underlying thicker GaN epilayer. The absorption edge of the InN films was
estimated by extrapolating the linear part of the squared absorption down to the photon
energy axis. The energy corresponding to this absorption edge is the amount of energy needed
by an electron to make a vertical transition from the upper valence band to the Fermi surface in
the conduction band. Therefore, this energy can be considered as the Fermi-level energy in the
conduction band. A strong shift was observed in the absorption edge with a change in carrier
concentration. This is usually referred as Burstein-Moss shift which is a commonly observed
phenomenon in narrow-gap semiconductors owing to non-parabolic conduction band [31].

2.2. Nonpolar InN/GaN heterostructures

Growth of nonpolar a-plane InN/GaN heterostructures has been an important subject recently
due to its potential improvement on the efficiency of III-nitride-based optoelectronic
devices [32, 33]. However, growth of high-quality nonpolar InN/GaN heterostructures is chal-
lenging due to the low thermal decomposition temperature of InN film and high equilibrium
vapor pressure of nitrogen. Despite the growth of high-quality nonpolar GaN films [23, 34, 35],
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there are very few reports on the growth of nonpolar InN films [36, 37]. The earlier reports on the
InN on r-sapphire substrates indicate the growth of cubic (001) [38, 39] and polar (0001) InN [40].
The nonpolar a-plane InN was demonstrated by using GaN buffer layer on r-plane sap-
phire [41, 42]. In this section, nonpolar (1 1 �2 0) a-InN/GaN heterostructures were grown on r-
plane and m-plane sapphire substrates, respectively, using MBE system. Prior to the growth,
thermal cleaning of the sapphire substrate was carried out at 850�C inside MBE chamber for
30 min under ultrahigh vacuum. RF power and flow rate were kept constant at 350 W and 0.5
sccm, respectively. (1 1 �2 0) a-GaN buffer layer was grown at 760�C temperature. The growth
of InN epilayers was carried out using two-step growth processes: growth of low-temperature
InN buffer layer (~20 nm) on GaN under layer at 400�C and growth of InN epilayers at different
temperatures. The growth temperature of (1 1 �2 0) a-InN varied from 470 to 530�C.

Figure 4(a) show 2θ-ω scans of nonpolar (1 1 �2 0) a-plane InN/GaN heterostructures grown
on r-plane sapphire substrate at different growth temperatures [42]. The peaks at 2θ = 57.7 and
51.61� are assigned to the a-plane GaN and a-plane InN reflections, respectively, along with
that from the r-plane sapphire substrate. The sample grown at 530�C shows the peak at 32.9�

which corresponds to In (101) reflections. Figure 4(b) shows the RHEED patterns in the
azimuths [0001] for a-plane GaN and a-plane InN [43]. The Bragg spots appear with weak
streaky lines in the RHEED patterns observed for a-plane GaN that confirms the reasonable
smooth surface [44]. Spotty nature of a-plane InN RHEED pattern indicates the 3D growth of

Figure 3. (a) 2θ-ωHRXRD scanning curve of InN films grown at different growth temperatures, (b) the XRC of the (0002)
reflections of InN films grown at different growth temperatures, and (c) optical absorption spectra of InN films. Reprinted
with permission from [29].
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to grow active InN epilayers. The nitrogen flow rate and the forward RF power of the plasma
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sccm, respectively. (1 1 �2 0) a-GaN buffer layer was grown at 760�C temperature. The growth
of InN epilayers was carried out using two-step growth processes: growth of low-temperature
InN buffer layer (~20 nm) on GaN under layer at 400�C and growth of InN epilayers at different
temperatures. The growth temperature of (1 1 �2 0) a-InN varied from 470 to 530�C.

Figure 4(a) show 2θ-ω scans of nonpolar (1 1 �2 0) a-plane InN/GaN heterostructures grown
on r-plane sapphire substrate at different growth temperatures [42]. The peaks at 2θ = 57.7 and
51.61� are assigned to the a-plane GaN and a-plane InN reflections, respectively, along with
that from the r-plane sapphire substrate. The sample grown at 530�C shows the peak at 32.9�

which corresponds to In (101) reflections. Figure 4(b) shows the RHEED patterns in the
azimuths [0001] for a-plane GaN and a-plane InN [43]. The Bragg spots appear with weak
streaky lines in the RHEED patterns observed for a-plane GaN that confirms the reasonable
smooth surface [44]. Spotty nature of a-plane InN RHEED pattern indicates the 3D growth of

Figure 3. (a) 2θ-ωHRXRD scanning curve of InN films grown at different growth temperatures, (b) the XRC of the (0002)
reflections of InN films grown at different growth temperatures, and (c) optical absorption spectra of InN films. Reprinted
with permission from [29].
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InN [43]. The X-ray rocking was carried out to see the structural quality of the samples. The
FWHM of the rocking curve along with different azimuth angles has been plotted in Figure 4(c)
for InN film grown at 500�C [42]. The variation of FWHMwas found to be M-type with respect
to the azimuth angles. The FWHM of the (1 1 �2 0) reflection was found to be strongly
dependent on the azimuth angle with respect to the scattering plane. Azimuth angle was
defined as zero when the incident beam is parallel to the [0001] direction. Darakchieva et al.
reported similar kind of M-type behavior in a-plane InN epilayers grown on r-sapphire sub-
strates with GaN buffer layer [45]. The FWHM of (1 1 �2 0) reflection along [0 0 0 1] and [1 �1
0 0] directions was determined, and the values are 0.67 and 0.85�, respectively.

Absorption spectroscopy was used to determine the bandgap of nonpolar a-plane InN films
and is shown in Figure 4(d) [42]. The direct optical bandgap for InN can be investigated by
fitting the absorption data. The bandgap of InN epilayers grown at 470, 500, and 530�C as
obtained by fitting the absorption data is found to be 0.81, 0.74, and 0.78 eV, respectively. This
shows that the bandgap of the samples grown at low temperatures is blue shifted with respect
to the bulk, which could be due to the high background carrier concentration [46]. The carrier
concentration of InN films was estimated by using Hall measurements, and the carrier concen-
trations was found to be in the order of 1018 to 1019 cm�3 with growth temperature. The film
grown at 500�C showed the lowest carrier concentration, whereas the film grown at 470�C
showed a higher carrier concentration due to the poor crystallinity. The carrier concentration in
the film grown at 530�C was also found to be higher and could be as a result of high
dissociation rate of InN at that temperature [47].

Figure 4. (a) 2θ-ωHRXRD scans of nonpolar a-plane InN film grown on GaN/r-Al2O3 substrate at different temperatures,
(b) RHEED patterns of a-plane (11�20) GaN and a-plane (11�20) InN taken along (0 0 0 1) azimuth, (c) rocking curve
FWHM of nonpolar a-plane InN grown at 500�C with different azimuth angles, and (d) optical absorption spectra of
nonpolar a-plane InN. Reprinted with permission from [42, 43].
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2.3. Polar InGan/GaN heterostructures

Indium gallium nitride (InGaN), a ternary compound of III-nitride semiconductors, has
received considerable attention due to its potential applications in optoelectronic devices [48–51].
The choice of InGaN as an active layer in high-performance optoelectronic devices is due to the
advantage one gets in tuning the energy bandgap from visible to near-ultraviolet region by
changing the In composition. The most challenging issues in InGaN-based nitride semicon-
ductors include the spatial fluctuation of indium composition and the generation of disloca-
tions at the interface of InGaN-based heterostructures due to the limited solubility of indium
atom into GaN because of the difference in the In-N and Ga-N bond length [52–54]. Because of
dislocations the non-radiative recombination increases, leading to the rapid decrease in the
performance of the InGaN-based devices [55, 56].

InGaN films of thicknesses around 200 nm were grown on 4 μmGaN/Al2O3 (0 0 0 1) templates
using PAMBE. After the templates were chemically degreased, they were outgassed at 700�C
for 5 min in the presence of nitrogen plasma. Followed by thermal cleaning, the InGaN films
were grown in a single step. The indium composition was varied by changing the In/Ga flux
ratio and substrate temperature, whereas the nitrogen plasma conditions were constant, flow
rate ~0.5 SCCM and forward RF power of 350 W. Figure 5(a) shows a 2θ-ω scan of as-grown
InGaN films [57]. Well-resolved peaks corresponding to InGaN (0002) reflection was observed
along with the GaN and Al2O3 peaks in all the samples. The peaks at 2θ = 34.56 and 41.69�

attribute to the (0002) planes of the GaN films and (0006) plane of the sapphire substrate,
respectively. The indium concentration in the as-grown InGaN films was determined by
linearly interpolating the peak position of (0002) plane from their end binaries, by assuming
that Vegard’s law is valid [58, 59]. The indium concentration obtained for InGaN films with
different growth conditions is given in Table 1. For a constant In/Ga flux ratio (0.61), the
decrease in growth temperature 600 to 550�C leads to the suppression of spinoidal decompo-
sition. The transformation of multiple peaks to a single peak corresponding to InGaN (0002)
planes is the evidence. The samples grown at high temperature, ~560�C, with high In/Ga flux
ratio (0.99) showed similar single peaks. However, the presence of In (101) peak states that
metallic In was also present. Further, it was also observed that at growth temperature ~560�C,
the increase in In/Ga ratio from 0.61 to 0.99 not only led to increase in the In incorporation but
also decreased the spinoidal decomposition. Therefore, we could obtain high-quality, metal-
free, single composition InGaN epilayers with 23% indium (sample E) on GaN/c-Al2O3 when
grown at 550�C with In/Ga ~0.61.

The X-ray rocking curve (XRC) was carried out to see the structural quality of the InGaN film.
Figure 5(b) shows the XRC of the (0002) InGaN reflection of sample E [57], and the
corresponding FWHM was found to be 390 arcsec, indicating the high quality of the as-grown
InGaN film. This value is comparable to the values in literature [60, 61]. Though this value
indicates the quality of bulk film, it doesn’t tell us much about the interface dislocations. The
influence of such interface defects on the barrier height, and the ideality factor will be discussed
in further sections. Figure 5(c) shows the room temperature PL spectra of sample E [57]. As we
can see from the PL spectra, the emission peak at 2.48 eV corresponds to the free excitonic
transition between valence and conduction bands of InGaN film. Also, one can notice the
presence of fringes around this peak, which are a result of Fabry-Perot interference, hence
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reported similar kind of M-type behavior in a-plane InN epilayers grown on r-sapphire sub-
strates with GaN buffer layer [45]. The FWHM of (1 1 �2 0) reflection along [0 0 0 1] and [1 �1
0 0] directions was determined, and the values are 0.67 and 0.85�, respectively.

Absorption spectroscopy was used to determine the bandgap of nonpolar a-plane InN films
and is shown in Figure 4(d) [42]. The direct optical bandgap for InN can be investigated by
fitting the absorption data. The bandgap of InN epilayers grown at 470, 500, and 530�C as
obtained by fitting the absorption data is found to be 0.81, 0.74, and 0.78 eV, respectively. This
shows that the bandgap of the samples grown at low temperatures is blue shifted with respect
to the bulk, which could be due to the high background carrier concentration [46]. The carrier
concentration of InN films was estimated by using Hall measurements, and the carrier concen-
trations was found to be in the order of 1018 to 1019 cm�3 with growth temperature. The film
grown at 500�C showed the lowest carrier concentration, whereas the film grown at 470�C
showed a higher carrier concentration due to the poor crystallinity. The carrier concentration in
the film grown at 530�C was also found to be higher and could be as a result of high
dissociation rate of InN at that temperature [47].

Figure 4. (a) 2θ-ωHRXRD scans of nonpolar a-plane InN film grown on GaN/r-Al2O3 substrate at different temperatures,
(b) RHEED patterns of a-plane (11�20) GaN and a-plane (11�20) InN taken along (0 0 0 1) azimuth, (c) rocking curve
FWHM of nonpolar a-plane InN grown at 500�C with different azimuth angles, and (d) optical absorption spectra of
nonpolar a-plane InN. Reprinted with permission from [42, 43].
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2.3. Polar InGan/GaN heterostructures

Indium gallium nitride (InGaN), a ternary compound of III-nitride semiconductors, has
received considerable attention due to its potential applications in optoelectronic devices [48–51].
The choice of InGaN as an active layer in high-performance optoelectronic devices is due to the
advantage one gets in tuning the energy bandgap from visible to near-ultraviolet region by
changing the In composition. The most challenging issues in InGaN-based nitride semicon-
ductors include the spatial fluctuation of indium composition and the generation of disloca-
tions at the interface of InGaN-based heterostructures due to the limited solubility of indium
atom into GaN because of the difference in the In-N and Ga-N bond length [52–54]. Because of
dislocations the non-radiative recombination increases, leading to the rapid decrease in the
performance of the InGaN-based devices [55, 56].

InGaN films of thicknesses around 200 nm were grown on 4 μmGaN/Al2O3 (0 0 0 1) templates
using PAMBE. After the templates were chemically degreased, they were outgassed at 700�C
for 5 min in the presence of nitrogen plasma. Followed by thermal cleaning, the InGaN films
were grown in a single step. The indium composition was varied by changing the In/Ga flux
ratio and substrate temperature, whereas the nitrogen plasma conditions were constant, flow
rate ~0.5 SCCM and forward RF power of 350 W. Figure 5(a) shows a 2θ-ω scan of as-grown
InGaN films [57]. Well-resolved peaks corresponding to InGaN (0002) reflection was observed
along with the GaN and Al2O3 peaks in all the samples. The peaks at 2θ = 34.56 and 41.69�

attribute to the (0002) planes of the GaN films and (0006) plane of the sapphire substrate,
respectively. The indium concentration in the as-grown InGaN films was determined by
linearly interpolating the peak position of (0002) plane from their end binaries, by assuming
that Vegard’s law is valid [58, 59]. The indium concentration obtained for InGaN films with
different growth conditions is given in Table 1. For a constant In/Ga flux ratio (0.61), the
decrease in growth temperature 600 to 550�C leads to the suppression of spinoidal decompo-
sition. The transformation of multiple peaks to a single peak corresponding to InGaN (0002)
planes is the evidence. The samples grown at high temperature, ~560�C, with high In/Ga flux
ratio (0.99) showed similar single peaks. However, the presence of In (101) peak states that
metallic In was also present. Further, it was also observed that at growth temperature ~560�C,
the increase in In/Ga ratio from 0.61 to 0.99 not only led to increase in the In incorporation but
also decreased the spinoidal decomposition. Therefore, we could obtain high-quality, metal-
free, single composition InGaN epilayers with 23% indium (sample E) on GaN/c-Al2O3 when
grown at 550�C with In/Ga ~0.61.

The X-ray rocking curve (XRC) was carried out to see the structural quality of the InGaN film.
Figure 5(b) shows the XRC of the (0002) InGaN reflection of sample E [57], and the
corresponding FWHM was found to be 390 arcsec, indicating the high quality of the as-grown
InGaN film. This value is comparable to the values in literature [60, 61]. Though this value
indicates the quality of bulk film, it doesn’t tell us much about the interface dislocations. The
influence of such interface defects on the barrier height, and the ideality factor will be discussed
in further sections. Figure 5(c) shows the room temperature PL spectra of sample E [57]. As we
can see from the PL spectra, the emission peak at 2.48 eV corresponds to the free excitonic
transition between valence and conduction bands of InGaN film. Also, one can notice the
presence of fringes around this peak, which are a result of Fabry-Perot interference, hence
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suggesting a smooth and abrupt interface. The film also exhibits a peak at 3.41 eV, which
corresponds to underlying GaN layer. A second peak at 2.94 eV might correspond to the thin
InGaN strain-relieving layer with ~6% of In [62, 63]. The indium composition of the InGaN

Figure 5. (a) 2θ-ω HRXRD scanning curve of InGaN films grown on GaN, (b) X-ray rocking curve of the (0002) plane of
InGaN film (sample-E), (c) the room temperature photoluminescence spectra of InGaN film grown on GaN (sample E),
and (d) HRTEM of InGaN/GaN interface. Reprinted with permission from [57].

Sample ID In/Ga flux ratios Growth temperature (�C) In composition

Sample A 0.61 600 11, 16, 24%

Sample B 0.99 540 28, 35%

Sample C 0.61 560 20, 24%

Sample D 0.99 560 33% (In)

Sample E 0.61 550 23%

Table 1. Growth parameters used for the growth of InGaN films.

Epitaxy180

layer was calculated using Vegard’s law and was found to be 22% in sample E, which is in
correlation with the value as estimated by HRXRD. Figure 5(d) is the high-resolution transmis-
sion electron microscopy (HRTEM), which showing an extremely sharp interface and the growth
plane (0001) is perpendicular to the growth direction. High-quality interface as seen from the
HRTEM image justifies the less defect densities and high crystallinity of the InGaN films.

2.4. Nonpolar InGaN/GaN heterostructures

InGaN alloys of various compositions are being optimized as materials for the fabrication of
light-emitting diodes which are active in the entire visible spectrum extending up to ultraviolet
wavelengths [32, 64]. Indium-rich InGaN alloys are now being considered potential candidates
for longer wavelength emitters, thermionic emitters, multi-junction solar cells, etc. [65–67]. A
concern with polar heterostructures is the intrinsic and strong polarization fields resident in
the lattice. To overcome such polarization effect, substrates oriented in nonpolar directions, i.e.,
(1 0 �1 0) m-plane or (1 1 �2 0) a-plane, are used. Devices grown on these orientations are
receiving a lot of focus due to this enhanced behavior. However, a slight compromise in terms
of quality has to be made because of the large mismatch in lattice constants, thermal expansion
coefficients, and elastic constants of InGaN and GaN. In addition, the large lattice constant
mismatch between GaN and InN (~11%) results in a phase separation in InGaN alloys which
has been theoretically predicted and experimentally observed [68]. This makes the growth of
InGaN very challenging, especially for higher concentration of indium (>20%) [58]. Growth
parameters such as growth temperature, growth rate, and flux ratio are seen to drastically
affect the indium incorporation in InGaN films. During growth of the InGaN alloys, the
evaporation of indium species from the surface will be suppressed at lower temperatures and
leads to higher growth rates as the indium species become trapped by the growing
layer [69, 70]. As the indium content in the InGaN alloy increases, the material quality
degrades due to phase separation, inhomogeneity of solid solution, and indium metal drop-
lets. Few reports are available in the literature for the study of the nonpolar InGaN-based
multiple quantum well (MQW) structures and other devices. Song et al. studied the effect of
periodicity of a-plane InGaN/GaN multiple quantum wells on the output power of the LEDs
grown by MOCVD [71].

In this section, InxGa1�xN films of thicknesses around 125 nm were grown on 125 nm a-GaN
(11�20)/r-Al2O3 (1�102) by PAMBE system. A two-step growth process was employed to
grow a-GaN film, which constituted the growth of a 20 nm thin low-temperature GaN buffer
layer at 500�C and a ~125nm GaN epilayer at 760�C. The nitrogen plasma RF power and N2

flow rate were kept constant at 350 W and 1 sccm, respectively, throughout the growth
duration. The gallium beam equivalent pressure (BEP) was kept at 5.6 � 10�7 mbar,
corresponding to the growth in the slightly nitrogen-rich region. InxGa1�xN films were grown
on top of the a-GaN layer at the growth conditions as tabulated in Table 2. Three InxGa1�xN
films (samples A, B, and C) with different indium compositions were grown by varying the In/
Ga flux ratios and growth temperatures. During the InxGa1-xN growth, the nitrogen flow rate
and RF power of the plasma source were kept at 0.5 sccm and 350 W, respectively.

Figure 6(a) shows the 2θ-ω HRXRD scan of the grown films, which confirmed the growth of
nonpolar a-InGaN epilayer oriented in the (1 1 �2 0) direction and a-GaN epilayer oriented in
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InGaN strain-relieving layer with ~6% of In [62, 63]. The indium composition of the InGaN
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InGaN film (sample-E), (c) the room temperature photoluminescence spectra of InGaN film grown on GaN (sample E),
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correlation with the value as estimated by HRXRD. Figure 5(d) is the high-resolution transmis-
sion electron microscopy (HRTEM), which showing an extremely sharp interface and the growth
plane (0001) is perpendicular to the growth direction. High-quality interface as seen from the
HRTEM image justifies the less defect densities and high crystallinity of the InGaN films.
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receiving a lot of focus due to this enhanced behavior. However, a slight compromise in terms
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mismatch between GaN and InN (~11%) results in a phase separation in InGaN alloys which
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leads to higher growth rates as the indium species become trapped by the growing
layer [69, 70]. As the indium content in the InGaN alloy increases, the material quality
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lets. Few reports are available in the literature for the study of the nonpolar InGaN-based
multiple quantum well (MQW) structures and other devices. Song et al. studied the effect of
periodicity of a-plane InGaN/GaN multiple quantum wells on the output power of the LEDs
grown by MOCVD [71].
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(11�20)/r-Al2O3 (1�102) by PAMBE system. A two-step growth process was employed to
grow a-GaN film, which constituted the growth of a 20 nm thin low-temperature GaN buffer
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duration. The gallium beam equivalent pressure (BEP) was kept at 5.6 � 10�7 mbar,
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on top of the a-GaN layer at the growth conditions as tabulated in Table 2. Three InxGa1�xN
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the (1 1 �2 0) direction on (1 �1 0 2) r-plane sapphire. The peak at 2θ = 56.64� for sample A,
2θ = 56.59� for sample B, and 2θ = 56.36� for sample C was assigned to (1 1 �2 0) InxGa1-xN
which corresponds to the different composition of indium in the grown films. The calculated
compositions of the samples were In0.17Ga0.83N (sample A), In0.19Ga0.81N (sample B), and
In0.22Ga0.78N (sample C). We observe that by decreasing the indium flux during the growth
from 1.17 � 10�7 to 8.87 � 10�8, we could incorporate more indium into the InxGa1�xN alloy.
Higher indium incorporation was also observed when the substrate temperature was
decreased from 550C to 540�C keeping the indium flux constant. Growth parameters play a
very critical role in controlling the composition of the InxGa1�xN films. For the given set of
growth parameters, we have not observed any phase separation or indium segregation in the
grown InxGa1�xN films.

X-ray rocking curve (ω) analysis was carried out to determine the crystal quality of the as-grown
structures. Rocking curves along different azimuth angles have been recorded, and RC FWHM
versus azimuth angle has been plotted for all the samples as shown in Figure 6(b). The RC
FWHM of the reflection along the normal varied with the azimuth angle and showed an M-type
behavior [72]. The measured FWHM value of (1 1 �2 0) reflection of In0.22Ga0.78N along [0001]
direction defined as azimuth angle 0�and along [1�100] direction defined as azimuth angle 90�

was found to be 0.532 and 0.703�, respectively. The RC FWHM values of (1 1 �2 0) GaN
reflections were found to be 0.47 and 0.52� along azimuth angle 0� corresponding to reflection
along [0001] direction and 90� corresponding to reflection along [1�100] direction, respectively.
The reason behind the broadening of InGaN rocking curves could be attributed to the presence of
defects such as partial dislocations and stacking faults, thus suggesting that the crystalline quality
of nonpolar InGaN films is reduced with the increase in indium incorporation [73]. Cross-
sectional plan view of TEM image obtained in bright field is shown in Figure 6(c), which shows
a clear interface of the a-InGaN/a-GaN/r-sapphire structure. The thickness of the each layer
grown is confirmed from the image to be around 125 nm each. Basal stacking faults (BSF) are
visible as thin lines, and they arise from the low-temperature nucleation layer. Due to the
anisotropic nature of the growing surface, the nonpolar GaN typically has a high density of BSFs.
The room temperature PL spectrum of InxGa1�xN films is shown in Figure 6(d). The position of
the near-band-edge emission (NBE) of the InxGa1-xN as observed for the three samples were 2.67,
2.59, and 2.56 eV for samples A, B, and C, respectively. Using Vegard’s law, the values of indium
fraction were found to be 0.20, 0.22, and 0.23 for samples A, B, and C, respectively.

Reciprocal space maps (RSMs) were recorded to look into the microstructure and strain
present in the films. The reciprocal lattice points (RLPs) will be elongated along the Qx axis if
the broadening is caused by the limited mosaic block dimensions [74]. The RLPs will be tilted

Sample ID Gallium BEP (mbar) Indium BEP (mbar) Growth temp. (�C)

(A) 1.23 � 10�7 1.17 � 10�7 550

(B) 1.23 � 10�7 8.87 � 10�8 550

(C) 1.23 � 10�7 8.87 � 10�8 540

Table 2. Growth conditions for a-InxGa1�xN/a-GaN/r-sapphire substrate.

Epitaxy182

in the reciprocal space if additional mosaic tilt exists in the sample. From Figure 7(a)–(c), the
RLPs along the symmetric (1 1 �2 0) reflection of all samples are all broadened in the Qx

direction with negligible inclination, indicating that the dominant broadening mechanism for
it is the limited mosaic block size. Asymmetric reflection are expected to be elongated parallel
to the lateral scattering vector if the material experiences broadening due to short-sized mosaic
blocks and could be also inclined if an additional mosaicity tilting exists in the material [75]. To
understand the strain in the film with respect to the substrate, asymmetric RSM along (1 0�1 0)
a-GaN scans were obtained and are shown in Figure 7(d)–(f). Shift of the center of each peak
along the Qz axis in an asymmetric scan gives a direct evidence of the strain present between
the layers. Splitting of the GaN peak for all compositions implies a formation of a thin layer of
high gallium composition InxGa1�xN layer which is highly strained with respect to the GaN

Figure 6. (a) HRXRD 2θ-ω scan of nonpolar (11�20) a-InGaN epilayer grown on (11�20) a-GaN/(1�102) r-plane sap-
phire, (b) FWHM of the rocking curve along with variation in azimuth angles for InGaN and GaN layer, (c) bright-field
plan-view cross-sectional image of a-InGaN/a-GaN/r-sapphire substrate, and (d) room temperature PL spectrum of
InxGa1�xN films.
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layer. Hence, from the asymmetric RSM scans, it is understood that after a thin layer of
InxGa1�xN acting as a buffer layer, the InxGa1�xN film with In concentration of 17, 19 and
22% was formed in samples A, B, and C, respectively. As the In concentration is increased, the
InGaN film is showing signs of relaxation which indirectly means increase in the dislocation
density, reducing the crystallinity of the layer which is consistent with the observation of the
variation of FWHM in rocking curve measurements.

Figure 7. (a)–(c) RSM of symmetric (1 1 �2 0) of InxGa1�xN/GaN/r-sapphire and (d)–(f) RSM of asymmetric (1 0 �1 0)
InxGa1�xN/GaN layers.

Epitaxy184

2.5. InGaN/Si heterostructures

n-n heterojunctions have found use in different applications such as photodetectors, light-
emitting diodes, solar cells, injection lasers, etc. [76–80]. So far the most extensively studied
material systems are ZnO/Si, InxGa1-xAs, InxGa1-xSb, Ge-Si, etc. [81, 82]. Very few groups have
reported studies on isotype heterojunctions of InxGa1�xN system [83, 84]. The large lattice
mismatch of InGaN with silicon substrates has hindered the realization of silicon-based com-
mercial devices and is limited to sapphire which happens to be an insulator. Therefore,
obtaining smooth and abrupt heterojunctions with minimum density of interface defects by
overcoming the lattice mismatch issue has been a concern of great interest for many
researchers across the globe. Several attempts have been made to demonstrate low power
consuming or self-powered photodetectors [85, 86]. There are a few reports on the UV
photodetection using InGaN as an active layer [87]. In this work, we report the development
of a UV photodetector which is operated at zero bias. The device comprises of a simple n-
InGaN/n-Si heterojunction. The role of interface defects originating due to the large lattice
mismatch, such as traps, in modulating the built-in electric field driven photoresponse has
been discussed. The n-Si (111) substrates of 1 � 1 cm2 in size were cleaned chemically by
trichloroethylene, acetone, and methanol and were dipped in 5% HF for 60 s to remove the
native oxide prior to loading in the growth chamber. Thermal cleaning of Si (111) was carried
out at 900�C for the removal of native oxide layer. The substrate temperature was further
reduced to 550�C, and growth was carried out for 2 h without any intermediate steps. The
indium (In) beam equivalent pressure (BEP) and gallium (Ga) BEP, nitrogen flow, and plasma
power were kept at 8.52 � 10�8 mbar, 1.2 � 10�7 mbar, 1 sccm, and 350 W, respectively.
Various experimental techniques were employed to study the as-grown samples as mentioned
in upcoming sections. Circular aluminum contacts with diameters of 600 μmwere then depos-
ited by thermal evaporation on the InGaN films and Si (111) substrate with the help of a
physical mask to study the current-voltage and photoresponse studies.

Figure 8(a) shows the 2θ-ω HRXRD scan of InGaN epilayers on Si (111) substrates [88]. The
peaks at 2θ = 28.45 and 58.86� attribute to Si (111) and Si (222) reflections, respectively. The
peaks at 2θ = 34.05 and 71.89� correspond to (0002) and (0004) reflections of InGaN. Also, no
secondary phases or residual indium or InN phases were found, confirming that the films are
single crystalline. The In composition was determined to be 15% from the linear interpolation
of the 2θ peak positions of (0002) GaN (34.59�) and (0002) InN (31.22�). In Figure 8(b) the
rocking curve FWHM value (degree) of asymmetric reflection (2.16) is higher than that of the
symmetric reflection (2.05), which attributes to the presence of large edge threading disloca-
tions (TDs) [73].

The room temperature PL spectra of the InxGa1�xN films are shown in Figure 8(c). Near-band-edge
emission peaks are observed at 502.12 nm corresponding to the bandgap of 2.46 eV. Due
to stoke shift of the PL spectra and discrepancies in the exact value of InN, bandgap [89]
further adds ambiguity to the exact In content determination from PL spectra. A small hump
is observed around 425 nm which might be due to the initial layers with a large number of
dislocations arising due to the large lattice mismatch of Si and InGaN films [90]. One can also
correlate the presence of a large number of defects from the FWHM values of both symmetric
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and asymmetric XRCs. The contrast at the interface in the TEM image in Figure 8(d) clearly
indicates the presence of initial low-contrast Ga-rich layers which possibly attribute to the ~425
nm peak in PL spectra. The thickness was estimated to be ~100 nm from the TEM image. The
other dark regions are formed as a result from the Ga ion beam damage during sample thinning.

3. Transport properties of III-nitride heterostructure-based Schottky
junctions

3.1. Polar and nonpolar InN/GaN heterostructures.

The semiconductor heterostructure exhibits the Schottky barrier at the interface due to the
formation of conduction band offset because of their different bandgap values. The concepts
on the band offset are directly transferable to the Schottky barrier height problems. Hence, it is

Figure 8. (a) HRXRD 2θ-ω scan of InGaN on bare Si (111), (b) X-ray rocking curve of (0002) and (10�11) reflections, (c)
photoluminescence spectra of InGaN/Si, and (d) cross-sectional TEM of InGaN/Si heterostructure. Reprinted with per-
mission from [88].

Epitaxy186

vital to study the transport properties of the semiconductor heterostructure-based Schottky
junctions. The InN/GaN heterostructure has a large conduction band offset, thus ensuring
effective blockage of the conduction current over the barriers [91, 92], which help for the
development of electronic devices operating in THz frequency range [91]. Hence, studying
the transport properties across the InN/GaN interface is very important from device view
point. Chen et al. [93] studied temperature-dependent current-voltage characteristics of
InN/GaN-based Schottky junctions in the range of 300–400K and found that the barrier height
(~1.25 eV) and the ideality factor (~1.25) are nearly temperature independent. Similarly, Wang
et al. [94] employed capacitance-voltage measurement technique to determine the Schottky
barrier height to be 0.94 eV at room temperature. This section presents the study of the
temperature-dependent electrical transport properties of InN/GaN heterostructures and
observed the temperature-dependent barrier height and the ideality factor. Figure 9(a) shows
the room temperature J-V(current density-voltage) characteristics for the junction. The junction
between InN and GaN exhibits a rectifying behavior which suggests an existence of Schottky
barrier height at the junction [95, 96].

To investigate further, we have studied the temperature-dependent J-V (J-V-T) characteristics
ranging from 200 to 500 K and is given in Figure 9(b) [95]. In the present case, the GaN film is
highly doped with silicon (ND ~ 1.4 � 1018 cm�3) resulting in a lower barrier height at the InN/
GaN interface, which is due to the tunneling of charge carriers through the interface. This kind
of behavior reveals that the current transport is primarily dominated by thermionic field
emission (TFE) mechanism, where the carriers tunnel from GaN to InN. According to the
transport theory, TFE dominates only when E00/kT ≈ 1, where E00 is the characteristic tunneling
energy which determines the nature of conduction mechanism. When E00/kT ≈ 1, the
Boltzmann distribution tail of thermionic emission drops off by a factor of exp(�1), which is
much faster than the decrease rate of the tunneling probability. On the other hand, thermionic
emission (TE) is predominant when E00/kT << 1 because the tunneling probability drops off
faster than TE [97]. In the present case, the value of the barrier height and the ideality factor (η)

Figure 9. (a) The room temperature J–V characteristics of InN/GaN Schottky junction and (b) the forward J–V character-
istics with TFE fitting as a function of measurement temperature. Reprinted with permission from [95, 96].

Heterostructures of III-Nitride Semiconductors for Optical and Electronic Applications
http://dx.doi.org/10.5772/intechopen.70219

187



and asymmetric XRCs. The contrast at the interface in the TEM image in Figure 8(d) clearly
indicates the presence of initial low-contrast Ga-rich layers which possibly attribute to the ~425
nm peak in PL spectra. The thickness was estimated to be ~100 nm from the TEM image. The
other dark regions are formed as a result from the Ga ion beam damage during sample thinning.

3. Transport properties of III-nitride heterostructure-based Schottky
junctions

3.1. Polar and nonpolar InN/GaN heterostructures.

The semiconductor heterostructure exhibits the Schottky barrier at the interface due to the
formation of conduction band offset because of their different bandgap values. The concepts
on the band offset are directly transferable to the Schottky barrier height problems. Hence, it is

Figure 8. (a) HRXRD 2θ-ω scan of InGaN on bare Si (111), (b) X-ray rocking curve of (0002) and (10�11) reflections, (c)
photoluminescence spectra of InGaN/Si, and (d) cross-sectional TEM of InGaN/Si heterostructure. Reprinted with per-
mission from [88].

Epitaxy186

vital to study the transport properties of the semiconductor heterostructure-based Schottky
junctions. The InN/GaN heterostructure has a large conduction band offset, thus ensuring
effective blockage of the conduction current over the barriers [91, 92], which help for the
development of electronic devices operating in THz frequency range [91]. Hence, studying
the transport properties across the InN/GaN interface is very important from device view
point. Chen et al. [93] studied temperature-dependent current-voltage characteristics of
InN/GaN-based Schottky junctions in the range of 300–400K and found that the barrier height
(~1.25 eV) and the ideality factor (~1.25) are nearly temperature independent. Similarly, Wang
et al. [94] employed capacitance-voltage measurement technique to determine the Schottky
barrier height to be 0.94 eV at room temperature. This section presents the study of the
temperature-dependent electrical transport properties of InN/GaN heterostructures and
observed the temperature-dependent barrier height and the ideality factor. Figure 9(a) shows
the room temperature J-V(current density-voltage) characteristics for the junction. The junction
between InN and GaN exhibits a rectifying behavior which suggests an existence of Schottky
barrier height at the junction [95, 96].

To investigate further, we have studied the temperature-dependent J-V (J-V-T) characteristics
ranging from 200 to 500 K and is given in Figure 9(b) [95]. In the present case, the GaN film is
highly doped with silicon (ND ~ 1.4 � 1018 cm�3) resulting in a lower barrier height at the InN/
GaN interface, which is due to the tunneling of charge carriers through the interface. This kind
of behavior reveals that the current transport is primarily dominated by thermionic field
emission (TFE) mechanism, where the carriers tunnel from GaN to InN. According to the
transport theory, TFE dominates only when E00/kT ≈ 1, where E00 is the characteristic tunneling
energy which determines the nature of conduction mechanism. When E00/kT ≈ 1, the
Boltzmann distribution tail of thermionic emission drops off by a factor of exp(�1), which is
much faster than the decrease rate of the tunneling probability. On the other hand, thermionic
emission (TE) is predominant when E00/kT << 1 because the tunneling probability drops off
faster than TE [97]. In the present case, the value of the barrier height and the ideality factor (η)

Figure 9. (a) The room temperature J–V characteristics of InN/GaN Schottky junction and (b) the forward J–V character-
istics with TFE fitting as a function of measurement temperature. Reprinted with permission from [95, 96].

Heterostructures of III-Nitride Semiconductors for Optical and Electronic Applications
http://dx.doi.org/10.5772/intechopen.70219

187



were calculated by fitting a line in the linear region of the forward J-V curves using the TFE
equation and are shown in Figure 9(b). From the abovementioned analysis, the barrier height
and the ideality factor are found to be temperature dependent. Thus, our results indicate the
presence of inhomogeneity at the interface due to the presence of various types of defects,
which is why we observe the temperature-dependent behavior of barrier height [98, 99]. From
the fitting the value of E00/kT is observed to be nearly one, suggesting that the TFE conduction
mechanism would be considered to be a more realistic model for the analysis of the electronic
transport in polar InN/GaN heterostructure.

An optoelectronic device based on nonpolar III-nitride heterostructure has been an important
subject due to its potential improvement on the efficiency. However, the transport behavior of
nonpolar a-plane InN/GaN heterostructure interfaces is limited. In this section, we will discuss
our results on the transport properties of nonpolar a-plane InN/GaN heterostructure. The inset
of Figure 10(a) shows the schematic diagram of InN/GaN heterostructure Schottky junction.
Figure 10(a) shows the room temperature I-V characteristic of nonpolar a-plane InN/GaN
heterostructure Schottky junction [43]. The rectifying behavior of the I-V curve indicates the
existence of Schottky barrier at the nonpolar InN/GaN interface. The forward bias J-V

Figure 10. (a) Room temperature I–V characteristics of the nonpolar a-plane InN/GaN heterostructures, (b) temperature-
dependent barrier height and the ideality factor, (c) modified Richardson plot of ln(Is/T2)-q2σ2/2k2T2 versus q/kT, and (d)
plot of ηkT as a function of kT. Reprinted with permission from [43, 96].

Epitaxy188

characteristics of the InN/GaN heterostructure were measured at different temperatures. The
values of the barrier height and ideality factor were estimated by fitting the linear region of the
forward J-V curves using thermionic emission model. It was found that the ideality factor and
the barrier height values range from 1.65 and 0.83 eV (500 K) to 4.1 and 0.4 eV (150 K),
respectively, as shown in Figure 10(b). The variation of barrier height and the ideality factor
with the measurement temperature indicates the presence of inhomogeneous nature of non-
polar InN/GaN interface.

The inhomogeneous nature of barrier height at the InN/GaN interface could arise due to the
presence of various types of defects at the interface [98, 99]. The inhomogeneous nature at the
interface was explained by using Richardson plot of saturation current. In the Richardson plot,
we could identify two separate temperature ranges, i.e., 150–300 and 350–500 K from the
slopes, and the values of Richardson’s constants (A*) were found to be much lower than the
theoretical value of 24 Acm�2K�2 for n-GaN. This type of barrier height inhomogeneity at
the InN/GaN interface can be explained by considering the Gaussian distribution of barrier
heights at the interface [100, 101] and can be written as
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Here, φb0 is the zero bias mean barrier height. Considering the barrier height inhomogeneities,
the conventional Richardson plot is modified as follows:
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Figure 10(c) shows the modified Richardson plot. In the first region (300–500 K), the values of
φb and A*were found to be 1.15 eVand 19.5 A/cm2 K2, respectively. The calculated Richardson
constant value in the temperature range of 350–500 K is very close to the theoretical value of
24 A/cm2 K2 for n-type GaN. This indicates that at higher temperatures (350–500 K) the current
transport is dominated by thermionic emission mechanism. The values of φb and A* for polar
c-plane InN/GaN heterojunction were found to be 1.6 eV and 25.8 A/cm2 K2, respectively [102].
The reduced barrier height in nonpolar a-plane InN/GaN heterojunction when compared to
the polar c-plane InN/GaN can be attributed to the absence of polarization field at the inter-
face. The value of A* is largely deviated in the temperature range of 150–300 K indicating the
reduced dominance of thermionic emission. Figure 10(d) shows E0 = ηkT versus kT plot for the
nonpolar a-InN/GaN Schottky diode. The value, E0, seems to be independent of temperature at
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were calculated by fitting a line in the linear region of the forward J-V curves using the TFE
equation and are shown in Figure 9(b). From the abovementioned analysis, the barrier height
and the ideality factor are found to be temperature dependent. Thus, our results indicate the
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Figure 10(a) shows the room temperature I-V characteristic of nonpolar a-plane InN/GaN
heterostructure Schottky junction [43]. The rectifying behavior of the I-V curve indicates the
existence of Schottky barrier at the nonpolar InN/GaN interface. The forward bias J-V

Figure 10. (a) Room temperature I–V characteristics of the nonpolar a-plane InN/GaN heterostructures, (b) temperature-
dependent barrier height and the ideality factor, (c) modified Richardson plot of ln(Is/T2)-q2σ2/2k2T2 versus q/kT, and (d)
plot of ηkT as a function of kT. Reprinted with permission from [43, 96].
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characteristics of the InN/GaN heterostructure were measured at different temperatures. The
values of the barrier height and ideality factor were estimated by fitting the linear region of the
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the barrier height values range from 1.65 and 0.83 eV (500 K) to 4.1 and 0.4 eV (150 K),
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slopes, and the values of Richardson’s constants (A*) were found to be much lower than the
theoretical value of 24 Acm�2K�2 for n-GaN. This type of barrier height inhomogeneity at
the InN/GaN interface can be explained by considering the Gaussian distribution of barrier
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φb and A*were found to be 1.15 eVand 19.5 A/cm2 K2, respectively. The calculated Richardson
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24 A/cm2 K2 for n-type GaN. This indicates that at higher temperatures (350–500 K) the current
transport is dominated by thermionic emission mechanism. The values of φb and A* for polar
c-plane InN/GaN heterojunction were found to be 1.6 eV and 25.8 A/cm2 K2, respectively [102].
The reduced barrier height in nonpolar a-plane InN/GaN heterojunction when compared to
the polar c-plane InN/GaN can be attributed to the absence of polarization field at the inter-
face. The value of A* is largely deviated in the temperature range of 150–300 K indicating the
reduced dominance of thermionic emission. Figure 10(d) shows E0 = ηkT versus kT plot for the
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low temperatures, thus indicating the dominance of field emission in the range of 150–500 K
[103]. It can be understood that the carriers lack the required energy to surmount the barrier at
the low temperature and thus tunnel through the defect states at the interface.

3.2. Polar InGaN/GaN heterostructures

In this section, we have grown InGaN/GaN heterostructures using plasma-assisted molecular
beam epitaxy and studied the temperature-dependent electrical transport characteristics.
Figure 11(a) shows the room temperature J-V characteristics of the InGaN/GaN heterostructure
in both linear and semilog scale [104]. The schematic diagram of the device structure has been
shown in the inset of Figure 11(a). The rectifying nature of J-V characteristic of InGaN/GaN
heterostructure suggested the presence of a Schottky barrier at the interface. The temperature-
dependent J-V characteristic of the heterostructure is shown in Figure 11(b). It is observed that,
as the measurement temperature increases, the forward bias current increases, which indicate
that the current transport across the Schottky junction is governed by the thermionic emission
mechanism. Then, the values of barrier height and ideality factor were calculated by using
thermionic emission model. Figure 11(c) shows the variation of barrier height and ideality factor
with measurement temperature [104]. It is observed that there is a temperature-dependent
variation of both barrier height and ideality factor. The temperature dependence of φb indicates
that the barrier height is inhomogeneous in nature, which may be due to various types of defects
present at the InGaN/GaN interface. Moreover, the observed ideality factor greater than unity
indicates a nonideal nature of the heterojunction, which is attributed to the presence of interface
defect states.

4. InGaN/Si heterostructure-based UVand IR photodetectors

Room temperature I-V measurements were performed on InGaN/Si (111) heterojunctions with
Si biased positively and were shown in Figure 3(a). From Figure 3(a), it is observed that the
device is showing rectifying characteristics, both in the dark (room temperature as well as low

Figure 11. (a) Room temperature J-V characteristics of the InGaN/GaN heterostructure, (b) temperature-dependent J-V
characteristics of the InGaN/GaN heterostructure, and (c) variation of the barrier height and the ideality factor with
measurement temperature. Reprinted with permission from [104].
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temperature) and under ultraviolet radiation, which are consistent with the n-n isotype
heterojunctions of other materials as reported by others [81, 82, 105]. I-V characteristics were
obtained on Al/InGaN/Si(111)/Al, Al/InGaN/Al, and Al/Si (111)/Al. The behavior of Al/InGaN/
Al and Al/Si (111)/Al was ohmic and that of the Al/InGaN/Si (111)/Al junction was rectifying,
thus confirming that the rectifying characteristic is primarily arising from the n-InGaN/n-Si
isotype heterojunction. Although it seems to be like a leaky rectifying behavior, subsequent
low-temperature current-voltage measurements were carried out to further confirm the recti-
fying behavior. Hall measurements were carried out, and negligible changes were observed at
low temperatures in conductivity, mobility, carrier concentration, etc. The room temperature
conductivity, mobility, and bulk carrier concentration of the InGaN layer were found to be
~201 (Ω cm)�1, ~17 cm2/Vs, and ~8 � 1019 cm�3. The high background electron concentration
(~1019–1021) is a well-observed characteristic of the undoped InGaN and InN due to the
nitrogen vacancies in the bulk and along the edge dislocations at the interface and In
vacancy/N antisite complexes [106] which explains the source of doping in our case. A detailed
study on the current-transport mechanisms can be found elsewhere [88].

Although the device is not perfectly rectifying at room temperature, the interesting char-
acteristics observed were in the region of zero bias. An abrupt increase in photocurrent in
the presence of UV radiation was observed at zero bias than either reverse or positive
biases and is shown in the inset of Figure 12(a). Ager et al. [83] have shown the operation
of similar devices in photovoltaic mode. However, the InGaN films grown on their
samples were much thicker compared to the present work and also used several buffer
layers. The photocurrent response and stability were studied from the on-off cycles of a
UV lamp at zero bias and different voltages and are shown in Figure 12(b). The order of
increase in the photocurrent magnitude is higher in case of zero bias (>1.5) than that of
the positive and reverse bias. Figure 12(c) and (d) shows the growth and decay responses
which can be described as [107]

I tð Þ ¼ Idark þ A 1� exp
� t� t0ð Þ

τg

� �� �
(5)

I tð Þ ¼ Idark þ A exp
� t� t0ð Þ

τg

� �� �
(6)

for growth and decay, respectively, where Idark is dark current; A is scaling constant; t0 is the
time when UV lamp was switched on or off for growth or decay, respectively; and τg and τd are
growth and decay times. The response times obtained from the above equations are 20 and 33 ms
for growth and decay. The responsivity (Rλ) of this photodetector is calculated from, Rλ=Iλ/PλS,
where Iλ is photocurrent, Pλ is the incident power of UV lamp of wavelength, and S is the area
of illuminated junction which is 0.09 cm2. The external quantum efficiency (EQE) is given as
EQE = hcRλ/eλ, [108]. The values obtained for spectral responsivity and external quantum
efficiency are 0.0942 A/W and 32.4%, respectively, which are better than the values reported in
the literature [85] for such devices. The responsivities and external quantum efficiencies in case
of different biases were found to be better than zero bias (Table 3). From Figure 12(b), it can be
seen that the photocurrents obtained at different biases do not overlap, i.e., the photocurrent
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low temperatures, thus indicating the dominance of field emission in the range of 150–500 K
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beam epitaxy and studied the temperature-dependent electrical transport characteristics.
Figure 11(a) shows the room temperature J-V characteristics of the InGaN/GaN heterostructure
in both linear and semilog scale [104]. The schematic diagram of the device structure has been
shown in the inset of Figure 11(a). The rectifying nature of J-V characteristic of InGaN/GaN
heterostructure suggested the presence of a Schottky barrier at the interface. The temperature-
dependent J-V characteristic of the heterostructure is shown in Figure 11(b). It is observed that,
as the measurement temperature increases, the forward bias current increases, which indicate
that the current transport across the Schottky junction is governed by the thermionic emission
mechanism. Then, the values of barrier height and ideality factor were calculated by using
thermionic emission model. Figure 11(c) shows the variation of barrier height and ideality factor
with measurement temperature [104]. It is observed that there is a temperature-dependent
variation of both barrier height and ideality factor. The temperature dependence of φb indicates
that the barrier height is inhomogeneous in nature, which may be due to various types of defects
present at the InGaN/GaN interface. Moreover, the observed ideality factor greater than unity
indicates a nonideal nature of the heterojunction, which is attributed to the presence of interface
defect states.

4. InGaN/Si heterostructure-based UVand IR photodetectors

Room temperature I-V measurements were performed on InGaN/Si (111) heterojunctions with
Si biased positively and were shown in Figure 3(a). From Figure 3(a), it is observed that the
device is showing rectifying characteristics, both in the dark (room temperature as well as low
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characteristics of the InGaN/GaN heterostructure, and (c) variation of the barrier height and the ideality factor with
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temperature) and under ultraviolet radiation, which are consistent with the n-n isotype
heterojunctions of other materials as reported by others [81, 82, 105]. I-V characteristics were
obtained on Al/InGaN/Si(111)/Al, Al/InGaN/Al, and Al/Si (111)/Al. The behavior of Al/InGaN/
Al and Al/Si (111)/Al was ohmic and that of the Al/InGaN/Si (111)/Al junction was rectifying,
thus confirming that the rectifying characteristic is primarily arising from the n-InGaN/n-Si
isotype heterojunction. Although it seems to be like a leaky rectifying behavior, subsequent
low-temperature current-voltage measurements were carried out to further confirm the recti-
fying behavior. Hall measurements were carried out, and negligible changes were observed at
low temperatures in conductivity, mobility, carrier concentration, etc. The room temperature
conductivity, mobility, and bulk carrier concentration of the InGaN layer were found to be
~201 (Ω cm)�1, ~17 cm2/Vs, and ~8 � 1019 cm�3. The high background electron concentration
(~1019–1021) is a well-observed characteristic of the undoped InGaN and InN due to the
nitrogen vacancies in the bulk and along the edge dislocations at the interface and In
vacancy/N antisite complexes [106] which explains the source of doping in our case. A detailed
study on the current-transport mechanisms can be found elsewhere [88].

Although the device is not perfectly rectifying at room temperature, the interesting char-
acteristics observed were in the region of zero bias. An abrupt increase in photocurrent in
the presence of UV radiation was observed at zero bias than either reverse or positive
biases and is shown in the inset of Figure 12(a). Ager et al. [83] have shown the operation
of similar devices in photovoltaic mode. However, the InGaN films grown on their
samples were much thicker compared to the present work and also used several buffer
layers. The photocurrent response and stability were studied from the on-off cycles of a
UV lamp at zero bias and different voltages and are shown in Figure 12(b). The order of
increase in the photocurrent magnitude is higher in case of zero bias (>1.5) than that of
the positive and reverse bias. Figure 12(c) and (d) shows the growth and decay responses
which can be described as [107]
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for growth and decay, respectively, where Idark is dark current; A is scaling constant; t0 is the
time when UV lamp was switched on or off for growth or decay, respectively; and τg and τd are
growth and decay times. The response times obtained from the above equations are 20 and 33 ms
for growth and decay. The responsivity (Rλ) of this photodetector is calculated from, Rλ=Iλ/PλS,
where Iλ is photocurrent, Pλ is the incident power of UV lamp of wavelength, and S is the area
of illuminated junction which is 0.09 cm2. The external quantum efficiency (EQE) is given as
EQE = hcRλ/eλ, [108]. The values obtained for spectral responsivity and external quantum
efficiency are 0.0942 A/W and 32.4%, respectively, which are better than the values reported in
the literature [85] for such devices. The responsivities and external quantum efficiencies in case
of different biases were found to be better than zero bias (Table 3). From Figure 12(b), it can be
seen that the photocurrents obtained at different biases do not overlap, i.e., the photocurrent
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range in each case is distinct from that of others, suggesting that such devices can be used for
switching purposes and logical operations as well.

The mechanism for this type of behavior in n-n isotype heterojunctions can be explained with
the help of a model proposed by Yawata et al. [77]. When the electron and hole pairs are
generated, the electrons are swept away from the junctions due to the built-in electric field,
whereas the holes are trapped in the notch. The holes being positively charged neutralize the
electrons at interface and eventually lower the barrier height. For an intense illumination, the
concentration of holes trapped at the notch is increased, thus drastically lowering the barrier

Figure 12. (a) Room temperature current-voltage characteristics of n-InGaN/n-Si heterojunction in dark at room temperature
and at 133 K and under UV radiation at room temperature, (b) photoresponse at different working voltages, (c) time response
of photocurrent growth, and (d) decay from the fitting of experimental values. Reprinted with permission from [88].

Voltage (V) Responsivity (A/W) EQE (%)

0 0.0942 32.4

2 0.6217 213.8

4 1.7097 588.1

�2 0.5746 197.6

�4 1.2575 432.5

Table 3. Bias-dependent responsivities and external quantum efficiencies.
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height and resulting in abrupt increase of electron flow. However, in case of a bias (positive or
negative as explained above), the electrons at the interface tunnel through the depletion region
leaving behind holes which are eventually refilled by electrons from the other side. The
forward and negative bias characteristics from the current-voltage plots are in good agreement
with the proposed mechanism.

5. Conclusions

In summary, we presented the studies on the growth, characterizations, and transport prop-
erties of III-nitride-based heterostructures. Here, discussion has been carried out on the
growth of polar InN/GaN, nonpolar InN/GaN, polar InGaN/GaN, nonpolar InGaN/GaN,
and InGaN/Si heterostructures by using MBE system followed by their characterizations.
Moreover, we have presented the electrical transport properties across the heterostructures
interface. In addition, UV and IR photodetection studies on InGaN/Si heterostructures have
been discussed.
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Abstract

In this chapter, our works on the developments of wavelength-extended InGaAs pho-
todetectors with cutoff wavelength >1.7 μm are reviewed. Various InGaAs/InAlAs p-i-n 
heterojunction structures have been grown on InP and GaAs substrates by gas source 
molecular beam epitaxy, some details on the InGaAs photodetector structures and the 
techniques of metamorphic buffer layer such as linearly, step, and one-step continuously 
InAlAs graded buffer, and dislocation restraint methods of compositional overshoot 
and digital alloy are introduced. The material characteristics and device properties were 
evaluated by atomic force microscopy, high-resolution X-ray diffraction and reciprocal 
space mapping, cross-sectional transmission electron microscopy, and current-voltage 
measurements, etc. The results provide clues to the development of metamorphic device 
structures on lattice-mismatched material systems.

Keywords: InGaAs, photodetector, metamorphic, lattice mismatch, X-ray diffraction, atomic 
force microscopy, photoluminescence

1. Introduction

InGaAs photodetectors (PDs) and focal plane arrays (FPAs) are attracting particular inter-
ests as they can be tailored to cover one of the atmospheric windows of 1–3 μm in short-
wave infrared band. The ln0.53Ga0.47As PDs grown lattice-matched to InP are commercially 
mature with cutoff wavelength at 1.7 μm. Wavelength-extended InxGa1−xAs/InP (0.53 < x < 1)  
PDs with cutoff wavelength more than 1.7 μm have been extensively investigated over the 
past decades due to their important applications in spatial remote sensing, earth observa-
tion, environmental monitoring, etc. [1, 2]. However, for application in longer wavelength 
region, the indium content should be increased, which increases the lattice mismatch 
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between high indium content InGaAs and InP substrate. For instance, the In0.83Ga0.17As PD 
with cutoff wavelength of 2.5 μm possesses a lattice mismatch of about +2.1% with respect 
to InP. In that case, the dark current increases several orders of magnitude, which severely 
hinders the development of wavelength-extended InGaAs PDs in the infrared range. To 
suppress the dark current of InGaAs PD, it is a prerequisite to optimize the InGaAs mate-
rial with high indium (In) content. Therefore, high In content InxGa1−xAs has been grown 
on InP, GaAs, and Si substrate by using techniques such as molecular beam epitaxy (MBE) 
and metal organic chemical vapor deposition (MOCVD). During the process of material 
growth, dislocation restriction techniques such as beryllium (Be) doping [3], dilute nitride 
[4], strained or strain-compensated superlattice (SL), and strain-driven quantum dots (QDs) 
were adopted to reduce the threading dislocation density (TDD) in the metamorphic buf-
fer layer (MBL). Several sets of results with different x values of the InxGa1−xAs layers are 
listed in Table 1. Our own results are also included. It can be seen that the TDD could be 
quite different for InGaAs with various In contents due to different lattice mismatches with 
different substrates.

In this chapter, the InGaAs/InAlAs p-i-n heterojunction structure was always used for the 
growth of wavelength-extended InGaAs PD with high indium content because of higher quan-
tum efficiency than homostructure. Both the MBL schemes and experimental parameters have 

X value Growth method Substrate TDD in InxGa1−xAs (cm−2) Reference

0.68 MOCVD InP (0 0 1) ~106 (XTEM) Ji et al. [5]

0.82 MOCVD InP (0 0 1) ~108 (XTEM) Zhao et al. [6]

0.82 MOCVD InP (0 0 1) ~1011–1012 (XRD-FWHM) Zhao et al. [7]

0.83 GSMBE InP (0 0 1) ≤107 (XTEM) Present work

0.53 SSMBE GaAs (0 0 1) ~106 (XTEM) Lubyshev et al. [8]

0.6 SSMBE GaAs (0 0 1) ~108 (XTEM) Valtuefia et al. [9]

0.75–1 SSMBE GaAs (0 0 1) ~109–1010 (plan-view TEM) Chang et al. [10]

1 SSMBE GaAs (0 0 1) ~108–109 (XTEM) Chang et al. [11]

0.8 Not mentioned GaAs (0 0 1) ~105 (EPD) Zimmermann et al. [12]

0.63 SSMBE GaAs (0 0 1) ~108 (XTEM) Song et al. [13]

0.85 SSMBE GaAs (0 0 1) Not mentioned Jurczak et al. [14]

0.83 GSMBE GaAs (0 0 1) ~109–1010 (XTEM) Present work

0.53 SSMBE Si (1 1 1) Not mentioned Gao et al. [15]

Table 1. Parameters of InxGa1−xAs (0.53 ≤ x ≤ 1) as reported by various researchers.
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been optimized to acquire high-performance InGaAs PDs with relatively high-lattice mismatch. 
Additionally, some strategies were used to reduce the residual strain and decrease the TDD, such 
as composition overshoot and the insertion of digital alloy (DA) intermediate layer in the MBL.

All the material growth in this chapter was performed in a VG Semicon V80H gas source 
molecular beam epitaxy (GSMBE) system. The best background chamber pressure achieved 
in this system was about 3 × 10−11 Torr, and the pressure during growth is typically in the 
10−5 Torr range. The elemental In, gallium (Ga), and aluminum (Al) sources were used as 
group III sources, and the elemental silicon (Si) and Be were used as n-type and p-type dopant 
sources, respectively. Their fluxes were controlled by changing the cell temperatures. Arsine 
and phosphine cracking cells were used as group V sources, and their fluxes were controlled 
by adjusting the pressure. The cracking temperature was approximately 1000°C measured by 
using a thermocouple. The growth rates were all adjusted to about 1 μm/h for InP, InAlAs, 
and InGaAs.

2. Optimize the growth of wavelength extended InGaAs PDs on InP

2.1. The effects of growth temperature on the characteristics of InP-based In0.83Ga0.17As PDs

The growth temperature (Tg) is one of the most important parameters of MBE. To acquire 
high-device performance wavelength-extended InGaAs PD on InP substrate, the growth tem-
perature should be optimized for each layer. Generally, a high Tg can reduce the incorpo-
ration of background impurities into the epilayers during the growth process, whereas the 
higher Tg will enhance the In segregation on the surface of InGaAs with a high In content [16], 
which will cause a poor surface and nonuniformity of compositions in the epilayer and then 
increase the dark current of PDs. In this work, Tg was optimized for the InAlAs buffer layer 
and InGaAs absorption layer, respectively [17].

Four In0.83Ga0.17As PD structures with continuously graded InAlAs buffers were grown on 
(1 0 0)-oriented Fe-doped InP epi-ready substrate. Each structure consisted of a 1.95-μm N+ (N 
= 3 × 1018 cm−3) InAlAs buffer layer and a 2-μm-thick n− (n = 3 × 1016 cm−3) In0.84Ga0.16As absorp-
tion layer followed by a P+ (P = 7 × 1018 cm−3) 600-nm-thick In0.84Al0.16As cap. The In profiles and 
Tg at stages A, B, C, and D of the four PD structures were shown in Figure 1.

The results show that the growth temperature of the absorption layer should not be very 
low, whereas the InAlAs MBL with the Tg graded from 500 to 460°C exhibits better crys-
talline quality than that grown at either 460 or 500°C. The sample number 3 with InAlAs 
MBL grown with temperature graded from 500 to 460°C, and InGaAs absorption layer 
grown at 500°C exhibits better crystalline quality. It shows smoother surface with lower 
root-mean-square (RMS) of atomic force microscopy (AFM), narrower full width at half 
maximum (FWHM) of X-ray diffraction (XRD), and stronger photoluminescence (PL) inten-
sity than others, as shown in Figure 2. Therefore, this temperature strategy for growth of 
wavelength-extended InGaAs PDs on InP substrate will be always used hereafter except for 
special reminding.
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1 SSMBE GaAs (0 0 1) ~108–109 (XTEM) Chang et al. [11]

0.8 Not mentioned GaAs (0 0 1) ~105 (EPD) Zimmermann et al. [12]

0.63 SSMBE GaAs (0 0 1) ~108 (XTEM) Song et al. [13]

0.85 SSMBE GaAs (0 0 1) Not mentioned Jurczak et al. [14]

0.83 GSMBE GaAs (0 0 1) ~109–1010 (XTEM) Present work

0.53 SSMBE Si (1 1 1) Not mentioned Gao et al. [15]

Table 1. Parameters of InxGa1−xAs (0.53 ≤ x ≤ 1) as reported by various researchers.
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been optimized to acquire high-performance InGaAs PDs with relatively high-lattice mismatch. 
Additionally, some strategies were used to reduce the residual strain and decrease the TDD, such 
as composition overshoot and the insertion of digital alloy (DA) intermediate layer in the MBL.

All the material growth in this chapter was performed in a VG Semicon V80H gas source 
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in this system was about 3 × 10−11 Torr, and the pressure during growth is typically in the 
10−5 Torr range. The elemental In, gallium (Ga), and aluminum (Al) sources were used as 
group III sources, and the elemental silicon (Si) and Be were used as n-type and p-type dopant 
sources, respectively. Their fluxes were controlled by changing the cell temperatures. Arsine 
and phosphine cracking cells were used as group V sources, and their fluxes were controlled 
by adjusting the pressure. The cracking temperature was approximately 1000°C measured by 
using a thermocouple. The growth rates were all adjusted to about 1 μm/h for InP, InAlAs, 
and InGaAs.

2. Optimize the growth of wavelength extended InGaAs PDs on InP

2.1. The effects of growth temperature on the characteristics of InP-based In0.83Ga0.17As PDs

The growth temperature (Tg) is one of the most important parameters of MBE. To acquire 
high-device performance wavelength-extended InGaAs PD on InP substrate, the growth tem-
perature should be optimized for each layer. Generally, a high Tg can reduce the incorpo-
ration of background impurities into the epilayers during the growth process, whereas the 
higher Tg will enhance the In segregation on the surface of InGaAs with a high In content [16], 
which will cause a poor surface and nonuniformity of compositions in the epilayer and then 
increase the dark current of PDs. In this work, Tg was optimized for the InAlAs buffer layer 
and InGaAs absorption layer, respectively [17].

Four In0.83Ga0.17As PD structures with continuously graded InAlAs buffers were grown on 
(1 0 0)-oriented Fe-doped InP epi-ready substrate. Each structure consisted of a 1.95-μm N+ (N 
= 3 × 1018 cm−3) InAlAs buffer layer and a 2-μm-thick n− (n = 3 × 1016 cm−3) In0.84Ga0.16As absorp-
tion layer followed by a P+ (P = 7 × 1018 cm−3) 600-nm-thick In0.84Al0.16As cap. The In profiles and 
Tg at stages A, B, C, and D of the four PD structures were shown in Figure 1.

The results show that the growth temperature of the absorption layer should not be very 
low, whereas the InAlAs MBL with the Tg graded from 500 to 460°C exhibits better crys-
talline quality than that grown at either 460 or 500°C. The sample number 3 with InAlAs 
MBL grown with temperature graded from 500 to 460°C, and InGaAs absorption layer 
grown at 500°C exhibits better crystalline quality. It shows smoother surface with lower 
root-mean-square (RMS) of atomic force microscopy (AFM), narrower full width at half 
maximum (FWHM) of X-ray diffraction (XRD), and stronger photoluminescence (PL) inten-
sity than others, as shown in Figure 2. Therefore, this temperature strategy for growth of 
wavelength-extended InGaAs PDs on InP substrate will be always used hereafter except for 
special reminding.
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2.2. The optimization and comparison of PD structures on different metamorphic buffer 
layers

To acquire high-quality wavelength-extended InGaAs materials with relatively high-lat-
tice mismatch, an appropriate InAlAs MBL is needed. Generally, for the growth of lattice- 
mismatched material system, the MBLs should be thick enough so that the lattice param-
eter can finally relax to be a freestanding status, and the misfit dislocation can annihilate 
ultimately during the growth process of the MBL. However, it is impractical and high cost 
to grow an excessively thick MBL for device structure by MBE technique due to a limited 
growth rate of around 1 μm h−1. Therefore, proper schemes of thin MBL should be explored.

In our previous work, the effect of various kinds of MBL schemes such as a thick uniform buf-
fer, continuously graded buffer, and step-graded buffer on the structural characteristics and 
device performances of InP-based InGaAs PDs has been compared [18–20].

Two In0.83Ga0.17As PD wafers with continuously (sample S1) and step-graded (sample S2) 
InAlAs MBLs were grown on semi-insulated (S.I.) (1 0 0)-oriented InP epi-ready substrate. 
Each wafer consisted of a 1.9-μm N+ (N = 3 × 1018 cm−3) InAlAs MBL and a 1.5-μm-thick n− (n 
= 3 × 1016 cm−3) In0.83Ga0.17As absorption layer followed by a P+ (P = 7 × 1018 cm−3) 530-nm-thick 
InAlAs cap layer. The typical schematic structures of the two PDs were shown in Figure 3.

The growth of sample S1 with a continuously graded InxAl1−xAs MBL started with a 200-
nm InP buffer layer grown at 460°C, following a 0.1-μm-thick N+ In0.52Al0.48As layer grown at 
500°C, the N+ continuously graded InxAl1−xAs buffer layer was grown with growth tempera-
ture decreased linearly from 500 to 460°C, and the In composition x was graded from 0.52 

Figure 1. Growth temperatures at points A–D of the In0.84Ga0.16As PD structures. The inset shows the indium composition 
vs. the grown thickness of samples 1–4. Reprinted with permission from Elsevier.
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to 0.83 through the simultaneously linear increase of In source temperature and decrease of 
Al source temperature in a relatively small temperature region. This caused the In and Al 
beam fluxes to change with cell temperatures exponentially in opposite directions so that the 
composition grading profile in the buffer approximates a linear grade. The thickness of the 
InAlAs MBL was about 1.9 μm. After that, the growth temperature was increased to 490°C for 
the following growth.

The growth of sample S2 with a step-graded InxAl1−xAs MBL started with a 200-nm InP buffer 
layer grown at 460°C, following a 0.1-μm-thick N+ In0.52Al0.48As layer grown at 500°C, and then 
four N+ InxAl1−xAs buffer layers with In composition of 0.60, 0.68, 0.76, and 0.83 were grown in 
sequence at 490, 480, 470, and 460°C, respectively. The In composition x was step graded from 
0.52 to 0.83. Therefore, the thickness of the step-graded InAlAs MBL was also about 1.9 μm 
with each step layer of about 475 nm. After that, the growth temperature was kept at 490°C 
for the following growth.

To reduce the conduction band discontinuity and the dislocation density between the InGaAs 
absorption layer and InAlAs buffer and cap layers due to the small lattice mismatch between 

Figure 2. Summary of the measured data of samples with different temperature strategies. (a) HRXRD FWHM of 
substrate peak, (b) HRXRD FWHM of layer peak, (c) PL intensity of InGaAs absorption layer and (d) AFM RMS of 
samples 1–4. Reprinted with permission from Elsevier.

Epitaxy and Device Properties of InGaAs Photodetectors with Relatively High Lattice Mismatch
http://dx.doi.org/10.5772/intechopen.70259

207



2.2. The optimization and comparison of PD structures on different metamorphic buffer 
layers

To acquire high-quality wavelength-extended InGaAs materials with relatively high-lat-
tice mismatch, an appropriate InAlAs MBL is needed. Generally, for the growth of lattice- 
mismatched material system, the MBLs should be thick enough so that the lattice param-
eter can finally relax to be a freestanding status, and the misfit dislocation can annihilate 
ultimately during the growth process of the MBL. However, it is impractical and high cost 
to grow an excessively thick MBL for device structure by MBE technique due to a limited 
growth rate of around 1 μm h−1. Therefore, proper schemes of thin MBL should be explored.

In our previous work, the effect of various kinds of MBL schemes such as a thick uniform buf-
fer, continuously graded buffer, and step-graded buffer on the structural characteristics and 
device performances of InP-based InGaAs PDs has been compared [18–20].

Two In0.83Ga0.17As PD wafers with continuously (sample S1) and step-graded (sample S2) 
InAlAs MBLs were grown on semi-insulated (S.I.) (1 0 0)-oriented InP epi-ready substrate. 
Each wafer consisted of a 1.9-μm N+ (N = 3 × 1018 cm−3) InAlAs MBL and a 1.5-μm-thick n− (n 
= 3 × 1016 cm−3) In0.83Ga0.17As absorption layer followed by a P+ (P = 7 × 1018 cm−3) 530-nm-thick 
InAlAs cap layer. The typical schematic structures of the two PDs were shown in Figure 3.

The growth of sample S1 with a continuously graded InxAl1−xAs MBL started with a 200-
nm InP buffer layer grown at 460°C, following a 0.1-μm-thick N+ In0.52Al0.48As layer grown at 
500°C, the N+ continuously graded InxAl1−xAs buffer layer was grown with growth tempera-
ture decreased linearly from 500 to 460°C, and the In composition x was graded from 0.52 

Figure 1. Growth temperatures at points A–D of the In0.84Ga0.16As PD structures. The inset shows the indium composition 
vs. the grown thickness of samples 1–4. Reprinted with permission from Elsevier.

Epitaxy206

to 0.83 through the simultaneously linear increase of In source temperature and decrease of 
Al source temperature in a relatively small temperature region. This caused the In and Al 
beam fluxes to change with cell temperatures exponentially in opposite directions so that the 
composition grading profile in the buffer approximates a linear grade. The thickness of the 
InAlAs MBL was about 1.9 μm. After that, the growth temperature was increased to 490°C for 
the following growth.
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0.52 to 0.83. Therefore, the thickness of the step-graded InAlAs MBL was also about 1.9 μm 
with each step layer of about 475 nm. After that, the growth temperature was kept at 490°C 
for the following growth.

To reduce the conduction band discontinuity and the dislocation density between the InGaAs 
absorption layer and InAlAs buffer and cap layers due to the small lattice mismatch between 
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InGaAs and InAlAs at the interfaces, digital-graded superlattices (DGSLs) were grown at the 
interfaces, respectively. First, DGSL1 consisted of nine groups of In0.83Ga0.17As/In0.83Al0.17As 
thin films which alternate with each other. The thickness of each group is about 8 nm. The 
thickness ratios of In0.83Ga0.17As/In0.83Al0.17As in each group are 1:9, 2:8, …, finally coming to …,  
8:2, 9:1, respectively. Similarly, DGSL2 was comprised of nine groups of In0.83Al0.17As/
In0.83Ga0.17As thin films which also alternate with each other but in a reverse order, and the 
thickness ratios of In0.83Al0.17As/In0.83Ga0.17As in each group are 1:9, 2:8, …, finally coming to …, 
8:2, 9:1, respectively. It is similar to the chirped In0.53Ga0.47As/In0.52Al0.48As superlattice-graded 
bandgap layer used in some literatures [21–23].

Figure 4(a) shows the two different growth profiles of the In composition of InxAl1−xAs buffer 
for the InP-based In0.83Ga0.17As PDs. Through a comprehensive comparison, sample S1 with 
continuously graded InxAl1−xAs MBL shows better properties on both material and devices 
than that of sample S2 with step-graded InxAl1−xAs MBL. As shown in the cross-sectional 
transmission electron micrographs (XTEMs) of Figure 5, almost none evident TD was found 
in the absorption layer of sample S1. By contrast, some obvious TDs exist in the absorption 
layer of sample S2. Unsurprisingly, sample S1 shows superior device performance compared 

DGSL1

DGSL2

 S.I. InP substrate

200 nm N+ InP buffer

100 nm N+ In0.52Al0.48As

1.9 µm N+ linearly or step graded InxAl1-xAs buffer
x: 0.52→0.83

n- 72 nm DGSL1

1.5 µm n- In0.83Ga0.17As absorption layer

72 nm undoped DGSL2

0.53 µm p+ In0.83Al0.17As cap layer

Figure 3. The schematic structure of In0.83Ga0.17As photodetectors.
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to sample S2. By measuring the mesa-type devices in diameter size of 200 μm, the room tem-
perature (RT) dark current of the sample S1 was smaller than that of sample S2 at low reverse 
bias condition, as shown in Figure 4(b). At reverse bias of −10 mV, the dark currents are 259 nA  
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Figure 4. (a) The profiles of the indium composition vs. the grown thickness, and (b) I-V characteristics at 300 K of 
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Figure 5. XTEM images of samples S1 and S2.
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(8.25 × 10−4 A/cm2) and 473 nA (1.51 × 10−3 A/cm2) for samples S1 and S2, respectively. Therefore, 
continuously graded InxAl1−xAs MBL scheme is more suitable for the growth of In0.83Ga0.17As 
PDs on InP substrate.

In the previous continuously graded InAlAs MBLs, all the In contents were graded from 0.52. 
The initial lattice constant matches to the InP substrate. Strain energies in the continuously 
graded buffer increase gradually with increasing In content. Then, dispersed misfit disloca-
tions will be generated to release the strain energy slowly in the buffer. Little overlap and 
interaction would occur among the TDs. Thus, an enough thick buffer is needed to slide and 
annihilate the TDs during the growth process. Here, we propose another method to promote 
the overlap of dispersed TDs by introducing an abrupt initial InyAl1−yAs (y > 0.52) layer of 
InAlAs MBL on InP substrate. This abrupt initial layer, mismatched with the InP substrate, 
is similar to a step buffer. But it was combined with a continuously graded InxAl1−xAs buffer 
with x graded from y to the composition needed. This buffer scheme, so-called one-step con-
tinuously graded buffer, is expected to possess the advantages of both step and continuously 
graded schemes. The strain is released rapidly by introducing the initial abrupt buffer, and 
TDs were restricted between the step buffer and the InP substrate. We show that this method 
results in lower TDD in the final-graded buffer and the InGaAs absorption layer in the wave-
length-extended PD structure. This buffer strategy has been also adopted and demonstrated 
for the growth of InAsxP1−x on InP by MOCVD method [23].

To investigate the effect of this buffer scheme on the properties of InP-based In0.83Ga0.17As PDs 
with a lattice mismatch of 2.1%. Samples with three different initial In compositions were 
grown by GSMBE. As a comparison, the In composition grading profile and growth method 
of sample E were remained the same as before [19, 24]. For the deposition of wafers with one-
step continuously graded InyAl1−yAs buffer, the In contents y of the one-step buffer were set to 
be 0.68 and 0.77 with the thicknesses of 0.5 and 0.7 μm, respectively. Then, the one-step buffer 
was followed by a continuously graded InxAl1−xAs buffer with In composition graded from 
0.68 or 0.77 to 0.83, respectively. The growth temperatures were graded from 520 to 490°C 
and 505 to 490°C, respectively. They were defined as samples F and G, respectively. Since the 
total thickness of the InAlAs MBL was maintained to be 1.9 μm, the higher the initial indium 
content, the lower the mismatch grading rate of the continuously graded InyAl1−yAs buffer, as 
shown in Figure 6(a). The mismatch grading rates for samples E, F, and G were 1.08, 0.702, 
and 0.312% μm−1, respectively.

By using this buffer scheme, it was found that RT PL intensity of In0.83Ga0.17As layer was 
enhanced in sequence from E to G as shown in Figure 6(b), indicating a promoted optical 
quality of the absorption layer. For the mesa type devices in the diameter size of 200 μm, the 
dark current was deceased along with the increase of initial In content y from 0.52 to 0.68 and 
0.77 under low reverse bias condition. At a reverse bias of −10 mV, the dark current halves for 
the sample G with respect to that of the sample E at 300 K, as shown in Figure 6(c). This vali-
dated the suppression effects of one-step continuously graded InyAl1−yAs MBL on the TDs.

2.3. Strain gradient and composition overshoot in the metamorphic buffer layer

An ideal buffer cannot only restrict the misfit dislocations in the inactive region and reduce 
the TDD in the absorption layer but also immensely reduce the residual lattice strain in the 
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epilayer. The strain gradient is proportional to the compositional grading rate in a linearly 
graded MBL. In this section, 100-nm thin In0.8Ga0.2As layers were grown atop on the 1.6 μm  
and 0.6 μm linearly graded InxGa1−xAs MBLs on InP, which were defined as samples A 
and B, respectively. Since the lattice mismatch between the In0.8Ga0.2As layer and the InP 
substrate is about +1.86%. The strain gradients correspond to be around +1.2% μm−1 and 
+3.1% μm−1, for samples A and B, respectively. The In composition profiles versus growth 
thickness for the two samples were shown in Figure 7. The effects of strain gradient on the 
surface, structural, and optical properties of the In0.80Ga0.20As metamorphic structures were 
investigated [25].

The results show that although lower strain gradient caused a slightly rougher surface of the 
structure shown in Figure 8, but it also brought about a larger degree of lattice relaxation and 
a less residual strain in the top In0.8Ga0.2As layer. Figure 9 shows the measurement of high-
resolution XRD (HRXRD) reciprocal space mapping (RSM). Some results were extracted from 
the RSM and listed in Table 2.

The peaks of the top In0.80Ga0.20As layer of sample A are stronger than that of sample B in both 
(0 0 4) and (2 2 4) reflections, indicating higher lattice quality of sample A. The lattice relax-
ation degree is 82.5% for sample A and 77.8% for sample B, respectively. Correspondingly, 
the residual strain of sample A is smaller than that of sample B. Therefore, it can be con-
cluded that the use of lower strain gradient in the linearly graded MBL is beneficial to the 
lattice relaxation and the release of residual strain. In addition, a nearly fully strained thin 
top layer of the structure was observed, indicating a two-step relaxation procedure of the 
linearly graded MBL as predicted by the Tersoff’s model [26]. However, it is still not suffi-
cient to achieve a full relaxation even in the linearly graded InxGa1−xAs MBL with a mismatch  

Figure 6. (a) In content vs. the grown thickness, (b) RT PL spectra, and (c) measured I-V characteristics of samples E, F, 
and G. Reprinted with permission from Elsevier.
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and G. Reprinted with permission from Elsevier.
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grading rate of 1.2% μm−1 in our experiments. Therefore, to further increase the lattice relax-
ation degree, composition “overshoot” in the MBL should be introduced.

It was proposed that a dislocation-free portion will be formed when the thickness of the buffer 
is excess of a value of in the linearly graded buffer. The value of Zc can be expressed as [27]:

   Z  c   = W -   (2λ /  bc  ε   ′ )     1 ⁄ 2    (1)

where W is the total thickness of the buffer, λ is the energy per unit length of the dislocation, 
c is the appropriate elastic constant for biaxial strain, b is the misfit component of the Burgers 
vector of dislocation, and ε′ is the strain gradient. The residual strain in this dislocation-free 
portion can be given by:

Figure 8. AFM images of (a) sample A and (b) sample B. Reprinted with permission from IOP.

Figure 7. The indium composition versus growth thickness for the two samples. Reprinted with permission from IOP.

Epitaxy212

Figure 9. HRXRD RSMs of (a) sample A and (b) sample B. Reprinted with permission from IOP.

Samples Bulk mismatch 
(%)

Indium 
content

Relaxation 
degree (%)

Parallel 
mismatch (%)

Perpendicular 
mismatch (%)

Residual strain (10−3)

XRD RSM Tersoff’s 
model

M 1.907 0.806 82.5 1.573 2.322 −3.27 −4.4

N 1.885 0.803 77.8 1.466 2.364 −4.11 −7.0

Table 2. Results extracted from the RSM measurements (reprinted with permission from IOP).
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    ε ¯¯   = W  ε   ′  -  Z  c    ε   ′  =   (2λ  ε   ′  /  bc)     1 ⁄ 2    (2)

Therefore, in the linearly graded buffer, an “overshoot” of the mismatch by an amount is 
needed to make the graded buffer be lattice matched to the following layers. Therefore, 
to judge this hypothesis, two sets of In0.78Ga0.22As/In0.78Al0.22As quantum wells (QWs) and 
In0.84Ga0.16As PD structures with and without compositional overshoot in the linearly graded 
InAlAs MBLs were grown. The effects on the material properties and the lattice relaxation 
degree have been investigated in detail [28].

As shown in Figure 10, the QW structures consist of a 100-nm-thick InP buffer, a 1.7-μm-thick 
linearly graded InxAl1−xAs MBL, and a three periods of In0.78Ga0.22As/In0.78Al0.22As QWs. The 
thicknesses of well and barrier layers are 10 and 12 nm respectively, as shown in Figure 10(a) 
and (b). The In composition x in the InxAl1−xAs buffer of this structure was graded from 0.52 
to 0.78 for sample 1 and from 0.52 to 0.82 for sample 2. For the In0.84Ga0.16As PD structures, the 
In composition x in the InxAl1−xAs buffer was designed grading from 0.52 to 0.84 for sample 3 
and from 0.52 to 0.88 for sample 4, as shown in Figure 10(c) and (d), respectively. Therefore, 
compositional overshoot of about 0.04 was introduced in the end of the InxAl1−xAs MBLs of 
samples 2 and 4.

From the AFM, PL, and HRXRD RSM measurement results shown in Figure 11, Figure 12, 
and Table 3, respectively, we have concluded that the use of compositional overshoot in the 
InAlAs MBLs not only reduces the surface roughness but also enhances the optical quality 
and the lattice relaxation degree for both QW and PD structures.

Figure 10. The indium composition profiles in the InAlAs buffer and schematic structures of samples (a) 1, (b) 2, (c) 3, 
and (d) 4, respectively.

Epitaxy214

2.4. Adoption of DA for dislocation restriction in the metamorphic buffer layer

Recently, it was confirmed that the insertion of InAs/In0.52Al0.48As DA intermediate layer in the 
InAlAs MBL can restrain the TDs effectively and improve the structural and optical qualities 
of the lattice-mismatched system [29].

By alternating the epitaxy of two or more thin layers, DA intermediate layers can be formed. 
They are expected to reduce the strain energy, restrain the three dimensional (3D) growth, 
and increase the critical thickness. If the total thickness of one period is set to be d, the needed 
composition z of the DA layer can be achieved by adjusting the thickness of each thin layer in 
each period (di) through the equation:

    ∑  
i=0

  
n

     
 d  i   × m

 _____ d   = z  (3)

n is the total number of thin layers and m is the composition in each thin layer. These layers 
are so thin that they would intermix with each other significantly.

Figure 11. AFM images of (a) sample 1, (b) sample 2, (c) sample 3, and (d) sample 4.
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As shown schematically in Figure 13(a), two In0.8Al0.2As/In0.8Ga0.2As QW structures were 
grown on linearly graded InAlAs MBL on InP. As a reference, the In composition x in sample 
A was continuously graded from 0.52 to 0.8. For sample B, two InyAl1−yAs DA intermediate 
layers of about 100 nm were inserted into the graded InAlAs MBL, with a separation of every 

Figure 12. The RT PL spectra of (a) sample 1, (b) sample 2, (c) sample 3, and (d) sample 4.

Samples Indium content Cubic mismatch 
(%)

Parallel 
mismatch (%)

Perpendicular 
mismatch (%)

Relax. 
Degree (%)

Residual strain 
(10−3)

1 0.774 1.675 1.459 1.510 87.2 −2.13

2 0.781 1.730 1.716 2.006 96.5 −0.60

3 0.838 2.125 2.069 2.324 97.4 −0.54

4 0.840 2.136 2.095 2.288 99.4 −0.45

Table 3. Results extracted from RSM measurements of samples 1–4.

Epitaxy216

500 nm InxAl1−xAs buffer. The In composition of the intermediate layer, y, was designed to be 
the same as the composition in the inserted positions of the buffer, i.e., y = 0.62 and 0.71 for 
DA intermediate layers I and II, respectively. The DA layers were formed by the alternating 
epitaxy of very thin InAs and In0.52Al0.48As layers. The thickness d of a period including one 
InAs layer and one In0.52Al0.48As layer was 1 nm. The thicknesses of InAs (d1) and In0.52Al0.48As 
(d2) in each period were adjusted to achieve the equivalent In composition y and obtained 
from the equation:

Figure 13. (a) Schematic design structure and (b) XTEM images of the samples. Reprinted with permission from IOP.
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   {    d  1   +  d  2   × 0.52
 _________ d   = y   

 d  1   +  d  2   = d
     

d1 and d2 are so small that a considerable material intermixing is expected to occur between 
the two layers since that the thinnest layer is a submonolayer, and the thickest layer is only 
about two monolayers (MLs). After the growth of the MBL, three 10-nm In0.8Ga0.2As QWs 
sandwiched by In0.8Al0.2As barriers were grown. The thickness was 12 nm for the In0.8Al0.2As 
barrier between the two wells and 100 nm for the first and last barriers.

The measurement results were shown in Figures 13(b)–16. Although the insertion of InAs/
In0.52Al0.48As DA intermediate layers caused a slightly decrease of lattice relaxation degree 
listed in Table 4, the TDD has been decreased immensely in the following InAlAs MBLs 
as shown in the XTEM images of Figure 13(b), and both the PL and AFM RMS have been 
improved markedly, indicating the positive effect of the DAs on the structural and optical 
qualities. However, to maximize these effects, the composition, number, and thickness of the 
DA should be further optimized.

Figure 14. PL spectra of the samples at 300 and 77 K. Reprinted with permission from IOP.

Epitaxy218

Figure 16. HRXRD RSMs of (a) sample A and (b) sample B. Reprinted with permission from IOP.

Figure 15. 20 × 20 μm2 AFM surface images of (a) sample A and (b) sample B. Reprinted with permission from IOP.
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3. Trials to move In0.83Ga0.17As PD from InP to GaAs substrate

3.1. Comparison of GaAs- and InP-based In0.83Ga0.17As PDs with different lattice 
mismatches

Currently, most of the wavelength-extended InGaAs PD structures were grown on the InP 
substrate [2]. Even if a larger lattice mismatch will be introduced, GaAs may still be an attrac-
tive substrate for fabrication of InGaAs PDs with large size epitaxial wafers as well as FPAs 
with more pixels for the advantages of robustness, lower cost, and larger size. However, there 
are few attempts to transfer InxGa1−xAs (x > 0.53) PDs from InP to GaAs substrate.

In our recent researches, two In0.83Ga0.17As PD structures with continuously graded InAlAs 
MBL were grown on (1 0 0)-oriented S-doped InP or GaAs epi-ready substrates by GSMBE 
[30]. In this way, the lattice mismatch will increase from +2.1 to +5.9% for In0.83Ga0.17As on 
GaAs compared to that on InP. The growth condition of InP-based In0.83Ga0.17As PD structure 
was the same as that in the previous study. For the deposition of the GaAs-based In0.83Ga0.17As 
PD structure, the InAlAs MBL started with a 0.1-μm-thick highly Si-doped N+ In0.1Al0.9As 
layer grown at 530°C, followed by a 1.9-μm-thick compositionally graded InxAl1−xAs layer 
with In composition x graded from 0.1 to 0.87, and the substrate temperature graded from 
530 to 460°C. The mismatch grading rate of 3.1% μm−1 for sample A was larger than that of 
1.1% μm−1 for sample B. Then, a 0.65-μm In0.83Al0.17As template was grown at 460°C in the 
end of the graded buffer. The growth temperatures of the InGaAs absorption layer and the 
InAlAs cap layer were 490°C, and the doping level in each layer of both structures was kept 
uniform. They were renamed as samples S and P for GaAs-based and InP-based In0.83Ga0.17As 
PD structures, respectively. Their features have been evaluated on both material qualities and 
device performances.

As the AFM images shows in Figure 17, typical anisotropic features of the surface are detected 
along the [1 1 0] or [1 −1 0] direction in both samples. While the oval-like defects on the surface 
of sample S seem more distinct, and the undulations of the pattern are larger than those of 
sample P. The RMS roughness values are 11.3 nm and 4.8 nm for samples S and P, respec-
tively, as shown in Figure 17. The relatively smaller RMS value of surface roughness indicates 
a better crystalline quality of InP-based In0.83Ga0.17As PD structure. The results of measured 
symmetric (0 0 4) and asymmetric (2 2 4) reflection RSMs (not shown here) showed that 

Sample Epitaxy layers Indium content (y) Degree of relaxation, R (%) Residual strain, ε (10−3)

A QW structure 0.760 82.7 −3.5

QW structure 0.736 70.2 −4.3

B DA II 0.653 67.1 −2.9

DA I 0.580 54.9 −1.8

Table 4. Results of XRD RSM measurements (reprinted with permission from IOP).

Epitaxy220

though high lattice relaxation degrees were acquired in both structures, a relatively higher 
residual strain was observed in the GaAs-based In0.83Ga0.17As PD structure than that in the 
InP-based structure. This implies that the continuously graded InxAl1−xAs MBL with relatively 
thin thickness could not well accommodate the relatively higher lattice mismatch between 
In0.83Ga0.17As and GaAs.

From XRD measurement shown in Figure 18(a), the intensity ratio of epilayer/substrate for 
sample S is much smaller than that of sample P. Moreover, the FWHM value of the In0.83Ga0.17As 

Figure 17. AFM images of (a) sample S, and (b) sample P. The scan area is 20 × 20 μm2. Reprinted with permission from 
Elsevier.

Figure 18. (a) High-resolution (0 0 4) ω − 2θ XRD scan curves, and (b) temperature-dependent reverse I-V characteristics 
of the two samples. Reprinted with permission from Elsevier.
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layer of sample S is much larger than that of sample P with values of 1638 and 644 arcsec, 
respectively. These suggests that the crystal quality of the In0.83Ga0.17As grown on the GaAs 
substrate is not so good as that grown on the InP substrate with a higher lattice mismatch by 
using the same type of MBL. This verified one of the conclusions in our previous work [31] 
that full relaxation and favorable optical property of the InGaAs layer could not occur for the 
PD wafers with a mismatch grading rate of 2.4% μm−1 or above but occur for the wafers with 
a mismatch grading rate of about 1.2% μm−1 or lower.

Correspondingly, quite different temperature dependent I-V characteristics of the two PD 
chips with diameter of 300 μm were observed in the temperature range from 77 to 300 K, as 
shown in Figure 18(b). At reverse bias of −10 mV, the dark currents of 2.28 μA at 300 K and 
2.17 nA at 77 K for sample S are much larger than that of 674 nA at 300 K and 3.99 pA at 77 K 
for sample P, respectively, while the zero bias R0A of the GaAs-based PD is comparable with 
that of the InP-based PD at 300 K [32], as shown in Table 5. This indicates that via appropriate 
structural design, GaAs may act as a feasible substrate for replacement of InP for In0.83Ga0.17As 
PDs in some low-end application area around RT.

To analyze the cause of the different electrical performances of the two samples, XTEM mea-
surement was performed firstly, as shown in Figure 19. From the XTEM bright-field images, 
it is obvious that the majority of misfit dislocations of sample P are mainly localized at the 
early stage of the continuously graded InxAl1−xAs MBL. Threading dislocations have been pre-
vented from propagating into the In0.83Ga0.17As absorption layer by the continuously graded 
InAlAs MBL on InP under this strain gradient condition. However, it seems that the effect of 
the continuously graded InAlAs MBL on GaAs is not so remarkable as that on InP. It can be 
easily seen that many TDs such as 60° dislocations and 60° dislocation pairs generated in the 
interface of InAlAs MBL and GaAs substrate of sample S have penetrated through the InAlAs 
buffer and came into the active region. Roughly calculated from Figure 19(a), the TDD in the 
absorption layer is more than 109 cm−2 in sample S, much higher than that of sample P with 
the TDD estimated to be less than 108 cm−2.

Second, deep level transient spectroscopy (DLTS) was measured in the temperature range of 
77–300 K using DLS-83D DLTS test system and analyzed using standard techniques for the 
two samples. Figure 20 shows the DLTS temperature scan signals using reverse bias voltage 
V0 = −2.0 V, filling pulse height VP = 0.5 V, and filling pulse duration tp = 20 μs. It is evident that 
no clear peak can be found in the scan signal of InP-based PD. This indicates a low enough 
density of electrically active defect in the active region of sample P. By contrast, a large elec-
tron trap peak around 275 K is clearly observed in that of sample S. Temperature scans with 
other three lock-in frequencies have also been made and put together to acquire emission  
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Figure 19. XTEM images of (a) sample S, (b) sample P, and (c) sample S0. Reprinted with permission from Elsevier.
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rate-temperature (en-T) data pairs. Then, the standard least-squares fitting for the plot (Arrhenius 
plot) was applied to extract the trap activation energy and the capture cross-section from the 
signal peaks. The results are shown in the inset of Figure 20. The trap activation energy Ec − ET = 
0.305 eV and the capture cross-section σn = 2.25 × 10−18 cm−2. This trap will definitely have a del-
eterious effect on the electrical performance of the PD. Previous literature has reported some 
deep centers located above the maximum of valence band in lattice-matched In0.53Ga0.47As/InP 
PDs, which were believed to be related with Fe impurities diffused from the Fe-doped sub-
strates to the InGaAs layers [33]. Obviously, the trap occurred here cannot be resulted from Fe 
impurities because no Fe-doped substrate has been used in this experiment. However, similar 
traps have been observed in lattice-mismatched In1−xGaxAs/GaAs hetero-structures [34] and 
In0.78Ga0.22As/InP PDs [35]. Therefore, this 275 K electron trap signal could be associated with 
the dislocations and point defects in the In0.83Ga0.17As layer because of the even higher lattice 
mismatch on GaAs compared to that on InP. Since the trap level observed here locates near 
the center of the bandgap, it is considered that the trap-assisted tunneling current could be the 
main source of the large dark current in the GaAs-based PD at low temperature range.

On the other hand, the dark current could be expressed by using the thermal activation energy 
Ea and temperature T as Id ~ exp(−Ea/kT) at a fixed reverse bias voltage, where Ea = Eg/n, Eg, 
and n are the band gap energy and the ideal factor, respectively. Therefore, to see the temper-
ature-dependent characteristics of the dark current, Arrhenius plots of the dark currents at 
−10 mV are made for both samples, as shown in Figure 21. For the InP-based PD, near room 
temperature Ea is almost equivalent to the band gap energy of In0.83Ga0.17As (Eg = 0.48 eV).  
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Figure 21. Arrhenius plots of the dark current at −10 mV versus reciprocal temperatures of GaAs- and InP-based PDs. 
The activation energies in specific temperature regions are also shown in the figure. Reprinted with permission from 
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It indicates that the dark current is dominated by the diffusion current (Idiff) with temperature 
ranging from about 225 to 300 K. As the temperature drops, Ea is about 0.24 eV in the tem-
perature range of 175–225 K, that is, the thermal activation energy is about half of the band 
gap energy of In0.83Ga0.17As. It means that the dark current is dominated by the generation-
recombination current (Ig-r) in this range. As the temperature reduces lower than 175 K, Ea 
becomes smaller, and thus, the components of trap-assisted tunneling current (Itat) and/or 
band-to-band tunneling (Ibtb) start to play an important role. However, it was found that the 
temperature dependence of Ea in the GaAs-based PD is much stronger than that of InP-based 
PD. That is, Idiff and Ig-r dominate the dark current of the GaAs-based PD in a much smaller 
temperature region than that of InP-based PD. Alternatively, the majority component is tun-
neling current at temperatures lower than 250 K, when Ea is much less than the band gap of 
In0.83Ga0.17As. This explained the higher dark current of the GaAs-based PD at the low-tem-
perature region shown in Figure 18(b). The large component proportion of tunneling current 
could be due to a high TDD in the active region caused by the relatively high lattice mismatch 
between In0.83Ga0.17As and GaAs [30]. This agrees well with the DLTS results.

To further optimize the GaAs-based PD structure and understand the strain relaxation 
mechanism with such a relatively high lattice mismatch, it is necessary to increase the buffer 
thickness and thus decrease the strain gradient of the continuously graded InxAl1−xAs MBL. 
Therefore, as a comparison, an In0.83Ga0.17As PD structure (renamed as sample S0) with a 
5-μm-thick continuously graded InxAl1−xAs MBL and 1.5-μm-thick In0.83Ga0.17As absorption 
layer has been also grown on a GaAs substrate. So that the mismatch grading rate in the 
InxAl1−xAs MBL was lowered to about 1.2% μm−1, close to that used for the InxAl1−xAs MBL on 
InP substrate. By comparison with samples S and P, the XRD and PL results of sample S0 are 
really better than those of sample S but still worse than that of sample P. Roughly estimated 
from the XTEM image of Figure 19(c), the average TDD in the absorption layer of sample S0 
is only slightly less than that of sample S but still much larger than that of sample P. In addi-
tion, some differences were observed between the two XTEM images of samples S and S0. The 
60° dislocations and 60° dislocation pairs, which are dominant in sample S, have been mostly 
replaced by Lomer (90°) dislocations in sample S0. It would be resulted from reactions of 60° 
dislocations from different glide systems to form Lomer dislocations on the top of the InAlAs 
MBL due to a two-dimensional growth mode in the thicker buffer of sample S0 [36, 37]. This 
means that the lower mismatch grading rate of the MBL has improved the characteristics of 
the PD structure very limited except for the evolution of the TDs.

Therefore, it is supposed that the composition continuously graded buffer may not be a good 
strategy for growth of material systems with relatively high lattice mismatch due to a quite 
low growth rate of the MBE technique. A more suitable thin buffer layer should be exploited, 
and the metamorphic strategy will be updated accordingly.

3.2. Optimization of InAlAs metamorphic buffer on GaAs with relatively high lattice 
mismatch

From the discussions above, GaAs-based high In content InGaAs PDs may be not a good 
choice for practical special application of remote sensing at the low temperature range. 
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the center of the bandgap, it is considered that the trap-assisted tunneling current could be the 
main source of the large dark current in the GaAs-based PD at low temperature range.

On the other hand, the dark current could be expressed by using the thermal activation energy 
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It indicates that the dark current is dominated by the diffusion current (Idiff) with temperature 
ranging from about 225 to 300 K. As the temperature drops, Ea is about 0.24 eV in the tem-
perature range of 175–225 K, that is, the thermal activation energy is about half of the band 
gap energy of In0.83Ga0.17As. It means that the dark current is dominated by the generation-
recombination current (Ig-r) in this range. As the temperature reduces lower than 175 K, Ea 
becomes smaller, and thus, the components of trap-assisted tunneling current (Itat) and/or 
band-to-band tunneling (Ibtb) start to play an important role. However, it was found that the 
temperature dependence of Ea in the GaAs-based PD is much stronger than that of InP-based 
PD. That is, Idiff and Ig-r dominate the dark current of the GaAs-based PD in a much smaller 
temperature region than that of InP-based PD. Alternatively, the majority component is tun-
neling current at temperatures lower than 250 K, when Ea is much less than the band gap of 
In0.83Ga0.17As. This explained the higher dark current of the GaAs-based PD at the low-tem-
perature region shown in Figure 18(b). The large component proportion of tunneling current 
could be due to a high TDD in the active region caused by the relatively high lattice mismatch 
between In0.83Ga0.17As and GaAs [30]. This agrees well with the DLTS results.

To further optimize the GaAs-based PD structure and understand the strain relaxation 
mechanism with such a relatively high lattice mismatch, it is necessary to increase the buffer 
thickness and thus decrease the strain gradient of the continuously graded InxAl1−xAs MBL. 
Therefore, as a comparison, an In0.83Ga0.17As PD structure (renamed as sample S0) with a 
5-μm-thick continuously graded InxAl1−xAs MBL and 1.5-μm-thick In0.83Ga0.17As absorption 
layer has been also grown on a GaAs substrate. So that the mismatch grading rate in the 
InxAl1−xAs MBL was lowered to about 1.2% μm−1, close to that used for the InxAl1−xAs MBL on 
InP substrate. By comparison with samples S and P, the XRD and PL results of sample S0 are 
really better than those of sample S but still worse than that of sample P. Roughly estimated 
from the XTEM image of Figure 19(c), the average TDD in the absorption layer of sample S0 
is only slightly less than that of sample S but still much larger than that of sample P. In addi-
tion, some differences were observed between the two XTEM images of samples S and S0. The 
60° dislocations and 60° dislocation pairs, which are dominant in sample S, have been mostly 
replaced by Lomer (90°) dislocations in sample S0. It would be resulted from reactions of 60° 
dislocations from different glide systems to form Lomer dislocations on the top of the InAlAs 
MBL due to a two-dimensional growth mode in the thicker buffer of sample S0 [36, 37]. This 
means that the lower mismatch grading rate of the MBL has improved the characteristics of 
the PD structure very limited except for the evolution of the TDs.

Therefore, it is supposed that the composition continuously graded buffer may not be a good 
strategy for growth of material systems with relatively high lattice mismatch due to a quite 
low growth rate of the MBE technique. A more suitable thin buffer layer should be exploited, 
and the metamorphic strategy will be updated accordingly.

3.2. Optimization of InAlAs metamorphic buffer on GaAs with relatively high lattice 
mismatch

From the discussions above, GaAs-based high In content InGaAs PDs may be not a good 
choice for practical special application of remote sensing at the low temperature range. 
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However, it is still valuable to design and develop an appropriate buffer scheme for the device 
development from material system with relatively high-lattice mismatch.

Since that the way strain is introduced at the initial stage of the MBL has been proved to play 
a critical role in the final TDD [10]. The strain energy should be released as quickly as possible, 
and the multiplication of TD must be avoided occurring at the final stage of the buffer layer. 
Therefore, if we take the accessory advantage of this relatively high lattice mismatch between 
high In content InGaAs and GaAs, we can promote the nucleation of dispersed TDs at the ini-
tial stage of the MBL. Considering that the high In content InAlAs and/or InGaAs will quickly 
achieve a high relaxation on GaAs due to the small critical thickness. Specifically, for the 
growth of In0.83Ga0.17As PD on GaAs, we can use the fixed-composition In0.83Al0.17As as MBL 
to accelerate the release of strain energy and the nucleation of dispersed misfit dislocations at 
the initial stage of the buffer and thus restrain the misfit dislocation at the interface between 
In0.83Al0.17As and GaAs. The uniform composition buffer will also reduce the strain gradient at 
the later stage of the MBL with lattice nearly fully relaxed. We show that this method results 
in a lower TDD and a smoother surface of the final absorption and cap layer.

In this work, four In0.83Ga0.17As PD structures with different buffer schemes were grown by 
GSMBE on S.I. (1 0 0)-oriented GaAs epi-ready substrates [38]. Each structure consisted of a 
2.5-μm N+ InAlAs MBL and a 1.5-μm n− In0.83Ga0.17As absorption layer followed by a 530 nm 
P+ InAlAs cap. The detailed buffer schemes for samples GS1, GS2, GS3, and GS4 were listed 
in Table 6. Growth condition was exactly the same as that in our previous study [30]. The 
strategies of substrate temperature graded from 530 to 460°C, and the uniform temperature of 
490 °C were adopted for the deposition of continuously graded InxAl1−xAs and fixed-compo-
sition In0.83Al0.17As buffer, respectively. In addition, InAs wetting layer was inserted between 
the fixed-composition In0.83Al0.17As layer and the GaAs substrate for samples GS3 and GS4 to 
investigate the effect of interfacial layer on the TD behaviors at the interface.

As shown in Figure 22, compared to sample GS1, the cross-hatch pattern in the 2D AFM 
image of sample GS2 is less pronounced, and smaller diameters of 3D mounds align along 
the [1 1 0] direction in the 3D AFM image, indicating a smaller residual strain fields on the 
surface [39]. Thus, the RMS roughnesses of samples GS2–GS4 are a little smaller than that of 
sample GS1, as summarized in Table 6. As well known, when the thickness of the epilayer is 
beyond the critical value, the misfit strain could relax by introducing misfit dislocation arrays 
as well as surface undulation [40, 41]. The larger RMS value and larger size of 3D mounds on 
the structural surface of sample GS1 reflect that the strain-reliving surface roughening is more 
serious in sample GS1 than samples GS2–GS4.

Figure 23(a) shows the normalized HRXRD rocking curves for (0 0 4) reflections of all sam-
ples, which is also related to the TDD and other crystal imperfections [42]. A broader peak 
located at about 31° of sample GS1 reflects the continuously grading profile of InxAl1−xAs  
(x = 0.1 → 0.86) MBL which ultimately combined with the In0.83Ga0.17As peak. While much 
lower FWHM of In0.83Ga0.17As layers for samples GS2–GS4 mainly due to the thicker fixed-
composition In0.83Al0.17As MBL. Though all PD structures exhibited high degree of lat-
tice relaxation, shown in Table 6, the improvement of structural surface and crystal quality 
was believed to be associated with the amelioration of misfit dislocation formation at the  
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Figure 22. AFM images of samples A and B. The scan area is 20 × 20 μm2. Reprinted with permission from Elsevier.

Sample Buffer scheme XRD FWHM 
(arcsec)

Relaxation degree 
(%)

In composition AFM RMS  
(nm)

GS1 2.5 μm InxAl1−xAs buffer, x 
grades from 0.1 to 0.86

1782 94.8 0.84 11.6

GS2 2.5 μm In0.83Al0.17As 544 97.5 0.82 8.1

GS3 5 MLs InAs QDs + 2.5 μm 
In0.83Al0.17As

410 98.3 0.83 8.8

GS4 50 nm InAs + 2.5 μm 
In0.83Al0.17As

511 98.8 0.82 8.6

Table 6. Buffer schemes and measured results for four samples (reprinted with permission from Elsevier).
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ples, which is also related to the TDD and other crystal imperfections [42]. A broader peak 
located at about 31° of sample GS1 reflects the continuously grading profile of InxAl1−xAs  
(x = 0.1 → 0.86) MBL which ultimately combined with the In0.83Ga0.17As peak. While much 
lower FWHM of In0.83Ga0.17As layers for samples GS2–GS4 mainly due to the thicker fixed-
composition In0.83Al0.17As MBL. Though all PD structures exhibited high degree of lat-
tice relaxation, shown in Table 6, the improvement of structural surface and crystal quality 
was believed to be associated with the amelioration of misfit dislocation formation at the  
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Figure 22. AFM images of samples A and B. The scan area is 20 × 20 μm2. Reprinted with permission from Elsevier.

Sample Buffer scheme XRD FWHM 
(arcsec)

Relaxation degree 
(%)

In composition AFM RMS  
(nm)

GS1 2.5 μm InxAl1−xAs buffer, x 
grades from 0.1 to 0.86

1782 94.8 0.84 11.6

GS2 2.5 μm In0.83Al0.17As 544 97.5 0.82 8.1

GS3 5 MLs InAs QDs + 2.5 μm 
In0.83Al0.17As

410 98.3 0.83 8.8

GS4 50 nm InAs + 2.5 μm 
In0.83Al0.17As

511 98.8 0.82 8.6

Table 6. Buffer schemes and measured results for four samples (reprinted with permission from Elsevier).
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film/substrate interface [43]. This was further demonstrated by sample GS3 with a narrowest 
FWHM value of 410 arcs by inserting 5 MLs InAs QDs at the In0.83Al0.17As/GaAs interface. This 
indicates that the growth of the QD is beneficial to the dislocation nucleation at the interface and 
the confinement of misfit dislocations in the inactive region, while the effect is slightly weak-
ened when InAs was thickened and degenerated, resulting in a degraded interfacial quality.

From the PL spectra measured at 300 and 10 K shown in Figure 23(b), we can see that the PL 
intensity of the In0.83Ga0.17As absorption layers increased in sequence for samples GS1–GS3, 
meaning that the crystal defect has been suppressed through the substitution of continuously 
graded InxAl1−xAs MBL by fixed-composition In0.83Al0.17As MBL. The XTEM images of the two 
typical PD structures were shown in Figure 24. For sample GS1, it is notable that the misfit dis-
location networks were separated by 0.1 μm from the interface between In0.1Al0.9As and GaAs 
because of the In0.1Al0.9As layer, and highly intensive dislocation arrays accumulated in the lower 
area of the InxAl1−xAs grading layer, as shown in Figure 24(a). Many vertical dislocations with 
long dislocation length, thread from the tangling area through the buffer along the [1 0 0] direc-
tion and propagate to the top active region of the PD structure. Strain in this structure released 
dominantly by surface undulation, which deteriorates the surface morphology of the PD struc-
ture and leads to a large RMS roughness. The surface ripple troughs–induced misfit dislocations 
were generated by gliding of dislocation half loops from the surface through the epilayer [44].

However, the dislocations in the structure of sample GS2 are short, and most of them are not 
perpendicular to the sample surface, as shown in Figure 24(b). We supposed that In0.83Al0.17As 
QDs would form at the beginning of growth process of the fixed-composition In0.83Al0.17As 

Figure 23. (a) (0 0 4) ω − 2θ high resolution XRD patterns. (b) PL spectra at 300 K and 10 K of samples GS1–GS4. 
Reprinted with permission from Elsevier.
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layer because of the relatively high-lattice mismatch of 5.9% with respect to GaAs. Therefore, 
the relaxation process in the fixed-composition buffer of sample GS2 may start with a layer-
to-island transition (Stranski-Kranstanov growth mode) after the deposition of a couple MLs 
of In0.83Al0.17As on GaAs. Then, the large compressive strain can be released by generation and 
reaction of misfit dislocation networks. Since the initial growth mechanism will also affect the 
dislocation generation mechanism in the hetero-epitaxy of InxGa1−xAs on GaAs except for the 
lattice mismatch [10]. The formation of In0.83Al0.17As QDs at the initial stage of the In0.83Al0.17As 
MBL has indeed played an important role by the formation of high density of nucleation 
sites [13], which can act as core of misfit dislocations. In this way, the relaxation process is 
promptly due to the substantial lattice mismatch and most of the misfit dislocations are inhib-
ited to the core areas, which locate close to the In0.83Al0.17As/GaAs interface. Therefore, TDs 
in the buffer of sample GS2 cannot propagate a long distance due to the island growth near 
the interface. They annihilated much easier by interaction with the point defects existing in 
the high In content In0.83Al0.17As layer with respect to the InxAl1−xAs MBL of sample GS1. It is 
expected that the intermediate layer of 5 MLs InAs QD will enhance the dislocation nucle-
ation process at the In0.83Al0.17As/GaAs interface because of a higher lattice mismatch between 
InAs and GaAs. Through appropriate buffer design, fixed-composition In0.83Al0.17As buffer 
may be a better choice for the growth of metamorphic In0.83Ga0.17As PDs on GaAs substrate.

4. Conclusion

In conclusion, due to the inventions of metamorphic techniques such as, linearly, step, and 
one-step continuously graded buffer, compositional overshoot, and DA in the growth of 

Figure 24. XTEM images of (a) sample GS1 and (b) sample GS2. Reprinted with permission from Elsevier.
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layer because of the relatively high-lattice mismatch of 5.9% with respect to GaAs. Therefore, 
the relaxation process in the fixed-composition buffer of sample GS2 may start with a layer-
to-island transition (Stranski-Kranstanov growth mode) after the deposition of a couple MLs 
of In0.83Al0.17As on GaAs. Then, the large compressive strain can be released by generation and 
reaction of misfit dislocation networks. Since the initial growth mechanism will also affect the 
dislocation generation mechanism in the hetero-epitaxy of InxGa1−xAs on GaAs except for the 
lattice mismatch [10]. The formation of In0.83Al0.17As QDs at the initial stage of the In0.83Al0.17As 
MBL has indeed played an important role by the formation of high density of nucleation 
sites [13], which can act as core of misfit dislocations. In this way, the relaxation process is 
promptly due to the substantial lattice mismatch and most of the misfit dislocations are inhib-
ited to the core areas, which locate close to the In0.83Al0.17As/GaAs interface. Therefore, TDs 
in the buffer of sample GS2 cannot propagate a long distance due to the island growth near 
the interface. They annihilated much easier by interaction with the point defects existing in 
the high In content In0.83Al0.17As layer with respect to the InxAl1−xAs MBL of sample GS1. It is 
expected that the intermediate layer of 5 MLs InAs QD will enhance the dislocation nucle-
ation process at the In0.83Al0.17As/GaAs interface because of a higher lattice mismatch between 
InAs and GaAs. Through appropriate buffer design, fixed-composition In0.83Al0.17As buffer 
may be a better choice for the growth of metamorphic In0.83Ga0.17As PDs on GaAs substrate.

4. Conclusion

In conclusion, due to the inventions of metamorphic techniques such as, linearly, step, and 
one-step continuously graded buffer, compositional overshoot, and DA in the growth of 

Figure 24. XTEM images of (a) sample GS1 and (b) sample GS2. Reprinted with permission from Elsevier.
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lattice-mismatched material system, the development of InP- and GaAs-based wavelength-
extended InxGa1−xAs (x > 0.53) photodetectors with relatively high lattice mismatch has 
achieved remarkable success in SWIR band especially for the applications at higher operation 
temperatures and robust circumstances. Though GaAs-based In0.83Ga0.17As PD shows large 
potential in some low-end application area around RT, the high densities of TDs and elec-
tron traps in the active region due to the relatively high-lattice mismatch have hindered its 
development. By designing of abrupt interface and appropriate buffer, the initial dislocation 
nucleation process may pave a way of development of lattice-mismatched device structures.
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