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Lightweight alloys have become of great importance in engineering for construction 
of transportation equipment. At present, the metals that serve as the base of the 
principal light alloys are aluminum and magnesium. One of the most important 

lightweight alloys are the aluminum alloys in use for several applications (structural 
components wrought aluminum alloys, parts and plates). However, some casting parts 

that have low cost of production play important role in aircraft parts. Magnesium 
and its alloys are among the lightest of all metals and the sixth most abundant metal 
on earth. Magnesium is ductile and the most machinable of all metals. Many of these 

light weight alloys have appropriately high strength to warrant their use for structural 
purposes, and as a result of their use, the total weight of transportation equipment has 

been considerably decreased.
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Preface

Light alloys have become of great importance in engineering for construction of transporta‐
tion equipment. Many of these light weight alloys have sufficiently high strength to warrant
their use for structural purposes, and as a result of their use, the total weight of transporta‐
tion equipment has been considerably decreased. One of the greatest applications of light
metals is in aircraft construction. At present, the metals that serve as the base of the princi‐
pal light alloys are aluminum and magnesium.

One of the most important lightweight alloys in use for several applications are the alumi‐
num alloys, a good example is in the aerospace and aeronautical segment, accounting for
80% of total amount of the weight in commercial aircraft nowadays, which are employed for
structural components, parts and plates. In fact, the development of aluminum alloys fol‐
lows the aircraft industry from the beginnings of its history early in the 20th century. For
structural components, commonly, wrought aluminum alloys parts could be found in
forged, machined and assembled parts. However, some casting parts that have low cost of
production also play an important role in aircraft parts. Aluminum alloys also have an im‐
portant part in spacecraft, since they have been used in components and equipment as
brackets, fixtures, chassis, covers and casing for many tools and devices.

Magnesium is among the lightest of all metals, and is also the sixth most abundant metal on
earth. Magnesium is ductile and the most machinable of all metals. Magnesium alloy devel‐
opments have traditionally been driven by requirements for lightweight materials to operate
under increasingly demanding conditions. This has been a major factor in the extensive use
of magnesium alloy castings, wrought products and powder metallurgy components. The
biggest potential market for magnesium alloys is in the automotive industry. Other applica‐
tions include electronics, sporting goods, office equipment, nuclear applications, flares, sac‐
rificial anodes for the protection of other metals, flash photography and tools,
biocompatibility of magnesium alloys in orthopedic and cardiovascular applications, mod‐
ern foundry techniques for magnesium alloys, powder metallurgy processing applied to
magnesium alloys.
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Chapter 1

Additive Manufacturing of Al Alloys and Aluminium
Matrix Composites (AMCs)

Diego Manfredi, Flaviana Calignano,
Manickavasagam Krishnan, Riccardo Canali,
Elisa Paola Ambrosio, Sara Biamino, Daniele Ugues,
Matteo Pavese and Paolo Fino

Additional information is available at the end of the chapter

http://dx.doi.org/10.5772/58534

1. Introduction

In a product development context, the term Rapid Prototyping (RP) was widely used to
describe technologies which created physical prototypes directly from digital data. The first
methods for rapid prototyping became available in the late 1980s and were used to produce
models and prototype parts. Users of RP technology have come to realize that this term is
inadequate to describe the more recent applications of these technologies. The ASTM F-42
committee was recently formed to standardize Additive Manufacturing (AM) terminology
and develop industry standards. According to their first standard, ASTM F2792-10, AM is
defined as “The process of joining materials to make objects from 3D model data, usually layer upon
layer, as opposed to subtractive manufacturing technologies”. The basic principle of this technology
is that a geometric model, initially generated using three-dimensional Computer Aided Design
(3D CAD) system (e.g. CATIA, Pro/Engineer, SolidWorks), can be manufactured directly
without the need of process planning [1].

There are many related terms used to describe AM and common synonyms include: additive
fabrication, additive layer manufacturing, direct digital manufacturing, 3D printing and
freeform fabrication. Within the last 20 years, AM has evolved from simple 3D printers used
for rapid prototyping in non-structural resins to sophisticated rapid manufacturing systems
that can be used to create functional parts in different engineering materials directly without
the use of tooling. Most work to date has been conducted using polymer materials, but the
development of AM processes such as Selective Laser Sintering/Melting, Electron Beam

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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Melting and Laser Engineered Net Shaping enabled to build parts by using metallic materials,
metal matrix composites and ceramic materials. Additive manufactured parts are now utilized
in aerospace, automotive, medical fields and also in consumer products and military [1-3].

Additive manufacturing or 3D printing is receiving unprecedented attention from the
mainstream media, investment community, and national governments around the world. This
attention reached a pinnacle when 3D printing was mentioned by United States President
Barack Obama in his February 2013 State of the Union address. AM, just 25 years old and still
a relatively small industry, has completed a transformation from obscurity to something that
many can’t stop talking about. In 2011, about 1600 articles were found. In 2012, they were 16000,
a tenfold increase. Prototyping has been the technology’s biggest application, thus the name
rapid prototyping, and it remains a key category. The fastest-growing application, however,
is in the actual manufacturing of parts for final products. In just 10 years, this important
application has grown from almost nothing to more than 28% of the total global product and
service revenues. The manufacturing of final parts, rather than prototyping, is where the
manufacturing money is, and it is the most significant part of AM’s future. Researchers and
industry leaders in the European Union (EU) have identified AM as a key emerging technol‐
ogy. Teaming relationships have been formed between university, industry, and government
entities within and across countries. The overall level of activity and infrastructure in the EU
is greater to that of the U.S. in this key area. Several large cooperative projects have been
funded, worth of millions of euros across Europe, among them AMAZE (Additive Manufac‐
turing Aiming Towards Zero Waste & Efficient Production of High-Tech Metal Products) [4],
RAPOLAC (Rapid Production of Large Aerospace Components) [5], Custom Fit (aiming at
mass customized consumer and medical project manufacturing) [6], E-BREAK (Engine
Breakthrough Components and Subsystems) [7], TiAlCharger (Titanium Aluminide Turbo‐
chargers-Improved Fuel Economy, Reduced Emissions) [8], and many others. Large aerospace
companies, such as Boeing, GE Aviation, and Airbus, are hard at work qualifying AM
processes and materials for flight. Boeing, for example, now has 200 different AM part numbers
on 10 production platforms, including both military and commercial jets [9].

In 2013, NASA and Aerojet Rocketdyne have been testing rocket engine components made
using additive manufacturing. At temperatures approaching 3300 °C, the AM rocket fuel
injectors performed identically to conventionally manufactured parts. The series of tests
demonstrated the ability to design, manufacture and test a critical rocket engine component
using selective laser melting (SLM) manufacturing technology. This type of injector manufac‐
tured with traditional processes would take more than a year to make, but with these new
processes it can be produced in less than four months, with a 70 percent reduction in cost
[10]. The General Electric Aviation has used SLM to produce parts for its upcoming LEAP
(Leading Edge Aviation Propulsion) family of turbofan engines, made in conjunction with
France's Snecma.

AM technologies have the potential to change the paradigm for manufacturing, away from
mass production in large factories with dedicated tooling and with high costs, to a world of
mass customization and distributed manufacture. AM can be used anywhere in the product
life cycle from pre-production prototypes to full scale production, as well as for tooling
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applications or post production repair. AM processes are stimulating innovation in component
design, enabling the manufacture of parts that cannot be made by traditional methods and are
stimulating alternative business models and supply chain approaches. AM enables the
manufacture of highly complex shapes with very few geometric limitations compared to
traditional manufacturing processes.

This freedom of design, for example, has led to the technology being used to manufacture
topologically optimized shapes with improved strength to weight ratios, a fundamental aspect
in both aerospace and automotive design to reduce vehicle weight. For the bio-medical
industry, AM is already leading to a revolution in customized medicine where dental implants,
orthopedics, and hearing aids are manufactured to fit an individual’s unique physiology.

However, despite many examples of growth and progress, many myths and misconceptions
associated with the technology have developed:

• AM is a low-labor content “pushbutton” technology.

At the moment, a lot of work occurs before and after the actual production of the parts: in fact
data needs to be prepared at the front end, which may require CAD expertise, the repair of the
models, and optimization of support structures. Moreover, main building parameters, such as
layer thickness, temperature, scan speed, and a number of other options may need to be
adjusted for a particular part or type of material.

• AM is fast.

As the name implies, AM systems build parts by depositing, fusing, curing, or laminating
consecutive layers of material. These layers are typically 0.025–0.250 mm in thickness, so parts
often require thousands of layers. Therefore the preparation of large parts could take even
several days.

• AM systems can produce anything.

Most of AM systems can successfully build shapes that cannot be fabricated easily or at all
using conventional methods of manufacturing. However, AM processes also have limitations.
One is minimum wall thickness. Another is the requirement for supports on down-facing
surfaces, which can be difficult to remove. Material that is trapped in internal channels can
also be difficult or impossible to remove, and the dimension of the internal channels determines
the degree of difficulty in removing material.

• AM systems and materials are inexpensive.

Generally, industrial AM systems are more expensive than CNC machining centers, and
starting materials are far more expensive (for example high quality powders, with controlled
chemical composition, size and shape).

In any case, as AM continues to develop on multiple levels and in many directions, it will gain
more momentum and respect as a method of manufacturing. Metal parts from some AM
systems are already on par with their cast or wrought counterparts. As organizations qualify
and certify these and other materials and processes, the industry will grow very large. 3D
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printing is not competing with conventional manufacturing techniques, but is instead
complementing and hybridizing with them to make new things possible.

2. Additive manufacturing processes for metals

It was less than 10 years ago that these systems began to gain traction commercially. Today,
seven companies, all in Europe, offer systems based on powder bed fusion technology.
Examples of powder bed fusion are direct metal laser sintering (DMLS) from EOS and selective
laser melting (SLM) from Renishaw. The most popular metal systems use a laser to heat and
melt fine particles in a powder bed. Parts obtained with these systems are impressive,
especially the fine features and small internal channels that are possible.

Systems that instead use an electron beam as the energy source are much faster, but the surface
finish and feature detail are not as impressive. In the case of some orthopedic implants,
however, a rough surface is preferred. This, coupled with speed, is why many medical implant
manufacturers have selected electron beam melting (EBM) systems from Arcam (Arcam is
currently the only manufacturer to use electron beam energy in a powder bed). Many metal
parts that are currently being made by AM can be cost prohibitive, difficult, or impossible to
produce using conventional methods, such as casting or machining.

This gives AM an advantage, but only if the right types of parts are selected. Quality require‐
ments play a role. Good feature detail and surface finish are possible and comparable to metal
castings, but they do not match the surface quality of CNC machined parts. If a part can be
produced conventionally at a reasonable cost and the volume is relatively high, it is often best
to go that route at the present time. The metal AM systems are complemented by extensive
CNC machining and other traditional processes.

Many types of metals are available on metal AM systems. Among the most popular for medical
and aerospace applications is the titanium alloy Ti-6Al-4V. Other metals used are cobalt–
chrome, stainless steels, tool steels, aluminium alloys such as AlSi10Mg, jewelry and dental
gold alloys, nickel-based superalloys such as Inconel 625 and 718, and TiAl alloys. Aerospace-
grade aluminium and other metals are in development. All of the unused metal powder can
be recycled in the machines after sieving. Industry standards are becoming increasingly
important as companies apply AM to the production of final products. In January 2012, ASTM
International Committee F42 on Additive Manufacturing Technologies approved F2924-12
Standard Specification for Additive Manufacturing Titanium-6Aluminium-4Vanadium with
Powder Bed Fusion. It is the first AM material standard by ASTM and it could give a boost to
the additive manufacture of Ti-6Al-4V.

The technology classification agreed by the AM SIG (Special Interest Group) can be seen
detailed in Table 1, which shows seven top level classifications for additive manufacturing
technologies, below which there are a range of different material classifications, and discrete
manufacturing technologies produced by a range of global companies.
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Classification Technology Description Materials Developers (Country)

Binder Jetting 3D Printing

Ink-jetting

S-Print

M-Print

Creates objects by

depositing a binding

agent to join powdered

material

Metal, Polymer,

Ceramic

ExOne (US)

VoxelJet (Germany)

3D Systems (US)

Direct Energy

Deposition

Direct Metal Deposition

Laser Deposition

Laser Consolidation

Electron Beam Direct Melting

Builds parts by using

focused thermal energy

to fuse materials as

they are deposited on a

substrate

Metal: powder

and wire

DM3D (US)

NRC-IMI (Canada)

Irepa Laser (France)

Trumpf (Germany)

Sciaky (US)

Material Extrusion Fused Deposition Modeling Creates objects by

dispensing material

through a nozzle to

build layers

Polymer Stratasys (US)

Delta micro Factory

(China)

3D Systems (US)

Material Jetting Polyject

Ink-jetting

Thermojet

Builds parts by

depositing small

droplets of build

material, which are

then cured by exposure

to light

Photopolymer,

Wax

Stratasys (US)

LUXeXcel (Netherlands)

3D Systems (US)

Powder Bed Fusion Direct Metal Laser Sintering

Selective Laser Melting

Electron Beam Melting

Selection Laser Sintering

Creates objects by using

thermal energy to fuse

regions of a powder

bed

Metal, Polymer,
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Laminated Object Manufacture
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trimming sheets of

material and binding

them together in layers
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Metallic,
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Stereolithography

Digital Light Processing

Builds parts by using

light to selectively cure

layers of material in a

vat of photopolymer

Photopolymer,

Ceramic
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EnvisionTEC (Germany)

DWS Srl (Italy)

Lithoz (Austria)

Table 1. Classification of additive manufacturing processes defined by the AM SIG – adapted from ASTM AM
classifications (2012) [11].

3. Direct metal laser sintering — DMLS

Direct Metal Laser Sintering (DMLS), a trademark of EOS GmbH (Germany), is an Additive
Manufacturing (AM) technology that creates parts in a layer-by-layer fashion directly from

Additive Manufacturing of Al Alloys and Aluminium Matrix Composites (AMCs)
http://dx.doi.org/10.5772/58534

7



printing is not competing with conventional manufacturing techniques, but is instead
complementing and hybridizing with them to make new things possible.

2. Additive manufacturing processes for metals

It was less than 10 years ago that these systems began to gain traction commercially. Today,
seven companies, all in Europe, offer systems based on powder bed fusion technology.
Examples of powder bed fusion are direct metal laser sintering (DMLS) from EOS and selective
laser melting (SLM) from Renishaw. The most popular metal systems use a laser to heat and
melt fine particles in a powder bed. Parts obtained with these systems are impressive,
especially the fine features and small internal channels that are possible.

Systems that instead use an electron beam as the energy source are much faster, but the surface
finish and feature detail are not as impressive. In the case of some orthopedic implants,
however, a rough surface is preferred. This, coupled with speed, is why many medical implant
manufacturers have selected electron beam melting (EBM) systems from Arcam (Arcam is
currently the only manufacturer to use electron beam energy in a powder bed). Many metal
parts that are currently being made by AM can be cost prohibitive, difficult, or impossible to
produce using conventional methods, such as casting or machining.

This gives AM an advantage, but only if the right types of parts are selected. Quality require‐
ments play a role. Good feature detail and surface finish are possible and comparable to metal
castings, but they do not match the surface quality of CNC machined parts. If a part can be
produced conventionally at a reasonable cost and the volume is relatively high, it is often best
to go that route at the present time. The metal AM systems are complemented by extensive
CNC machining and other traditional processes.

Many types of metals are available on metal AM systems. Among the most popular for medical
and aerospace applications is the titanium alloy Ti-6Al-4V. Other metals used are cobalt–
chrome, stainless steels, tool steels, aluminium alloys such as AlSi10Mg, jewelry and dental
gold alloys, nickel-based superalloys such as Inconel 625 and 718, and TiAl alloys. Aerospace-
grade aluminium and other metals are in development. All of the unused metal powder can
be recycled in the machines after sieving. Industry standards are becoming increasingly
important as companies apply AM to the production of final products. In January 2012, ASTM
International Committee F42 on Additive Manufacturing Technologies approved F2924-12
Standard Specification for Additive Manufacturing Titanium-6Aluminium-4Vanadium with
Powder Bed Fusion. It is the first AM material standard by ASTM and it could give a boost to
the additive manufacture of Ti-6Al-4V.

The technology classification agreed by the AM SIG (Special Interest Group) can be seen
detailed in Table 1, which shows seven top level classifications for additive manufacturing
technologies, below which there are a range of different material classifications, and discrete
manufacturing technologies produced by a range of global companies.

Light Metal Alloys Applications6

Classification Technology Description Materials Developers (Country)

Binder Jetting 3D Printing

Ink-jetting

S-Print

M-Print

Creates objects by

depositing a binding

agent to join powdered

material

Metal, Polymer,

Ceramic

ExOne (US)

VoxelJet (Germany)

3D Systems (US)

Direct Energy

Deposition

Direct Metal Deposition

Laser Deposition

Laser Consolidation

Electron Beam Direct Melting

Builds parts by using

focused thermal energy

to fuse materials as

they are deposited on a

substrate

Metal: powder

and wire

DM3D (US)

NRC-IMI (Canada)

Irepa Laser (France)

Trumpf (Germany)

Sciaky (US)

Material Extrusion Fused Deposition Modeling Creates objects by

dispensing material

through a nozzle to

build layers

Polymer Stratasys (US)

Delta micro Factory

(China)

3D Systems (US)

Material Jetting Polyject

Ink-jetting

Thermojet

Builds parts by

depositing small

droplets of build

material, which are

then cured by exposure

to light

Photopolymer,

Wax

Stratasys (US)

LUXeXcel (Netherlands)

3D Systems (US)

Powder Bed Fusion Direct Metal Laser Sintering

Selective Laser Melting

Electron Beam Melting

Selection Laser Sintering

Creates objects by using

thermal energy to fuse

regions of a powder

bed

Metal, Polymer,

Ceramic

EOS (Germany)

Renishaw (UK)

Phenix Systems (France)

Matsuura Machinery

(Japan)

ARCAM (Sweden)

3D Systems (US)

Sheet Lamination Ultrasonic Consolidation

Laminated Object Manufacture

Builds parts by

trimming sheets of

material and binding

them together in layers

Hybrids,

Metallic,

Ceramic

Fabrisonic (US)

CAM-LEM (US)

VAT

Photopolymerisation

Stereolithography

Digital Light Processing

Builds parts by using

light to selectively cure

layers of material in a

vat of photopolymer

Photopolymer,

Ceramic

3D Systems (US)

EnvisionTEC (Germany)

DWS Srl (Italy)

Lithoz (Austria)

Table 1. Classification of additive manufacturing processes defined by the AM SIG – adapted from ASTM AM
classifications (2012) [11].

3. Direct metal laser sintering — DMLS

Direct Metal Laser Sintering (DMLS), a trademark of EOS GmbH (Germany), is an Additive
Manufacturing (AM) technology that creates parts in a layer-by-layer fashion directly from

Additive Manufacturing of Al Alloys and Aluminium Matrix Composites (AMCs)
http://dx.doi.org/10.5772/58534

7



computer-aided design by selectively fusing and consolidating thin layers of powders with a
scanning laser beam. DMLS is a net-shape process, producing parts with high accuracy and
detail resolution, good surface quality and excellent mechanical properties. As mentioned
before, it has many benefits over traditional techniques and its application for manufacturing
three dimensional objects represents one of the promising directions to solve challenging
industrial problems. Moreover, since the components are built layer by layer, it is possible to
design internal features and passages that could not be cast or otherwise machined. Complex
geometries and assemblies with multiple components can be simplified to fewer parts with a
more cost effective assembly. DMLS does not require special tooling like castings, so it is
convenient for short production runs. Applications using this technology include direct parts
for a variety of industries including automotive and other industries that use complex parts
of small to medium size. For instance, concerning space applications, when the "buy to fly
ratio" of a structure is below about 30%, meaning that more than 70% is machined away,
additive manufacturing technologies become an alternative to conventional machining for
complex metallic parts. And when direct manufacturing allows to produce in one shot
spacecraft structures resulting from complex assemblies, then the offered possibilities are
really huge. DMLS has also already been used to fabricate lightweight structures, similar to
cellular structures. Inspiring to natural systems, a variety of synthetic cellular solids could be
made including stochastic foams, consolidated powders, hollow sphere structures, honey‐
combs, textile laminates and lattice block or miniature truss structures. The cellular metal
structures have been used in various industrial applications such as heat exchangers, in
automotive and aerospace industries, thanks to their valuable characteristics as low density,
high strength, good energy absorption and good thermal properties. Virtually any material
can be produced by additive manufacturing, most of those by DMLS, with the exception of
some intermetallic and high temperature alloys.

One of the most interesting types of these materials are aluminium alloys. It is rather easy to
produce alloys with compositions suitable for casting, since they will melt easily, but recently
wrought alloys have also been fabricated by this technique, and new ones are being studied.
The microstructure of these alloys is peculiar, since the very fast cooling occurring after the
melting induced by laser provides an ultra-fine microstructure and this is responsible for a
significant increase of the mechanical properties that can be obtained with conventional casting
processes followed by heat treatments. It is also possible, to increase specific properties of the
alloy, to produce aluminium matrix composites (AMC). These could have applications in high-
demanding components, for instance in automotive and aerospace industries, where it is
necessary to improve stiffness, hardness and high temperature properties. Ceramic discon‐
tinuous reinforcements are the most suitable reinforcement that can be envisaged.

4. DMLS process

Initially, all contour of the layer structure is exposed with a selected laser power and contour
speed. As the diameter of the melted zone is usually larger than the laser diameter, it is
necessary to compensate the dimensional error and the laser beam must be shifted by half the
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width from the contour to the inside, to make sure that the contour of the later part will
correspond exactly to the original CAD data. This correction of the position is called Beam
Offset (BO) [12]. The BO value is again defined with respect to the edge of the boundary (Figure
1), and if this value is higher or less than the correct value, the particles of the irradiated region
may be not melted or over-melted. During hatching, the laser beam moves line after line several
times to assure that the melting process can unroll completely. The distance between the lines
is called hatching distance (hd) and is set about one quarter of the laser beam.

Another important parameter that can lead to a distorted part or a process interruption is the
layer thickness. If the value is too high, no optimal adhesion between the single layers can be
realized because the melting depth is not high enough. Furthermore, mechanical tension can
be generated through this layer which can lead to detachment of the layer below. If the selected
value is too small, a tearing-off of a structure can happen during the recoating process, since
the melted particles get struck between it and recoater blade [12].

Figure 1. Exposure strategies.

5. DMLS scanning strategy

Many scanning options are provided in commercial SLM machines which include skywriting
and hatch pattern along x, y, both in xy and alternating in xy for different requirements. DMLS
EOS machine has up-skin and down-skin options to improve mechanical properties by
allowing user to assign different process parameters at adjoining layers. Subsequent para‐
graphs illustrate salient features of scanning strategies available with DMLS process.

5.1. Skywriting

During scanning a certain time is needed to accelerate the mirrors to the desired speed. This
is due to inertia of mirrors used for scanning. During this time laser beam cover some distance
in which speed is not constant hence more energy is applied at the edges of the part than the
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inside of the part. To avoid this situation and to keep acceleration and retardation phase out
of the layer geometry, skywriting option is provided in DMLS machines. If skywriting option
is selected, then the mirror is accelerated already before the start of the part so that it has
reached the desired speed before the beginning of exposure. Laser is switched on at the start
of the part. Similarly retardation phase begins at the part end where the laser is switched off
as shown in Figure 2.

Figure 2. The exposure vector is shown by a solid line (1). The dashed line presents the skywriting. In this area the laser
beam is run with a laser power of 0 W (3). With the beginning of the part (4), the laser power switched on with a sized
value and the laser beam is running with a constant velocity.

5.2. Hatch pattern

Four choices for hatch pattern selection are generally available, i.e., along x, along y, both in
xy or alternating in xy as shown in Figure 3. Scanning can be done either along x or along y
(Figure 3a and 3b). If both in x and y options are selected than there will be double exposure
on the layer, once along x and then along y (Figure 3c). In alternating in xy choice, direction of
scanning is changed for alternating layers (Figure 3d). Figure 3e shows the direction of
scanning rotated of 67° between consecutive layers. This is default value of the hatch pattern
in DMLS EOS machine.

Figure 3. Different hatch patterns or scanning strategies.
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5.3. Up-skin and down-skin

The layer above which there is no area to be exposed, is termed up-skin, and is built in three
layers. Similarly the layer below which there is no exposed area is called down-skin, and is
built in two layers. The rest of the part is termed core or in-skin, and is shown in Figure 4.
Commercial machine software calculates up-skin, down-skin and core areas and different
parameters can be assigned for these areas. Some overlapping area between core and up-down-
skin area can also be assigned for improved joining among these zones.

Figure 4. Up-skin, down-skin and core regions.

6. Materials processed by DMLS

Table 2 condenses a list of metal-based materials processed by SLM/DMLS as available in the
literature.

Some of the main common features for different materials processed by SLM are summarized
hereafter.

Microstructure: small grains, non-equilibrium phases and new chemical compounds are
formed during SLM of metal powders [28,40].

Mechanical properties: due to the formation of very fine grains and non-equilibrium structures,
the SLM parts could exhibit better mechanical properties (yield strength, ultimate tensile
strength and ductility) than the wrought products [28]. Yasa et al. [20] have studied the Charpy
impact test of TiAl6V4, A316L stainless steel and maraging steel parts produced by SLM.
Spierings et al. [41] have investigated the influence of three different size distribution of 316L
stainless steel powder on mechanical properties and surface quality. Their research concluded
that powder with smaller size particle distribution could be easily melted and yields high
density, high mechanical strength and productivity.

Anisotropy: the parts are produced by stacking layers in SLM, due to this reason the parts have
some anisotropy in a particular direction. Buchbinder et al. [42] have investigated the fatigue
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testing of AlSi10Mg parts produced by SLM. Their investigation concluded that sample
produced in x plane exhibited higher fatigue resistance than samples produced in other
orientations. Yadroitsev et al. [27] have studied the mechanical properties of SLM parts. They
found that Young’s modulus of Inconel 625 parts produced in xy plane are 1.5 greater than
that of parts produced in z direction. Qiu et al. [43] studied the microstructure and tensile
properties of Ti6Al4V parts produced by SLM in two different orientations. They found that
Ti6Al4V parts show high tensile strength, but the Ti6Al4V samples oriented along z axis
showed higher ductility than that of sample oriented in xy plane. This anisotropy was caused
by the orientation of the columnar grains with respect to the tensile test direction. Thijs et al.
[44] studied about SLM of tantalum parts. Their study revealed that grains were oriented in
<111> direction, because of partial re-melting of the previous layer, competitive growth
mechanism and specific global direction of heat flow during SLM of tantalum. This texture
formation had a large influence on yield strength during compression test of tantalum parts.

Residual stresses: these are induced in the SLM parts due to the complexity in melting behavior
of layers. Re-melting and solidifying of previously melted layers can cause stress field to exceed
the yield strength of the material, causing distortion of the part. Studies show that island scan

Family Material References

Metals and alloys Steel hot-work steel [13]

stainless steel 316L [14-17]

martensitic steel [18]

tool steel [15-19]

maraging steel [20]

Titanium Ti6Al4V [21-24]

Ti6Al7Nb [25]

Nickel based alloy Inconel 718 [26]

Inconel 625 [27]

Copper copper [28-29]

Gold Gold [30]

Aluminium A6061 [31]

AlSi12 and AlSi12Mg [32,33]

AlSi10Mg [34-37]

Composites MMC Fe-graphite, Ti- graphite/diamond, Ti-SiC, AlSi-SiC, AlMg-SiC, Co-WC, Fe-SiC

and Cu, Ni, Ti, C, Cu-TiC and Cu, Ni, Ti, B4C, Cu-TiB2 [38]

Al4.5Cu3Mg-SiC [39]

CMC ZrO2, Y2O3, Al, Al2O3 and TiO2,Al,C TiC/Al2O3 [38]

Table 2. Examples of materials used in SLM/DMLS.
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strategy could reduce the residual stress of SLM parts [45]. Shiomi et al. [46] measured residual
stress of chromium molybdenum steel parts produced by SLM. They found that: performing
stress relieving treatment of build platform along with parts at about 700 °C for one hour,
decreased residual stress by 70%, re-scanning of each layer reduced the residual stresses by
55% and heating of build platform to 160 °C reduced the residual stresses by 40%. Mercelis
and Kruth have used crack compliance method and XRD to measure residual stress of 316L
stainless steel parts produced by SLM. Zaeh and Branner [47] have carried out Finite Element
Analysis to evaluate residual stress of steels processed by SLM and they also measured residual
stress by using neutron diffraction.

Surface Roughness: the surface roughness of the SLM parts is higher than that of conventionally
produced parts. Vertical faces of the part have lower surface roughness than that of curved or
inclined or top faces. To improve the surface finish of the SLM parts, secondary operations like
shot peening, machining or abrasive jet machining are carried out. Kruth et al. [48] showed
that the surface quality of Stainless steel 316L and Ti6Al4V parts could also be improved in
SLM by using Selective Laser Erosion (SLE) and re-melting. Calignano et al. [12] have im‐
proved the roughness of AlSi10Mg parts produced by DMLS process.

7. Case study — AlSi10Mg parts by DMLS

7.1. Experimental equipment

Aluminium alloy samples were produced by DMLS with an EOSINT M270 Xtended version.
In this machine a powerful Yb (Ytterbium) fiber laser system in an argon atmosphere is used
to melt powders with a continuous power up to 200 W and a spot size of 100 μm. The alumi‐
nium powder alloy used in this study is a gas atomized one produced by EOS Gmbh (Ger‐
many), and its nominal composition is reported in Table 3.

Element Si Fe Cu Mn Mg Zn Ti Al

Weight % 9-11 ≤0.55 ≤0.05 ≤0.45 0.2-0.45 ≤0.1 ≤0.15 remainder

Table 3. Nominal composition of EOS AlSi10Mg alloy powder in accordance with standard DIN EN 1706:2010-06.

This alloy is similar to an A360.2 alloy [49]: thanks to its near eutectic composition in the Al-
Si phase diagram it is often used in casting, having a melting temperature around 570 °C. This
alloy offers good strength and hardness and is therefore used for parts with thin walls and
complex geometry subjected to high loads, as in the aerospace and automotive industries.

Table 4 shows the default values assigned to up-skin, down-skin and core for the scan speed,
laser power and hatching distance parameters in producing the Al alloy specimens.

Samples of rectangular shape and 50 × 10 × 3 mm size were produced to analyze the density,
hardness and Young’s Modulus. Considering tensile tests, specimens were built according to
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Residual stresses: these are induced in the SLM parts due to the complexity in melting behavior
of layers. Re-melting and solidifying of previously melted layers can cause stress field to exceed
the yield strength of the material, causing distortion of the part. Studies show that island scan

Family Material References

Metals and alloys Steel hot-work steel [13]

stainless steel 316L [14-17]

martensitic steel [18]

tool steel [15-19]

maraging steel [20]

Titanium Ti6Al4V [21-24]

Ti6Al7Nb [25]

Nickel based alloy Inconel 718 [26]

Inconel 625 [27]

Copper copper [28-29]

Gold Gold [30]

Aluminium A6061 [31]

AlSi12 and AlSi12Mg [32,33]

AlSi10Mg [34-37]

Composites MMC Fe-graphite, Ti- graphite/diamond, Ti-SiC, AlSi-SiC, AlMg-SiC, Co-WC, Fe-SiC

and Cu, Ni, Ti, C, Cu-TiC and Cu, Ni, Ti, B4C, Cu-TiB2 [38]

Al4.5Cu3Mg-SiC [39]

CMC ZrO2, Y2O3, Al, Al2O3 and TiO2,Al,C TiC/Al2O3 [38]

Table 2. Examples of materials used in SLM/DMLS.
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strategy could reduce the residual stress of SLM parts [45]. Shiomi et al. [46] measured residual
stress of chromium molybdenum steel parts produced by SLM. They found that: performing
stress relieving treatment of build platform along with parts at about 700 °C for one hour,
decreased residual stress by 70%, re-scanning of each layer reduced the residual stresses by
55% and heating of build platform to 160 °C reduced the residual stresses by 40%. Mercelis
and Kruth have used crack compliance method and XRD to measure residual stress of 316L
stainless steel parts produced by SLM. Zaeh and Branner [47] have carried out Finite Element
Analysis to evaluate residual stress of steels processed by SLM and they also measured residual
stress by using neutron diffraction.

Surface Roughness: the surface roughness of the SLM parts is higher than that of conventionally
produced parts. Vertical faces of the part have lower surface roughness than that of curved or
inclined or top faces. To improve the surface finish of the SLM parts, secondary operations like
shot peening, machining or abrasive jet machining are carried out. Kruth et al. [48] showed
that the surface quality of Stainless steel 316L and Ti6Al4V parts could also be improved in
SLM by using Selective Laser Erosion (SLE) and re-melting. Calignano et al. [12] have im‐
proved the roughness of AlSi10Mg parts produced by DMLS process.

7. Case study — AlSi10Mg parts by DMLS

7.1. Experimental equipment

Aluminium alloy samples were produced by DMLS with an EOSINT M270 Xtended version.
In this machine a powerful Yb (Ytterbium) fiber laser system in an argon atmosphere is used
to melt powders with a continuous power up to 200 W and a spot size of 100 μm. The alumi‐
nium powder alloy used in this study is a gas atomized one produced by EOS Gmbh (Ger‐
many), and its nominal composition is reported in Table 3.

Element Si Fe Cu Mn Mg Zn Ti Al

Weight % 9-11 ≤0.55 ≤0.05 ≤0.45 0.2-0.45 ≤0.1 ≤0.15 remainder

Table 3. Nominal composition of EOS AlSi10Mg alloy powder in accordance with standard DIN EN 1706:2010-06.

This alloy is similar to an A360.2 alloy [49]: thanks to its near eutectic composition in the Al-
Si phase diagram it is often used in casting, having a melting temperature around 570 °C. This
alloy offers good strength and hardness and is therefore used for parts with thin walls and
complex geometry subjected to high loads, as in the aerospace and automotive industries.

Table 4 shows the default values assigned to up-skin, down-skin and core for the scan speed,
laser power and hatching distance parameters in producing the Al alloy specimens.

Samples of rectangular shape and 50 × 10 × 3 mm size were produced to analyze the density,
hardness and Young’s Modulus. Considering tensile tests, specimens were built according to
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the standard ASTM E8M. For the analysis on the surface roughness, the three input or control
factors chosen for up-skin were scan speed, laser power and hatching distance (Table 5). The
surface finish of the samples was then analyzed though a 3D scanner ATOS Compact Scan 2M
(GOM GmbH) and a MarSurf M 300C (Mahr GmbH) mobile roughness measuring instrument
before and after post-processing. To compare the different DMLS samples, the average value
of the ordinates from centerline, defined as Ra, was used. It is theoretically derived as the
arithmetic average value of departure of the profile from the mean line along a sampling
length. The shot-peening process was performed with glass microspheres using a sand-
blasting machine, SD9 Northblast, in order to improve their surface finishing. The samples,
before and after shot peening, were also characterized by a Field Emission Scanning Electron
Microscope (FESEM) Zeiss SupraTM 40.

Variable Parameters Values

Scan speed (mm/s) 800, 850, 900, 950, 1000, 1250

Laser power (W) 120, 155, 190

Hatching distance (mm) 0.10, 0.15, 0.20

Fixed Parameters Values

Layer thickness (µm) 30

Spot size (mm) 0.1

Table 5. Process parameters values for the up-skin.

7.2. Powder analysis

The AlSi10Mg powder was gas atomized and supplied by EOS GmbH. A preliminary
observation was made to investigate the morphology of the AlSi10Mg powder particles by
using the FESEM described above.

The spherical morphology and smooth surface of the powder particles result in a good
flowability and homogeneous layer distribution [36]. Figure 5 shows the FESEM micrograph
of AlSi10Mg powder in as received condition. The size of AlSi10Mg powder ranges from 1 to
35 μm with an average size around 23 μm. Bigger clusters of dimension larger than 40 μm
were also observed. Thus the powder was sieved to separate the agglomerated powder
particles each time before producing the final part in DMLS process.

Parameters Core Up-skin Down-skin Contour

Scan speed (mm/s) 800 1000 900 900

Laser power (W) 195 195 190 80

Hatching distance (mm) 0.17 0.2 0.1

Table 4. Default values of scan speed, laser power and hatching distance for EOS M270 Xtended.
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Figure 5. FESEM observation of AlSi10Mg powder.

In Table 6 are summarized the mean values for density, Young’s modulus and Vickers
Hardness. Moreover, considering for the AlSiMg alloy a theoretical density of 2.68 g/cm3 [49],
the percentage of the residual porosity can be calculated.

Density (g/cm3) Residual Porosity (%) Hardness (HV) Young’s Modulus E (GPa)

2.66 0.8 105 ± 5 73 ± 1

Table 6. Density, Hardness and Young’s Modulus of aluminium alloy DMLS specimens.

Considering tensile tests, the results are summarized in Table 7. Variations were not found
among performances of samples with different orientations on the powder deposition plane,
while there are some differences with the values obtained along the direction perpendicular
to it, as already discussed in a previous paragraph. In fact, as the name implies, the parts are
produced by stacking layers in SLM, due to this reason the parts have some anisotropy in the
so called “building direction”, or z axis.

Material Orientation Yield Strength [MPa]
Ultimate Tensile Strength

[MPa]

Elongation at break

[%]

AlSi10Mg after

DMLS

xy-plane 240 ± 8 330 ± 4 6.2 ± 0.4

z axis 230 ± 5 328 ± 4 4.1 ± 0.3

A360.0 F * – 170 317 5

Table 7. Mean values of tensile properties of aluminium alloy DMLS specimens produced according the standard
ASTM E8M, compared to a similar alloy in as-fabricated conditions [*].
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The AlSi10Mg DMLS specimen microstructure was analyzed by optical microscopy (Leica
DMI 5000 M optical microscope) and by FESEM. Top and a lateral surfaces of the specimens
were polished by using SiC abrasive papers of different grits and then by using 6 μm, 3 μm
and 1 μm diamond pastes respectively. Then they were etched with Weck’s reagent or HF in
water to highlight the scanning tracks or melt pools. The dimensions of the melt pools (width
and depth) depend on the laser power and hatching distance employed, and also on the
scanning strategy (Figure 3).

Figure 6 shows the optical microscopy images of AlSi10Mg specimen. Hauser et al. have
reported that the cross-section of the single tracks formed in SLM process were either crescent
shape or elliptical section [50]. From the optical micrograph of the AlSi10Mg sample polished
in the lateral surface (z direction), a typical crescent shape structure can be noticed, if the scan
track or melt pool is oriented perpendicular to the polished surface (Figure 6, on the left). Some
elongated scan tracks are also observed, when the scan track is aligned at an angle with respect
to the polished surface. This is due to the scanning strategy of the laser beam adopted (see
Figure 3e). Figure 6 shows also the optical microscopy image of AlSi10Mg specimen polished
in xy plane. The cross section of scan tracks of different layers and the overlapping of scan
tracks can be observed.

Figure 6. Microstructure of AlSi10Mg along Z direction (on the left) and along XY plane (on the right) after etching
with HF in water reagent.

The geometry of the scan tracks was not clear with the default scanning strategy, because the
scan lines are always rotated by 67° with respect to the scan lines of previous layer (see Figure
3e). In order to observe the geometry of the scan tracks, a specimen was produced by orienting
the scan lines along x axis. Figure 7 (a) and (b) show the microstructure of AlSi10Mg sample
produced by orienting scan tracks only along x axis (see Figure 3b).

It can be observed that the shape of scan tracks is crescent or elliptical. However, this specimen
had a higher porosity with respect to the ones obtained with the default scanning strategy.
Therefore, the default scanning strategy with 67° is generally chosen to produce AlSi10Mg
samples for the measurement of mechanical properties.

Light Metal Alloys Applications16

To appreciate the small grain size, the section along the build direction was observed by
FESEM, focusing on a region between adjacent melt pools, as shown in Figure 8. After etching
with HF and going at higher magnification, it can be seen that the melt pool contour region is
characterized by a fine cellular-dendritic structure made by agglomerates of grains with mean
diameters of a hundred of nanometers or less [37]. It was found that these agglomerates are
different in length, thickness and aspect ratio, probably due to the different thermal heat fluxes
during each scanning track.

Figure 8. FESEM observations of AlSi10Mg specimen before etching (on the left), and after etching with HF (on the
right) at higher magnification.

Also, fracture surfaces after tensile tests were investigated by FESEM, as reported in Figure
9. As can be seen, the surface is covered by very fine dimples, clearly visible only at high
magnification. On the left image there can also be observed two little concave zones probably
related to two spherical particles not completely melted. At higher magnification is possible
to appreciate the very fine dimension of the microstructure, with presence of particles of tens
of nanometers.

Figure 7. Optical micrographs of AlSi10Mg specimen produced by orienting scan tracks along x axis, after etching
with Weck’s reagent [51].
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Figure 9. FESEM images of an aluminium alloy DMLS fracture surface covered by sub-micrometric voids and dimples
with a nanometric size.

7.3. Effect of heat treatments

Due to the high thermal gradients, DMLS process fabricates parts with high residual thermal
stresses. In order to avoid the bending of the AlSiMg parts fabricated, before removing them
from the building platform, it is fundamental to perform an annealing for 2 h at 300 °C.
Annealing offers very good dimensional and physical stability of the parts. It also provides
the lowest level of residual stresses. The cooling is done in furnace or in the still air.

Apart from this, it is not common to perform a post heat treatment such as for conventional
casting alloys. However, it is well known that mechanical properties of aluminium alloys are
affected by heat treatments. Hence, the influence of heat treatments on hardness and tensile
properties of AlSi10Mg parts produced by DMLS process was also investigated. In particular,
annealing (T2), T4 and T6 heat treatments were carried out on fifteen AlSi10Mg samples for
mechanical testing instead of stress relieving [51]. After the heat treatment, the hardness and
tensile properties of these specimens were evaluated.

The first specimens were subjected to annealing treatment at 530 °C for 5 hours and cooled in
the furnace. The second samples were obtained in T4 heat treatment: solution heat treated at
the temperature of 530 °C for 5 hours and then quenched in water, followed by a room
temperature ageing of at least two weeks. Finally the last samples were subjected to a T6 heat
treatment cycle [49]. In this case, the AlSi10Mg specimens were solution heat treated at the
temperature of 530 °C for 5 hours, then quenched in water and artificially aged at 160 °C for
12 hours.

The specimens were polished and the micro hardness was measured by using a Leitz instru‐
ment. The indentation load used was 50 g and duration of the indentation was 30 seconds. The
results are illustrated in Table 8. The hardness after the T6 heat treatment is 13% higher than
the mean value of the laser sintered AlSi10Mg samples just after the stress relieving treatment
(105 HV, Table 6). Considering the T4 heat treatment, it reduced hardness by 15 % compared
to AlSi10Mg sample without heat treatment, while with annealing the mean hardness was
reduced by 58 %.
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Type of heat treatment
Hardness (HV)

mean S.D.

Annealing 46 3

T4 89 7

T6 119 6

Table 8. Effect of heat treatment on hardness of AlSi10Mg samples.

Tensile tests were also performed on AlSi10Mg after heat treatments. Again the specimens
were produced according to ASTM E8M. The specimens were produced in the xy plane
orientation by using DMLS process. Post processing operations such as shot peening or
machining was not carried out on these specimens after heat treatments. The tensile tests of
heat treated AlSi10Mg specimens were carried out by using EasyDur 3MZ-5000.

The results of the tensile tests are summarized in Table 9 [51].

Type of heat

treatment

Rp0.2 (MPa) UTS (MPa) %A

mean S.D Mean S.D Mean S.D

Annealing 72 7 113 3 12.6 0.9

T4 131 9 227 4 6.9 0.8

T6 245 8 278 2 3.6 0.8

Table 9. Tensile properties of AlSi10Mg specimens after heat treatments [51].

It can be concluded that all the heat treatments reduced the tensile properties of AlSi10Mg
specimens (see also Table 7). Annealing reduced the ultimate tensile strength by 66 %, when
comparing to the tensile strength of AlSi10Mg specimens in “as built” condition (just after
DMLS, without shot peening). However, the elongation was improved by 103%, as expected.
The tensile strength of the AlSi10Mg specimens after T4 treatment was reduced by 31% and
ductility was improved by 11%, respectively. The ultimate tensile strength and elongation of
the AlSi10Mg samples after T6 heat treatment were decreased by 16% and 42%, respectively.
The only improvement observed after heat treatment is a slight improvement in yield strength,
from 240 to 245 MPa, for the T6 samples with respect to the “as built” condition.

Stress-strain curves obtained from tensile tests of specimens after different heat treatment
conditions are compared in Figure 10.

FESEM analysis of the fracture surfaces after different heat treatments were also performed,
and the micrographs are shown in Figure 11. It can be seen that the dimensions of the dimples
of fracture surface after each heat treatment considered are greater than the dimples of the
corresponding fracture surface just after a stress relieving treatment. The total energy of the
fracture is related to the size of the dimples [52]. Brandl et al. have reported that the SLM
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processing of AlSi10Mg by maintaining the build platform at 300 °C and T6 heat treatment
after SLM increase the fatigue resistance. This is due to homogenizing of microstructure after
T6 heat treatment [53].

7.4. DMLS samples surface morphology

Due to its versatility of materials and shapes, the main advantage of DMLS is to produce metal
complex-shaped components in one step, but it also has drawbacks that require careful process
control: the high temperature gradients and densification ratio during the process yield high
internal stresses or part distortion; the risk of balling and dross formation in the melt pool may
result in bad surface roughness (from 8 to 20 μm without any post-treatment) [54-55]. The
surface finish of a part, defined as the irregularities of any material resulting from machining
operations, is critical in many applications, for example those requiring a surface roughness
of 0.8 μm or better to avoid premature failure from surface initiated cracking [56]. There is no
standard method to enhance the surface quality due to the complex nature of the process and
to the different properties of the materials used [54,57]. Laser parameters like laser beam
power, spot size and process parameters like scanning speed, hatching distance and layer
thickness have a great influence on the quality of the laser sintered samples. The effect of some
process parameters on AlSi10Mg parts produced by DMLS was studied through statistically
designed experiments based on an L18 orthogonal array of Taguchi design [12]. Scan speed was
found to have the greatest influence on the surface roughness. The Taguchi method uses S/N
ratio to measure the variations of the experimental design. The equation of smaller-the-better
was selected for the calculation of S/N ratio since it yields the lowest values of surface rough‐

Figure 10. Stress vs strain curves of AlSi10Mg specimens in “as built” condition and after heat treatments [51].
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ness. It was found that S/N ratio is minimized when the scan speed is 900 mm/s, the laser power
is 120 W, and the hatching distance is 0.10 mm.

The process of shot-peening involves a mechanical surface treatment whereby small balls
impinge on the surface of the component. The repeated impacts not only induce compressive
residual stress but also refine the microstructure at the surface and sub-surface region [58,59].
The near surface compressive residual stress field reduces the effective applied stresses of the
component during application, which results in delayed crack initiation and retarded early
crack propagation. It is important that shot-peening method is optimized to improve the depth
of favorable compressive residual stress fields while minimizing surface roughening [59,60].

Figure 12 shows the surface roughness of a sample after the DMLS process (Ra=23.08 μm,
Rz=152.92 μm) and then after the shot-peening post processing treatment (Ra=3.35 μm, Rz=31.81
μm). Thanks to the use of a 3D scanner is possible to analyze the entire surface (Figure 12a and
12d) and define the deviation of these from the best-fit 3D plane. The deviation of the sample
before and after shot-peening is of 0.17 mm and 0.07 mm respectively (Figure 12b and 12e).
Surface topography is classically characterized by surface profiles obtained via electronic
contact profilometry (Figure 12 c and 12f).

Figure 11. FESEM images at the same magnification of fracture surfaces after DMLS and a stress relieving treatment
(a), after an annealing treatment – T2 (b), a T4 treatment (c) and a T6 treatment (d)
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processing of AlSi10Mg by maintaining the build platform at 300 °C and T6 heat treatment
after SLM increase the fatigue resistance. This is due to homogenizing of microstructure after
T6 heat treatment [53].

7.4. DMLS samples surface morphology

Due to its versatility of materials and shapes, the main advantage of DMLS is to produce metal
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thickness have a great influence on the quality of the laser sintered samples. The effect of some
process parameters on AlSi10Mg parts produced by DMLS was studied through statistically
designed experiments based on an L18 orthogonal array of Taguchi design [12]. Scan speed was
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ratio to measure the variations of the experimental design. The equation of smaller-the-better
was selected for the calculation of S/N ratio since it yields the lowest values of surface rough‐

Figure 10. Stress vs strain curves of AlSi10Mg specimens in “as built” condition and after heat treatments [51].

Light Metal Alloys Applications20

ness. It was found that S/N ratio is minimized when the scan speed is 900 mm/s, the laser power
is 120 W, and the hatching distance is 0.10 mm.
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The near surface compressive residual stress field reduces the effective applied stresses of the
component during application, which results in delayed crack initiation and retarded early
crack propagation. It is important that shot-peening method is optimized to improve the depth
of favorable compressive residual stress fields while minimizing surface roughening [59,60].
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μm). Thanks to the use of a 3D scanner is possible to analyze the entire surface (Figure 12a and
12d) and define the deviation of these from the best-fit 3D plane. The deviation of the sample
before and after shot-peening is of 0.17 mm and 0.07 mm respectively (Figure 12b and 12e).
Surface topography is classically characterized by surface profiles obtained via electronic
contact profilometry (Figure 12 c and 12f).
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Figure 12. (a) 3D scan surface roughness of a DMLS AlSiMg sample before and (d) after shot-peening. (b) Deviation
color maps respect to best fit plane before and (e) after shot-peening. (c) Roughness profile of the sample before and
(f) after shot-peening.

Different roughness parameters are then extracted from the acquired surface profile. Among
all the parameters for quantifying surface roughness based on tactile profile sections, Ra, the
arithmetical mean deviation of the assessed profile, is by far the most extensive and most used
parameter. It possible to see that shot peening with glass beads makes to significantly reduce
the surface roughness. Different values of shot peening pressure were analyzed. The best
results were obtained using a pressure of 8 bar: the surface roughness was reduced by up to
85%. These considerations on laser sintering parameters and the shot peening effect were
confirmed by FESEM observations (Figure 13): the images give evidence of the improvement
in surface roughness.

7.5. Lightweight metal structures by DMLS

One of the main interesting applications of additive manufacturing is for fabrication of
customized, lightweight material structures, like periodic cellular lattice structures [61]. The

Figure 13. FESEM images of surface roughness of (a) sample with Ra=23 µm and (b) sample after shot peening at 8
bar.
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word “cell” derives from the Latin word cella meaning a small compartment or enclosed space
[62]. When nature constructs things, it is often done from many cells (cellula). Wood and
cancellous bone are good examples of this: they are stiff, lightweight and multifunctional. From
these natural inspirations a variety of synthetic cellular solids could be made including
stochastic foams, consolidated powders, honeycombs and lattice blocks or miniature truss
structures. These structures can offer high performance features such as high strength
accompanied by a relatively low mass, good energy absorption characteristics and good
thermal and acoustic insulation properties, making them suitable for high value aerospace,
medical and engineering products [63]. The concept of designed cellular materials is motivated
by the desire to put material only where it is needed for a specific application, as nature does.
Leonardo da Vinci stated: “In her (nature’s) inventions, nothing is lacking, and nothing is
superfluous”. From a mechanical engineering viewpoint, a key advantage offered by cellular
materials is high strength accompanied by a relatively low mass.

In the past 15 years, the area of lattice materials has received considerable research attention
due to their inherent advantages over foams in providing light, stiff, and strong materials.
Many methods have been developed to analyze various cellular structures. Wang and
McDowell have performed a comprehensive review of analytical modeling, mechanics, and
characteristics of various metal honeycombs [64,65]. Deshpande et al. [66] have investigated
extensively lattice cells, particularly the octet-truss structure.

However, the cellular lattice structures proposed and investigated in the previous studies
could not exhibit good manufacturability in SLM. As reported in a recent study, the cellular
structures with large unit cell sizes (greater than 5 mm) could not be built using the SLM
process because overhanging struts in the cells led to the occurrence of serious deformation
[67]. This adds considerable constraints on manufacturing versatile and complex cellular
structures to meet requirements of different functions and applications, sacrificing the design
freedom of cellular structures and geometrical capability of AM manufacturing. Sacrificial
support structures might be used to support overhanging structures and thus prevent
deformation. On the counter side, support structures inside complex cellular lattice structures
are normally not acceptable because they are very difficult to remove, and waste materials and
energy.

It was demonstrated, by the authors chapter, that it is possible to manufacture aluminium
lattice structures by DMLS as the ones reported in Figure 14, with desired shape and internal
features in a single fabrication step. This was possible because previously many experiments
were focused on investigating the limitations of building surfaces without support structures.
An overhanging structure is a part of a component that is not supported during building, by
solidified material or a substrate on the bottom side. Consequently, the melt pool created by
the heat input from the laser is supported by powder material. From this definition, it is clear
that a part of a component is an overhanging structure depending on the orientation given to
the part while building it.
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Figure 12. (a) 3D scan surface roughness of a DMLS AlSiMg sample before and (d) after shot-peening. (b) Deviation
color maps respect to best fit plane before and (e) after shot-peening. (c) Roughness profile of the sample before and
(f) after shot-peening.
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parameter. It possible to see that shot peening with glass beads makes to significantly reduce
the surface roughness. Different values of shot peening pressure were analyzed. The best
results were obtained using a pressure of 8 bar: the surface roughness was reduced by up to
85%. These considerations on laser sintering parameters and the shot peening effect were
confirmed by FESEM observations (Figure 13): the images give evidence of the improvement
in surface roughness.

7.5. Lightweight metal structures by DMLS

One of the main interesting applications of additive manufacturing is for fabrication of
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word “cell” derives from the Latin word cella meaning a small compartment or enclosed space
[62]. When nature constructs things, it is often done from many cells (cellula). Wood and
cancellous bone are good examples of this: they are stiff, lightweight and multifunctional. From
these natural inspirations a variety of synthetic cellular solids could be made including
stochastic foams, consolidated powders, honeycombs and lattice blocks or miniature truss
structures. These structures can offer high performance features such as high strength
accompanied by a relatively low mass, good energy absorption characteristics and good
thermal and acoustic insulation properties, making them suitable for high value aerospace,
medical and engineering products [63]. The concept of designed cellular materials is motivated
by the desire to put material only where it is needed for a specific application, as nature does.
Leonardo da Vinci stated: “In her (nature’s) inventions, nothing is lacking, and nothing is
superfluous”. From a mechanical engineering viewpoint, a key advantage offered by cellular
materials is high strength accompanied by a relatively low mass.

In the past 15 years, the area of lattice materials has received considerable research attention
due to their inherent advantages over foams in providing light, stiff, and strong materials.
Many methods have been developed to analyze various cellular structures. Wang and
McDowell have performed a comprehensive review of analytical modeling, mechanics, and
characteristics of various metal honeycombs [64,65]. Deshpande et al. [66] have investigated
extensively lattice cells, particularly the octet-truss structure.

However, the cellular lattice structures proposed and investigated in the previous studies
could not exhibit good manufacturability in SLM. As reported in a recent study, the cellular
structures with large unit cell sizes (greater than 5 mm) could not be built using the SLM
process because overhanging struts in the cells led to the occurrence of serious deformation
[67]. This adds considerable constraints on manufacturing versatile and complex cellular
structures to meet requirements of different functions and applications, sacrificing the design
freedom of cellular structures and geometrical capability of AM manufacturing. Sacrificial
support structures might be used to support overhanging structures and thus prevent
deformation. On the counter side, support structures inside complex cellular lattice structures
are normally not acceptable because they are very difficult to remove, and waste materials and
energy.

It was demonstrated, by the authors chapter, that it is possible to manufacture aluminium
lattice structures by DMLS as the ones reported in Figure 14, with desired shape and internal
features in a single fabrication step. This was possible because previously many experiments
were focused on investigating the limitations of building surfaces without support structures.
An overhanging structure is a part of a component that is not supported during building, by
solidified material or a substrate on the bottom side. Consequently, the melt pool created by
the heat input from the laser is supported by powder material. From this definition, it is clear
that a part of a component is an overhanging structure depending on the orientation given to
the part while building it.
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Figure 14. Lightweight components fabricated through DMLS in AlSiMg alloy.

In particular the cubic lattice structure of figure 14 was constructed with an angle of 45 degrees
with respect to the building platform.

Following these design rules, a wide variety of different architectures can be made with fine
control at the so called “cell level”, as shown in Figure 15. The geometrical features selected
for investigations were chosen because they could be the building blocks of more complex
geometries. The structures have very good base metal properties thanks to the very fine
microstructure typical of this process.

Figure 15. Cellular structures fabricated through DMLS in AlSiMg alloy: a fullerene structure (on the left), and a honey‐
comb cell structure (on the right).

8. Case study — Aluminium Matrix Composites (AMCs) by DMLS

As described in the previous paragraphs, aluminium alloys are currently produced by DMLS,
in particular with compositions suitable for casting. The microstructure of these alloys is
peculiar, since the very fast cooling occurring after the melting induced by laser provides an
ultra-fine microstructure [34] and this effect is responsible for the significant increase of the
mechanical properties that is observed with respect to conventional casting processes [37]. In
fact, the conventional casting can be followed by a hardening heat treatment to improve its
mechanical properties, treatment that seems not necessary in the case of DMLS process.
Moreover, as a powder based process, DMLS also provides great opportunity to consolidate
second or multiple material particles with metal powders to form novel metal matrix compo‐
sites (MMCs). There is a growing research to develop MMCs via SLM process [68,69].
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In order to be used inside a powder bed system, discontinuous ceramic particles are generally
used. Among the most common reinforcement, silicon carbide (SiC) or aluminium oxide
(Al2O3) are the most used, and in particular SiC-based AMCs are now widely used in many
fields: from brake drums and cylinders liners of automobiles, to structural aerospace parts
such as rotor vanes and plates. There are several methods to fabricate such composites: powder
metallurgy, squeeze casting, stir casting or modified casting; however these conventional
techniques are generally not suitable for complex shapes.

In the recent past different research groups investigated the feasibility to employ DMLS to
obtain Al-based MMCs. Size and volume fraction of SiC particles have been varied to analyze
the behavior of the composite [70], demonstrating that cracking occurs during the preparation
by DMLS of these composites. In particular, crack density increases significantly after 15
volume percentage (vol.%) of SiC, and that there was not improvement of wear resistance over
20 vol.% of reinforcement. The same authors, in a previous study, found that microhardness
increases with increase of volume fraction of SiC particles, as expected [39]. A couple of years
before, Simchi et al. investigated the direct laser sintering of Al–7Si–0.3Mg/SiC composites [71],
and showed that the densification rate increases at low SiC fractions but abruptly decreases at
>~5 vol.%. Meanwhile, significant reaction occurs between the aluminium melt and the
reinforcement particles, leading to formation of Al4SiC4 and silicon particles. However, these
studies do not investigate the effects of process parameters on the density of metal matrix
composites built by DMLS but the influence of design choices like supports generation and
part orientation in the building chamber to avoid the presence of cracks during manufacture.

Starting from AlSiMg alloy, the possibility of composites fabrication by DMLS was investi‐
gated. The AlSiMg alloy has a high fluidity in the liquid phase, so that it is possible to prepare
almost dense samples. Moreover, if silicon carbide is used a second phase, it is known in
literature [72] that a high amount of silicon reduces or suppresses the reaction between
aluminium and silicon carbide that brings to the formation of the dangerous aluminium
carbide Al4C3, generally heavily detrimental for the mechanical properties. For this reason SiC
particles were chosen as one of the possible reinforcing materials. α-SiC powders from H.C.
Starck (UF-15, 15 m2/g) were used, with density of 3.2 g/cm3 and a mean particle size of 0.55 μm.

Another interesting reinforcement that was tested is the aluminium-magnesium spinel
(MgAl2O4). This oxide has a high melting point of 2315 °C, a high Young’s modulus and
strength, and low thermal expansion coefficient (CTE). Moreover it is suggested in the
literature [73] that it can improve substantially the creep behavior of composites if the size of
the particles is very small. Thus nano-sized powders of MgAl2O4 were used (Nanocerox, mean
size around 30 nm)

Since SiC particles are large while MgAl2O4 particles are much smaller, a different amount of
the two reinforcements was used for the two composites, namely 10% and 1% in weight of SiC
and MgAl2O4 respectively. To avoid deformation of the alloy spherical particles, simple mixing
was done to prepare the composite powders, by using a ball milling system in ceramic jars,
without any grinding medium, for 48 hours. The powders were then sieved with a mesh of 63
μm before putting them in the DMLS machine. The parameters used for the preparation of the
composites are shown in Table 10.
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Figure 14. Lightweight components fabricated through DMLS in AlSiMg alloy.
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with respect to the building platform.

Following these design rules, a wide variety of different architectures can be made with fine
control at the so called “cell level”, as shown in Figure 15. The geometrical features selected
for investigations were chosen because they could be the building blocks of more complex
geometries. The structures have very good base metal properties thanks to the very fine
microstructure typical of this process.

Figure 15. Cellular structures fabricated through DMLS in AlSiMg alloy: a fullerene structure (on the left), and a honey‐
comb cell structure (on the right).
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peculiar, since the very fast cooling occurring after the melting induced by laser provides an
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mechanical properties that is observed with respect to conventional casting processes [37]. In
fact, the conventional casting can be followed by a hardening heat treatment to improve its
mechanical properties, treatment that seems not necessary in the case of DMLS process.
Moreover, as a powder based process, DMLS also provides great opportunity to consolidate
second or multiple material particles with metal powders to form novel metal matrix compo‐
sites (MMCs). There is a growing research to develop MMCs via SLM process [68,69].
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the behavior of the composite [70], demonstrating that cracking occurs during the preparation
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gated. The AlSiMg alloy has a high fluidity in the liquid phase, so that it is possible to prepare
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aluminium and silicon carbide that brings to the formation of the dangerous aluminium
carbide Al4C3, generally heavily detrimental for the mechanical properties. For this reason SiC
particles were chosen as one of the possible reinforcing materials. α-SiC powders from H.C.
Starck (UF-15, 15 m2/g) were used, with density of 3.2 g/cm3 and a mean particle size of 0.55 μm.
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(MgAl2O4). This oxide has a high melting point of 2315 °C, a high Young’s modulus and
strength, and low thermal expansion coefficient (CTE). Moreover it is suggested in the
literature [73] that it can improve substantially the creep behavior of composites if the size of
the particles is very small. Thus nano-sized powders of MgAl2O4 were used (Nanocerox, mean
size around 30 nm)

Since SiC particles are large while MgAl2O4 particles are much smaller, a different amount of
the two reinforcements was used for the two composites, namely 10% and 1% in weight of SiC
and MgAl2O4 respectively. To avoid deformation of the alloy spherical particles, simple mixing
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Parameters
AlSiMg

+ SiC + MgAl2O4

Scan speed (mm/s 500,700 600, 800

Laser Power (W) 180,195 195

Hatching dist. (mm) 0.17 0.17, 0.10

Table 10. Details of the process parameters employed.

In Figure 16 are shown the composite powders observed by FESEM. The metallic powders are
not modified during the mixing process, however it is evident that both silicon carbide and
nanospinel particles adhere on the surface of the aluminium alloy particles, and no agglom‐
erates of pure ceramic particles are observed. In the case of silicon carbide the particles form
a “fluffy” layer (Figure 16a), that causes an increased interaction between the surfaces of the
powders. Thus, they have a different behavior in terms of flowability, causing some problems
during the spreading of the powders, in particular in the first layers. This phenomenon is
evident with silicon carbide, while it does not occur with the nanospinel (Figure 16b), probably
due to the very small ceramic grain size and to the lower ceramic content. However it can be
seen that the MgAl2O4 particles cover uniformly the round surface.

In the case of AlSiMg/SiC 10% composites, after a first step of parameter optimization,
rectangular samples of 50x10x4 mm dimensions were obtained, with geometrical density
between 2.59 and 2.61 g/cm3. Since the theoretical density of these materials is 2.73 g/cm3, the
corresponding residual porosities are from 4.4 to 5%, a result in line with previous studies [39].

In the case of AlSiMg/SiC 10% composites, after a first step of parameter optimization,
rectangular samples of 50x10x4 mm dimensions were obtained, with geometrical density
between 2.59 and 2.61 g/cm3. Since the theoretical density of these materials is 2.73 g/cm3, the
corresponding residual porosities are from 4.4 to 5%, a result in line with previous studies [39].
A problem however arises however with these composites: XRD measurements demonstrate

Figure 16. FESEM images of the composites powders: AlSiMg (a) and SiC (10%wt.) and (b) nano-MgAl2O4 (1%wt).
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that silicon carbide is almost completely disappeared, while aluminium carbide is formed. This
behavior is rather different to what happens for more conventional processes, where 10% Si
is sufficient to suppress the Al-SiC reaction [72]. In this case, even if the contact time between
molten alloy and ceramic is very low, the temperature is probably very high (in excess of 2000
K) and the reaction occurs. Ghosh et al. [39] already observed this phenomenon, but with a
very low silicon content, while in the case of AlSiMg alloy the behavior was somewhat
unexpected. The microstructure of the obtained composites is illustrated in the micrograph of
Figure 17: it is very fine, as typical of the DMLS process, with elongated acicular grains,
probably of Al4C3 as suggested by XRD analysis.

Figure 17. Optical (on the left) and FESEM (on the right) images of AlSiMg/SiC composite microstructure after polishing.

Residual SiC, instead, could be detected only in the very rare cases where some agglomerate
is present, suggesting that the well dispersed single silicon carbide particle is instead com‐
pletely reacted with the matrix. The presence of the ceramic reinforcement on hardness is in
any case very evident: Brinell measurements mean value is 178 ± 2 HB for the SiC containing
composites, which is 70% higher with respect to pure AlSiMg by DMLS.

In the case of nano-MgAl2O4 AMCs, the density is more depending on the specific choice of
parameters than in the case of silicon carbide containing composites. In this case small samples
were obtained to perform a more detailed screening of the parameters, and for this reason
samples with 15x15x10 mm size were fabricated. With the parameters optimized in the best
range, the measured average densities of the samples varied between 2.59 and 2.63 g/cm3,
corresponding to residual porosities in the range from 2.2 to 3.5% (the theoretical density is
2.689 g/cm3).

In this case, the XRD analysis shows the presence of Al, Si, with some extremely small peaks
that were attributed to the inter-metallic phase Mg2Si and to some mixed metal-oxide of
unknown origin (AlSiOx), with a spectrum that is rather similar to the one of the pure alloy.
Indeed, in this case the XRD technique is clearly less powerful to recognize possible reactions,
due to the low content of reinforcing ceramic. The microstructure of these composites is also
very similar to the case of the pure aluminium matrix, as illustrated in the micrographs of
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due to the very small ceramic grain size and to the lower ceramic content. However it can be
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that silicon carbide is almost completely disappeared, while aluminium carbide is formed. This
behavior is rather different to what happens for more conventional processes, where 10% Si
is sufficient to suppress the Al-SiC reaction [72]. In this case, even if the contact time between
molten alloy and ceramic is very low, the temperature is probably very high (in excess of 2000
K) and the reaction occurs. Ghosh et al. [39] already observed this phenomenon, but with a
very low silicon content, while in the case of AlSiMg alloy the behavior was somewhat
unexpected. The microstructure of the obtained composites is illustrated in the micrograph of
Figure 17: it is very fine, as typical of the DMLS process, with elongated acicular grains,
probably of Al4C3 as suggested by XRD analysis.

Figure 17. Optical (on the left) and FESEM (on the right) images of AlSiMg/SiC composite microstructure after polishing.

Residual SiC, instead, could be detected only in the very rare cases where some agglomerate
is present, suggesting that the well dispersed single silicon carbide particle is instead com‐
pletely reacted with the matrix. The presence of the ceramic reinforcement on hardness is in
any case very evident: Brinell measurements mean value is 178 ± 2 HB for the SiC containing
composites, which is 70% higher with respect to pure AlSiMg by DMLS.

In the case of nano-MgAl2O4 AMCs, the density is more depending on the specific choice of
parameters than in the case of silicon carbide containing composites. In this case small samples
were obtained to perform a more detailed screening of the parameters, and for this reason
samples with 15x15x10 mm size were fabricated. With the parameters optimized in the best
range, the measured average densities of the samples varied between 2.59 and 2.63 g/cm3,
corresponding to residual porosities in the range from 2.2 to 3.5% (the theoretical density is
2.689 g/cm3).

In this case, the XRD analysis shows the presence of Al, Si, with some extremely small peaks
that were attributed to the inter-metallic phase Mg2Si and to some mixed metal-oxide of
unknown origin (AlSiOx), with a spectrum that is rather similar to the one of the pure alloy.
Indeed, in this case the XRD technique is clearly less powerful to recognize possible reactions,
due to the low content of reinforcing ceramic. The microstructure of these composites is also
very similar to the case of the pure aluminium matrix, as illustrated in the micrographs of
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Figure 18. As typical of the DMLS process the microstructure is very fine, made by submicro‐
metric grains, elongated in the correspondence of the melt pools contour due to the heat
transfer flux direction. A careful observation however shows a higher inhomogeneity of these
composites with respect to the pure aluminium alloy, suggesting that the presence of nano-
MgAl2O4 particles changes the behavior during solidification. This inhomogeneity, together
with the higher residual porosity, reflects on the values of Brinell Hardness, that is 93 ± 3 HB,
11% lower than the pure AlSiMg alloy processed through DMLS.
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1. Introduction

Due to its relative low density and high strength, the 2xxx, 6xxx and 7xxx aluminum alloys
series are largely used in transportation industry to produce structural frames and compo‐
nents. These alloys find application in artificial aging condition which allows obtaining high
mechanical properties, i.e. yield strength of 7075-T651 aluminum alloy as high as 500 MPa.
However, when welding processes are used to perform a junction, a large amount of the heat
input is dissipated, by heat conduction, throughout the base material close to the welding bead.
This thermal dissipation induces localized isothermal sections where the thermal gradient
have an important and detrimental effect on the microstructure and therefore on the mechan‐
ical properties of the welded joint (soft zone formation). This microstructural change affects
the performance in service of the welded joints, since mechanical properties reduce drastically
with respect to base material.

This chapter provides information about mechanical behavior of welded joints of aluminum
alloys in terms of properties, determined by tensile, indention and fatigue tests, as well as, the
fatigue crack growth conditions in different zones of the welded joints.

1.1. Precipitation and mechanical properties of aluminum alloys

The precipitation hardening process requires that the second component in the aluminum
alloy, is sufficiently soluble to allow extensive dissolution at an elevated temperature (solubi‐
lization treatment temperature) and that the solubility is considerably reduced at lower
temperatures, such is the case of Al-Cu alloys (Figure 1) [1].

According to Figure 1, to induce precipitation hardening, the alloy is heated at a temperature
higher than the solvus temperature to produce a homogeneous solid solution α, allowing

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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dissolution of the second phase θ and eliminates the segregation of the alloy. Once, the
solubilization temperature is reached, the alloy is cooling at high rate in order to limit the
diffusion process of the atoms toward potential sites of nucleation. Finally, the supersaturated
solid solution αss is heated at a temperature below the solvus temperature. At this temperature,
the atoms have the ability to diffuse at short distances. Because the αss phase is not stable, the
atoms of Cu diffuse at several sites of nucleation and a control precipitation could be formed.
Precipitation hardening in metals is performed to produce a particulate dispersion of second
phases to generate obstacles for the dislocation movement. The degree of hardening depends
of the metallic system, the volume fraction and size of the particles and the interaction of the
particles with dislocations. The interactions of the precipitated particles with dislocations are
very important in terms of the magnitude of hardening. Some mechanisms have been estab‐
lished, involving particle bypassing by Orowan looping, bypass slip, or particle shearing.
Figure 2, shows the forces acting on a mobile dislocation in a stressed metal containing a
dispersion of second phase particles.
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Figure 1. Aluminum-cooper phase diagram rich in aluminum showing the solubilization and precipitation 

process [1]. 
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Considering the equilibrium forces between the line tension T of the dislocation and the resistance 
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As F increases, so the bowing of the dislocations increases, i.e. increases. The magnitude of F is 
important in controlling the sequence of events. The dislocation line tension force is maximal when 
 If the particle is hard, such that F can be greater than 2T, then dislocations will bypass the 
particle either by Orowan looping or cross-slip and the particle will remain unchanged, i.e. non deformed 
(Figure 3).  
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Considering the equilibrium forces between the line tension T of the dislocation and the
resistance force of the second phase particle F, it is obtained:

2 sin=F T (1)

As F increases, so the bowing of the dislocations increases, i.e. θ increases. The magnitude of
F is important in controlling the sequence of events. The dislocation line tension force is
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maximal when θ=90 º. If the particle is hard, such that F can be greater than 2T, then dislocations
will bypass the particle either by Orowan looping or cross-slip and the particle will remain
unchanged, i.e. non deformed (Figure 3).
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The actual strength of the particle under this circumstance becomes irrelevant, as the bypassing
operation becomes dependent only upon the interparticle spacing. If, however, the strength
of the particle is such that the maximum resistance force is attained before sin θ=1, then
particles will be sheared and the dislocation will pass through the particle (Figure 4).
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dissolution of the second phase θ and eliminates the segregation of the alloy. Once, the
solubilization temperature is reached, the alloy is cooling at high rate in order to limit the
diffusion process of the atoms toward potential sites of nucleation. Finally, the supersaturated
solid solution αss is heated at a temperature below the solvus temperature. At this temperature,
the atoms have the ability to diffuse at short distances. Because the αss phase is not stable, the
atoms of Cu diffuse at several sites of nucleation and a control precipitation could be formed.
Precipitation hardening in metals is performed to produce a particulate dispersion of second
phases to generate obstacles for the dislocation movement. The degree of hardening depends
of the metallic system, the volume fraction and size of the particles and the interaction of the
particles with dislocations. The interactions of the precipitated particles with dislocations are
very important in terms of the magnitude of hardening. Some mechanisms have been estab‐
lished, involving particle bypassing by Orowan looping, bypass slip, or particle shearing.
Figure 2, shows the forces acting on a mobile dislocation in a stressed metal containing a
dispersion of second phase particles.
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Considering the equilibrium forces between the line tension T of the dislocation and the
resistance force of the second phase particle F, it is obtained:

2 sin=F T (1)

As F increases, so the bowing of the dislocations increases, i.e. θ increases. The magnitude of
F is important in controlling the sequence of events. The dislocation line tension force is
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maximal when θ=90 º. If the particle is hard, such that F can be greater than 2T, then dislocations
will bypass the particle either by Orowan looping or cross-slip and the particle will remain
unchanged, i.e. non deformed (Figure 3).
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The actual strength of the particle under this circumstance becomes irrelevant, as the bypassing
operation becomes dependent only upon the interparticle spacing. If, however, the strength
of the particle is such that the maximum resistance force is attained before sin θ=1, then
particles will be sheared and the dislocation will pass through the particle (Figure 4).
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Figure 4. Dislocation motion may continue through second phase particles (particle cutting).

Therefore, it follows that, for a given interparticle spacing (given volume fraction and particle
size), hard particles will give the maximum precipitation hardening, and this condition defines
the maximum degree of hardening attainable. Soft particles give a lesser degree of hardening.
Consideration of the relationship between the applied stress and the dislocation bowing,
following Orowan [2], leads to the Orowan equation:

tD =y
G
L
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(2)

where Δτy is the increase in yield stress due to the particles, G the shear modulus of the matrix,
b the Burgers vector of the dislocation, and L the particle spacing. The L in the Orowan equation
is usually considered to be the distance between particles arranged on a square grid in the slip
plane.

Ashby [3] further developed his equation to take into account the interparticle spacing, and
the effects of statistically distributed particles. The Ashby-Orowan relationship is given as:
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Application of the Taylor factor for polycrystalline materials, expressing the microstructural
parameters in terms of the volume fraction and real diameter and converting shear stress to
tensile stress, yields [4]:
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where Δσy is the increase in yield strength (MPa), G is the shear modulus (MPa), b is the Burgers
vector (mm), f is the volume fraction of particles, and X is the real (spatial) diameter of the
particles (mm). Table I presents the hardening effect in terms of yield strength for some
aluminum alloys in annealed (O) and artificial age hardened conditions (T6).

Yield strength (MPa)

Alloy Annealed condition (O) Artificial age hardened condition (T6) Difference

2014 97 417 320

6061 55 276 221

7075 103 503 400

Table 1. Hardening increments in aluminum alloys [5].

1.2. Welding in age hardened condition

The 2xxx, 6xxx and 7xxx aluminum alloys are known to have a strong tendency to overage
during welding, especially in fully aged condition (T6). A schematic representation of the
microstructural changes in welding of aluminum alloys is shown in Figure 5 [6]. During
welding the adjacent metal to the fusion zone (welding bead) is heated and the heat affected
zone (HAZ) contents two principal zones. The zone of lower temperature near to the base
metal is exposed to a range of temperatures where the aging phenomena and overaging may
occur. The zone of higher temperature is treated by solubilization assuming high cooling rate,
the effects are less severe, because the microstructure of the material will tend to age in natural
manner. However, and isothermal zone appears at within the HAZ for which the obtained
temperature is located between two well defined temperatures, i.e. the artificial aging tem‐
perature of the alloy and the solvus temperature. As a result a microstructural transformation
takes places due to the thermodynamic instability of the precipitates. For instance, in the case
of the 6061-T6 alloy, the over-aging in the HAZ is produced by the transformation of the β’’
(needle shape) precipitates into β’ (rod shape) precipitates according to the following precip‐
itation sequence [7]:

αss → solute clusters→GP zones→β ' ' (needle)→β' (rod)→β

Figure 6, shows the weld thermal cycles for gas metal arc welding (GMAW) process in a 6061-
T6 (Al-Si-Mg) alloy at different preheat conditions and their correlation between the C
precipitation curve. In this sense, Myhr et al. [9] studied the microstructural evolution during
the cooling weld thermal cycle in Al-Si-Mg alloys (Figure 7). They determined that when the
peak temperature Tp approaches 315 °C during a period of time of 10 s, the microstructure
consists of a mixture of coarse rod-shape β’ and fine needle-shape β’’ precipitates as shown in
Figure 7b and c. The transformation from β’’ to β’ precipitates occurs to an increasing extent
with increasing peak temperatures. At Tp of 390 °C the β’ is the dominant microstructural
constituent, as indicated in Figure 7d.
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Figure 4. Dislocation motion may continue through second phase particles (particle cutting).
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where Δσy is the increase in yield strength (MPa), G is the shear modulus (MPa), b is the Burgers
vector (mm), f is the volume fraction of particles, and X is the real (spatial) diameter of the
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during welding, especially in fully aged condition (T6). A schematic representation of the
microstructural changes in welding of aluminum alloys is shown in Figure 5 [6]. During
welding the adjacent metal to the fusion zone (welding bead) is heated and the heat affected
zone (HAZ) contents two principal zones. The zone of lower temperature near to the base
metal is exposed to a range of temperatures where the aging phenomena and overaging may
occur. The zone of higher temperature is treated by solubilization assuming high cooling rate,
the effects are less severe, because the microstructure of the material will tend to age in natural
manner. However, and isothermal zone appears at within the HAZ for which the obtained
temperature is located between two well defined temperatures, i.e. the artificial aging tem‐
perature of the alloy and the solvus temperature. As a result a microstructural transformation
takes places due to the thermodynamic instability of the precipitates. For instance, in the case
of the 6061-T6 alloy, the over-aging in the HAZ is produced by the transformation of the β’’
(needle shape) precipitates into β’ (rod shape) precipitates according to the following precip‐
itation sequence [7]:

αss → solute clusters→GP zones→β ' ' (needle)→β' (rod)→β

Figure 6, shows the weld thermal cycles for gas metal arc welding (GMAW) process in a 6061-
T6 (Al-Si-Mg) alloy at different preheat conditions and their correlation between the C
precipitation curve. In this sense, Myhr et al. [9] studied the microstructural evolution during
the cooling weld thermal cycle in Al-Si-Mg alloys (Figure 7). They determined that when the
peak temperature Tp approaches 315 °C during a period of time of 10 s, the microstructure
consists of a mixture of coarse rod-shape β’ and fine needle-shape β’’ precipitates as shown in
Figure 7b and c. The transformation from β’’ to β’ precipitates occurs to an increasing extent
with increasing peak temperatures. At Tp of 390 °C the β’ is the dominant microstructural
constituent, as indicated in Figure 7d.
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Figure 7. TEM bright field images of microstructures observed in the <100> Al zone axis orientation after artificial ag‐
ing and Gleeble simulation (Series 1), (a) needle-shaped β’’ precipitates which form after artificial aging, (b) mixture of
coarse rod-shaped β´particles and fine needle-shaped β´´ precipitates which form after subsequent thermal cycling
to Tp=315 °C (10 s holding time), (c) close up of the same precipitates shown in (b) above, and (d) coarse rod-shaped β’
particles which form after thermal cycling to Tp=390 °C (10 s holding time) [9].

In addition to the microstructural transformation, after welding porosity and liquation
cracking could also exist, which affect directly the mechanical behavior of the welded joints.

Porosity in welds of aluminum alloys is very complicated to control, because of the high
hydrogen diffusion in liquid aluminum (Figure 8), the environmental interaction and the high
rate of solidification.

When a fusion welding process in aluminum is performed, the hydrogen diffusion in melted
metal could be as high as 1.00 cm3/g, this fact produces the formation of gas bubbles. If we
consider the bubble formation in liquid metal as schematically represented in Figure 9, the
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Figure 7. TEM bright field images of microstructures observed in the <100> Al zone axis orientation after artificial ag‐
ing and Gleeble simulation (Series 1), (a) needle-shaped β’’ precipitates which form after artificial aging, (b) mixture of
coarse rod-shaped β´particles and fine needle-shaped β´´ precipitates which form after subsequent thermal cycling
to Tp=315 °C (10 s holding time), (c) close up of the same precipitates shown in (b) above, and (d) coarse rod-shaped β’
particles which form after thermal cycling to Tp=390 °C (10 s holding time) [9].

In addition to the microstructural transformation, after welding porosity and liquation
cracking could also exist, which affect directly the mechanical behavior of the welded joints.

Porosity in welds of aluminum alloys is very complicated to control, because of the high
hydrogen diffusion in liquid aluminum (Figure 8), the environmental interaction and the high
rate of solidification.

When a fusion welding process in aluminum is performed, the hydrogen diffusion in melted
metal could be as high as 1.00 cm3/g, this fact produces the formation of gas bubbles. If we
consider the bubble formation in liquid metal as schematically represented in Figure 9, the
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The critical radius rc for the separation of the bubble from the solid-liquid interface can be
determined by means of the following expression [11]:
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where κ is the detaching angle of the bubble, σ* the interfacial energy between liquid and gas
(~ 1 Jm-2 for the majority of the gas-metal systems), g the constant gravity force and ρl-ρg the
difference between liquid and gas densities. Considering that densities of liquid aluminum
and hydrogen at melting point of aluminum are approximately 2380 kgm-3 and 0.0256 kgm-3,
respectively, and κ=100°, the rc is roughly 700 μm. It is to say that gas bubbles formed during
welding process have to be greater than 700 μm to overcome the surface tension of the solid-
liquid interface. Additionally, a low solidification rate is needed to allow the gas bubble
coalescence and reach this critical value. However, in a real situation the cooling thermal cycle
of the fusion zone in welding, is very fast, as demonstrated in [8] (Figure 10), and porosity
formation is present as shown in Figure 11.
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Liquation in welds of aluminum alloys can occur in the partially melted zone (PMZ). The PMZ
is the region outside the fusion zone where grain boundary liquation occurs during welding.
Figure 12 shows a portion of the PMZ in GMAW of 6061-T6 aluminum made with high silicon
content filler metal (ER4043).
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where κ is the detaching angle of the bubble, σ* the interfacial energy between liquid and gas
(~ 1 Jm-2 for the majority of the gas-metal systems), g the constant gravity force and ρl-ρg the
difference between liquid and gas densities. Considering that densities of liquid aluminum
and hydrogen at melting point of aluminum are approximately 2380 kgm-3 and 0.0256 kgm-3,
respectively, and κ=100°, the rc is roughly 700 μm. It is to say that gas bubbles formed during
welding process have to be greater than 700 μm to overcome the surface tension of the solid-
liquid interface. Additionally, a low solidification rate is needed to allow the gas bubble
coalescence and reach this critical value. However, in a real situation the cooling thermal cycle
of the fusion zone in welding, is very fast, as demonstrated in [8] (Figure 10), and porosity
formation is present as shown in Figure 11.
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Liquation in welds of aluminum alloys can occur in the partially melted zone (PMZ). The PMZ
is the region outside the fusion zone where grain boundary liquation occurs during welding.
Figure 12 shows a portion of the PMZ in GMAW of 6061-T6 aluminum made with high silicon
content filler metal (ER4043).

Mechanical Behavior of Precipitation Hardened Aluminum Alloys Welds
http://dx.doi.org/10.5772/58418

43



Figure 12. Microstructure of a 6061-T6 aluminum, welded by GMAW with ER4043 filler metal, showing the PMZ, and
grain boundary liquation.

Figure 11. Weld pool porosity on a 6061-T6 aluminum alloy welded by GMAW.

Light Metal Alloys Applications44

The liquation phenomenon occurs along grain boundary, although it can be presented in the
grain interior. When liquation is presented, cracking can occur along grain boundary because
of the tensile strains generated during welding. The weld metal composition is determined by
base metal and filler metal compositions, as well as, the dilution ratio. The dilution ration is
related with the amount of filler metal diluted with the base metal to form the weld metal.
Metzger [12] observed liquation cracking in full penetration, gas tungsten arc welding (GTAW)
on a 6061 alloy made with Al-Mg filler metal at high dilution ratios, but not in similar welds
made with Al-Si filler metals at any dilution ratio. Huang et al. [13] have conducted studies
on liquation cracking in the PMZ of full penetration welds of a 6061 alloy. They found that
liquation cracking occurred in GMAW welds when an ER5356 (Al-Mg) filler metal is employed
but not with an ER4043 (Al-Si).

2. Mechanical behavior of aluminum alloys welds

2.1. Indentation

The hardness of a material represents the plastic deformation resistance by indentation. The
hardness number H, is given by the ratio between the applied load P, and a representative area
A, of the residual indent:

=
PH
A

(6)

For usual indentation, the Vickers hardness number HV, using a pyramidal square based
indenter is calculated considering the true contact area. The relation of HV is given by:

21.8544=
PHV
d

(7)

where, sometimes, HV is expressed in MPa if P is given in N and d, the indent diagonal, in mm.
But usually HV is given as a number and the conditions of load used.

Concerning instrumented indentation tests (IIT), which allow to plot a load-depth curve, the
calculation of a hardness number can use the maximum distance (maximum indentation
depth hm, reached by the indenter during the indentation test) or the contact depth which is
the indentation depth hc, taking into account the deformation of the indent under load and
calculated using the method of Olive and Pharr [14].

Classical indentation has been used to determine the hardness evolution in precipitation
hardening aluminum alloys welds [8, 15, 16]. Ambriz et al. [8] determined Vickers microhard‐
ness profiles and mapping representation in welds of 6061-T6 aluminum alloy (Figure 13).
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depth hm, reached by the indenter during the indentation test) or the contact depth which is
the indentation depth hc, taking into account the deformation of the indent under load and
calculated using the method of Olive and Pharr [14].

Classical indentation has been used to determine the hardness evolution in precipitation
hardening aluminum alloys welds [8, 15, 16]. Ambriz et al. [8] determined Vickers microhard‐
ness profiles and mapping representation in welds of 6061-T6 aluminum alloy (Figure 13).
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Figure 13. a) Vickers hardness profile determined with 1 N of applied load throughout the welded joint and b) Vickers
hardness map over the welded joint [8].

A significant difference for the hardness of weld metal, and HAZ with respect to base material
was observed. This indicates that mechanical properties after welding will be different. It
should be noted a soft zone formation in both sides of the welded joint, the hardness decrease
in the soft zone is around 43% with respect to base material. This characteristic is the result of
the thermodynamic instability of the β’’ needle-shaped precipitates (hard and fine precipitates)
promoted by the high temperatures reached during the welding process. Indeed the temper‐
atures reached during the welding process are favorable to transform the β’ phase, rod-shaped
according to the transformation diagram for the 6061 alloy (Figure 6).

Considering the hardness heterogeneity of the welded joints, instrumented indentation tests
(IIT) was performed in base metal, weld metal and HAZ (soft zone). Figure 14, shows the
evolution of the applied load as a function of indentation depth for 6061-T6 and 7075-T651
aluminum alloys welds.

Figure 14. Load-depth curves for a) 6061-T6 aluminum alloy (1 N of applied load) and b) 7075-T651 aluminum alloy
(0.1 N of applied load).

Light Metal Alloys Applications46

Moreover, from the instrumented indentation tests it is possible to calculate the elastic
modulus which is deduced by the inverse of the unloading curve (1/S) as a function of the
inverse of the contact indentation depth (1/hc) (equation 6).

( )
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where ( dh
dP ) is the inverse of the contact stiffness, Cf the frame compliance of the indentation

instrument, β geometrical factor introduce in the model of Oliver and Pharr [14] to take into
account the indenter shape and γ the factor introduced by Hay et al. [17] in the model of Oliver
and Pharr for taking into account the approximation in the Hertz’s contact analysis and ER the
reduced modulus.

To calculate ER it is needed to determine a corrective factor due to Hay et al. [17]. This coefficient
is only dependent on the Poisson’s ratio, then considering a constant value of νm=0.3 for any
region of the welded joint (base material, weld metal and HAZ), it is obtained a value of 1.067
for γ. In this condition, the slope is only linked to the reduced modulus by 0.1653/ER. Consid‐
ering 1140 GPa and 0.07 for the elastic modulus and the Poisson’s ratio for the indenter
material, respectively, it is possible to determine the elastic modulus of the different zones of
the welded joints (Table II), by means of the following equation:
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where Em and νm are the elastic modulus and Poisson’s ratio of the material and Ei and νi the
elastic modulus and Poisson’s ratio of the indenter, respectively.

Additionally, the yield strength σy and hardening exponent n can be obtained by indentation
tests (Table II) as suggested by Ambriz et al. [18], by means of the following expression:
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where P is the applied indentation load, P0 shift indentation load, E elastic modulus, h true
indentation depth into material.

Instrumented indentation test allows to determine the properties given in Table II. Yield
strength values determined by instrumented indentation are similar to those obtained by
micro-traction test (Figure 16). It means that it is possible to characterize a local zone in a
welded material by instrumented indentation where it is not possible by global test (tensile
test).
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Figure 13. a) Vickers hardness profile determined with 1 N of applied load throughout the welded joint and b) Vickers
hardness map over the welded joint [8].

A significant difference for the hardness of weld metal, and HAZ with respect to base material
was observed. This indicates that mechanical properties after welding will be different. It
should be noted a soft zone formation in both sides of the welded joint, the hardness decrease
in the soft zone is around 43% with respect to base material. This characteristic is the result of
the thermodynamic instability of the β’’ needle-shaped precipitates (hard and fine precipitates)
promoted by the high temperatures reached during the welding process. Indeed the temper‐
atures reached during the welding process are favorable to transform the β’ phase, rod-shaped
according to the transformation diagram for the 6061 alloy (Figure 6).

Considering the hardness heterogeneity of the welded joints, instrumented indentation tests
(IIT) was performed in base metal, weld metal and HAZ (soft zone). Figure 14, shows the
evolution of the applied load as a function of indentation depth for 6061-T6 and 7075-T651
aluminum alloys welds.

Figure 14. Load-depth curves for a) 6061-T6 aluminum alloy (1 N of applied load) and b) 7075-T651 aluminum alloy
(0.1 N of applied load).
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Moreover, from the instrumented indentation tests it is possible to calculate the elastic
modulus which is deduced by the inverse of the unloading curve (1/S) as a function of the
inverse of the contact indentation depth (1/hc) (equation 6).
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where ( dh
dP ) is the inverse of the contact stiffness, Cf the frame compliance of the indentation

instrument, β geometrical factor introduce in the model of Oliver and Pharr [14] to take into
account the indenter shape and γ the factor introduced by Hay et al. [17] in the model of Oliver
and Pharr for taking into account the approximation in the Hertz’s contact analysis and ER the
reduced modulus.

To calculate ER it is needed to determine a corrective factor due to Hay et al. [17]. This coefficient
is only dependent on the Poisson’s ratio, then considering a constant value of νm=0.3 for any
region of the welded joint (base material, weld metal and HAZ), it is obtained a value of 1.067
for γ. In this condition, the slope is only linked to the reduced modulus by 0.1653/ER. Consid‐
ering 1140 GPa and 0.07 for the elastic modulus and the Poisson’s ratio for the indenter
material, respectively, it is possible to determine the elastic modulus of the different zones of
the welded joints (Table II), by means of the following equation:
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where Em and νm are the elastic modulus and Poisson’s ratio of the material and Ei and νi the
elastic modulus and Poisson’s ratio of the indenter, respectively.

Additionally, the yield strength σy and hardening exponent n can be obtained by indentation
tests (Table II) as suggested by Ambriz et al. [18], by means of the following expression:
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where P is the applied indentation load, P0 shift indentation load, E elastic modulus, h true
indentation depth into material.

Instrumented indentation test allows to determine the properties given in Table II. Yield
strength values determined by instrumented indentation are similar to those obtained by
micro-traction test (Figure 16). It means that it is possible to characterize a local zone in a
welded material by instrumented indentation where it is not possible by global test (tensile
test).
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Material EIIT (GPa) σy (MPa) n P0 (N)

Base metal 98.6 266 0.46 0.015

Weld metal 78.0 133 0.48 0.022

HAZ 87.4 106 0.46 0.016

Table 2. Mechanical properties obtained by instrumented indentation test for a 6061-T6 aluminum alloy welds [18].

On the other hand, the elastic modulus obtained by instrumented indentation does not
correspond with those reported in tension or compression tests for aluminum alloys (68-72
GPa) and it is not possible to establish a clear difference between weld metal and HAZ. In fact
in a recent study, Chicot et al. [19] established that the elastic modulus obtained by instru‐
mented indentation corresponds to a bulk modulus. This was explained by the fact that for
the case of indentation, the elastic and plastic strain is triaxial, whereas in tensile test, the strain
used to determine the elastic modulus is uniaxial.

2.2. Tensile properties

As possible to deduce from indentation test (Figure 13), the tensile mechanical properties of
aluminum alloys welds hardened by precipitation, are not homogeneous along the welded
joint. Tensile properties in welds obtained by several welding processes of this alloys have
been studied. For instance, V. Malin [15] studied the relation between weld thermal cycles and
the microstructural transformation with tensile properties of a 6061-T6 alloy welded by
GMAW. In their research, tensile tests samples were taken from the welded joint as shown in
Figure 15. It is to say, a global structure effect was considered during tensile test.

Figure 15. (a) Effect of hardness on HAZ failure location in 6061-T6 tensile specimen [15], and b) tensile sample show‐
ing the failure zone on a 6061-T6 aluminum alloy.
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The failure zone after tensile test was localized in the HAZ (soft zone) where the hardness of
the welded joint is minimal, this result is in agreement with Ambriz et al. [20].

Considering the hardness profile evolution, the true stress-strain curves in weld metal and
HAZ (soft zone) of a 6061-T6 alloy welds were determined by means of micro-traction test [18].
The individual behavior is presented in Figure 16, as well as, its respective comparison with
base metal.

Figure 16. True stress-strain curves for 6061-T6 alloy, weld metal and HAZ.

The HAZ presents a reduction of the tensile strength with respect to base metal and weld metal
of around 41 and 19%, respectively. This aspect was related to the over-aging phenomenon
and it is explained in terms of the microstructural transformation (Figure 5), and precipitation
sequence. Although, weld metal shows higher tensile strength than HAZ, a lower ductility is
observed for weld metal. This characteristic was attribute to the porosity formation during the
solidification and the high silicon content of the filler metal (ER4043) which, when mixed with
the melted base metal, leads to a microstructure of eutectic silicon, which is a brittle phase that
adversely affects the tensile mechanical properties of the welded joint. A summary of tensile
mechanical properties for 6061-T6 and 7075-T651 aluminum alloys welds are presented in
Table III.
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Figure 15. It is to say, a global structure effect was considered during tensile test.
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The failure zone after tensile test was localized in the HAZ (soft zone) where the hardness of
the welded joint is minimal, this result is in agreement with Ambriz et al. [20].

Considering the hardness profile evolution, the true stress-strain curves in weld metal and
HAZ (soft zone) of a 6061-T6 alloy welds were determined by means of micro-traction test [18].
The individual behavior is presented in Figure 16, as well as, its respective comparison with
base metal.

Figure 16. True stress-strain curves for 6061-T6 alloy, weld metal and HAZ.

The HAZ presents a reduction of the tensile strength with respect to base metal and weld metal
of around 41 and 19%, respectively. This aspect was related to the over-aging phenomenon
and it is explained in terms of the microstructural transformation (Figure 5), and precipitation
sequence. Although, weld metal shows higher tensile strength than HAZ, a lower ductility is
observed for weld metal. This characteristic was attribute to the porosity formation during the
solidification and the high silicon content of the filler metal (ER4043) which, when mixed with
the melted base metal, leads to a microstructure of eutectic silicon, which is a brittle phase that
adversely affects the tensile mechanical properties of the welded joint. A summary of tensile
mechanical properties for 6061-T6 and 7075-T651 aluminum alloys welds are presented in
Table III.
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Material
E

(MPa)a

σy

(MPa)

σu

(MPa)b

ε

(%)c

H

(MPa)d
nd

6061-T6 68 279 310 14.0 408 0.08

6061-T6 (weld metal, ER4043) 68 151 226 4.00 464 0.20

6061-T6 (HAZ, soft zone) 68 120 183 13.0 300 0.16

7075-T651 72 530 568 8.00 794 0.08

7075-T651 (weld joint, ER5356) 68 165 260 2.80 677 0.25

a Best linear fitting from mean stress-strain curves; bObtained from σ= P
A0

 ; c obtained fromε=
lf − l0

l , d obtained by Ramber-

Osgood equation.

Table 3. Tensile mechanical properties of 6061-T6 and 7075-T651 aluminum alloys welds (GMAW).

2.3. Fatigue of aluminum alloys welds

Fatigue or fatigue damage is the consecutive modification of the materials properties with
respect to the application of a cyclic stress, which can conduct to the fracture. Under uniaxial
cyclic loading conditions it is possible to distinguish a stress ratio R determined by a maximal
and minimal stress as follow:

min

max

s
s

=R (11)

As a function of σmax and σmin, we can obtain the constant component of the stress (amplitude
stress σa) and the mean value of the stress (mean stress σm) by different loading conditions
(Figure 17).

Some practical applications involve cyclic loading at a constant amplitude, but irregular loads
as a function of time are commonly encountered. In this case, we will discuss some results in
terms of a constant amplitude loading. The simplest fatigue test consists of subjecting a
specimen to a cycling loading (different levels of stress amplitude σa), at a constant frequency
and measured the number of cycles to failure Nf. The representation of stress level as a function
of Nf gives the S-N curve or Wöhler curve. A schematic representation of a Wöhler curve is
shown in Figure 18.

In Figure 18, it is possible to identify different domains: (i) Low cycle fatigue. In this case a
high stress level is applied on the sample (normally over the yield strength of the material).
Because of the high deformation during the test, the number of cycles to failure tends to be
lower (102 to 104). (ii) High cycle fatigue. This is related with an elastic behavior on a macro
scale of the sample, i.e. the stress level is not higher than the yield strength of the material. The
failure is expected for a large number of cycles, for instance, more than 105. In fact the boundary
between low and high cycle fatigue is not well defined by a specific number of cycles. The most
important difference is that low cyclic fatigue is associated with macro-plastic deformation on
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each loading cycle. When the stress level in high cycle fatigue is applied, a fatigue limit or
endurance limited is presented, which is represented by an asymptote in the Wöhler curve. In
some metallic materials it could be obtained when the number of cycles is in the order of 106

to 107. (iii) Fatigue gigacycle. This domain corresponding with a very high number of cycles
and it has been observed that fatigue limit tends to decrease when the number of cycles
increases.
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Figure 17. Solicitation loading in uniaxial fatigue, a) completely reversed stressing (m = 0), b) 
asymmetric repeated stressing (m≠ 0), and c) zero to tension stressing (min = 0). 
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Osgood equation.

Table 3. Tensile mechanical properties of 6061-T6 and 7075-T651 aluminum alloys welds (GMAW).

2.3. Fatigue of aluminum alloys welds

Fatigue or fatigue damage is the consecutive modification of the materials properties with
respect to the application of a cyclic stress, which can conduct to the fracture. Under uniaxial
cyclic loading conditions it is possible to distinguish a stress ratio R determined by a maximal
and minimal stress as follow:

min
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=R (11)

As a function of σmax and σmin, we can obtain the constant component of the stress (amplitude
stress σa) and the mean value of the stress (mean stress σm) by different loading conditions
(Figure 17).

Some practical applications involve cyclic loading at a constant amplitude, but irregular loads
as a function of time are commonly encountered. In this case, we will discuss some results in
terms of a constant amplitude loading. The simplest fatigue test consists of subjecting a
specimen to a cycling loading (different levels of stress amplitude σa), at a constant frequency
and measured the number of cycles to failure Nf. The representation of stress level as a function
of Nf gives the S-N curve or Wöhler curve. A schematic representation of a Wöhler curve is
shown in Figure 18.

In Figure 18, it is possible to identify different domains: (i) Low cycle fatigue. In this case a
high stress level is applied on the sample (normally over the yield strength of the material).
Because of the high deformation during the test, the number of cycles to failure tends to be
lower (102 to 104). (ii) High cycle fatigue. This is related with an elastic behavior on a macro
scale of the sample, i.e. the stress level is not higher than the yield strength of the material. The
failure is expected for a large number of cycles, for instance, more than 105. In fact the boundary
between low and high cycle fatigue is not well defined by a specific number of cycles. The most
important difference is that low cyclic fatigue is associated with macro-plastic deformation on
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each loading cycle. When the stress level in high cycle fatigue is applied, a fatigue limit or
endurance limited is presented, which is represented by an asymptote in the Wöhler curve. In
some metallic materials it could be obtained when the number of cycles is in the order of 106

to 107. (iii) Fatigue gigacycle. This domain corresponding with a very high number of cycles
and it has been observed that fatigue limit tends to decrease when the number of cycles
increases.
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Figure 17. Solicitation loading in uniaxial fatigue, a) completely reversed stressing (m = 0), b) 
asymmetric repeated stressing (m≠ 0), and c) zero to tension stressing (min = 0). 

 

101

Number of cycles

St
re

ss

Fatigue gygacycle

EnduranceHigh cycle
fatigue

Low cycle
fatigue

102 103 104 105 106 107 108 109 1010

 
Figure 18. Representation of a Wӧhler curve, and different fatigue domains [21]. 

 

In Figure 18, it is possible to identify  different domains: (i) Low cycle fatigue. In this case a high 
stress level is applied on the sample (normally over the yield strength of the material). Because of the 
high deformation during the test, the number of cycles to failure tends to be lower (102 to 104). (ii) 
High cycle fatigue. This is related with an elastic behavior on a macro  scale of the sample, i.e. the 
stress level is not higher than the yield strength of the material. The failure is expected for a large 
number of cycles, for instance, more than 105. In fact the boundary between low and high cycle 
fatigue is not well defined by a specific number of cycles. The most important difference is that low 
cyclic fatigue is associated with macro-plastic deformation on each loading cycle. When the stress 
level in high cycle fatigue is applied, a fatigue limit or endurance limited is presented, which is 
represented by an asymptote in the Wӧhler curve. In some metallic materials it could be obtained 

Figure 17. Solicitation loading in uniaxial fatigue, a) completely reversed stressing (σm=0), b) asymmetric repeated
stressing (σm ≠ 0), and c) zero to tension stressing (σmin=0).

 a

Time



0 0




One cycle

max

min



 a

Time



0 0




m

max

min

 a

Time



0 0


m


max = 

a) b)

c)

 

Figure 17. Solicitation loading in uniaxial fatigue, a) completely reversed stressing (m = 0), b) 
asymmetric repeated stressing (m≠ 0), and c) zero to tension stressing (min = 0). 

 

101

Number of cycles

St
re

ss

Fatigue gygacycle

EnduranceHigh cycle
fatigue

Low cycle
fatigue

102 103 104 105 106 107 108 109 1010

 
Figure 18. Representation of a Wӧhler curve, and different fatigue domains [21]. 

 

In Figure 18, it is possible to identify  different domains: (i) Low cycle fatigue. In this case a high 
stress level is applied on the sample (normally over the yield strength of the material). Because of the 
high deformation during the test, the number of cycles to failure tends to be lower (102 to 104). (ii) 
High cycle fatigue. This is related with an elastic behavior on a macro  scale of the sample, i.e. the 
stress level is not higher than the yield strength of the material. The failure is expected for a large 
number of cycles, for instance, more than 105. In fact the boundary between low and high cycle 
fatigue is not well defined by a specific number of cycles. The most important difference is that low 
cyclic fatigue is associated with macro-plastic deformation on each loading cycle. When the stress 
level in high cycle fatigue is applied, a fatigue limit or endurance limited is presented, which is 
represented by an asymptote in the Wӧhler curve. In some metallic materials it could be obtained 

Figure 18. Representation of a Wöhler curve, and different fatigue domains [21].

Mechanical Behavior of Precipitation Hardened Aluminum Alloys Welds
http://dx.doi.org/10.5772/58418

51



It is well known that fatigue damage is a surface phenomenon as indicated by Forsyth [22],
who determined the presence of reliefs linked to the formation of localization deformation
bands named persistent bands. The surface topography is traduced by the formation of
intrusions and extrusions as shown schematically in Figure 19.

when the number of cycles is in the order of 106 to 107. (iii) Fatigue  gigacycle. This domain 
corresponding with a very high number of cycles and it has been observed that fatigue limit tends to 
decrease when the number of cycles increases. 

It is well known that fatigue damage is a surface phenomenon as indicated by Forsyth [22], who 
determined the presence of reliefs linked to the formation of localization deformation bands named 
persistent bands. The surface topography is traduced by the formation of intrusions and extrusions as 
shown schematically in Figure 19. 
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Figure 19. Intrusions and extrusions formation in the free surface due to the alternating slip, micro-

cracks nucleation, and principal crack formation from micro-cracks  [21]. 

 

For  a uniaxial tensile test, these bands resulting in the formation of micro-cracks (state I in Figure 
19), which are orientated at 45 degrees with respect the traction axe. Only certain grains are affected 
by the formation of those bands. The persistent bands orientation and the formation of cracks on the 
state I, are important in the case of uniaxial and multiaxial loading. Brown and Miller [23, 24] 
introduced a useful notation in multiaxal loading for facets A and B, which are schematized in Figure 
20. 

Figure 19. Intrusions and extrusions formation in the free surface due to the alternating slip, micro-cracks nucleation,
and principal crack formation from micro-cracks [21].

For a uniaxial tensile test, these bands resulting in the formation of micro-cracks (state I in
Figure 19), which are orientated at 45 degrees with respect the traction axe. Only certain grains
are affected by the formation of those bands. The persistent bands orientation and the
formation of cracks on the state I, are important in the case of uniaxial and multiaxial loading.
Brown and Miller [23, 24] introduced a useful notation in multiaxal loading for facets A and
B, which are schematized in Figure 20.

The type B facets provides a shearing vector which enters into the material, and they are more
dangerous than type A facets, from which the shearing vector is tangent to the free surface of
the sample. The intrusions and extrusions formation associated to the slip persistent bands, as
well as, the micro-propagation of cracks in the state I are of interest at a distance of the grain
size (small fatigue cracks). Thus, considering that micro-cracks are related with the crystal‐
lography aspect, once the crack encounters the first grain boundary it begins to bifurcate
according to state II and the propagation at a perpendicular direction of the principal stress is
obtained.
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Additionally to the fatigue damage mechanism mentioned previously, in the case of welding,
the stress concentration factor due to the geometry of the welding bead has a special impor‐
tance. In this sense, Ambriz et al. [20] has been quantified the effect of the welding profile
generated by modified indirect electric arc (MIEA) technique on the fatigue life of a 6061-T6
aluminum alloy. In order to determine the stress concentration factor Kt in MIEA welds, a
characteristic welding profile was measured as specified in Figure 21.
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Figure 20. Directional aspect of the fatigue damage. Importance of the stress field orientation with 

respect to the plans surface, and the  free surface of the material (hatch zones)  [23, 24]. 
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Figure 21. Stress concentration points in MIEA welds and their corresponding dimensions. α=angle formed by the
weld reinforcement with plates, r=notched radius, t=height of the weld reinforcement, w=width of the welding pro‐
file and h=thickness of the plates.
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Mechanical Behavior of Precipitation Hardened Aluminum Alloys Welds
http://dx.doi.org/10.5772/58418

53



It is well known that fatigue damage is a surface phenomenon as indicated by Forsyth [22],
who determined the presence of reliefs linked to the formation of localization deformation
bands named persistent bands. The surface topography is traduced by the formation of
intrusions and extrusions as shown schematically in Figure 19.
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Figure 19. Intrusions and extrusions formation in the free surface due to the alternating slip, micro-

cracks nucleation, and principal crack formation from micro-cracks  [21]. 

 

For  a uniaxial tensile test, these bands resulting in the formation of micro-cracks (state I in Figure 
19), which are orientated at 45 degrees with respect the traction axe. Only certain grains are affected 
by the formation of those bands. The persistent bands orientation and the formation of cracks on the 
state I, are important in the case of uniaxial and multiaxial loading. Brown and Miller [23, 24] 
introduced a useful notation in multiaxal loading for facets A and B, which are schematized in Figure 
20. 

Figure 19. Intrusions and extrusions formation in the free surface due to the alternating slip, micro-cracks nucleation,
and principal crack formation from micro-cracks [21].

For a uniaxial tensile test, these bands resulting in the formation of micro-cracks (state I in
Figure 19), which are orientated at 45 degrees with respect the traction axe. Only certain grains
are affected by the formation of those bands. The persistent bands orientation and the
formation of cracks on the state I, are important in the case of uniaxial and multiaxial loading.
Brown and Miller [23, 24] introduced a useful notation in multiaxal loading for facets A and
B, which are schematized in Figure 20.

The type B facets provides a shearing vector which enters into the material, and they are more
dangerous than type A facets, from which the shearing vector is tangent to the free surface of
the sample. The intrusions and extrusions formation associated to the slip persistent bands, as
well as, the micro-propagation of cracks in the state I are of interest at a distance of the grain
size (small fatigue cracks). Thus, considering that micro-cracks are related with the crystal‐
lography aspect, once the crack encounters the first grain boundary it begins to bifurcate
according to state II and the propagation at a perpendicular direction of the principal stress is
obtained.
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Additionally to the fatigue damage mechanism mentioned previously, in the case of welding,
the stress concentration factor due to the geometry of the welding bead has a special impor‐
tance. In this sense, Ambriz et al. [20] has been quantified the effect of the welding profile
generated by modified indirect electric arc (MIEA) technique on the fatigue life of a 6061-T6
aluminum alloy. In order to determine the stress concentration factor Kt in MIEA welds, a
characteristic welding profile was measured as specified in Figure 21.
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Subsequently, uniaxial fatigue test a cyclic loading with a sinusoidal wave form at a frequency
of 35 Hz and load ration R=0.1 was applied in atmospheric air at room temperature. The fatigue
limit (77 MPa) was calculated employed the Locati method, and Wöhler curve (Figure 22) was
plotted between 77 and 110 MPa.

Figure 22. Wöhler curve for 6061-T6 aluminum alloy welds by MIEA and data found in literature [25] for the single V
groove joint.

Figure 22 shows the maximum stress σmax, as function of number of cycles to failure Nf, obtained
from the fatigue test of the welded joints. The experimental results were fitted according to
the following expression:

maxs = b
fAN (12)

where A, and b are experimental values determined by fitting curve.

Regarding  the  geometry  of  the  welding  profile,  comparison  of  the  fatigue  performance
exhibited by MIEA welds with the results reported in the literature [25] for a single V joint
configuration for the same aluminum alloy shows a significant improvement in fatigue life
for the MIEA welded samples. The Kt effect on the crack initiation and failure is shown in
Figure 23.
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Figure 23. Typical macrograph of the fatigue failure on MIEA welds.

Considering that, if the loading condition promotes the formation of a principal crack (Figure
19), it will grow according to the power law region as shown schematically in Figure 24.
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Figure 24.  Fatigue crack growth regimes as function of K. 

 

The fatigue crack growth rate da/dN, as function of stress intensity factor range K in different zones 
of the welded joint (base metal, weld metal and HAZ) has been studied previously  [26, 27]. The 
results were conducted on compact type specimens (CT) applying a constant amplitude cycling load  
with a sinusoidal wave form at a frequency of 20 Hz, a load ratio R of 0.1 and a load range of 2.5 kN 
in atmospheric air at room temperature. The K was computed by means of the following equation: 

  (11) 

where  a is the crack length of the sample (initial crack of 8 mm), W the width for the crack 
propagation, and B the thickness of the sample (5 mm in this case). 

Considering the stable crack growth propagation region shown in Figure 24, the experimental results 
of a were plotted in da/dN versus K graphs according to the following expression: 
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where  C and m are constants obtained from the fitting curve. Table IV summarizes the best fitted 
values for C and m, and their correlation factor. 
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Figure 24. Fatigue crack growth regimes as function of ΔK.

The fatigue crack growth rate da/dN, as function of stress intensity factor range ΔK in different
zones of the welded joint (base metal, weld metal and HAZ) has been studied previously [26,
27]. The results were conducted on compact type specimens (CT) applying a constant ampli‐
tude cycling load with a sinusoidal wave form at a frequency of 20 Hz, a load ratio R of 0.1
and a load range of 2.5 kN in atmospheric air at room temperature. The ΔK was computed by
means of the following equation:
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Figure 23. Typical macrograph of the fatigue failure on MIEA welds.
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The fatigue crack growth rate da/dN, as function of stress intensity factor range ΔK in different
zones of the welded joint (base metal, weld metal and HAZ) has been studied previously [26,
27]. The results were conducted on compact type specimens (CT) applying a constant ampli‐
tude cycling load with a sinusoidal wave form at a frequency of 20 Hz, a load ratio R of 0.1
and a load range of 2.5 kN in atmospheric air at room temperature. The ΔK was computed by
means of the following equation:
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where a is the crack length of the sample (initial crack of 8 mm), W the width for the crack
propagation, and B the thickness of the sample (5 mm in this case).

Considering the stable crack growth propagation region shown in Figure 24, the experimental
results of a were plotted in da/dN versus ΔK graphs according to the following expression:

( )d
d

= D ma C K
N

(14)

where C and m are constants obtained from the fitting curve. Table IV summarizes the best
fitted values for C and m, and their correlation factor.

Material C m R2

6061-T6 (rolling) 5.00×10-7 2.426 0.89

6061-T6 (transverse) 3.97×10-8 3.320 0.97

Weld metal 2.63×10-14 8.550 0.92

HAZ 3.77×10-9 6.650 0.89

Table 4. Fitting constants obtained from experimental values (Figure 25) [27].

Figure 25, shows the fatigue crack growth for base metal (6061-T6) in the rolling and transverse
to rolling direction.

This graph shows that the microstructural characteristics (anisotropy) does not have an
important influence in terms of fatigue crack growth as could be expected, taking into account
that yield strength in rolling direction is higher than transverse direction. However, this is not
the case for weld metal and HAZ (Figures 25b and c), in which the crack tends to propagate
faster than that in base metal. In the case of weld metal (Figure 25 b), the faster crack growth
rate in comparison with base metal is related to the low toughness due to the high silicon (~
5.5 wt. percent) content provided by the filler metal during welding. Similarly, for the HAZ it
is possible to observe that the crack growth is faster than base metal, aspect which is attribute
to the microstructural transformation of fine needle shape precipitates β’’ into coarse bar shape
precipitates β’ produced by the thermal effect.
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3. Conclusion

Mechanical behavior in welds of precipitation hardened aluminum alloys are still under
development and the softening phenomena in the heat affected zone should be better under‐
stood. Valuable information could be obtained by the precise understanding of the weld
thermal cycles in conjunction with the C transformation curve and its microstructural effect
in mechanical properties. In this sense, our research group is conducting experiments to control
the weld thermal cycle by means of localized chillers and heaters in the fusion zone and heat
affected zone to observe the mechanical properties evolution of the welded joints.

Author details

R.R. Ambriz and D. Jaramillo

Instituto Politécnico Nacional CIITEC-IPN, Cerrada de Cecati S/N Col. Sta. Catarina,
Azcapotzalco, DF, México

Figure 25. Fatigue crack growth rate as function of ΔK, a) 6061-T6 base metal, b) weld metal, and c) HAZ.
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1. Introduction

For a long time, aluminium wrought alloys have been used as the predominant material for
the sheet metal processing industry. Aluminium alloys not only show a high affinity for
passivation which results in corrosion resistance in many environments [1], but also indicate
high specific strengths (strength versus density) and rigidity (Young´s modulus versus
density). The most commonly used aluminium alloys in aircraft applications of the non-
precipitation hardenable groups are EN AW-3xxx, EN AW-5xxx and of the precipitation
hardenable groups EN AW-2xxx, EN AW-6xxx and EN AW-7xxx. The advantages of the EN
AW-2xxx group are good mechanical properties which remain at higher temperatures,
whereas the EN AW-7xxx groups show good mechanical properties at lower temperatures
and high stress corrosion resistivity. A negative aspect is, however, that aluminium alloys have
a very low formability when compared with modern steels. Figure 1 illustrates the fracture
elongation versus yield strength of aluminium wrought alloys and deep drawing steels in
optimised hardened condition. Aluminium wrought alloys with the designation EN AW-7xxx
series in peak-aged condition show yield strength values comparable with the micro-alloyed
steels; although the fracture elongation differs slightly in favour of the steels.

Yield strength values from the wrought alloys of EN AW-6xxx group reach only about 50% of
the strength which can be obtained from the EN AW-7xxx group at ambient temperatures;
both aluminium wrought alloys are precipitation hardenable in peak-aged condition. The
fracture elongation of the 6xxx and 7xxx group can be identified to be approximately half of
the value which can be obtained using bake-hardening steels. Yield strength values from non-
heat-treatable, and therefore only strain-hardenable, aluminium alloys of the EN AW-5xxx
group are slightly higher when present in highly strain-hardened condition (e.g. H18). But
their fracture elongation values in an annealed condition are equivalent to those exhibited by

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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the EN AW-6xxx group. So, ways of enhancing the fracture elongation of wrought aluminium
alloys to levels that are at least comparable with those of deep-drawing steels and additionally
possess corresponding strength values are sought. Forming aluminium alloys below room
temperature would be an approach, where strain hardening losses and precipitation processes
are not an issue. In this regard there is no danger of a reduction in strength through the
mechanism of recovery, recrystallization and aging which is in most cases induced by forming
at higher temperatures. Furthermore, in previous investigations during tensile testing it was
observed that in certain aluminium alloys, which were present in various heat treatment
conditions, the Lüders and the Portevin-LeChatelier (PLC) effect occurs at room temperature
[2] [3]. This PLC effect not only causes a bad surface quality on sheet metals, but also creates
a reduction of the uniform elongation and fracture elongation [2]. It is expected that in tensile
testing at low temperatures the negative impact caused by the PLC effect can be reduced and
therefore the values of uniform elongation and fracture elongation can be increased.

2. Portevin-LeChatelier (PLC) Effect

2.1. Phenomena of the PLC effect

Considering a tensile testing specimen, consisting of an isotropic ductile material, it can be
observed that straining in the direction of the principal normal stress is accompanied by a

Figure 1. Fracture elongation for aluminium wrought alloys of the EN AW-5xxx, EN AW-6xxx and EN AW-7xxx series
at T=298 K and deep-drawing steels at T=298 K. Yield strength in an optimised hardened condition for all mentioned
groups at T=298 K.
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cross-sectional reduction in width and thickness. In the region of uniform elongation the
prismatic geometry of the specimen remains, since a random localisation stabilises itself
according to the Considère-criteria. Leaving this region of the stress-strain curve and moving
into the region which signifies the region of necking behaviour a localised and random
reduction in width and thickness results in an overall reduction in cross-section. It is of note
that for a tensile specimen, where the width is much greater than the thickness, a reduction in
the cross-section only appears at a volume of material inclined at an angle of approximately
55° measured in direction of the principal normal stress. Localised necking predominantly in
thickness will finally fracture the specimen when constricted [4] [5]. Testing an annealed
aluminium alloy with the designation of EN AW-5xxx shows that a cross-sectional reduction
occurs in fact before reaching the necking area. Figure 2 a) shows localised necking over the
whole specimen length.

s1

a   55°

s1

A

B

B

a) b) 

Figure 2. a) Cross-sectional reduction of EN AW-5xxx specimen in annealed condition which shows localised necking
at an angle of around 55° measured in direction of principal normal stress before reaching the necking area. b) Sche‐
matic cross-sectional reduction in thickness co-occurring with shear deformations in several planes.

In this deformation state it can be observed that only localised necking occurs (AB̄) and there
is no reduction in width over the whole specimen length (BB̄) which would be denoted as
diffuse necking [6]. This is in contrast to most metallic materials, where localised through-
thickness necking arises e.g. on aluminium alloy EN AW-5xxx in an annealed condition, but
not over the whole length. As a consequence, a pattern of localised through-thickness striations
can be observed oriented at around ± 55° to the direction of the principal normal stress (Figure
2 a)) [2] [3]: these are also known as PLC bands. Figure 2 b) illustrates a formation of this
localised affect which is co-occurring with shear deformations in several planes. The condition
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of the volume of material where localised necking arises is that no strain be imposed on the
non-deforming material adjacent to the flowing section which leads to dεw´=0 as illustrated in
Figure 3 [6]. The localising volume only deforms in thickness (dεt) and lengthways (dεl´), which
characterises a biaxial strain state. Provided that there is an ideal plastic material behaviour
and a negligible elastic fraction compared with the plastic fraction, Lévy-von Mises equations
can be applied.

dεl

σ1 -
1
2 ∙ (σ2 + σ3)

=
dεw

σ2 -
1
2 ∙ (σ3 + σ1)

=
dεt

σ3 -
1
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      (1)

let σ1≠ 0 and σ2=σ3=0 then

dεl

σ1
=

dεw

-
1
2 ∙ σ1

=
dεt

-
1
2 ∙ σ1

(2)

If only dεl and dεw are considered (because of a small sheet thickness), the expression can be
rewritten as

dεl = - 2∙dεw (3)

Since dεw< 0 a Mohr´s circle of strain can be developed as illustrated in Figure 3. Applying a
coordinate transformation it can be shown that α=70°32´if dεw´=0.

Figure 3. Cross-sectional reduction of a flat specimen according Mohr´s circle of strain
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Thus, the angle between the direction of the localised neck and the direction of the principal
normal stress is ideally 54°44´ which is in accordance with the hypothesis of Hill [7]. Eventual
variations can be attributed to textures of the material.

2.2. Microscopic background of the PLC-effect

The microscopic background of the PLC effect is still a subject of discussion. This is because
the PLC effect appears at temperatures where interstitial or substitutional diffusion of solute
alloying elements do not offer sufficient mobility by bulk diffusion. A brief introduction of the
development of ideas concerning the PLC effect is illustrated in [8] [9]. The first model
developed by Cottrell and Bilby [10] assumed that the mobility of solute atoms is actually high
enough to follow mobile dislocations. Subsequently, McCormick recognised that the mobility
of solute atoms is barely sufficient to follow mobile dislocations, and he postulated that
clustering mobile dislocations only occurs if they are arrested by obstacles such as by forest
dislocations, for example [11]. Van den Beukel presupposed in his model, which was based
on McCormick’s work, that arresting mobile dislocations at forest dislocations is only caused
by volume diffusion of solute atoms [12]. Following a proposal of Sleeswyk [13], the model
created by Mulford [14] not only postulates the arresting of the stopped dislocation by volume
diffusion, but additionally by a simultaneously running pipe diffusion (see Figure 4).

Figure 4. Substitutional solute atoms at stationary forest dislocations generate Cottrell-atmospheres, whose atoms
cluster at a mobile dislocation which meets a forest dislocation via pipe diffusion.

A requirement for such a condition is a prior formation of a Cottrell-atmosphere at stationary
forest dislocations. The pipe diffusion occurs without the acceleration caused by the vacancy
mechanism. Modelling the pipe diffusion of the substitutionally dissolved magnesium in the

Mechanical Behaviour of Commercial Aluminium Wrought Alloys at Low Temperatures
http://dx.doi.org/10.5772/58362

65



of the volume of material where localised necking arises is that no strain be imposed on the
non-deforming material adjacent to the flowing section which leads to dεw´=0 as illustrated in
Figure 3 [6]. The localising volume only deforms in thickness (dεt) and lengthways (dεl´), which
characterises a biaxial strain state. Provided that there is an ideal plastic material behaviour
and a negligible elastic fraction compared with the plastic fraction, Lévy-von Mises equations
can be applied.

dεl

σ1 -
1
2 ∙ (σ2 + σ3)

=
dεw

σ2 -
1
2 ∙ (σ3 + σ1)

=
dεt

σ3 -
1
2 ∙ (σ1 + σ2)

      (1)

let σ1≠ 0 and σ2=σ3=0 then

dεl

σ1
=

dεw

-
1
2 ∙ σ1

=
dεt

-
1
2 ∙ σ1

(2)

If only dεl and dεw are considered (because of a small sheet thickness), the expression can be
rewritten as

dεl = - 2∙dεw (3)

Since dεw< 0 a Mohr´s circle of strain can be developed as illustrated in Figure 3. Applying a
coordinate transformation it can be shown that α=70°32´if dεw´=0.

Figure 3. Cross-sectional reduction of a flat specimen according Mohr´s circle of strain

Light Metal Alloys Applications64

Thus, the angle between the direction of the localised neck and the direction of the principal
normal stress is ideally 54°44´ which is in accordance with the hypothesis of Hill [7]. Eventual
variations can be attributed to textures of the material.

2.2. Microscopic background of the PLC-effect

The microscopic background of the PLC effect is still a subject of discussion. This is because
the PLC effect appears at temperatures where interstitial or substitutional diffusion of solute
alloying elements do not offer sufficient mobility by bulk diffusion. A brief introduction of the
development of ideas concerning the PLC effect is illustrated in [8] [9]. The first model
developed by Cottrell and Bilby [10] assumed that the mobility of solute atoms is actually high
enough to follow mobile dislocations. Subsequently, McCormick recognised that the mobility
of solute atoms is barely sufficient to follow mobile dislocations, and he postulated that
clustering mobile dislocations only occurs if they are arrested by obstacles such as by forest
dislocations, for example [11]. Van den Beukel presupposed in his model, which was based
on McCormick’s work, that arresting mobile dislocations at forest dislocations is only caused
by volume diffusion of solute atoms [12]. Following a proposal of Sleeswyk [13], the model
created by Mulford [14] not only postulates the arresting of the stopped dislocation by volume
diffusion, but additionally by a simultaneously running pipe diffusion (see Figure 4).

Figure 4. Substitutional solute atoms at stationary forest dislocations generate Cottrell-atmospheres, whose atoms
cluster at a mobile dislocation which meets a forest dislocation via pipe diffusion.

A requirement for such a condition is a prior formation of a Cottrell-atmosphere at stationary
forest dislocations. The pipe diffusion occurs without the acceleration caused by the vacancy
mechanism. Modelling the pipe diffusion of the substitutionally dissolved magnesium in the

Mechanical Behaviour of Commercial Aluminium Wrought Alloys at Low Temperatures
http://dx.doi.org/10.5772/58362

65



aluminium bulk showed that the effectiveness of this diffusion process is not high enough to
explain the experimental results [9]. As a consequence of this model the diffusion velocity of
magnesium atoms is too slow to form Cottrell-atmospheres around the core of the arrested
dislocation during representative times. Considering these results Picu [8] developed a new
model which is based on the estimation that a forest dislocation embedded in a Cottrell-
atmosphere reacts with a mobile dislocation by forming dislocation jogs. The higher the intensity
of Cottrell-atmosphere around a forest dislocation the greater the energy necessary for forming
jogs.

3. Experimental methods

A set of experimental tests were conducted based around a tensile test machine. Four types of
wrought aluminium alloys were examined which are detailed in Table 1. In this table the sheet
thickness and detailed composition are shown.

EN AW-1050A EN AW-5182 EN AW-6016 EN AW-7021

Condition H14 H111 W30– T4

Temper [15]

H14

strain-hardened to a half

hard condition - no

thermal treatment

H111

slightly strain-

hardened (less than

H11) – no thermal

treatment

T4

solution heat-treated at 465°C for 20

minutes and naturally aged to a

substantially stable condition

W30

solution heat-treated at 465°C for 20

minutes and tested within 30 minutes

Specimen thickness [mm] 0,95 1,15 1,15 0,95

Si [wt.-%] 0,25 0,20 1,20 0,07

Fe [wt.-%] 0,40 0,35 0,40 0,16

Cu [wt.-%] 0,05 0,15 0,15 0,12

Mn [wt.-%] 0,05 0,35 0,15 0,02

Mg [wt.-%] 0,05 4,40 0,40 -

Cr [wt.-%] - 0,10 0,10 -

Zn [wt.-%] 0,07 0,25 0,15 6,24

Ti [wt.-%] 0,05 0,10 0,15 0,02

Zr [wt.-%] - - - 0,14

Table 1. Heat treatment, thickness and chemical composition of tested aluminium alloys

Light Metal Alloys Applications66

For the purpose of evaluating potential strain rate dependencies the uniaxial tensile tests for
the aluminium alloys EN AW-6016 and EN AW-7021 in the solid solution heat treated and
naturally aged condition T4, and the EN AW-5182 aluminium alloy in the strain hardened
condition H111 (as currently implemented in industrial applications), were carried out with
the following three forming velocities; v1 =200mm / min (maximum velocity of the tensile

testing machine), v2( 1
4 v1)=50mm / min and v3( 1

10 v2)=5mm / min resulting in strain rates

ε1(˙ v1)=6.60×10-2 s-1,ε2(˙ v2)=1.70×10-2 s-1 and ε3(˙ v3)=0.17×10-2 s-1 respectively (see Table 2). By
way of comparison, the highest strain rate illustrated, v1 , approaches the forming velocity
used in a typical industrial process. Determining the effect of precipitations for the 6000 and
7000 series a number of subsequent tests with the highest strain rate ε1̇ were carried out within
30 minutes after a solid solution heat treatment (W30 condition). As a reference the aluminium
alloy EN AW-1050A was tested in half-hard condition (H14) with ε1̇. To be thorough regarding
a potential influence of the strain rates, the reference aluminium alloy was also tested with the
lowest strain rate (ε3̇)

Aluminium alloy condition
strain rates

6.60 . 10-2 s-1 1.70 . 10-2 s-1 0.17 . 10-2 s-1

EN AW-1050A H14 X X

EN AW-5182 H111 X X X

EN AW-6016
W30 X

T4 X X X

EN AW-7021
W30 X

T4 X X X

Table 2. Different strain rates used in the experiment

Flat sheet specimens were CNC machined showing a test section width of 12.5mm in accord‐
ance with DIN EN ISO 6892-1 (A50) [16]. Attention was given towards the rolling direction of
the sheet metal which was perpendicular to the applied load. The length of the 50mm wide
clamp sections of the specimens were designed to fit with the requirements of the cryogenic
set-up.

A specially designed cryogenic dewar (Figure 5) was used to obtain and maintain the sub-zero
temperatures required in these tests. A variation of testing temperatures was reached by way
of a medium-pipe, which was used as a vessel carrying isothermal media, and was cooled by
liquid nitrogen. The isothermal media used for the experiment shown in Table 3 were first pre-
cooled in an external chamber. The final temperature was reached in the cryogenic dewar,
where the specimen remained for around 5 minutes, before the test started. Furthermore,
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homogeneity of the temperature within the medium-pipe was accomplished by injecting inert
gas. In case of a sudden temperature drop the chamber included an inlet for compressed air,
which ensured a replacement of the cold environment between medium-pipe and cryogenic
dewar. The investigations were conducted using a type Z100 tensile testing machine from
Zwick.
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The influence of strain rates regarding strength values can be considered as small (see Figure
7 a), c), e) & g)). A slightly more distinct effect can be observed for the elongation values,
especially for EN AW-5182 and EN AW-6016 T4. Nevertheless, those variations converge as
the temperature approaches 77K (see Figure 7 b), d), f)&g).

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

7 

Figure 6. Temperature dependence of the yield strength σy, ultimate tensile strength UTS, uniform elongation eu and
fracture elongation ef which was determined at a strain rate of 6.60. 10-2 s-1.
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Figure 7. Temperature dependency of yield strength, ultimate strength and fracture elongation at different strain
rates (black icon 6.60 × 10-2 s-1, grey icon 1.70 × 10-2 s-1, white icon 0.17 × 10-2 s-1)
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Some overall observations where made as a result of the tests from stress-strain data. Firstly
aluminium alloy EN AW-1050A-H14 showed no pronounced yielding for all strain rates and
temperatures. The same effect was observed for EN AW-6016 in both heat treatment condi‐
tions, T4 and W30. In contrast the aluminium alloy EN AW-5182-H111 showed pronounced
yielding at all strain rates and temperatures. Aluminium alloy EN AW-7021 in W30 condition
indicated pronounced yielding only at 298K and 248K. When the temperature was reduced
this effect was not evident. On the other hand, EN AW-7021 in T4 condition showed similar
yielding effects for all strain rates as was also observed for EN AW-6016. If one now considers
Figure 8, the results of increasing the uniaxial load on an EN AW-5182-H111 specimen can be
seen over the elastic and plastic regions. It is clear that there is a pronounced yielding behaviour
accompanied by a region of stress oscillations. For the results, shown at T=298K, the amplitude
is as high as ± 2 MPa; whereas for T ≤ 248K the magnitude reduces to ± 0.2 MPa.

Figure 8. Pronounced yielding and stress amplitudes in the plastic region of EN AW-5182

5. Discussion

The PLC-effect, caused by Cottrell-atmospheres, offers a plausible mechanism to explain the
resulting reduction of fracture elongation ef and uniform elongation eu, which leads to a
decrease in the strain hardening coefficient n. The intensity of Cottrell-atmospheres is pro‐
portional to the quantity of dissolved atoms with a sufficiently high diffusivity, and the time
to form Cottrell-atmospheres. Thus, in the case of the precipitation hardenable alloy EN
AW-6016 and EN AW-7021, it was intended to increase the amount of dissolved atoms via
solution heat-treatment, quenching and immediate testing of the mechanical properties at this
condition. Comparing the two heat-treatment conditions T4 and W30, it can be seen in Figure
6 c) through f) that this procedure had the expected positive effect on fracture elongation ef
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and uniform elongation eu. It seems that the dissolved atoms had not the opportunity to form
Cottrell-atmospheres which confirms the assertion of [8]. If the temperature is reduced, the
diffusivity of the dissolved atoms is generally decelerated. Therefore, the formation of Cottrell-
atmospheres, of the same intensity during the same period of time, is unlikely: this would
correspond to a reduced PLC-effect. Figure 7 b), d) &f) illustrates this effect in terms of a growth
in the fracture elongation ef and uniform elongation eu; thereby, the strain hardening coefficient
n rises simultaneously as illustrated in Figure 9 a), b), c), d) & f). The overall increase in strength
throughout the tested aluminium alloys could be explained inter alia by the activation energy
which reduces as temperature is lowered. Consequently, the force needed to move a disloca‐
tion through the crystal lattice (Peierls Nabarro force), reaches a maximum as temperature
converges to 0 K [4] [18].

Ludwik, Hollomon and Backofen identified that the flow stress Kf can be elevated by raising
the strain ε as well as lifting the strain rate ε̇ [19]. The general relationship between the physical
values is:

K f = K f (ε,  ε̇) (4)

A relationship which was empirically developed by Ludwik modified by Hollomon and
extended by Backofen is

K f =c ∙ε n ∙ ε̇m (5)

where c is a material dependent constant (strength coefficient), n being the strain-hardening
coefficient and m represents the strain rate sensitivity parameter. At temperatures where a
metallurgical softening takes place to a limited extent (T≤ 0.4Tm; Tm=melting point [K]), an
increase of the strain rate will not affect the true stress. Therefore, the m value can be assumed
to be much smaller than 1. The results in Figure 7 confirm this statement.

If m is set to be 0 it follows:

K f =c ∙ε n (6)

Using this relationship most stress-strain curves can be described accurately in the region of
uniform elongation at T≤ 0.4Tm. As exemplified in Heiser [5] the strain hardening coefficient n
can be written as true uniform strain εu or related to the uniform elongation eu.

n =εu = ln (1 + eu) (7)

The strain hardening coefficient n describes to what extent a material can be deformed before
localised necking will start, i.e. the flow curve. Figure 9 shows correlations between experi‐
mental evaluated strain hardening coefficients using Eq. (7) and uniform elongation eu in
relation to temperature and strain rate of EN AW-1050A, EN AW-5182, EN AW-6016 and EN
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AW-7021 specimens. In addition, the Ludwik curve is included which represents n calculated

using Eq. (7).
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Figure 9. Temperature and strain rate dependence of strain hardening exponent n and uniform strain εu. Additionally
included is the dependence of strain hardening coefficient and uniform elongation after Ludwik if only strain harden‐
ing is considered
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Figure 9 a) through f) shows only a slight strain rate dependency. Apart from the temperature
range between 298K and 248K and from EN AW-7021 in the precipitation hardened condition
(T4), an increase of the strain hardening coefficient and uniform elongation as temperature is
reduced can be seen. Except for the aluminium alloy 1050A, (Figure 9 a)) which is consistent
with the Ludwik curve, tested aluminium alloys indicate a parallel offset. It is assumed that
this shift is due to the PLC-effect. Therefore Eq. 6, which takes only the strain hardening process
into account, seems not to be applicable for all aluminium alloys. A modification to this
equation would seem appropriate to allow for the description of materials which exhibit a
PLC-effect. Eq. (8) illustrates a simple modification of Eq. (7). The addition of a constant, p,
provides a shift to the Ludwik curve and can now be written

n = ln (1 + eu) + p (8)

The modified Ludwik curve is illustrated on Figure 9 b) through f) which incorporates a value
of p=0.1. Whilst it is clear that the new fit corresponds more appropriately (recalling that the
7021 Figure 9 e) is in a naturally aged condition (T4) and is not in an ideal state for cryogenic
forming processes), further analyses of flow curves presented in this and additional studies
will provide the basis of a more refined relationship. This will be presented in a subsequent
publication.

Figure 10. Fracture elongation for aluminium wrought alloys of the EN AW-5xxx, EN AW-6xxx and EN AW-7xxx series
at T=77 K and deep-drawing steels at T=298 K. Yield strength in optimised hardened condition for all mentioned
groups at T=298 K.
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6. Conclusion

The plastic behaviour of commercial aluminium wrought alloys in annealed or solution
annealed condition can be positively enhanced if the forming temperature is below 123K. This
advantage can be reached without any interference of higher strain rates.

Figure 10 demonstrates the fracture elongation values which are currently attainable from
aluminium alloys compared with values achievable from deep-drawing steels. A competitive
advantage of cryogenic forming of annealed or solution annealed aluminium alloys is clearly
shown. Flow curves showing PLC-effects can be described more precisely with addition of a
constant p which represents an extension of the initial Ludwik relationship.
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1. Introduction

Commercial purity aluminium alloys are largely used in the forms of foil for food packaging
industries. Aluminium ingots are processed through the multi-operational steps in the
consequence of foil preparation. The ingot of 7mm thickness, obtained from either direct chill
(DC) casting or continuous casting process, is first cold rolled to reduce the thickness approx‐
imately 0.6 mm followed by an intermediate annealing treatment and then final roll pass is
given to produce the foils of desired thickness. Therefore, the intermediate annealing treatment
and consequent recrystallization behavior are prime factors for controlling microstructures as
well as properties of foils. In general, the recrystallization behavior is the resultant of three
steps, viz., deformation, recrystallization and grain growth. It is affected by various impurities
and the precipitates forming at the operational steps.

Iron and silicon are the inevitable impurities in commercial purity aluminium alloys. The
precipitation reaction due to these impurities easily occurs during heat treatment at the
temperature range of 200 – 600oC, affecting cold working, softening, and corrosion resistance
of the alloys. The type of intermetallic phases formed during solidification and volume
fraction, amount and size of the individual particles can be controlled by changing the silicon
(Si) and iron (Fe) content, i.e., by adjusting the Fe/Si ratio [1]. The silicon influences the nature
of eutectic constituent, solid solubility of other elements, formation of precipitates and
dispersoids, and the transformation characteristics of the precipitates [2]. It is necessary to
control the Si content of high quality aluminium foils where material characteristics are
determined by Fe/Si ratio. If the material is properly processed, then it can only be assumed
that the material properties are not actually deteriorated with increased amount of Fe, Si and/
or Mn. In general, composition ratio of the various alloying elements is maintained with respect
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Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
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to each other, but the absolute value of the single alloying element is not critical as long as
primary crystallization of coarse intermetallic phases is avoided.

2. Plastic deformation

2.1. Microstructure of deformed metals

The cold-rolled alloys are consisting high density of dislocations clearly examined through
transmission electron microscopy (TEM). During deformation the dislocations are arranged
as cell boundaries whereas some cell interiors are free of dislocations (Fig. 1). Due to heavy
deformation, the cell boundaries are diffuse in nature instead of simple dislocation.

Figure 1. Dislocation structures of 92% cold rolled commercial purity aluminium alloy (AA1235 :0.67 Fe, 0.16Si, 0.01 Ti
and rest Al) [3]

However, the orientation of plastically deformed alloy changes from grain to grain or in
different regions in a same grain. It happens owing to different rotations during the deforma‐
tion by use of a different combination of slip systems to achieve the imposed strain. Therefore,
the deformation band is nothing but a volume of constant orientation that is significantly
different than the orientation of other parts of the grain, which is explained by a schematic
diagram (Fig. 2). It shows the variation of orientation at different regions of a same grain. The
orientation of one part (X) of a deformed grain changes rapidly to that of a differently oriented
part (Y) of the same grain across a thin boundary of a finite width called the transition bands
(T) or microbands. Sometimes the orientation of deformation bands is changed twice, such as
from X to Y and then Y to X. This special type of deformation band is called kink band.

Light Metal Alloys Applications80

Figure 2. Schematic diagram of deformation bands, transition bands and kink bands [4]

After plastic deformation by slip mechanism, the walls of high dislocation density separate
the region of low dislocation density. Such types of microstructure have been referred to as
cell or subgrain. In the case of cell structures, the boundary consists of a tangled array of
dislocations and appears to be a diffuse in nature. For subgrain, the boundary is sharp and
consists of a well ordered dislocation array. The cell structure develops in the bulk material
during or after the dislocation movement induced by the applied stress. With increasing strain,
the walls become quite sharp and interiors become reasonably free of dislocations. At this stage
the cell might be called subgrain.

2.2. The effect of particles on deformed microstructure

Due to rapid cooling rate in the continuous casting and direct chill casting, the alloying
elements remain as supersaturated solid solution. Upon the processing operation of alumini‐
um foils, the increased cold rolling reduction gives rise to a more pronounced dislocation
entanglement. It results in the acceleration of both stored energy and precipitation. Therefore,
during plastic deformation of two-phase alloys, particles affect the overall dislocation density,
inhomogeneity of deformation in the matrix and deformation structure. Subsequently, the
recrystallization behaviour of the alloy is also affected due to the influence of driving force as
well as nucleation sites for recrystallization. If the particle is strong enough to withstand the
applied stress on it, the dislocation then proceeds to encircle the particle and leaves an Orowan
loop, otherwise it deforms. When the particle does not deform then extra dislocations are
generated at the particle-matrix interface. On the other hand, if the particle deforms either
before or after the formation of Orowan loop, no extra dislocations are generated. Generally,
smaller particles are weaker than larger particles, which results in weaker slip plane. Move‐
ment of subsequent dislocations occurs on the same plane. As a consequence, slip bands are
formed.

2.3. Deformation texture

The cold rolling texture of aluminium alloy sheets has been characterized as β fiber, which is
associated with plane strain deformation [5]. The texture is varied from layer to layer of the
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sheet. The surface layer of the rolled sheet is known to have the shear texture, which is different
from that of the plane strain deformed center layer [6-10]. According to Grewen and Huber,
the ideal orientations in 95% cold rolled aluminium are characterized by {112}<111>, {110}<112>
and {123}<412> [11]. The penetration depth of shear texture increased with increasing friction
coefficients and rolling temperature [7]. Above all, material parameters also influence the shear
texture formation. The most important factors among material parameters are the yield
strength and strain hardening exponent [8,9]. The texture inhomogeneity has often been of
considerable importance in rolling of pure aluminium, which has a low yield strength and
work hardening exponent and tends to develop the shear texture in the surface layer [12-14].
Aluminium and copper single crystals of the S-orientations develop cube texture after cold-
rolling by more than 97.5% and subsequent annealing [15, 16]. This occurs owing to the close
correlation between the formation of {001}<100> deformation structure and the development
of cube texture. The cube-oriented material formed during rolling is considered to be the
preferential nucleation sites of cubically aligned recrystallized grains. The factors which affect
the generation of the {001}<100> deformation structure and the equivalent components during
rolling are process parameters like friction between roll and sheet, rolling temperature,
lubricants and the L/d value (where L and d represent the contact length and the thickness of
specimens, respectively). Low viscosity lubricant such as kerosene suppresses the formation
of {001}<100> deformation structure, whereas using machine oil as lubricant a cube component
is formed. Thereafter, subsequent annealing treatment develops retained rolling and random
texture in kerosene treated alloy and sharper cube texture in machine oil treated alloy [17].
Truszkowski et al. [9, 10] and Asbeck and Mecking [8] have reported that the shear texture is
developed when L/d ≥ 5 or L/d ≤ 0.5.

3. Recovery

3.1. Subgrain formation and its growth

During plastic deformation of polycrystalline material (specially the alloy of medium and high
stacking fault energy), unequal numbers of dislocations of two signs are generated, and the
dislocations are rearranged as three-dimensional cell structure with complex dislocation
tangles as cell walls. At recovery stage, the dislocations of opposite sign annihilate each other
by combination of gliding and climbing mechanisms. The excess dislocations are left in the
material at the end of the first stage of recovery. Upon progressing stages, these excess
dislocations are arranged in a low energy configuration in the form of regular arrays or low
angle grain boundaries (LAGBs). This mechanism is called polygonization [18], and the newly
formed cells are called subgrains. In other words, the dislocation movement from the cell
interiors to the cell boundary causes low angle grain boundaries, resulting in the subgrain
formation. Sometimes, the dynamic recovery also helps to form a well-developed subgrain
structure during deformation. In this case, recovery is the only involvement for the coarsening
of subgrain structure. Although low stacking fault energy material shows poor subgrain
structure, but when fine second-phase particles inhibit recrystallization then at high temper‐
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ature a well-defined substructure is formed by recovery [19]. Coarsening of substructure takes
place by two methods-subgrain boundary migration and subgrain rotation.

The cell structure of a heavily cold rolled alloy is modified as a function of annealing time,
examining the subgrain growth. In a commercial purity aluminium alloy (AA1235), after
annealing at 250ºC for 1 h, the dislocations are examined to rearrange themselves to form a
subgrain structure with an average diameter of 0.60 μm. Dislocation networks form the low
angle boundary also known as subboundary. The dislocation rearrangement in the regions
where the cell structure is not well-developed is described as a “disentanglement of disloca‐
tions” (Fig. 3a). Consequently, the dislocation density decreases inside the subgrain and
particles are precipitated at subboundary as well as inside of subgrains (Fig. 3b). After 4 h of
annealing at same temperature homogeneous subgrain growth takes place with an average
diameter of 2 μm. Generally, the sharp delineation of many subboundaries decreases upon
annealing and ultimately fades away, in agreement with the proposed coalescence mechanism
(Figs. 3c). At this stage, subgrain growth is hindered by the pinning action of Al3Fe precipitates.

Figure 3. TEM micrographs (BF) showing subgrain formation of 92% cold rolled alloy AA1235 annealed at 250ºC for
(a) & (b) 1h and (c) 4h.

Recrystallization Behavior of Commercial Purity Aluminium Alloys
http://dx.doi.org/10.5772/58385

83



sheet. The surface layer of the rolled sheet is known to have the shear texture, which is different
from that of the plane strain deformed center layer [6-10]. According to Grewen and Huber,
the ideal orientations in 95% cold rolled aluminium are characterized by {112}<111>, {110}<112>
and {123}<412> [11]. The penetration depth of shear texture increased with increasing friction
coefficients and rolling temperature [7]. Above all, material parameters also influence the shear
texture formation. The most important factors among material parameters are the yield
strength and strain hardening exponent [8,9]. The texture inhomogeneity has often been of
considerable importance in rolling of pure aluminium, which has a low yield strength and
work hardening exponent and tends to develop the shear texture in the surface layer [12-14].
Aluminium and copper single crystals of the S-orientations develop cube texture after cold-
rolling by more than 97.5% and subsequent annealing [15, 16]. This occurs owing to the close
correlation between the formation of {001}<100> deformation structure and the development
of cube texture. The cube-oriented material formed during rolling is considered to be the
preferential nucleation sites of cubically aligned recrystallized grains. The factors which affect
the generation of the {001}<100> deformation structure and the equivalent components during
rolling are process parameters like friction between roll and sheet, rolling temperature,
lubricants and the L/d value (where L and d represent the contact length and the thickness of
specimens, respectively). Low viscosity lubricant such as kerosene suppresses the formation
of {001}<100> deformation structure, whereas using machine oil as lubricant a cube component
is formed. Thereafter, subsequent annealing treatment develops retained rolling and random
texture in kerosene treated alloy and sharper cube texture in machine oil treated alloy [17].
Truszkowski et al. [9, 10] and Asbeck and Mecking [8] have reported that the shear texture is
developed when L/d ≥ 5 or L/d ≤ 0.5.

3. Recovery

3.1. Subgrain formation and its growth

During plastic deformation of polycrystalline material (specially the alloy of medium and high
stacking fault energy), unequal numbers of dislocations of two signs are generated, and the
dislocations are rearranged as three-dimensional cell structure with complex dislocation
tangles as cell walls. At recovery stage, the dislocations of opposite sign annihilate each other
by combination of gliding and climbing mechanisms. The excess dislocations are left in the
material at the end of the first stage of recovery. Upon progressing stages, these excess
dislocations are arranged in a low energy configuration in the form of regular arrays or low
angle grain boundaries (LAGBs). This mechanism is called polygonization [18], and the newly
formed cells are called subgrains. In other words, the dislocation movement from the cell
interiors to the cell boundary causes low angle grain boundaries, resulting in the subgrain
formation. Sometimes, the dynamic recovery also helps to form a well-developed subgrain
structure during deformation. In this case, recovery is the only involvement for the coarsening
of subgrain structure. Although low stacking fault energy material shows poor subgrain
structure, but when fine second-phase particles inhibit recrystallization then at high temper‐

Light Metal Alloys Applications82

ature a well-defined substructure is formed by recovery [19]. Coarsening of substructure takes
place by two methods-subgrain boundary migration and subgrain rotation.

The cell structure of a heavily cold rolled alloy is modified as a function of annealing time,
examining the subgrain growth. In a commercial purity aluminium alloy (AA1235), after
annealing at 250ºC for 1 h, the dislocations are examined to rearrange themselves to form a
subgrain structure with an average diameter of 0.60 μm. Dislocation networks form the low
angle boundary also known as subboundary. The dislocation rearrangement in the regions
where the cell structure is not well-developed is described as a “disentanglement of disloca‐
tions” (Fig. 3a). Consequently, the dislocation density decreases inside the subgrain and
particles are precipitated at subboundary as well as inside of subgrains (Fig. 3b). After 4 h of
annealing at same temperature homogeneous subgrain growth takes place with an average
diameter of 2 μm. Generally, the sharp delineation of many subboundaries decreases upon
annealing and ultimately fades away, in agreement with the proposed coalescence mechanism
(Figs. 3c). At this stage, subgrain growth is hindered by the pinning action of Al3Fe precipitates.

Figure 3. TEM micrographs (BF) showing subgrain formation of 92% cold rolled alloy AA1235 annealed at 250ºC for
(a) & (b) 1h and (c) 4h.

Recrystallization Behavior of Commercial Purity Aluminium Alloys
http://dx.doi.org/10.5772/58385

83



3.2. The effect of second phase particles

In two phase alloys, second phase particles inhibit recovery by the pinning of individual
dislocation or dislocations of the low angle boundaries. Therefore, the dispersion of fine
particles exerts a strong pinning effect on the subgrains [20-22]. Moreover, the particles stabled
at high temperature improve the strength and creep properties of the alloy by pinning and
stabilizing the recovered substructure. If the particles prevent the subgrain to reach the critical
size for the formation of recrystallization nucleus, then recrystallization is also hindered. The
evidence of dislocation pinning and restriction of subgrain growth is examined for a commer‐
cial purity aluminium alloy (AA8011) after annealing below 400ºC [23]. Similarly, the well-
defined subgrains are examined in another commercial purity aluminium alloy (AA1235) after
4h annealing at 250ºC [24], as shown in Fig.4. The dislocation density change is clearly
examined at some portions (X) of boundaries. The distribution of dislocation is also another
observation at some points (Y). At this stage, dislocations accumulate at the grain boundary
region and sometime they result in the formation of grain boundary lines at Z [25]. It can be
said that the effect of particles on subgrain growth is similar to the effect of particles on grain
growth.

Figure 4. TEM micrographs (BF) showing the effect of annealing at 250°C for 4 h on subgrain structure of 92% cold
rolled bulk specimen (AA1235).

4. Recrystallization

4.1. The effect of deformation percentage

Nucleation and growth of new recrystallized grains are closely dependent on the distribution
of dislocations within the deformed grains, relating to the deformation percentages. Recrys‐
tallization does not happen below a minimum strain and the start temperature of recrystalli‐
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zation decreases with increasing the minimum strain level. It is known that at low strain (<5%)
high activation energy for nucleation results in a low nucleation rate and a relatively high
growth rate [26]. With varying cold rolling percentage for different commercial purity
aluminium alloys (AA1145, AA1200, AA8011), the degree of softening is identical for low
reduction levels (<95%) and less steep for reduction levels above 95% (Fig.5) [27]. It corresponds
to the gradual coarsening of microstructure with increasing temperature for high reduction
levels (>95%), relating to the continuous recrystallization.

Figure 5. Yield stress variation with annealing temperature for three commercial purity aluminium alloys at different
percentage of cold rolling [27]

4.2. Nucleation of recrystallization

The recrystallization nuclei originate at preferred sites such as prior grain boundaries,
transition bands, and shear bands of deformed microstructure. The nucleation process at the
grain boundary region by two different mechanisms:

1. Strain induced boundary migration, where a nucleus forms when an original grain
boundary bulges out [28].

2. Subgrain coarsening by coalescence at the original grain boundary, where a nucleus
forms in the consequence of subgrain growth [29-31].
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With an increasing degree of deformation, the number of potential nucleation sites such as
deformation bands and grain boundary bands increases significantly and the number of such
sites is larger in fine grain than in coarse grain specimens [32]. The effectiveness of nucleation
sites is enhanced by the presence of intermetallic particles (Al3Fe) with increasing degree of
deformation. Potential nucleation sites are more important factor than number of nuclei. If the
same numbers of nuclei form at the grain boundaries of both fine grain material and coarse
grain material, then the fine grain material shows more homogeneous recrystallization. In case
of heterogeneous recrystallization, all grains are not recrystallized at the same rate. It is known
that crystallographic orientation affects the slip systems and strain path during deformation.
Therefore, distribution and density of dislocations, large scale microstructural inhomogenet‐
ies, availability of nucleation sites, and growth rate of recrystallized grains are also dependent
on crystallographic orientation.

4.3. Sequence of precipitation and recrystallization

It is well established that the recrystallization behavior of a deformed and supersaturated alloy
is largely dependent on whether or not precipitation of the second phase particles take place
simultaneously with recrystallization [33]. Hornbogen and Köster have suggested that
recrystallization occurs prior to precipitation at high temperatures, whereas precipitation takes
place prior to recrystallization at low temperatures [34]. If particles are precipitated during
recrystallization they may hinder both the formation and migration of recrystallization fronts.
Alternatively, if the second phase particles are precipitated in the matrix prior to cold rolling,
the recrystallization behaviour will depend on the size and dispersion of the second phase
particles.

4.4. The effect of inter particle spacing

At wide inter particle spacing, when only a few particles are present, there is basically no
difference between the recrystallization behaviour of two-phase and single phase alloys. In
this case, nucleation generally occurs at the original matrix boundaries and the ultimate
recrystallized grain size may vary owing to inhomogeneous distribution of nucleation sites.
With an increase in particle content of the alloy (i.e., decrease in interparticle spacing) nucle‐
ation occurs more rapidly at the lattice curvature of particle-matrix (for the particles >1 μm)
interface than at the grain boundary region [35]. In addition, due to the increase in quantity
and uniform distribution of particle-matrix nucleation sites, the final recrystallized grains
become more uniform and finer. However, the trend towards increased nucleation due to
decrease in interparticle spacing occurs until particles maintain a critical spacing (C1) to allow
the nucleation to occur simultaneously and independently at each particle. After reaching the
critical spacing (C1), a nucleus attached to one particle would be viable itself, if it left to develop
by itself. It would be non-viable if nuclei start to form simultaneously at neighbouring particles.
They would then interfere with each other before reaching a viable size. Thus, due to the
formation of fewer amount of viable nuclei at particle-matrix interfaces during increase in
particle content (i.e., decrease in interparticle spacing) the overall nucleation rate of recrystal‐
lization decreases. Further increase in particle content leads to a second critical spacing (C2) at
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which viable nuclei formation is inhibited owing to the proximity of particles. In such
circumstances nucleation is likely to occur predominantly at the original matrix grain boun‐
daries. As a consequence, the nucleation as well as recrystallization rate drastically get reduced
if the inter particle spacing falls below C2 [36].

4.5. The effect of particle size

At the time of deformation, large particles (> 1 μm) lead to a heterogeneous distribution of
dislocations, whereas fine particles (< 0.1 μm) give rise to a homogeneous distribution of
dislocations. As a consequence, the number of possible recrystallization nucleation sites
increases for large particles and decreases for fine particles. This can be related to the degree
of deformation (Fig. 6), explaining the nucleation of recrystallized grains at the particles greater
than 2 μm for a highly deformed metal [37]. The fine particles also inhibit sub-boundary
migration and thus the nucleation process is retarded. As the particles become more finely
spaced, nearly all cell boundaries will be pinned by the particles at the end of the deformation
stage. In this case, when recrystallization occurs, the mechanism of nucleation is not well
understood, but the kinetics of the process is certainly very slow [38]. Closely spaced, thermally
stable particles preserve the deformed/ recovered microstructure up to the melting point of
the matrix. Kim et al. have revealed that the retention of dislocation substructure at high
temperature provides an additional strengthening mechanism to the dispersion hardening of
the alloys used at high temperature structural applications [39]. With the decrease in the
particle size and spacing between particles, recrystallization kinetics is retarded, but final grain
size becomes quite large [37, 40]. Several researchers have studied the relationship between
dispersion characteristics, deformation substructure, and recrystallization [41-43].

Figure 6. The conditions of deformation and particle size for which nucleation of recrystallized grains is observed to
occur at particles [37].
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With an increasing degree of deformation, the number of potential nucleation sites such as
deformation bands and grain boundary bands increases significantly and the number of such
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place prior to recrystallization at low temperatures [34]. If particles are precipitated during
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the recrystallization behaviour will depend on the size and dispersion of the second phase
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formation of fewer amount of viable nuclei at particle-matrix interfaces during increase in
particle content (i.e., decrease in interparticle spacing) the overall nucleation rate of recrystal‐
lization decreases. Further increase in particle content leads to a second critical spacing (C2) at
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which viable nuclei formation is inhibited owing to the proximity of particles. In such
circumstances nucleation is likely to occur predominantly at the original matrix grain boun‐
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than 2 μm for a highly deformed metal [37]. The fine particles also inhibit sub-boundary
migration and thus the nucleation process is retarded. As the particles become more finely
spaced, nearly all cell boundaries will be pinned by the particles at the end of the deformation
stage. In this case, when recrystallization occurs, the mechanism of nucleation is not well
understood, but the kinetics of the process is certainly very slow [38]. Closely spaced, thermally
stable particles preserve the deformed/ recovered microstructure up to the melting point of
the matrix. Kim et al. have revealed that the retention of dislocation substructure at high
temperature provides an additional strengthening mechanism to the dispersion hardening of
the alloys used at high temperature structural applications [39]. With the decrease in the
particle size and spacing between particles, recrystallization kinetics is retarded, but final grain
size becomes quite large [37, 40]. Several researchers have studied the relationship between
dispersion characteristics, deformation substructure, and recrystallization [41-43].

Figure 6. The conditions of deformation and particle size for which nucleation of recrystallized grains is observed to
occur at particles [37].
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4.6. Type of particles in commercial purity aluminium

In commercial purity aluminium alloys, the main impurity Fe combines with both Al and Si
to form a large variety of phases during solidification or during subsequent thermomechanical
processing [44, 45]. Shoji and Fujikura have identified three types of precipitates Si, α-AlFeSi,
and Al3Fe in cold rolled commercial alloy AlFe0.6Si0.16 (all in wt%) after annealing in salt bath
at different temperatures 300, 400 and 500ºC, respectively [3, 46]. Some researchers have
identified only Al3Fe precipitates during recrystallization of commercial Al-Fe-Si alloy [47]. In
AA8011 alloy, Al3Fe and Si precipitates are observed in cold rolled and annealed conditions
[48]. After heavy plastic deformation (~92%), very small particles of 0.17 μm size are distributed
in the dislocations [3]. Upon progress of annealing, the particle size increases, and both smaller
and larger, spherical and plate-shaped Al3Fe particles are inhomogeneously distributed and
situated at subboundaries and subgrain interiors. Since the dislocations cannot cross the grain
boundary, during annealing a large variation of dislocation density occurs from grain to grain
owing to the pinning effect of precipitate particles. After completion of recrystallization,
particle also inhibits the grain boundary migration along with pinning of the dislocations. Even
after a long time of high temperature annealing for heavily deformed alloy, the Al3Fe particles
may pin down the dislocations, resulting in the presence of a large amount dislocations inside
the grains (Fig. 7) [3, 24]. During the intersection of grain boundary by particles, a Zener drag
force is generated to restrain the boundary migration [49]. The coherent particle generally loses
the coherency when a high angle grain boundary moves past a coherent particle. The coherent
particles are twice as effective in pinning a grain boundary as incoherent particles of the same
size [4]. There are many alternative situations during particle-boundary interaction. The
particle may dissolve during passage of the boundary and re-precipitate in a coherent
orientation, it may reorient itself to a coherent orientation, or the boundary may cut through
the particle [50].

Figure 7. TEM micrographs (BF) of 92% cold rolled alloy AA1235 after annealing at 480ºC for 8 h showing (a) pinning
of dislocations by a particle, and (b) presence of dislocations even after completion of recrystallization
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4.7. Particle distributions in bimodal alloys

Many commercial alloys are bimodal alloys which contain both large (>1 μm) and small
particles. Large particles act as nucleation sites for recrystallization and small particles hinder
the grain boundary migration, i.e., retard the recrystallization. Therefore, recrystallization
behaviour of bimodal alloys is affected by particle distribution. During deformation, the fine
dispersion of small particles does not affect significantly the degree of lattice curvature
generated at the large particle-matrix interface. Later, by altering the dispersion parameters of
particles, recrystallization kinetics and microstructures are controlled. Chan and Humphreys
have reported that in the bimodal alloy, nucleation of recrystallization takes place at the large
particles, but fine particles determine the time for completion of recrystallization [51]. They
have observed a large number of small island grains and coarse irregular grains in the
microstructure of bimodal alloys. With increasing coarsening of the fine precipitates, the grain
shapes become more regular and the mean size decreases. Nes has taken the help of the
parameter f/r (where f and r are volume fraction and radius of small particles, respectively) to
describe a model to account for the grain size of bimodal alloys [52]. In bimodal alloys, critical
particle size for the growth of a nucleus is
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where Pd is driving force (stored energy in the subgrain boundaries),

ρ is dislocation density,

G is shear modulus,

b is burgers vector,

Pz is Zener pinning force,

is grain boundary energy,

f is volume fraction of small particles,

r is radius of small particles

As f/r of fine dispersion increases, the large particles act as the nucleation sites, but growth of
the grains is slowed down at the early stage of annealing. However, the earlier developed
grains either consume the smaller grains, or form island grains.

4.8. Recrystallization texture

Annealing of heavily deformed material leads to a wide range of recrystallization textures.
Different types of recrystallization textures can be produced in similar alloys each having
almost identical and very strong deformation textures [11]. In f.c.c. metals, sometimes recrys‐
tallization texture contains cube texture along with retained rolling texture and in some cases
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boundary, during annealing a large variation of dislocation density occurs from grain to grain
owing to the pinning effect of precipitate particles. After completion of recrystallization,
particle also inhibits the grain boundary migration along with pinning of the dislocations. Even
after a long time of high temperature annealing for heavily deformed alloy, the Al3Fe particles
may pin down the dislocations, resulting in the presence of a large amount dislocations inside
the grains (Fig. 7) [3, 24]. During the intersection of grain boundary by particles, a Zener drag
force is generated to restrain the boundary migration [49]. The coherent particle generally loses
the coherency when a high angle grain boundary moves past a coherent particle. The coherent
particles are twice as effective in pinning a grain boundary as incoherent particles of the same
size [4]. There are many alternative situations during particle-boundary interaction. The
particle may dissolve during passage of the boundary and re-precipitate in a coherent
orientation, it may reorient itself to a coherent orientation, or the boundary may cut through
the particle [50].

Figure 7. TEM micrographs (BF) of 92% cold rolled alloy AA1235 after annealing at 480ºC for 8 h showing (a) pinning
of dislocations by a particle, and (b) presence of dislocations even after completion of recrystallization
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4.7. Particle distributions in bimodal alloys

Many commercial alloys are bimodal alloys which contain both large (>1 μm) and small
particles. Large particles act as nucleation sites for recrystallization and small particles hinder
the grain boundary migration, i.e., retard the recrystallization. Therefore, recrystallization
behaviour of bimodal alloys is affected by particle distribution. During deformation, the fine
dispersion of small particles does not affect significantly the degree of lattice curvature
generated at the large particle-matrix interface. Later, by altering the dispersion parameters of
particles, recrystallization kinetics and microstructures are controlled. Chan and Humphreys
have reported that in the bimodal alloy, nucleation of recrystallization takes place at the large
particles, but fine particles determine the time for completion of recrystallization [51]. They
have observed a large number of small island grains and coarse irregular grains in the
microstructure of bimodal alloys. With increasing coarsening of the fine precipitates, the grain
shapes become more regular and the mean size decreases. Nes has taken the help of the
parameter f/r (where f and r are volume fraction and radius of small particles, respectively) to
describe a model to account for the grain size of bimodal alloys [52]. In bimodal alloys, critical
particle size for the growth of a nucleus is
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ρ is dislocation density,

G is shear modulus,

b is burgers vector,

Pz is Zener pinning force,

is grain boundary energy,

f is volume fraction of small particles,

r is radius of small particles

As f/r of fine dispersion increases, the large particles act as the nucleation sites, but growth of
the grains is slowed down at the early stage of annealing. However, the earlier developed
grains either consume the smaller grains, or form island grains.

4.8. Recrystallization texture

Annealing of heavily deformed material leads to a wide range of recrystallization textures.
Different types of recrystallization textures can be produced in similar alloys each having
almost identical and very strong deformation textures [11]. In f.c.c. metals, sometimes recrys‐
tallization texture contains cube texture along with retained rolling texture and in some cases
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nearly random textures [11]. It is reported that with increasing deformation, the volume
fraction of the cube texture decreases preferably for low annealing temperatures and that of
the rolling texture increases for all temperatures, whereas the random part of the texture
strongly decreases [53]. The possible origin of recrystallization texture has been reviewed
several times [54, 55]. It is notable that “oriented nucleation” and “oriented growth” are two
possible theories for the development of recrystallization texture [56, 57]. The recrystallization
texture develops from the competition between cube oriented grains which nucleate at the
cube bands, R-oriented grains (i.e., retained rolling texture) which stem from the grain
boundaries between the former deformed grains, and randomly oriented grains due to particle
stimulated nucleation (PSN).

4.8.1. The effect of particles

It is already discussed in previous section (§ 4.4) that widely spaced coarse particles (>1 μm)
enhance nucleation and the rate of recrystallization if it is present before deformation. The
finely dispersed particles normally reduce recrystallization kinetics having a greater retarding
influence on nucleation than on growth. Therefore, the texture changes can be rationalized on
the basis of the orientation dependent nucleation. If nucleation of all components is retarded
in equal proportions, then the time available for growth of the first formed grains is increased.
The recrystallization texture will therefore show increased selectivity and will become even
more strongly biased towards the most favoured orientation nuclei. The effect of particle size
on the formation of major components of recrystallization texture is shown in Table 1 [58].

Material

(% of reduction)

Particles Recrystallization Texture

Volume fraction

(f)

Diameter

(μm)

Al (99.9965) (90%) 0 - Cube

Fe-AlN (70%) 0.06 0.017 Rolling

Al-Al2O3 (30-90%) 0.4 0.1 Deformation

Cu-SiO2 (70%) 0.5 0.23 Rolling + Twins

Al-FeSi (90%) 0.5 0.2- 7 Cube, Rolling, Random

Al-Si (90%) 0.8 2 Cube, Rolling, Random

Al- Ni (80%) 10.0 1 Rolling, Random

Al- SiC (70% 20.0 10 Random

Table 1. Major components of the recrystallization texture for some particle containing alloys [58]

The effect of PSN on recrystallization texture is as follows [59]:

1. PSN results in a sharp recrystallization texture for low strained material or in case of
particle containing single crystals. When PSN originates in several deformation zones at
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a single particle of a lightly deformed polycrystals, a spread of orientation is observed
around the particles in the deformed matrix.

2. In the case of heavily deformed material, the presence of different deformation zones of
different grains or different deformation regions of the same grain results in a single grain
with a wide range of orientations. As a consequence, either a weak texture or randomly
oriented grains form.

The recrystallization texture is dependent on the particle size, strength and spacing. When the
particles precipitate during annealing, the recrystallization texture developed is similar to the
deformation texture. There is no clear reason for the retention of the rolling texture in the
recrystallized alloys. It appears that a strong cube texture is rarely formed and particles may
be responsible for suppressing the formation or viability of cube sites. This enables other
components including the retained rolling components to dominate the texture.

Although PSN nuclei are oriented randomly in the heavily rolled polycrystal, the final texture
of this alloy is not random. Therefore, it is concluded that grains from other sites with different
orientation affect the final texture. From Table 2.2 it is observed that for the alloys (e.g., Al-Fe-
Si or Al-Si) containing low volume fraction of particles, cube and rolling components are
developed, whereas rolling and random components develop for high volume fraction of
particles containing alloys (e.g., Al-Ni). The cube grains are larger than randomly oriented
grains owing to the faster growth rate of former [59]. It results in formation of small island
grains inside the large cube grains. Some researchers have shown that the strength of the cube
component decreases with an increase in the number of supercritical sized particles in the case
of hot-rolled aluminium alloy AA3004 [60]. On the other hand, volume fraction of randomly
oriented grains increases with an increase in the number of supercritical sized particles.
Hornbogen et al. have distinguished between ‘discontinuous’ (conventional recrystallization)
and ‘continuous’ recrystallization [61]. The former cases give rise to normal recrystallization
textures, such as the cube texture, while the latter cause retention of the rolling texture.

4.8.2. Effect of Fe on the commercial purity aluminium

A typical recrystallization texture of highest purity aluminium is the cube-orientation
{001}<100> [5, 11]. In commercial purity aluminium the iron and silicon contents have been
found to be important factors in controlling the recrystallization texture [62, 63]. It is reported
that a small amount of Fe may cause a change almost from pure cube to retained rolling texture
[4]. During recrystallization, precipitation of Al3Fe particles inhibits the growth of the early
formed cube nuclei, thereby forcing nucleation in the abundant rolling texture components.
Thus, the recrystallization textures of most commercial aluminium alloys are composed of
three texture types, namely the cube texture, the retained rolling texture and the random
texture [64, 65]. Cube-oriented subgrains are known to rapidly recover either dynamically
during deformation or statically during the early stage of recrystallization, which gives rise to
a size advantage of cube nuclei [66]. Growth of the dominant cube grains is lowered by solute
drag and/or precipitation, which leads to the development of rolling component and reduces
the strength of the cube component. In a sheet, a mixture of cube and rolling components is
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cube bands, R-oriented grains (i.e., retained rolling texture) which stem from the grain
boundaries between the former deformed grains, and randomly oriented grains due to particle
stimulated nucleation (PSN).

4.8.1. The effect of particles

It is already discussed in previous section (§ 4.4) that widely spaced coarse particles (>1 μm)
enhance nucleation and the rate of recrystallization if it is present before deformation. The
finely dispersed particles normally reduce recrystallization kinetics having a greater retarding
influence on nucleation than on growth. Therefore, the texture changes can be rationalized on
the basis of the orientation dependent nucleation. If nucleation of all components is retarded
in equal proportions, then the time available for growth of the first formed grains is increased.
The recrystallization texture will therefore show increased selectivity and will become even
more strongly biased towards the most favoured orientation nuclei. The effect of particle size
on the formation of major components of recrystallization texture is shown in Table 1 [58].
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Table 1. Major components of the recrystallization texture for some particle containing alloys [58]

The effect of PSN on recrystallization texture is as follows [59]:

1. PSN results in a sharp recrystallization texture for low strained material or in case of
particle containing single crystals. When PSN originates in several deformation zones at
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a single particle of a lightly deformed polycrystals, a spread of orientation is observed
around the particles in the deformed matrix.

2. In the case of heavily deformed material, the presence of different deformation zones of
different grains or different deformation regions of the same grain results in a single grain
with a wide range of orientations. As a consequence, either a weak texture or randomly
oriented grains form.

The recrystallization texture is dependent on the particle size, strength and spacing. When the
particles precipitate during annealing, the recrystallization texture developed is similar to the
deformation texture. There is no clear reason for the retention of the rolling texture in the
recrystallized alloys. It appears that a strong cube texture is rarely formed and particles may
be responsible for suppressing the formation or viability of cube sites. This enables other
components including the retained rolling components to dominate the texture.

Although PSN nuclei are oriented randomly in the heavily rolled polycrystal, the final texture
of this alloy is not random. Therefore, it is concluded that grains from other sites with different
orientation affect the final texture. From Table 2.2 it is observed that for the alloys (e.g., Al-Fe-
Si or Al-Si) containing low volume fraction of particles, cube and rolling components are
developed, whereas rolling and random components develop for high volume fraction of
particles containing alloys (e.g., Al-Ni). The cube grains are larger than randomly oriented
grains owing to the faster growth rate of former [59]. It results in formation of small island
grains inside the large cube grains. Some researchers have shown that the strength of the cube
component decreases with an increase in the number of supercritical sized particles in the case
of hot-rolled aluminium alloy AA3004 [60]. On the other hand, volume fraction of randomly
oriented grains increases with an increase in the number of supercritical sized particles.
Hornbogen et al. have distinguished between ‘discontinuous’ (conventional recrystallization)
and ‘continuous’ recrystallization [61]. The former cases give rise to normal recrystallization
textures, such as the cube texture, while the latter cause retention of the rolling texture.

4.8.2. Effect of Fe on the commercial purity aluminium

A typical recrystallization texture of highest purity aluminium is the cube-orientation
{001}<100> [5, 11]. In commercial purity aluminium the iron and silicon contents have been
found to be important factors in controlling the recrystallization texture [62, 63]. It is reported
that a small amount of Fe may cause a change almost from pure cube to retained rolling texture
[4]. During recrystallization, precipitation of Al3Fe particles inhibits the growth of the early
formed cube nuclei, thereby forcing nucleation in the abundant rolling texture components.
Thus, the recrystallization textures of most commercial aluminium alloys are composed of
three texture types, namely the cube texture, the retained rolling texture and the random
texture [64, 65]. Cube-oriented subgrains are known to rapidly recover either dynamically
during deformation or statically during the early stage of recrystallization, which gives rise to
a size advantage of cube nuclei [66]. Growth of the dominant cube grains is lowered by solute
drag and/or precipitation, which leads to the development of rolling component and reduces
the strength of the cube component. In a sheet, a mixture of cube and rolling components is
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desired to prohibit earing during deep drawing of that sheet [54]. It is interesting to note from
the research work of Hirsch and Lücke that 95% cold-rolled alloy Al-0.007% Fe shows the
retained rolling texture with a small amount of cube texture at 360ºC compared to strong cube
texture at 280 and 520ºC [67]. It is due to the formation of iron-rich phase at 360ºC, which
restricts cube grain growth. When precipitation occurs before or after completion of recrys‐
tallization, the effect on boundary migration is less drastic and a strong cube texture develops.
It has been observed that the growing grains of cube component can consume the recrystallized
grains of non-cube component along with the surrounding deformed material [68]. It is
reported that coarse iron rich particles inhibit the formation of cube texture in cold rolled
aluminium alloys [11]. It is evident that increasing iron content decreases the strength of the
cube texture, especially when it is present in solid solution form before rolling [11]. Even the
addition of 0.1% iron to aluminium may change the recrystallization texture [69].

4.8.3. Effect of recrystallization texture on microstructure and mechanical properties

Grain size and mechanical properties can be controlled by maintaining proper texture in
recrystallized microstructure. It is already discussed in §4.8.2 that Al3Fe particles suppress the
cube texture formation. Cube grain growth is also inhibited by “orientation pinning” [59].
Orientation pinning occurs when a recrystallized grain of a given orientation grows into
deformed material of its own orientation. It results in a low angle boundary and the growth
of the recrystallized grain will practically stop due to the low mobility of low angle boundaries.
The case where orientation pinning is expected to be important is for the growth of grains with
the same orientation as a main component in the deformation texture, like retained rolling
components. Vatne et al. have also reported a case where the growth of cube grains has been
most likely reduced due to orientation pinning. This may be due to an extremely high as-
deformed cube fraction of 35% [70]. Therefore, fine grains can be generated in the foil by
controlling recrystallization texture during intermediate annealing treatment, which improves
the mechanical properties of the foil. Blade has demonstrated that earing tendency of alumi‐
nium alloy increases with increase in cube texture component [71]. It is shown that earing
tendency becomes zero when 25% cube texture is present.

5. Grain growth

5.1. The effect of second-phase particles and orientation gradient

During grain growth, boundary migration is retarded by a Zener drag effect of the second-
phase particles. As the driving pressure of grain growth is extremely low, particles may have
a very large influence on both the kinetics of grain growth and the resultant microstructure.
Humphreys et al. have elaborately discussed the growth related formulation, i.e., driving and
pinning pressures for growth, grain growth rate, limiting grain size due to particles, etc. [4].
In the case of planar grain boundary, Zener limiting grain size (DZener) which equals to the
critical radius of island grains, arises from the balance between the driving pressure for grain
growth (P) and Zener pinning pressure (Pz).
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Equation 2 is only applicable to those materials where the second-phase particles are stable
during grain growth. Therefore, stability of the particles with temperature is one of the
important factors for growth mechanism. The instability of the second-phase particles, i.e.,
precipitation after the formation of grain and subgrain structure or coarsening of particles
during grain growth, affects the grain growth by a different way and it has been discussed
elsewhere [4].

Orientation gradient has a greater effect on the grain boundary mobility. High stacking fault
energy alloys (Al, Ni and α-iron etc.) readily form a cellular or subgrain structure during
deformation. This structure is often not uniform and orientation gradients are usually
developed here. In addition, many alloys produced by thermomechanical processing develop
a preferred orientation or texture by recrystallization and grain growth. A model developed
by Ferry illustrates that the grain coarsening is rapid for large orientation gradient and particle-
free systems, and it is markedly reduced in a system containing a large volume fraction of fine
particles, despite the presence of the orientation gradient [72]. The latter case occurs due to
retardation of the onset of recrystallization.

5.2. The competition between normal and abnormal grain growth

Grain growth may be divided into two types, normal grain growth and abnormal grain growth.
When the grains grow uniformly with a narrow range of size and shapes and the grain size
distribution is independent of time, then, this type of grain growth is called “normal” or
“continuous” grain growth. In “abnormal” or “discontinuous” grain growth, few grains are
large compared to the rest and grain size distribution is bimodal. Since this discontinuous
growth of selected grains has similar kinetics to primary recrystallization and has some
microstructural similarities, abnormal grain growth is sometime called secondary recrystalli‐
zation. The normal grain growth theory is based on the grain boundary interfacial free energy
as the driving force. If the initial grain size distribution is too wide, a fraction of large grains
will grow in an abnormal manner until all the other grains have been consumed. When
completed, this process has resulted in a more narrow size distribution and at longer times the
steady state may be approached asymptotically. It appears convenient to define this state as a
normal grain growth. Abnormal grain growth may sometime be a necessary initial stage
toward find normal grain growth [73].

In spite of considerable research efforts, the origin of abnormal grain growth is yet to be fully
understood. However, by Monte Carlo simulation it has been observed that two different
conditions may initiate abnormal grain growth [74]. Firstly, anisotropy in the grain boundary
energy may lead to rapid growth of grains having boundary energies much lower than the
average [75]. This is often the case when the material exhibits a strong primary recrystallization
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desired to prohibit earing during deep drawing of that sheet [54]. It is interesting to note from
the research work of Hirsch and Lücke that 95% cold-rolled alloy Al-0.007% Fe shows the
retained rolling texture with a small amount of cube texture at 360ºC compared to strong cube
texture at 280 and 520ºC [67]. It is due to the formation of iron-rich phase at 360ºC, which
restricts cube grain growth. When precipitation occurs before or after completion of recrys‐
tallization, the effect on boundary migration is less drastic and a strong cube texture develops.
It has been observed that the growing grains of cube component can consume the recrystallized
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recrystallized microstructure. It is already discussed in §4.8.2 that Al3Fe particles suppress the
cube texture formation. Cube grain growth is also inhibited by “orientation pinning” [59].
Orientation pinning occurs when a recrystallized grain of a given orientation grows into
deformed material of its own orientation. It results in a low angle boundary and the growth
of the recrystallized grain will practically stop due to the low mobility of low angle boundaries.
The case where orientation pinning is expected to be important is for the growth of grains with
the same orientation as a main component in the deformation texture, like retained rolling
components. Vatne et al. have also reported a case where the growth of cube grains has been
most likely reduced due to orientation pinning. This may be due to an extremely high as-
deformed cube fraction of 35% [70]. Therefore, fine grains can be generated in the foil by
controlling recrystallization texture during intermediate annealing treatment, which improves
the mechanical properties of the foil. Blade has demonstrated that earing tendency of alumi‐
nium alloy increases with increase in cube texture component [71]. It is shown that earing
tendency becomes zero when 25% cube texture is present.

5. Grain growth

5.1. The effect of second-phase particles and orientation gradient

During grain growth, boundary migration is retarded by a Zener drag effect of the second-
phase particles. As the driving pressure of grain growth is extremely low, particles may have
a very large influence on both the kinetics of grain growth and the resultant microstructure.
Humphreys et al. have elaborately discussed the growth related formulation, i.e., driving and
pinning pressures for growth, grain growth rate, limiting grain size due to particles, etc. [4].
In the case of planar grain boundary, Zener limiting grain size (DZener) which equals to the
critical radius of island grains, arises from the balance between the driving pressure for grain
growth (P) and Zener pinning pressure (Pz).
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4
3Zener

rD
f

= (2)

Equation 2 is only applicable to those materials where the second-phase particles are stable
during grain growth. Therefore, stability of the particles with temperature is one of the
important factors for growth mechanism. The instability of the second-phase particles, i.e.,
precipitation after the formation of grain and subgrain structure or coarsening of particles
during grain growth, affects the grain growth by a different way and it has been discussed
elsewhere [4].

Orientation gradient has a greater effect on the grain boundary mobility. High stacking fault
energy alloys (Al, Ni and α-iron etc.) readily form a cellular or subgrain structure during
deformation. This structure is often not uniform and orientation gradients are usually
developed here. In addition, many alloys produced by thermomechanical processing develop
a preferred orientation or texture by recrystallization and grain growth. A model developed
by Ferry illustrates that the grain coarsening is rapid for large orientation gradient and particle-
free systems, and it is markedly reduced in a system containing a large volume fraction of fine
particles, despite the presence of the orientation gradient [72]. The latter case occurs due to
retardation of the onset of recrystallization.

5.2. The competition between normal and abnormal grain growth

Grain growth may be divided into two types, normal grain growth and abnormal grain growth.
When the grains grow uniformly with a narrow range of size and shapes and the grain size
distribution is independent of time, then, this type of grain growth is called “normal” or
“continuous” grain growth. In “abnormal” or “discontinuous” grain growth, few grains are
large compared to the rest and grain size distribution is bimodal. Since this discontinuous
growth of selected grains has similar kinetics to primary recrystallization and has some
microstructural similarities, abnormal grain growth is sometime called secondary recrystalli‐
zation. The normal grain growth theory is based on the grain boundary interfacial free energy
as the driving force. If the initial grain size distribution is too wide, a fraction of large grains
will grow in an abnormal manner until all the other grains have been consumed. When
completed, this process has resulted in a more narrow size distribution and at longer times the
steady state may be approached asymptotically. It appears convenient to define this state as a
normal grain growth. Abnormal grain growth may sometime be a necessary initial stage
toward find normal grain growth [73].

In spite of considerable research efforts, the origin of abnormal grain growth is yet to be fully
understood. However, by Monte Carlo simulation it has been observed that two different
conditions may initiate abnormal grain growth [74]. Firstly, anisotropy in the grain boundary
energy may lead to rapid growth of grains having boundary energies much lower than the
average [75]. This is often the case when the material exhibits a strong primary recrystallization
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texture [76]. Secondly, abnormal grain growth may arise from anisotropy in the grain boun‐
dary mobility [74, 77].

Hillert has deduced three conditions for the development of abnormal grain growth in a
material as follows [73]:

1. Normal grain growth cannot take place due to particle pinning,

2. The average grain size has a value below the limit 1/2z (wherez =3 f / 4r , f and r are the
volume fraction and the radius of particles, respectively).

3. There is at least one grain much larger than the average.

Whether these conditions are automatically fulfilled in a material where the normal grain
growth has stopped growing due to the presence of second phase particles, is a question of
considerable practical importance. Again, the growth of a very large grain in a material where
the normal grain growth has stopped depends upon the value of the final grain size reached
by the normal grain growth. The mathematical analysis, on the other hand, predicts that
normal grain growth should proceed up to the limit 1/2z. This causes abnormal grain growth
to be impossible for a limited time period when the normal grain growth has started to slow
down but has not yet reached the limit. Therefore, initiation of abnormal grain growth is
possible by a continuous decrease in the z value. This effect can be accomplished increasing
the particle size r through coalescence or decreasing the volume fraction f by dissolving the
second phase. Any process that leads to a slow increase in the grain size limit may initiate the
development of abnormal grain growth. Most cases of abnormal grain growth, met within
practice, seem to be connected with the dissolution of the second phase rather than the
coalescence [73].

The occurrence of abnormal grain growth may be limited by “nucleation” rather than growth
considerations. It is evident from a large number of publications that abonormal grain growth
is likely to occur as the annealing temperature is raised and as the particle dispersion becomes
unstable [76, 78-79]. If a single strong texture component is present in a fine-grained recrys‐
tallized material, then abnormal grain growth commonly occurs on further annealing at high
temperatures [80, 81]. This is due to a low misorientation and hence low energy and mobility
of grain boundaries in highly textured materials. Due to the presence of another texture
component, higher energy and mobility are introduced in the boundaries to migrate prefer‐
entially by a process, which is closely related to primary recrystallization. The avoidance of
abnormal grain growth at elevated temperatures is an important aspect of grain size control
in steels and other alloys. A safe method of avoiding abnormal grain growth would be to form
an average grain size so much larger than the particle-limited grain size [73]. Another method
is by choosing a material with a larger volume fraction of second phase particles. In other
words, it can be said that abnormal grain growth is not likely to occur where most of the
particles are observed to be situated at the grain boundaries.
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1. Normal grain growth cannot take place due to particle pinning,

2. The average grain size has a value below the limit 1/2z (wherez =3 f / 4r , f and r are the
volume fraction and the radius of particles, respectively).

3. There is at least one grain much larger than the average.
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considerable practical importance. Again, the growth of a very large grain in a material where
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by the normal grain growth. The mathematical analysis, on the other hand, predicts that
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second phase. Any process that leads to a slow increase in the grain size limit may initiate the
development of abnormal grain growth. Most cases of abnormal grain growth, met within
practice, seem to be connected with the dissolution of the second phase rather than the
coalescence [73].

The occurrence of abnormal grain growth may be limited by “nucleation” rather than growth
considerations. It is evident from a large number of publications that abonormal grain growth
is likely to occur as the annealing temperature is raised and as the particle dispersion becomes
unstable [76, 78-79]. If a single strong texture component is present in a fine-grained recrys‐
tallized material, then abnormal grain growth commonly occurs on further annealing at high
temperatures [80, 81]. This is due to a low misorientation and hence low energy and mobility
of grain boundaries in highly textured materials. Due to the presence of another texture
component, higher energy and mobility are introduced in the boundaries to migrate prefer‐
entially by a process, which is closely related to primary recrystallization. The avoidance of
abnormal grain growth at elevated temperatures is an important aspect of grain size control
in steels and other alloys. A safe method of avoiding abnormal grain growth would be to form
an average grain size so much larger than the particle-limited grain size [73]. Another method
is by choosing a material with a larger volume fraction of second phase particles. In other
words, it can be said that abnormal grain growth is not likely to occur where most of the
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1. Introduction

Although the machinability of most aluminium alloys can be classified as relatively easy
when the tool wear and the cutting energy are considered, these materials could however
raise some concerns when the chip formation and the burr formation are of concern. Burr
formation, a phenomenon similar to chip generation, is a common problem that occurs in
several industrial sectors, such as the aerospace and automobile sectors. It has also been
among the most troublesome impediments to high productivity and automation, and large‐
ly affects the machined part quality. To ensure competitiveness, precise and burr-free com‐
ponents with tight tolerances and better surface finish are demanded. Intensive research
conducted during the last decades has laid out the mechanisms of burr formation and de‐
burring in a very comprehensive fashion, and has introduced integrated strategies for burr
prevention and minimization. Despite all the improvements realized, there are still many
challenges encountered in understanding, modeling and optimizing the burr formation
process and size, through production growth and cycle time reduction. Furthermore, acquir‐
ing a solid knowledge on deburring methods and the links between them and burr size is
strongly recommended.

This chapter reviews burrs formation and the factors governing them, including the work‐
piece material, the tooling, the machining parameters and the machinining strategy. A case
study on the effect of heat treatments on drilling burr size is also presented and is followed
by some deburring and edge finishing techniques commonly used for machined aluminum
parts. The main advantages, disadvantages and limitations of these edge finishing opera‐
tions are also presented.
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2. Overview of burr formation

Burr formation is one of the major issues currently facing manufacturing industries. During
the process of plastic deformation, the material is stretched past the point of elastic deforma‐
tion, where it can no longer return to its original shape and size. If there is already a crack
present in the material, the stretching will continue to increase the size of the crack eventual‐
ly causing it to fracture [1]. Therefore, burrs forming during machining are defined as pro‐
jections of material beyond the workpiece limits [2]. It is very important to limit burr
formation rather than deburring them in a subsequent finishing operation [3]. Burr consists
of an undesirable extended surface over the workpiece [4] or a missing portion on the work‐
piece edge (negative burr, see Figure 2), which should be avoided or at least minimized.
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Figure 1. Slot-milled machined parts with (a) large burr formation, (b) burr formation with tiny scales

Positive Burr Positive Burr Negative Burr
Theoretical workpiece edge

Figure 2. Examples of burr definition (adapted from [4])

Several authors have contributed to the advancement of knowledge on burr formation
mechanisms, among which Gillespie [2], Aurich et al. [3], Pekelharing [5], Sofronas [6]Na‐
kayama and Arai [7], Chern and Dornfeld [8], and Hashimura et al [9, 10]. Currently, nu‐
merous burr descriptions exist, depending on the application, manufacturing process,
formation mechanism, shape and material properties [3]. The four main types of machining
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burrs are the Poisson burr, the Rollover burr, the Tear burr and the Cut-off burr [4]. Accord‐
ing to [11], Poisson burr is formed as a result of the material’s tendency to bulge sidewise.
Narayanaswami and Dornfleld [12] called this phenomenon a side burr, because, according
to engineering mechanics, the Poisson effect is only present in the elastic range.

Two types of burrs known as primary and secondary burrs were introduced by Kishimoto
et al.[13]. Beier [14] described a secondary burr as remaining material at the edge of a part
after deburring process. From [3], secondary burrs formed after the breakage of the primary
burrs. However, they are smaller than depth of cut, while primary burrs are larger [13]. Na‐
kayama and Arai [7] described the burr formation in various machining processes by com‐
bining two classification systems as: [1] by direct concerning of cutting edge; [2] by mode
and direction of burr formation. The various types of machining burrs are shown in Figure
3. Interested readers on different types of machining burrs are referred to [3].
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Figure 3 Types of machining burr (3) 

As can be seen in Figure 4, to better describe the burr, a new term called “burr value” was defined in (15). It 
contains the burr root thickness (br), burr height (bh), burr thickness (bt) and burr root radius (rf). However, 
measuring and/or estimating all these parameters to calculate the burr value is very difficult and time-
consuming. Furthermore, it would appear that the burr value can also not be used as an efficient parameter 
to better select a deburring method. Of all the burr parameters, the burr height and thickness are used to 
determine the burr removal difficulties (16). 
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method. Of all the burr parameters, the burr height and thickness are used to determine the
burr removal difficulties [16].

bh

br rf
bt

bh= Burr height
rf  =Burr root radius
bt =Burr thickness
br =Burr root thickness

r f t h4.b +2.r + b + bburr value : g =
8

Figure 4. Measurement values of a burr (adapted from [15])

3. Factors governing burr formation

Burr formation is a crucial issue in industrial circles. Previous studies have shown that burr
formation is almost impossible to avoid [17]. Gillespie and blotter [18] observed that burr
formation cannot be avoided solely by changing the feed rate, the cutting speed and the tool
geometry. Burrs in drilling perform an important role on product quality and may cause re‐
liability problems and performance degradation. Burrs are formed both at the entrance and
at the exit of the workpiece [19]. The exit burr is important as it is larger in size and is most
difficult to remove causing deburring problems. Therefore, many of studies paid their atten‐
tion to exit burrs in drilling and milling operations [19-27]. Sofronas [6] summarized several
factors governing drilling burr formation. According to [3, 6, 28], the following are the prin‐
cipal factors governing milling burr formation:

1. Machined part (geometry, dimension, mechanical properties, etc.);

2. Cutting parameters (cutting speed, feed rate, depth of cut, etc.);

3. Cutting tool (material, shape, geometry, rake angle, lead angle, helix angle, etc.);

4. Machine tool (rotational speed, dynamic strength, etc.);

5. Manufacturing strategy (tool path, coolant, back cutting, lubrication, MQL, etc.).

This summary is however still limited due to the complex interaction effects that exist be‐
tween process parameters, since their degree of influence on burr formation varies consider‐
ably simply by adding or removing cutting parameters and/or changing the material. In
other words, factors governing burr formation cannot easily be classified as direct and indi‐

Light Metal Alloys Applications102

rect factors [29]. The following lines present the dominant process parameters influencing
the burr formation mechanism and size.

3.1. Workpiece materials and conditions

Machined part properties (e.g., chemical, mechanical properties) have significant effects on
the burr formation process. The dominant mechanical properties usually reported in the lit‐
erature are hardness, ductility, yield strength and elongation [30]. According to [3], higher
ductility materials tend to generate larger burrs, but limited if not none burr formation is
anticipated when the material is restricted to deform in the force direction. According to
[31], the machining of ductile materials tends to form larger burrs, particularly at higher lev‐
els of cutting speed and feed rate. According to Ko and Lee [32], material properties had
more effect on the drilling burr size than feed rate. Analytical models proposed in [27, 33]
were capable to predict the size and type of exit burrs in milling and drilling of ductile mate‐
rials. Niknam and Songmene [27], while modeling and studying the burr formation during
millings of AA6061-T6 and AA2024-T321 found that the exit burr thickness, which control
the deburring difficulties and the deburring cycle time, is highly sensitive to material me‐
chanical properties such as yield strength and to the cutting force. When the material is brit‐
tle, fractured burrs (negative burrs) are formed on the edge part. This phenomenon can be
reinforced at higher cutting speeds and feed rates, creating irregular burrs. The workpiece
edge angle is the most prominent geometrical element of the workpiece that highly affects
the burr formation mechanism. According to [34, 35], cutting tests on the edge angle lower
than 90º generate long and thin burrs, while short and thick burrs are formed on parts with
edge angles of 90º or larger. An increase in the temperature hardens most materials, and
consequently affects the machining and deburring performance, even if the burrs created
are small. According to [2], taking steps to prevent plastic deformation reduces the inci‐
dence of burr formation. His proposed methods include laser treatments, hard machining,
localized mechanical processes, and chemical and thermal treatments. In addition, chamfer‐
ing on the external edges of the machined part before the cutting operation is an excellent
approach to prevent material deformation at the part edge, and consequently achieve burr
size reduction [17]. The burr form and height in drilling are dependent on the material prop‐
erties and cutting conditions [36]. Images showing typical exit hole appearance are present‐
ed in Figure 5 as a function of feed rate. As shown in the following example, the AA6061
High Strength (AA6061HS) contained higher levels of the major alloy addition to promote
increased age hardening response. The AA6262 and AA4XXX compositions were based on
AA6061 but contained additions of 0.5 wt% Pb-0.4 wt% Bi and 8% Si respectively.

The worst case for burr was obtained for the AA4XXX-T6 alloy (Figure 5] which is the most
ductile one. The burr observed was a transient burr type. The other alloys exhibited a uni‐
form burr (type I) or crown burr (type II):

• The AA6262-T6 and AA6061-T6HS alloys produced only uniform burrs (type II).

• The AA4XXX-T6 and AA6061-T6 alloys produced both uniform burrs (Type II) and transient
or crown burrs (type I). The latter are generally difficult to remove.
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This summary is however still limited due to the complex interaction effects that exist be‐
tween process parameters, since their degree of influence on burr formation varies consider‐
ably simply by adding or removing cutting parameters and/or changing the material. In
other words, factors governing burr formation cannot easily be classified as direct and indi‐
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rect factors [29]. The following lines present the dominant process parameters influencing
the burr formation mechanism and size.

3.1. Workpiece materials and conditions

Machined part properties (e.g., chemical, mechanical properties) have significant effects on
the burr formation process. The dominant mechanical properties usually reported in the lit‐
erature are hardness, ductility, yield strength and elongation [30]. According to [3], higher
ductility materials tend to generate larger burrs, but limited if not none burr formation is
anticipated when the material is restricted to deform in the force direction. According to
[31], the machining of ductile materials tends to form larger burrs, particularly at higher lev‐
els of cutting speed and feed rate. According to Ko and Lee [32], material properties had
more effect on the drilling burr size than feed rate. Analytical models proposed in [27, 33]
were capable to predict the size and type of exit burrs in milling and drilling of ductile mate‐
rials. Niknam and Songmene [27], while modeling and studying the burr formation during
millings of AA6061-T6 and AA2024-T321 found that the exit burr thickness, which control
the deburring difficulties and the deburring cycle time, is highly sensitive to material me‐
chanical properties such as yield strength and to the cutting force. When the material is brit‐
tle, fractured burrs (negative burrs) are formed on the edge part. This phenomenon can be
reinforced at higher cutting speeds and feed rates, creating irregular burrs. The workpiece
edge angle is the most prominent geometrical element of the workpiece that highly affects
the burr formation mechanism. According to [34, 35], cutting tests on the edge angle lower
than 90º generate long and thin burrs, while short and thick burrs are formed on parts with
edge angles of 90º or larger. An increase in the temperature hardens most materials, and
consequently affects the machining and deburring performance, even if the burrs created
are small. According to [2], taking steps to prevent plastic deformation reduces the inci‐
dence of burr formation. His proposed methods include laser treatments, hard machining,
localized mechanical processes, and chemical and thermal treatments. In addition, chamfer‐
ing on the external edges of the machined part before the cutting operation is an excellent
approach to prevent material deformation at the part edge, and consequently achieve burr
size reduction [17]. The burr form and height in drilling are dependent on the material prop‐
erties and cutting conditions [36]. Images showing typical exit hole appearance are present‐
ed in Figure 5 as a function of feed rate. As shown in the following example, the AA6061
High Strength (AA6061HS) contained higher levels of the major alloy addition to promote
increased age hardening response. The AA6262 and AA4XXX compositions were based on
AA6061 but contained additions of 0.5 wt% Pb-0.4 wt% Bi and 8% Si respectively.

The worst case for burr was obtained for the AA4XXX-T6 alloy (Figure 5] which is the most
ductile one. The burr observed was a transient burr type. The other alloys exhibited a uni‐
form burr (type I) or crown burr (type II):

• The AA6262-T6 and AA6061-T6HS alloys produced only uniform burrs (type II).

• The AA4XXX-T6 and AA6061-T6 alloys produced both uniform burrs (Type II) and transient
or crown burrs (type I). The latter are generally difficult to remove.
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• The AA4XXX-T6 was problematic in terms of exit burr height.
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Figure 5. Optical microscopy images of exit burrs observed on drilled holes as a function of feed rate (cutting speed:
45.7 m/min; Feed rate: 0.0508 mm/rev) [36]

3.2. Cutting conditions

According to [37], burr height varies irregularly with changing cutting conditions. Increas‐
ing the cutting speed leads to reduced burr size. In addition, milling operations at higher
feed rates reduces the burr size, while creating secondary burrs that are easier to remove.
From [38], when the machined part surface is hardened in high speed machining, a transi‐
tion from ductile to brittle behavior may occur. This phenomenon may lead to decreased
burr height. Chern [39] analyzed burr formation during the face milling of aluminum alloys.
He found that secondary burr formation is dominated by the depth of cut and the feed rate.
Nakayama and Arai [7] showed that the burr size can be reduced by limiting the unde‐
formed chip thickness. The cutting conditions, tool and workpiece geometry may reduce the
shear strain supported by the chip, therefore possibly leading to burr reduction. Kim and
Dornfeld [31] showed that higher levels of depth of cut generally increase the burr size. Lon‐
ger burrs in the cutting direction are formed when larger corner radii are used. Olvera and
Barrow [40] found that the exit angle and the depth of cut influence the exit burr in the cut‐
ting direction, whereas the depth of cut is the main factor affecting the exit burr in the feed
direction. According to [41, 42], the use of high levels of axial depth of cut increases the pos‐
sibility of burr size minimization, but may also cause inevitable damage to the cutting tool,
the machine and machined part functionality. Therefore, the use of very high and/or low
cutting parameters levels is not suggested during milling operations. Ko and Lee [32] used
multiple materials in drilling processes and they concluded that the burr thickness is inde‐
pendent of the feed rate.

As shown in [36], the lower the feed rate, the higher the burr height obtained (Figure 6]. The
AA4XXX produced most of the times high size burrs and only in very limited cases, the burr
size was comparable to others alloys tested. At lower speeds, the burr size observed was
higher compared the one obtained at high cutting speed; this denotes a possible interaction
of the feed rate and the cutting speed on burr formation.
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Figure 6. Burr height progression as a function of feed rate, cutting speed and workpiece materials [36]

The effects of cutting parameters on top, entrance and exit burr thickness and height during
the slot milling of AA 2024-T351 and AA 6061-T6 were statistically investigated in [24, 25,
43]. Among the investigated burrs, exit up milling thickness could be controlled by cutting
process parameters, such as feed per tooth, depth of cut and cutting tool (see Fig.7(a)). While
other burrs, such as exit up milling burr height, are affected by interactive between process
parameters, nor direct effects.
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Figure 7. (a) Pareto chart and 3D contour plot of exit up milling burr thickness of AA 6061-T6 [21]
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Figure 5. Optical microscopy images of exit burrs observed on drilled holes as a function of feed rate (cutting speed:
45.7 m/min; Feed rate: 0.0508 mm/rev) [36]

3.2. Cutting conditions

According to [37], burr height varies irregularly with changing cutting conditions. Increas‐
ing the cutting speed leads to reduced burr size. In addition, milling operations at higher
feed rates reduces the burr size, while creating secondary burrs that are easier to remove.
From [38], when the machined part surface is hardened in high speed machining, a transi‐
tion from ductile to brittle behavior may occur. This phenomenon may lead to decreased
burr height. Chern [39] analyzed burr formation during the face milling of aluminum alloys.
He found that secondary burr formation is dominated by the depth of cut and the feed rate.
Nakayama and Arai [7] showed that the burr size can be reduced by limiting the unde‐
formed chip thickness. The cutting conditions, tool and workpiece geometry may reduce the
shear strain supported by the chip, therefore possibly leading to burr reduction. Kim and
Dornfeld [31] showed that higher levels of depth of cut generally increase the burr size. Lon‐
ger burrs in the cutting direction are formed when larger corner radii are used. Olvera and
Barrow [40] found that the exit angle and the depth of cut influence the exit burr in the cut‐
ting direction, whereas the depth of cut is the main factor affecting the exit burr in the feed
direction. According to [41, 42], the use of high levels of axial depth of cut increases the pos‐
sibility of burr size minimization, but may also cause inevitable damage to the cutting tool,
the machine and machined part functionality. Therefore, the use of very high and/or low
cutting parameters levels is not suggested during milling operations. Ko and Lee [32] used
multiple materials in drilling processes and they concluded that the burr thickness is inde‐
pendent of the feed rate.

As shown in [36], the lower the feed rate, the higher the burr height obtained (Figure 6]. The
AA4XXX produced most of the times high size burrs and only in very limited cases, the burr
size was comparable to others alloys tested. At lower speeds, the burr size observed was
higher compared the one obtained at high cutting speed; this denotes a possible interaction
of the feed rate and the cutting speed on burr formation.
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Figure 6. Burr height progression as a function of feed rate, cutting speed and workpiece materials [36]

The effects of cutting parameters on top, entrance and exit burr thickness and height during
the slot milling of AA 2024-T351 and AA 6061-T6 were statistically investigated in [24, 25,
43]. Among the investigated burrs, exit up milling thickness could be controlled by cutting
process parameters, such as feed per tooth, depth of cut and cutting tool (see Fig.7(a)). While
other burrs, such as exit up milling burr height, are affected by interactive between process
parameters, nor direct effects.
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during milling operations. Ko and Lee (32) used multiple materials in drilling processes and they concluded 
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Figure 7. (a) Pareto chart and 3D contour plot of exit up milling burr thickness of AA 6061-T6 [21]
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It is believed that the burr formation mechanism depends highly on the chip formation
mechanism [27]. Cutting forces and chip thickness h(φ) are highly affected by the feed rate,
the depth of cut, and the tool and workpiece geometry. Therefore, it could be inferred that
burr formation is influenced by cutting forces [17]. The direction and intensity of cutting
forces affect the volume of the chip generated, and can also play an important role in materi‐
al deformation. The influence of cutting forces on drilling and milling burr formation has
been reported in [27, 29, 44, 45]. According to [46], the variation of exit up milling burr thick‐
ness (Bt) is highly correlated with changes in tangential cutting force [Figure 8]. According
[46], the burr thickness (Bt) and cutting force Ft could be linearly formulated as a function of
depth of cut and feed per tooth.

Figure 8. Exponential regression model between Ft and B1 thickness [46]

Considering the research works presented in this section on factors governing burr forma‐
tion, it could be inferred that due to complex mechanisms of burr formation and direct and
interactive effects between process parameters, a large number of experiments is required to
evaluate the effects of process parameters on burr formation and size [47]. The combination
of statistical and experimental approaches is a good method to better understand the burr
formation mechanism and to define the factors governing milling burrs. Furthermore,
knowing that the best setting levels of process parameters needed to minimize each re‐
sponse are not similar, the question is how to obtain the best setting levels of process param‐
eters to reach the optimum or near-optimum burr size. This issue becomes more complex as
for a given machined part; cutting parameter optimization for burr size minimization alone
may frequently deteriorate other machining performances, such as tool life and surface
roughness. Therefore, the use of optimization methods for the correct selection of process
parameters is strongly recommended [48]. According [21, 49, 50] achieving better surface
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finish and acceptable burr size in milling and drilling operations at the same time is possible
when using optimization tools such as the desirability function and Taguchi method.

3.3. Cutting tool geometry

Pande and Relekar [51] studied the influence of drill diameter, feed, length to diameter ratio,
and material hardness on burr height and thickness. It was determined that a drill tool di‐
ameter in range of 8-10 mm resulted in the low values of burr height. Bansal [52] found that
using inserts with positive axial rake and negative radial rake angles led to satisfactory burr
size and surface quality. According to [24], slot milling with a larger insert nose radius (Rε)
leads to bigger exit bottom burr and smaller exit up milling side burr. In addition, when a
larger Rε, pretty close to the axial depth of cut is used, a primary exit bottom burr formation
is expected. Consequently, a smaller exit up milling side burr is generated. Avila and Dorn‐
feld [37] showed that tool geometry and in-plane exit angle Ψ have significant effects on
burr size and edge breakout during the face milling of aluminum-silicon alloys (AlSi9Cu3
and AlSi7Mg). Tripathi and Dornfeld [53] reported the possibility of burr-free conditions
when using diamond end mill tools at high cutting speeds. According to [18], the use of
sharp cutting edge tools with positive rake angle avoids built-up edge (BUE) formation,
thus reducing the burr size. According to [42], tool coating has a negligible influence on face
milling burrs. However, a certain level of coating influence on slot milling burrs was ob‐
served in [24]. According to [31, 54, 55], the tool condition and cutting parameters used, in
particular, the feed rate, are the main governing factors affecting burr formation. For in‐
stance, a sharp cutting edge tool with a positive rake angle in the case of a milling operation
avoids built-up edge formation, thus decreasing burr formation [18]. As presented in [54],
tool wear increases the contact area of the burr-tool interface, and consequently, increases
the cutting forces and stress distributions (Figure 9). Tool wear may physically occur on two
sides of the cutting tool, mainly on the rake face and the flank face, thereby forming crater
wear and flank wear. According to Choi et al. [56], tool wear highly affects the burr forma‐
tion process when the tool enters and exits the machined part. Large entrance burrs formed
when using worn tools resulted by different kinematic engagement rather than back cutting.
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Figure 9: Shear angle and pivoting point for a (a) worn tool , (b) sharp tool (adapted from (54)) 
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alternative approach with reduced cost and greater environmental benefits is dry machining. Some works 
have reported on dry milling (21, 43, 63-67) and dry, mist and lubricated drilling of aluminium alloys (29, 
49, 68). According to (69), the processes constitutes a suitable candidate for the machining of ductile 
materials, such as aluminum alloys. 

2.  4. Case study: effect of artificial aging heat treatment on drilling burr size
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It is believed that the burr formation mechanism depends highly on the chip formation
mechanism [27]. Cutting forces and chip thickness h(φ) are highly affected by the feed rate,
the depth of cut, and the tool and workpiece geometry. Therefore, it could be inferred that
burr formation is influenced by cutting forces [17]. The direction and intensity of cutting
forces affect the volume of the chip generated, and can also play an important role in materi‐
al deformation. The influence of cutting forces on drilling and milling burr formation has
been reported in [27, 29, 44, 45]. According to [46], the variation of exit up milling burr thick‐
ness (Bt) is highly correlated with changes in tangential cutting force [Figure 8]. According
[46], the burr thickness (Bt) and cutting force Ft could be linearly formulated as a function of
depth of cut and feed per tooth.

Figure 8. Exponential regression model between Ft and B1 thickness [46]

Considering the research works presented in this section on factors governing burr forma‐
tion, it could be inferred that due to complex mechanisms of burr formation and direct and
interactive effects between process parameters, a large number of experiments is required to
evaluate the effects of process parameters on burr formation and size [47]. The combination
of statistical and experimental approaches is a good method to better understand the burr
formation mechanism and to define the factors governing milling burrs. Furthermore,
knowing that the best setting levels of process parameters needed to minimize each re‐
sponse are not similar, the question is how to obtain the best setting levels of process param‐
eters to reach the optimum or near-optimum burr size. This issue becomes more complex as
for a given machined part; cutting parameter optimization for burr size minimization alone
may frequently deteriorate other machining performances, such as tool life and surface
roughness. Therefore, the use of optimization methods for the correct selection of process
parameters is strongly recommended [48]. According [21, 49, 50] achieving better surface
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finish and acceptable burr size in milling and drilling operations at the same time is possible
when using optimization tools such as the desirability function and Taguchi method.

3.3. Cutting tool geometry

Pande and Relekar [51] studied the influence of drill diameter, feed, length to diameter ratio,
and material hardness on burr height and thickness. It was determined that a drill tool di‐
ameter in range of 8-10 mm resulted in the low values of burr height. Bansal [52] found that
using inserts with positive axial rake and negative radial rake angles led to satisfactory burr
size and surface quality. According to [24], slot milling with a larger insert nose radius (Rε)
leads to bigger exit bottom burr and smaller exit up milling side burr. In addition, when a
larger Rε, pretty close to the axial depth of cut is used, a primary exit bottom burr formation
is expected. Consequently, a smaller exit up milling side burr is generated. Avila and Dorn‐
feld [37] showed that tool geometry and in-plane exit angle Ψ have significant effects on
burr size and edge breakout during the face milling of aluminum-silicon alloys (AlSi9Cu3
and AlSi7Mg). Tripathi and Dornfeld [53] reported the possibility of burr-free conditions
when using diamond end mill tools at high cutting speeds. According to [18], the use of
sharp cutting edge tools with positive rake angle avoids built-up edge (BUE) formation,
thus reducing the burr size. According to [42], tool coating has a negligible influence on face
milling burrs. However, a certain level of coating influence on slot milling burrs was ob‐
served in [24]. According to [31, 54, 55], the tool condition and cutting parameters used, in
particular, the feed rate, are the main governing factors affecting burr formation. For in‐
stance, a sharp cutting edge tool with a positive rake angle in the case of a milling operation
avoids built-up edge formation, thus decreasing burr formation [18]. As presented in [54],
tool wear increases the contact area of the burr-tool interface, and consequently, increases
the cutting forces and stress distributions (Figure 9). Tool wear may physically occur on two
sides of the cutting tool, mainly on the rake face and the flank face, thereby forming crater
wear and flank wear. According to Choi et al. [56], tool wear highly affects the burr forma‐
tion process when the tool enters and exits the machined part. Large entrance burrs formed
when using worn tools resulted by different kinematic engagement rather than back cutting.
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According to [18, 28, 31], using higher cutting speeds and feed rates when cutting certain
materials may increase the cutting temperature and consequently reduce the tool life as a
result of tool wear. When the strain rate of the material increases, it effectively enlarges the
burr dimension. A similar problem may occur when using dry machining or inadequate tool
geometry.

3.4. Machining strategy

According to [55, 57], an adequate selection of the machining strategy has positive effects on
the burr formation mechanism. The main machining strategies proposed to date include:

1. Optimization of the tool path planning, including the machining direction and the tool
engagement angle;

2. Using inserts and backup materials;

3. Using modified cutting parameters;

4. Using coolant and lubrication.

To predict and control the burr size in milling, several algorithms were presented in [26, 58,
59] and eventually led to proposing tool path planning approaches for burr size minimiza‐
tion. The effect of back cutting on burr formation was reported in [60]. Przyklenk [34] pro‐
posed a new strategy for burr reduction by using dry ice snow to cool down the machined
part edge. Shefelbine and Dornfeld [41, 61] stated that the use of coolant decreases the burr
size, while larger burr is expected when using worn tools. According to [17], proper lubrica‐
tion reduces friction between the workpiece and tool, and consequently, reduces the inci‐
dence of burr formation. However, as stated by Aurich et al.[62], in the case of certain
materials, the use of lubricant hardens the burrs and complicates the deburring processes.
Moreover, the use of cutting fluids seriously degrades the environmental air quality and in‐
creases machining costs by 16-20% [36]. One alternative approach with reduced cost and
greater environmental benefits is dry machining. Some works have reported on dry milling
[21, 43, 63-67] and dry, mist and lubricated drilling of aluminium alloys [29, 49, 68]. Accord‐
ing to [69], the processes constitutes a suitable candidate for the machining of ductile materi‐
als, such as aluminum alloys.

4. Case study: Effect of artificial aging heat treatment on drilling burr size

Surprisingly, very limited information is available on the influence of material properties
such as ductility, strength, and hardness on the burr formation during machining of aged
aluminum alloys. In this chapter, the influence of heat treatment on the burr formation dur‐
ing drilling of Al-Si-Mg (A356] cast alloys is investigated. In order to study this effect sys‐
tematically, the aluminium alloys were heat-treated to produce different precipitation states
they were later machined under controlled conditions. This work was carried out in order
improve part quality of drilled hole.
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4.1. Experimental procedure

A set of experiments were carried out on a high speed 3-axis CNC milling machine-tool
(Power: 50 kW, Speed: 28000 rpm, Torque: 50 Nm). The cutting tool used is non-coated high
speed steel twist drills (3/8 stub drill bright finish with 118 point angle). It should be men‐
tioned here that a group of drills with the same batch were used throughout the tests in or‐
der to ensure uniformity of geometry, microstructure and properties for the cutting tools.
The parts used for the experiment were rectangular blocks of A356 cast aluminum alloy 300
x100 x 20 mm in size, mounted on a special machining fixture. Cutting forces were meas‐
ured using a three-axis table dynamometer (Kistler 9255-B). The tested material was A356
aluminum alloy which chemical composition is given in Table 1. Drilling tests were con‐
ducted at different cutting conditions as shown in Table 2. Experiments were repeated four
times and the average values of burr sizes were used for further analysis. The burr height
was recorded using Mitutoyo Height Gauges with a sensitivity of 0.0005 in (13 μm).

Si % Mg % Fe % Cu % Mn % Zn % Al

A356 7 0.35 0.2 0.2 0.1 0.1 Balance

Table 1. Chemical composition of A356 alloy

Parameters Condition

Material A356 (300 mm x100 mm x 20 mm)

Tool HSS twist drill-9.525 mm diameter , 118o point angle

Speed 60, 180, 300 m/min

Feed 0.15, mm/rev

Depth of cut 3 mm

Lube None

Table 2. Machining parameters used

5. Results

5.1. Effect of heat treatment

The properties of aluminum casting alloys can be improved through the appropriate control
of several metallurgical factors involved in the production of these castings [70]. Aging
treatment is usually applied to improve the strength and hardness of the castings. Aging
temperature and aging time are the two variables which control the characteristics of the
phases precipitated during the aging treatment, and they ultimately also control the me‐
chanical and machinability properties of the alloys. The A356 alloys were received in as-cast
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According to [18, 28, 31], using higher cutting speeds and feed rates when cutting certain
materials may increase the cutting temperature and consequently reduce the tool life as a
result of tool wear. When the strain rate of the material increases, it effectively enlarges the
burr dimension. A similar problem may occur when using dry machining or inadequate tool
geometry.

3.4. Machining strategy

According to [55, 57], an adequate selection of the machining strategy has positive effects on
the burr formation mechanism. The main machining strategies proposed to date include:

1. Optimization of the tool path planning, including the machining direction and the tool
engagement angle;

2. Using inserts and backup materials;

3. Using modified cutting parameters;

4. Using coolant and lubrication.
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such as ductility, strength, and hardness on the burr formation during machining of aged
aluminum alloys. In this chapter, the influence of heat treatment on the burr formation dur‐
ing drilling of Al-Si-Mg (A356] cast alloys is investigated. In order to study this effect sys‐
tematically, the aluminium alloys were heat-treated to produce different precipitation states
they were later machined under controlled conditions. This work was carried out in order
improve part quality of drilled hole.
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A set of experiments were carried out on a high speed 3-axis CNC milling machine-tool
(Power: 50 kW, Speed: 28000 rpm, Torque: 50 Nm). The cutting tool used is non-coated high
speed steel twist drills (3/8 stub drill bright finish with 118 point angle). It should be men‐
tioned here that a group of drills with the same batch were used throughout the tests in or‐
der to ensure uniformity of geometry, microstructure and properties for the cutting tools.
The parts used for the experiment were rectangular blocks of A356 cast aluminum alloy 300
x100 x 20 mm in size, mounted on a special machining fixture. Cutting forces were meas‐
ured using a three-axis table dynamometer (Kistler 9255-B). The tested material was A356
aluminum alloy which chemical composition is given in Table 1. Drilling tests were con‐
ducted at different cutting conditions as shown in Table 2. Experiments were repeated four
times and the average values of burr sizes were used for further analysis. The burr height
was recorded using Mitutoyo Height Gauges with a sensitivity of 0.0005 in (13 μm).
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of several metallurgical factors involved in the production of these castings [70]. Aging
treatment is usually applied to improve the strength and hardness of the castings. Aging
temperature and aging time are the two variables which control the characteristics of the
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chanical and machinability properties of the alloys. The A356 alloys were received in as-cast
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condition (T0), and the samples were then divided into five groups as follows: (i) two blocks
in as-cast condition (T0); (ii) two blocks in T4 condition (Solution Heat-Treated " SHT
"+Quenching); (iii) two blocks in T61 condition (SHT+Quenching+Artificial aging at 155°C
for 5 hours); (iv) two block in T62 condition (SHT+Quenching+Artificial aging at 180°C for 5
hours); and (v) two blocks in T7 condition (SHT+Quenching+Artificial aging at 220°C for 5
hours). All the samples were solution heat-treated at 540˚C, for solution times of 8 hours.
The solution-treated samples were then quenched in warm water (60˚C) to room tempera‐
ture. For each given condition, all the samples were solution heat-treated and quenched at
the same time leaving only the other conditions, such as natural and artificial aging time, as
variables as shown in Figure 10. Figure 11 summarizes the hardness measurement imple‐
mented on the A356 aluminum alloy. The hardness measurements reveal that the peak
hardness value varies between 85HRE and 90 HRE. Hence, it is believed that aging at 155˚C
for 5 hours produces almost the same precipitation hardening as aging at 180˚C for 5 hours.
Then hardness tends to decrease upon further aging. The variations of hardness when ex‐
posed to different aging temperatures are correlated with the number of Mg2Si phases in
which the hardness increases with an increase in the number of Mg2Si phases.
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Figure 10. Different heat treatment conditions applied to the A356 alloy

Figures 12-13 show the effects of different heat treatments on the burr heights with various
cutting speed and feed rate during machining A356 aluminum alloys in dry conditions. To
emphasize the effect of heat treatments on the material properties and its effects on the burr
height thus, the case study will be focused on dry conditions. The experimental results re‐
veal that the A356-T61 aluminum alloy in peak aging condition produces the lowest burr
height than other alloys, whereas the A356-T0 and A356-T4 in cast and SHT conditions were
produced the highest level of burr formation. Generally, it is also observed that aging at low
temperature, 155 oC, was observed to produce the lowest level of the burr formation while
the aging at higher temperatures, 180°C, and 220°C, respectively, are accompanied with an
increase in the burr heights. The lowest level of burr height was observed in peak aging con‐
ditions A356-T61 alloy may be explained based on the fact that burr formation is closely re‐
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lated to the hardness of the workpiece, as well as to the deformability of the matrix around
the Si particles. Thus, when the workpiece made of the A356-T61 alloy is hard (i.e. high ten‐
sile properties), thereby resisting deformation, and the work material is also difficult to de‐
form in the shear zone ahead of the cutting edge and on the tool surface in such a way that
the Si particles are secured firmly in position. Consequently, the particles have a strongly
abrasive action on the tool cutting edge resulting in a high cutting force as well as in low
level of burr formation.
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Figure 12:  Influence of the heat treatments on the burr formation during the drilling of the A356 aluminum 
alloy with diffiren feed rate at (a) as-cast alloy condtion (T0 ), (b) T4  (c) T61 (d) T62 (e) T7 conditions 

 
 

 

 

 

 

 

 

 

 

Figure 13: : Influence of the heat treatments (T0, T4, T61, T62 and T7) and  the cutting speed on the burr 

height during the dry drilling of the A356 alloy with feed rate  0.15 mm/rev. 

2. 6. Overview of deburring processes applicable to aluminium alloys  

Burr removal is a non-value added process (3) and might represent as much as 30 percent of the cost of 
finished parts (2).  As deburring is non-productive and costly finishing process, it should be minimized or 
avoided.  Any material leading to limited burr formation is therefore advantageous. Recent studies and 
literature have pointed out tremendous issues related to burr formation and deburring operations, 
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Figure 11. Evolution of the changes in the hardness values result in the heat treatment conditions
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condition (T0), and the samples were then divided into five groups as follows: (i) two blocks
in as-cast condition (T0); (ii) two blocks in T4 condition (Solution Heat-Treated " SHT
"+Quenching); (iii) two blocks in T61 condition (SHT+Quenching+Artificial aging at 155°C
for 5 hours); (iv) two block in T62 condition (SHT+Quenching+Artificial aging at 180°C for 5
hours); and (v) two blocks in T7 condition (SHT+Quenching+Artificial aging at 220°C for 5
hours). All the samples were solution heat-treated at 540˚C, for solution times of 8 hours.
The solution-treated samples were then quenched in warm water (60˚C) to room tempera‐
ture. For each given condition, all the samples were solution heat-treated and quenched at
the same time leaving only the other conditions, such as natural and artificial aging time, as
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Figure 10. Different heat treatment conditions applied to the A356 alloy

Figures 12-13 show the effects of different heat treatments on the burr heights with various
cutting speed and feed rate during machining A356 aluminum alloys in dry conditions. To
emphasize the effect of heat treatments on the material properties and its effects on the burr
height thus, the case study will be focused on dry conditions. The experimental results re‐
veal that the A356-T61 aluminum alloy in peak aging condition produces the lowest burr
height than other alloys, whereas the A356-T0 and A356-T4 in cast and SHT conditions were
produced the highest level of burr formation. Generally, it is also observed that aging at low
temperature, 155 oC, was observed to produce the lowest level of the burr formation while
the aging at higher temperatures, 180°C, and 220°C, respectively, are accompanied with an
increase in the burr heights. The lowest level of burr height was observed in peak aging con‐
ditions A356-T61 alloy may be explained based on the fact that burr formation is closely re‐
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lated to the hardness of the workpiece, as well as to the deformability of the matrix around
the Si particles. Thus, when the workpiece made of the A356-T61 alloy is hard (i.e. high ten‐
sile properties), thereby resisting deformation, and the work material is also difficult to de‐
form in the shear zone ahead of the cutting edge and on the tool surface in such a way that
the Si particles are secured firmly in position. Consequently, the particles have a strongly
abrasive action on the tool cutting edge resulting in a high cutting force as well as in low
level of burr formation.
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Figure 13. Influence of the heat treatments (T0, T4, T61, T62 and T7) and the cutting speed on the burr height during
the dry drilling of the A356 alloy with feed rate 0.15 mm/rev.

6. Overview of deburring processes applicable to aluminium alloys

Burr removal is a non-value added process [3] and might represent as much as 30 percent of
the cost of finished parts [2]. As deburring is non-productive and costly finishing process, it
should be minimized or avoided. Any material leading to limited burr formation is there‐
fore advantageous. Recent studies and literature have pointed out tremendous issues relat‐
ed to burr formation and deburring operations, including: [1] small finger injuries for
assembly workers; [2] source of debris (bits of burrs) during operation, thereby reducing the
life time of the machined part; [3] changing parts resistance and reduction of tool life and
efficiency [44]; [4] presentation of hazard in handling of machined parts, which can interface
with subsequent assembly operations ; and [5] the burrs that are adhered to the work part
may become loose during operation, and consequently cause difficulties and damage.

Gillespie [2] has identified 122 deburring and edge finishing processes. To better select
them, several classifications were proposed in [2, 15, 34]. The work of Gillespie [2] is the
most complete work, encompassing all deburring methods, from manual deburring to high
technology finishing systems using CNC and industrial robots. He [2] classified deburring
processes under following categories of [1] Mechanical deburring processes; [2] Thermal de‐
burring processes; [3] Chemical deburring processes and [4] Electrical deburring processes.

Mechanical deburring processes: During mechanical deburring processes, the burrs are re‐
duced or removed by mechanical abrasion. This can be done manually, using abrasive, us‐
ing a brush or a solid tool off-line or directly at the machine-tool station. Sometimes, a robot
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is also used. The overview of most highly used mechanical deburring methods on alumi‐
num alloys will be presented in the following sections:

6.1. Manual deburring

Manual deburring is still known as the most widely used operation for many reasons, in‐
cluding extreme flexibility, low cost and lack of technology needed. According to [2], man‐
ual deburring is associated with wasting of time and asset, fatigue, frustration, etc.
Moreover, in most of industrial sectors, manual deburring is implemented in dry conditions
by non-qualified operators. This consequently increases the waste rate and delay in produc‐
tion lines.

6.2. Bonded-abrasive deburring

Bonded abrasive deburring or sanding is a versatile deburring technique which can be ap‐
plied when heavy stock removal is intended. This method performs well in manual and au‐
tomated operations that are used for deburring and surface smoothing. Many types of
bonded abrasives are available for dry and lubricated deburring of aluminum alloys and
metals work parts. The main benefits of bonded-abrasive deburring are low cost; large vari‐
ety of models and great adaptability to manual or automatic equipment. On the other hand,
the main disadvantages of this method include short life time, dust emission and new burrs,
significant effects on residual stress and surface quality and lack of access to certain sides of
the work part.

6.3. Brush deburring

The power driven brush tools have a wide range of applications in deburring, cleaning, des‐
caling, polishing, edge blending and texturizing of the metal work parts. The brush debur‐
ring is considered as a fast, safe, simple, relatively inexpensive, and flexible deburring
method, which could be also adaptable to manual or automatic equipment with little opera‐
tor interference. The rotary action in brushing allows a great variety of driving motor and
fixtures to be employed. The brush deburring involves several environmental, health and
safety considerations, including particle and dust emission when using dry sanding of metal
and plastic parts. The generation of new burr, new changes on the work part size, fatigue
life and residual stress are the main disadvantages and side effects of brush deburring. As
described in [2], brush deburring method is widely used for deburring of aluminum work
parts, such as cylinder heads (see Figure 14). The main process variables involved in brush
deburring include, brush style, brush design and materials, face width, coolant, brush rota‐
tional speed, burr size, burr location and work part material.

6.4. NC/CNC machining centers

Due to growing demands on higher production rate, improved quality and less labour and
production cost, particular interest has been paid to use of NC/CNC machines for precise
deburring and chamfering of holes, flat and curved surfaces. The NC/CNC machines can
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brush the machined parts by simply attaching the brushing tools (miniature or large scales)
in a tool holder. It also allows the machine to change the tooling conditions and begins the
cutting operations and simultaneously taking the advantage of over 1000 standard cutting
tools, thus providing great flexibility. Other benefits of NC/CNC machines include preven‐
tion of repetitive motions in hand deburring, and lost time due to work-related injuries
which may lead to a major cost saving in production line [2]. When using NC/CNC ma‐
chines, it is also possible to pick up a movable water jet nozzle and traverse it around the
machined part edges for deburring and edge finishing (see Figure 15). However this method
can be used on the aluminum work parts which require reasonable but not complete burr
removal [3]. A polishing/deburring machine is developed in [72], consisting of two subsys‐
tems. The first subsystem is a five-axis machine for tool/part motion control and the second
subsystem is a compliant tool head for tool force control. Both subsystems are designed
based on the tripod principle. According to experimental results, high precision automated
polishing/deburring on aluminium work parts was observed. As pointed out in [3],
NC/CNC machines may not produce high quality cast or forged surfaces. The main con‐
cerns when using NC/CNC machines are comprehensively presented in [2].

6.5. Robotic deburring

Robots can operate with no time limit; reproduce the same motions accurately; can process
workpieces faster than humans; they can use heavier; higher-powered tools for faster finish‐
ing; they can work in hazardous; noisy and ergonomically unsuitable situations for humans.
Robotic deburring is used to reduce the work load and guarantee an adequate workpiece
quality level. Robotic applications fall into three general areas [1] simple-shape deburring
and chamfering, [2] contouring and [3] sensor-controlled countering. A framework for ro‐
botic deburring applications in various industrial sectors was proposed in [73]. The use of
robots for deburring operation was reported in [74, 75]. Robotic deburring of gearbox cast‐
ing made from aluminum alloys is presented in [76]. In [77], an on-line industrial robot path
generation method has been developed and implemented to generate robot paths for debur‐
ring cast aluminum wheels. This method could automatically generate six degree of free‐
dom (DOF) tool paths for an accurate and efficient deburring process. Kazerooni [78]
presented robotic deburring using tungsten cemented carbide rotary files. He introduced ro‐
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wasting of time and asset, fatigue, frustration, etc. Moreover, in most of industrial sectors, manual deburring 
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bot-position uncertainties in deburring and a feed-back system working according to the
prescribed controlled strategy. Experimental verifications on aluminum work parts have
shown satisfactory results. Dornfeld [79] introduced the fundamental principles of acoustic
emission (AE) applications in chamfering and deburring operations and verified his ap‐
proach through experimental works on 6061-T6 aluminum alloys. Hirabayashi et al. [80] pre‐
sented deburring robots equipped with force sensors for automatic deburring of elevator
guide rails. The more widely used applications employ advanced robots that use five-axis
compliant tools, capable to remove most, but not all burrs [2].

7. Conclusion

The development of aluminum alloys is often conditioned by aeronautical requirements, but
still aluminum is considered as a suitable candidate for several applications in other sectors.
However, through growing demands on part quality, functional performance and global
competition, special attention has been paid to burr formation which appears to be one of
the major troublesome impediments to machinability, part quality and high productivity of
aluminium alloys.

In this chapter, overview of machining burr classifications and formation mechanisms as
well as factors governing burr formation were presented. Furthermore, the effects of heat
treatments on burr formation during drilling of aluminium alloys were presented, followed

Figure 15. High pressure water jet deburring of aluminum cylinder heads [3]
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bot-position uncertainties in deburring and a feed-back system working according to the
prescribed controlled strategy. Experimental verifications on aluminum work parts have
shown satisfactory results. Dornfeld [79] introduced the fundamental principles of acoustic
emission (AE) applications in chamfering and deburring operations and verified his ap‐
proach through experimental works on 6061-T6 aluminum alloys. Hirabayashi et al. [80] pre‐
sented deburring robots equipped with force sensors for automatic deburring of elevator
guide rails. The more widely used applications employ advanced robots that use five-axis
compliant tools, capable to remove most, but not all burrs [2].
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The development of aluminum alloys is often conditioned by aeronautical requirements, but
still aluminum is considered as a suitable candidate for several applications in other sectors.
However, through growing demands on part quality, functional performance and global
competition, special attention has been paid to burr formation which appears to be one of
the major troublesome impediments to machinability, part quality and high productivity of
aluminium alloys.

In this chapter, overview of machining burr classifications and formation mechanisms as
well as factors governing burr formation were presented. Furthermore, the effects of heat
treatments on burr formation during drilling of aluminium alloys were presented, followed

Figure 15. High pressure water jet deburring of aluminum cylinder heads [3]

Machining Burrs Formation & Deburring of Aluminium Alloys
http://dx.doi.org/10.5772/58361

115



by introducing the most highly used mechanical deburring processes on aluminum work
parts.

This work has led us to conclude that:

• There is a substantial need to reduce, prevent and eliminate burrs. Considering that the burr
formation is inevitable phenomenon in machining operations, particular attention should
be paid to burr control rather than burr avoidance. The main benefit would be to reduce the
needs of deburring operations. However, using deburring operations in some cases is still
mandatory.

• Most aluminium alloys, whether wroughts or casts, can experience burr formation during
machining processes; The shape and the size of this burr will depend on the alloy compo‐
sition and conditions, its mechanical properties, but also on type of machining operation,
tooling used, machining parameters, and machining conditions and strategies. Using very
low feed rates on a material with high ductility may generally lead to higher burr size.

• Development of simulation models of burr formation processes, coupled with advanced
cutting force and temperature modeling algorithms, capable of indicating the interaction
and dependencies of factors governing burr formation is suitable approach for better
understating of factors governing each individual machining operation.

• The knowledge of each deburring method and the requirements of the finished products,
in addition to burr size, mainly burr thickness are major parameters for correct selection of
deburring method. For many cases, combination of several deburring processes is required
to gain better results. Therefore, developing the links between burr sizes and deburring
methods and deburring difficulty is a benefial approach for better selection of deburring
methods, which infact reduce the non-desirable expenses.
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Hutchinson; 1978.

[12] Narayanaswami R, Dornfeld D. Design and process planning strategies for burr min‐
imization and deburring. Transactions of the North American Manufacturing Re‐
search Institute of SME. 1994; 22:313-22.

[13] Kishimoto W, Miyake T, Yamamoto A, Yamanaka K, Takano K. Study of Burr For‐
mation in Face Milling. Conditions for the Secondary Burr Formation. Bull Jpn Soc
Precis Eng. 1981;15(1):51-2.

[14] Beier HM. Handbuch Entgrattechnik: Wegweiser zur Gratminimierung und Gratbe‐
seitigung für Konstruktion und Fertigung: Hanser; 1999.
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by introducing the most highly used mechanical deburring processes on aluminum work
parts.

This work has led us to conclude that:

• There is a substantial need to reduce, prevent and eliminate burrs. Considering that the burr
formation is inevitable phenomenon in machining operations, particular attention should
be paid to burr control rather than burr avoidance. The main benefit would be to reduce the
needs of deburring operations. However, using deburring operations in some cases is still
mandatory.

• Most aluminium alloys, whether wroughts or casts, can experience burr formation during
machining processes; The shape and the size of this burr will depend on the alloy compo‐
sition and conditions, its mechanical properties, but also on type of machining operation,
tooling used, machining parameters, and machining conditions and strategies. Using very
low feed rates on a material with high ductility may generally lead to higher burr size.

• Development of simulation models of burr formation processes, coupled with advanced
cutting force and temperature modeling algorithms, capable of indicating the interaction
and dependencies of factors governing burr formation is suitable approach for better
understating of factors governing each individual machining operation.

• The knowledge of each deburring method and the requirements of the finished products,
in addition to burr size, mainly burr thickness are major parameters for correct selection of
deburring method. For many cases, combination of several deburring processes is required
to gain better results. Therefore, developing the links between burr sizes and deburring
methods and deburring difficulty is a benefial approach for better selection of deburring
methods, which infact reduce the non-desirable expenses.
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1. Introduction

Lightweight magnesium (Mg) alloys with excellent shock-absorption properties are being
actively adopted for electronic information devices and automotive parts [1]. Mg alloys shows
excellent environmental properties because of their light weight, which can lead to improved
energy efficiency and hence a reduction in emissions of carbon dioxide [1–2]. For use in
structural applications, Mg alloys need to have adequate ductility, thermal stability, and
strength. However, Mg alloys often exhibit low ductility, low tensile yield strength, and poor
formability as a result of limited slip in their hexagonal close-packed structures [2]. The known
ways for effectively improving the mechanical properties and formability of Mg alloys include
grain refinement [3–4] and control of the texture of the alloy [4–5]; both these techniques
promote prismatic slip and facilitate the creation of large plastic deformations. It is well known
that the ignition temperature of Mg alloys is lower than that of other materials for vehicles [6].
However, the ignition temperature of Mg alloys can be markedly raised by the presence of
small amounts of calcium (Ca) [6]. Recently, AZX and AMX (X = Ca) alloys have been shown
to have higher ignition temperatures than other Mg alloys [6–7]. The effect of adding Ca to
improve the flame resistance of Mg alloys has been demonstrated experimentally, as shown
in Figure 1. At a temperature at 550 °C, AZ61 Mg alloy ignites, the surface of A6N01 alloy
begins to change color, and AZX611 alloy is unaffected.

In general, Mg alloys that contain other elements are known to have greatly enhanced
mechanical properties, but their ductility can be maintained only processing the cast metal
through extrusion and/or plastic deformation [10–11]. It has been suggested that grain
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Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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refinement of the Mg phase occurs during extrusion deformation [3,10–12]. The strength and
microstructure of extruded Mg–Ca and Mg–Ca–Al(Zn) [6–7,9–13] alloys have been examined,
together with the distribution of compounds within these materials [7,12,15]. Most of the
plastic deformation processes to which Ca-containing Mg alloys have been subjected are
extrusion processes [9–10], and there have been few attempts to examine improvements in the
strength of these materials by means of rolling and working processes. It is widely known that
the plastic deformation of alloys of Mg with rare earth (RE) metals [8] or Ca [11–12] requires
many working cycles and high processing temperatures in comparison with commercial Mg
alloys [5,7]. If wrought Mg materials are to be more widely used, it will be important to develop
techniques for the production of rolled sheets in addition to extruded materials. It will also be
necessary to elucidate the mechanical properties of such materials and to establish a rolling
process for Mg alloys that is faster than the current extrusion processes. It has been reported
that a rolling process has been carried out at processing temperatures (sample temperature,
roll surface temperature, and reheating temperature) above the static recrystallization
temperature [6–13]. However, there have been no previous studies on the relationship between
the microstructural changes responsible for strength enhancement and rolling processes
without reheating or of the maximum reduction in thickness achievable in single-pass rolling.

In this study, we investigated the changes in the microstructure and tensile properties at room
temperature produced by controlled rolling of samples of Mg–Al–Mn–Ca cast alloy produced
by a twin-roll casting process. The heat resistance, formability, and damping properties of the
rolled sheet produced were compared with those of the A6N01 alloy currently used in high-
speed rail vehicles [14].

Figure 1. Appearance of samples of A6N01, AZ61+0.5Ca and AZ61+1Ca alloys subjected to flame-resistance testing
(a). Ignition temperature of Ca addition magnesium AZX611 alloy (c) higher than AZ61 (b) magnesium alloys.

2. Experimental procedure

The alloy used in this study was twin roll cast (TRC) Mg–10Al–0.2Mn–1Ca (mass%) alloy
(AMX1001). The material properties of this alloy were compared with those of samples of
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Mg–3Al–1Zn–1Ca  (AZX311)  alloy  and  Mg–6Al–1Zn–1Ca  (AZX611)  alloy.  Ingots  were
prepared in an electric furnace in an atmosphere of argon. The as-received samples of the
TRC material measured 100 mm wide by 2000 mm long by 4 mm thick. Samples for rolling,
measuring 60 mm wide and 120 mm long, were cut from the as-received materials.  The
TRC direction and rolling direction were parallel to one another, and the microstructure
was  observed  from  the  direction  perpendicular  to  the  direction  of  rolling  and  casting.
Rolling was carried out on samples preheated to 100 to 400 °C for 10 min in a furnace. The
surface temperature of the rollers was maintained at 250 °C by means of embedded heating
elements. The sample was rolled from a thickness of 4 mm to one of 1 mm in several passes
(1 mm per pass) without reheating during the rolling process, or by single-pass rolling. The
roll diameter was 180 mm and roll speed was set at 5, 10, 15, or 25 m/min. We chose to
roll the sheets to a thickness of 1 mm to permit comparison of the mechanical properties
of sheets produced by multipass rolling with those of sheets rolled in a single pass. The
samples were cooled with water within 5 s of the final rolling pass. The AMX1001 alloy
consisted of an α-Mg phase and Al–Ca compounds [13].

Samples for tensile testing with gauge sections 2.5 mm in width and 15 mm in length were
machined from samples of the rolled and annealed materials. Tensile tests were carried out at
an initial strain rate of 5.0 × 10–4 s–1 at room temperature. Samples were annealed at tempera‐
tures of between 100 and 400 °C in an electric furnace for various times between 1 and 1000 h,
with subsequent cooling in water. The formability of the rolled sheets was investigated by
conical cup tests performed temperatures between room temperature and 250 °C at an initial
strain rate of 2.7 × 10 1 s‒1. The microstructures of the rolled and annealed samples were
observed by optical microscopy (OM), scanning electron microscopy (SEM), and electron
backscattering diffraction (EBSD). The optical and Electron probe micro-analyser (EPMA)
maps of as-cast AMX1001 alloy are shown in Figure 2. The initial mean grain size of AMX1001
cast alloy was 53 μm. The brighter areas in Figure 2 correspond to Al2Ca compounds. The Al2Ca
compounds were present as networks and as coarse agglomerations.
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Figure 2. Optical micrograph (a) and EPMA maps (b)-(e) of cast sample of AMX1001 twin roll cast alloy.
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Figure 3. Optical microstructures of twin rolled cast alloy AMX1001 (a), gravity-cast alloys AZX311 (b) and AZX611 (c),
and extruded alloys AZX311 (d) and AZX611 (e).

3. Results and discussion

3.1. Structure of the cast materials and the limited reduction in thickness diagram

Rapidly cooled AMX1001 TRC alloy (the as-received material) has a finer grain structure than
AZX311 or AZX611 gravity-cast alloys. However, the mean grain size of the AZX311 and
AZX611 alloys was similar to that of AMX1001 TRC. The initial optical microstructure of these
materials is shown in Figure 3. It is necessary to know the relationship between the sample
temperature and the maximal reduction in thickness per pass in order to prepare thin sheets
without cracking. Figure 4(a) shows the maximum reduction in thickness per pass in strip
pressing of samples of AZX311, AZX611, and AMX1001 cast alloy; optical micrographs of
samples of AZX311 and AMX1001 subjected to single-pass rolling at 200 °C are shown in Figure
4(b) and (c).

The maximum reduction in thickness at a deformation temperature of 200 °C for samples of
AZX311 and AZX611 cast alloys was 9%, whereas that of AMX1001 cast alloy was 30% [Figure
4(a)]. This shows that AMX1001 TRC alloy has a higher deformability than AZX311 and
AZX611 cast alloys. Furthermore, the maximum reduction in thickness reached 50% for
AMX1001 TRC alloy when the deformation temperature was raised to 300 °C; the maximum
reduction in thickness therefore increases significantly at deformation temperatures between
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200 and 300 °C. Optical micrographs recorded after applying a reduction in thickness of 20%
to AMX1001 TRC alloy at a sample temperature at 200 °C and a roll surface temperature of
250 °C are shown in Figure 4(b) and (c). It can be seen that, in comparison with the cast material,
shear deformation is introduced into the microstructure. As will be discussed later, dynamic
recrystallization (DRX) occurs on elevating the sample temperature after the rolling process.
As a result of the rolling process, the α-Mg phase becomes finer, Al–Ca compounds are finely
crushed, and structural rearrangement occur; furthermore, the Mg phase and the Al–Ca
compounds exhibit a lamellar structure.

Figure 4. Maximum reduction in thickness curves for AZX311, AZX611, and AMX1001 cast alloy (a) and optical micro‐
graphs of AZX311 (b) and AMX1001 (c) alloys rolled at 200 °C in a single pass.

Curves showing the maximum reduction in thickness of extruded AZX311 and AZX611 alloys
are presented in Figure 5 [7]. The maximum reduction in thickness of AMX1001 cast material
was the same as that of extruded AZX311 and AZX611 alloys. In other words, the TRC material
shows a good rollability in comparison with the gravity-cast materials when the mean grain
size is less than 100 μm. The TRC process, which involves rapid cooling, therefore has
advantages in terms of the rollability of the product, in addition to its greater productivity. By
the way, Figure 5 shows that the maximum reduction in thickness of AZX611 alloy decreases
when the deformation temperature is increased to more than 400 °C. This decrease is probably
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the result of growth of grains of α-Mg phase and the proximity of the annealing temperature
to the solution-treatment temperature [13]. These observations are consistent with the forging
and molding properties of AZ31 alloys [15] and Mg–Zn–Y alloys [8], and also with the fact that
AZ31 alloy is a nonaging alloy, whereas AZ61 alloy is an aging alloy. In other words, the roll
surface temperature and the reduction in thickness are important factors in strip processing
of AMX1001, AZX311, and AZX611 alloys, and a fine dispersion of Al2Ca compounds occurs
as a result of the refinement of the α-Mg phase.

Figure 5. Maximum reduction in thickness curves for AZX311 and AZX611 extruded alloy at 200 °C after a single pass.
The results for AMX1001 cast alloys are also shown in this figure [7].

3.2. Effects of rolling conditions on the microstructure of flame-resistant Mg alloy

To investigate the effect of rolling conditions and grain refinement, we used 10-mm-thick
samples of AZX611 gravity-cast material with a coarse grain, because increasing the total
reduction in thickness eliminated the fine structure of the cast material.

Figure 6(a) shows the tensile properties of the as-cast alloys subjected to rolling at a sample
temperature of 200 °C or 400 °C with a roll surface temperature of 250 °C. Samples were rolled
from a thickness of 10 to 1 mm in nine passes at 200 °C (the 200 °C rolled sheet) or in a single
pass at 400 °C (the 400 °C rolled sheet). The yield stress (YS) of the 200 °C rolled sheet was 340
MPa, its ultimate tensile strength (UTS) was 350 MPa, and its elongation was 4%. The YS and
UTS of the 400 °C rolled sheet were 220 and 270 MPa, respectively, and its elongation was 11%.
In the single-pass rolling at a sample temperature of 400 °C, we were able to reduce the
thickness by 90%, because the sample temperature was close to the solution temperature and
the Mg phase and the Al–Ca compounds could be easily deformed. The YS and UTS of the
resulting sample were lower than those of the alloy sample rolled at 200 °C, but the elongation
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was improved. The difference between the temperature of the sample (200 °C) and the roll
surface temperature (250 °C) suppresses loss of heat during the rolling process, thereby
inducing DRX and increasing plastic deformability. Optical micrographs of the 200 °C and 400
°C rolled materials are shown in Figure 6(b) and (c). The Al–Ca compounds are finely crushed
and dispersed during the rolling process, and fine Al–Ca compounds are formed at grain
boundaries. It is well known that finely crushing Al–Ca compounds contributes to control of
grain growth [7]. A comparison of the textures in optical micrographs of the 200 °C rolled sheet
after nine passes and in the 400 °C rolled sheet after a single pass showed that the former
contained relatively equiaxial grains, whereas the latter showed a microcrystalline structure
between the grain boundaries and a completely uniform texture was not formed. Therefore,
strip processing for a few passes under a small load to produce a uniform texture is effective
in reducing the total load and increasing the strength of the alloy without reheating.

20 µm

(b) (c)

200 rolled alloy

400 rolled alloy

(a)

Figure 6. Nominal stress–strain curves for AZX 611 sheet rolled at 200 °C (multipass) or 400 °C (single pass) (a), and
optical micrographs of the materials rolled at 200 °C (b) and 400 °C (c).
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after nine passes and in the 400 °C rolled sheet after a single pass showed that the former
contained relatively equiaxial grains, whereas the latter showed a microcrystalline structure
between the grain boundaries and a completely uniform texture was not formed. Therefore,
strip processing for a few passes under a small load to produce a uniform texture is effective
in reducing the total load and increasing the strength of the alloy without reheating.

20 µm

(b) (c)

200 rolled alloy

400 rolled alloy

(a)

Figure 6. Nominal stress–strain curves for AZX 611 sheet rolled at 200 °C (multipass) or 400 °C (single pass) (a), and
optical micrographs of the materials rolled at 200 °C (b) and 400 °C (c).
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Figures 7(a–f) show the inverse pole figure (IPF) and pole figure (PF) maps of alloy samples
rolled at 200 °C [Figures 7(a–c)] or 400 °C [Figures 7(d–f)]. In the sample rolled at 200 °C, the
recrystallized region amounted to 81% of the rolled sheet, and the mean grain size was reduced
from 1140 μm to 3.5 μm (the mean grain sizes in the recrystallized and the nonrecrystallized
regions were 1.5 μm and 9.4 μm, respectively) (Figure 7a). The sample and roll surface
temperatures of 200 °C and 250 °C, respectively, are close to the static and dynamic recrystal‐
lization temperatures of Mg alloy [10]. The microstructure was refined by DRX, resulting in a
duplex grain structure consisting of partially elongated grains, and shear deformation was
observed. As can be seen in Figs. 7(b–c), the intensity of the basal texture of the AZX611 rolled
sheet was 10.2; the intensities of the basal textures of the recrystallized and nonrecrystallized
regions were 9.8 and 19.6, respectively. As shown in Figures 7(d–f), the sample rolled at 400
°C contained a region with elongated grains and fine grains. The recrystallized region of the
rolled sheet accounted for 47% of the total, and the mean grain sizes of the recrystallized and
nonrecrystallized regions were 2.9 and 27.8 μm, respectively. As can be seen in Figures 7(a–
c), the intensity of the basal texture of the AZX611 rolled sheet was 13.9, and the intensities of
the basal textures of the recrystallized and nonrecrystallized regions were 4.5 and 21.4,
respectively. The sample temperature of 400 °C is near the grain growth and solution temper‐
ature of AZX611 and AZ61 alloys [7,12–13]. The microstructure was refined by DRX, but grain
growth occurred immediately after rolling. As a result, the alloy rolled at 400 °C showed a
duplex grain structure, the intensity of the basal texture of the nonrecrystallized region was
higher than that for the sample rolled at 200 °C, and the area frequency of the nonrecrystallized
region was more than 50%. Therefore, if there is a difference in the sample temperature, but
no observed significant differences in the mean grain size, provided the nonrecrystallized
region is taken into consideration, the grain-refinement mechanism is dependent on the sample
temperature and the reduction in thickness.

Next, we focused on the sample temperature after rolling in the nine-pass process that
produced high-strength AZX611 rolled sheet. Figure 8(a) shows the results of measurements
of the sample temperature after rolling and the mechanical properties for various total
reductions in thickness. Figures 8(b–d) show optical micrographs for the several reductions in
thickness, as indicated in Figure 8(a). From Figure 8(a), it is apparent that when the total
reduction in thickness was less than 60%, the sample temperature after rolling increased
slightly as the number of rolling passes increased. On the other hand, the sample temperature
after the rolling process did not show any increase for a total reduction in thickness of more
than 60%. The strength increased after a total reduction in thickness of 60%, but the elongation
was reduced. Figures 8(b–d) show that the dendrite structure was also elongated in the rolling
direction after a total reduction in thickness of 40% and that Al–Ca compounds remained in
the grain boundary. The existence of shear deformation of the microstructure when the total
reduction in thickness reached 60% was confirmed and, at this stage, Al–Ca compounds were
beginning to be crushed. When the total reduction in thickness reached 80%, bending of the
microstructure occurred as a result of shear deformation and elongation of the grain in the
direction parallel to the rolling direction. By performing multipass rolling and introducing
shear deformation by the rolling process, we were able to increase the strength of the Mg phase
by DRX, while the Al–Ca compounds were crushed. This was possible because the deformation
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process induced heating of the alloy during each rolling pass, thereby maintaining the sample
at a temperature near its solution temperature. Al–Ca compounds that had been crushed were
rearranged in layers in the Mg phase in the direction parallel to the rolling direction.

3.3. Production of high-strength Mg–10Al–0.2Mn–1Ca rolled sheet by a rolling process

From Figures 2 and 3, the initial grain size of AMX1001 TRC alloy was lower, by a ratio of 1:20,
than the mean grain size of AZX311 and AZX611 gravity-cast alloy, so that improved rollability
would be expected. Therefore, a sample of AMX1001 was rolled from a thickness of 4 mm to
1 mm in three passes. Figures 9(a–c) show the relationship between the mechanical properties
and various rolling conditions for AZX1001 alloy. Figure 9(a) shows that, as a result of the

Figure 7. Inverse pole figure and pole figure maps of samples of AZX611 alloy rolled at 200 °C (a)–(c) or 400 °C (d)–(f);
(b) and (e) show the recrystallized regions and (c) and (f) show the nonrecrystallized regions.
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recrystallized region amounted to 81% of the rolled sheet, and the mean grain size was reduced
from 1140 μm to 3.5 μm (the mean grain sizes in the recrystallized and the nonrecrystallized
regions were 1.5 μm and 9.4 μm, respectively) (Figure 7a). The sample and roll surface
temperatures of 200 °C and 250 °C, respectively, are close to the static and dynamic recrystal‐
lization temperatures of Mg alloy [10]. The microstructure was refined by DRX, resulting in a
duplex grain structure consisting of partially elongated grains, and shear deformation was
observed. As can be seen in Figs. 7(b–c), the intensity of the basal texture of the AZX611 rolled
sheet was 10.2; the intensities of the basal textures of the recrystallized and nonrecrystallized
regions were 9.8 and 19.6, respectively. As shown in Figures 7(d–f), the sample rolled at 400
°C contained a region with elongated grains and fine grains. The recrystallized region of the
rolled sheet accounted for 47% of the total, and the mean grain sizes of the recrystallized and
nonrecrystallized regions were 2.9 and 27.8 μm, respectively. As can be seen in Figures 7(a–
c), the intensity of the basal texture of the AZX611 rolled sheet was 13.9, and the intensities of
the basal textures of the recrystallized and nonrecrystallized regions were 4.5 and 21.4,
respectively. The sample temperature of 400 °C is near the grain growth and solution temper‐
ature of AZX611 and AZ61 alloys [7,12–13]. The microstructure was refined by DRX, but grain
growth occurred immediately after rolling. As a result, the alloy rolled at 400 °C showed a
duplex grain structure, the intensity of the basal texture of the nonrecrystallized region was
higher than that for the sample rolled at 200 °C, and the area frequency of the nonrecrystallized
region was more than 50%. Therefore, if there is a difference in the sample temperature, but
no observed significant differences in the mean grain size, provided the nonrecrystallized
region is taken into consideration, the grain-refinement mechanism is dependent on the sample
temperature and the reduction in thickness.

Next, we focused on the sample temperature after rolling in the nine-pass process that
produced high-strength AZX611 rolled sheet. Figure 8(a) shows the results of measurements
of the sample temperature after rolling and the mechanical properties for various total
reductions in thickness. Figures 8(b–d) show optical micrographs for the several reductions in
thickness, as indicated in Figure 8(a). From Figure 8(a), it is apparent that when the total
reduction in thickness was less than 60%, the sample temperature after rolling increased
slightly as the number of rolling passes increased. On the other hand, the sample temperature
after the rolling process did not show any increase for a total reduction in thickness of more
than 60%. The strength increased after a total reduction in thickness of 60%, but the elongation
was reduced. Figures 8(b–d) show that the dendrite structure was also elongated in the rolling
direction after a total reduction in thickness of 40% and that Al–Ca compounds remained in
the grain boundary. The existence of shear deformation of the microstructure when the total
reduction in thickness reached 60% was confirmed and, at this stage, Al–Ca compounds were
beginning to be crushed. When the total reduction in thickness reached 80%, bending of the
microstructure occurred as a result of shear deformation and elongation of the grain in the
direction parallel to the rolling direction. By performing multipass rolling and introducing
shear deformation by the rolling process, we were able to increase the strength of the Mg phase
by DRX, while the Al–Ca compounds were crushed. This was possible because the deformation
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process induced heating of the alloy during each rolling pass, thereby maintaining the sample
at a temperature near its solution temperature. Al–Ca compounds that had been crushed were
rearranged in layers in the Mg phase in the direction parallel to the rolling direction.

3.3. Production of high-strength Mg–10Al–0.2Mn–1Ca rolled sheet by a rolling process

From Figures 2 and 3, the initial grain size of AMX1001 TRC alloy was lower, by a ratio of 1:20,
than the mean grain size of AZX311 and AZX611 gravity-cast alloy, so that improved rollability
would be expected. Therefore, a sample of AMX1001 was rolled from a thickness of 4 mm to
1 mm in three passes. Figures 9(a–c) show the relationship between the mechanical properties
and various rolling conditions for AZX1001 alloy. Figure 9(a) shows that, as a result of the
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multipass rolling process, the YS decreased slightly from 390 to 340 MPa and UTS also
decreased slightly from 410 to 380 MPa, probably due to the increase in sample temperature
from 100 to 350 °C, whereas the elongation improved from 3.5 to 8.5%. Additionally, it was
clear that the YS and UTS of samples subjected to single-pass rolling were lower than those of
samples subjected to multipass rolling process, but the single-pass rolling markedly improved
the elongation to 20% [Figure 9(b)]. These results suggest that the elongation of rolled materials
depends on the sample temperature, whereas the YS and UTS depend on the number of rolling
passes. The multipass rolling regime that we used did not involve reheating between individ‐
ual passes, and we suggest that recovery and DRX do not act effectively during the initial
passes of the rolling process. From Figures 7 and 8, it is clear, however, that recovery and DRX
do act effectively when the reduction in thickness reaches more than 70%. Figure 9(c) shows
that the YS and UTS decrease with increasing rolling speed for a total reduction in thickness
of 80%, even with a multipass rolling process. This is because there is an increase in the sample
temperature after rolling, as in the case of extrusion [8]. It is possible to combine single- and
multipass rolling processes to suit particular applications; the rolling speed and sample
temperature are the important factors in the rolling process. In addition, a total reduction ratio
of 60% or more is necessary to produce high-strength rolled material.

Figures 10(a–c) show optical micrographs of the as-cast sample and samples of rolled sheet
subjected to rolling for three passes, together with the corresponding IPF and PF maps for a
sheet rolled at a speed of 10 m/min at a sample temperature of 200 °C and a roll surface
temperature of 250 °C. The microstructure of the cast ingot consisted of a coarse grain structure
with Al2Ca and Al compounds. After the three-pass rolling process, the recrystallized region
of the rolled sheet accounted for 70% of the total, and the grain size was reduced from 53 to
3.8 μm. The rolling temperature of 200 °C is close to the recrystallization temperature of both

Figure 8. Relationship between sample temperature after the rolling process and the mechanical properties of
AZX611 (a); optical micrographs for samples of AZX611 reduced in thickness by 40% (b), 60% (c), and 80% (d).
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AZX and AZ series alloys [11–12,15]. The microstructure was refined by DRX to form a duplex
grain structure that was partially elongated, and shear deformation was observed into the
elongated grain. To increase the extent of the recrystallized region, an increase in the rolling
temperature or a greater total reduction thickness was required, but the strength then tended
to decrease because of the influence of grain growth. The Al–Ca compounds were finely
crushed and dispersed during the rolling process, and therefore these compounds contributed
to control of the grain growth that would otherwise result from an increase in the rolling
temperature. As can be seen in Figure 10(c), the intensity of the basal texture of the AMX1001
rolled sheet was 8.2. This basal texture was lower than those of AZ31 alloy samples subjected
a single rolling process at 200 or 400 °C, until the rolling reduction reached 86%, at which point
the intensities were 7 and 5, respectively [16]. Figure 11 shows the tensile properties of the as-
cast and rolled (single- and three-pass schedules) alloys for a roll surface temperature of 250
°C and a rolling speed of 10 m/min; multipass rolling was performed at 100 °C, and single-
pass rolling was performed at a sample temperature of 400 °C. The YS and UTS of the sheet
subjected to three-pass rolling were 380 and 400 MPa, respectively, and the elongation was
8%. A sheet rolled from a thickness of 4 mm to one of 1 mm in a single pass showed a UTS of
320 MPa, a YS of 220 MPa, and an elongation of 15%. The failure to improve the strength of

(a) (b)

(c)

Figure 9. Relationship between the mechanical properties and rolling conditions for a multipass process (a) and a sin‐
gle-pass process (b) performed at various sample temperatures. Relationship between mechanical properties and roll‐
ing speed at a sample temperature of 200 °C and roll surface temperature at 250 °C for a reduction in thickness of
80% (c).

Thermal Stability, Formability, and Mechanical Properties of a High-Strength Rolled Flame-Resistant Magnesium Alloy
http://dx.doi.org/10.5772/57467

135



multipass rolling process, the YS decreased slightly from 390 to 340 MPa and UTS also
decreased slightly from 410 to 380 MPa, probably due to the increase in sample temperature
from 100 to 350 °C, whereas the elongation improved from 3.5 to 8.5%. Additionally, it was
clear that the YS and UTS of samples subjected to single-pass rolling were lower than those of
samples subjected to multipass rolling process, but the single-pass rolling markedly improved
the elongation to 20% [Figure 9(b)]. These results suggest that the elongation of rolled materials
depends on the sample temperature, whereas the YS and UTS depend on the number of rolling
passes. The multipass rolling regime that we used did not involve reheating between individ‐
ual passes, and we suggest that recovery and DRX do not act effectively during the initial
passes of the rolling process. From Figures 7 and 8, it is clear, however, that recovery and DRX
do act effectively when the reduction in thickness reaches more than 70%. Figure 9(c) shows
that the YS and UTS decrease with increasing rolling speed for a total reduction in thickness
of 80%, even with a multipass rolling process. This is because there is an increase in the sample
temperature after rolling, as in the case of extrusion [8]. It is possible to combine single- and
multipass rolling processes to suit particular applications; the rolling speed and sample
temperature are the important factors in the rolling process. In addition, a total reduction ratio
of 60% or more is necessary to produce high-strength rolled material.

Figures 10(a–c) show optical micrographs of the as-cast sample and samples of rolled sheet
subjected to rolling for three passes, together with the corresponding IPF and PF maps for a
sheet rolled at a speed of 10 m/min at a sample temperature of 200 °C and a roll surface
temperature of 250 °C. The microstructure of the cast ingot consisted of a coarse grain structure
with Al2Ca and Al compounds. After the three-pass rolling process, the recrystallized region
of the rolled sheet accounted for 70% of the total, and the grain size was reduced from 53 to
3.8 μm. The rolling temperature of 200 °C is close to the recrystallization temperature of both

Figure 8. Relationship between sample temperature after the rolling process and the mechanical properties of
AZX611 (a); optical micrographs for samples of AZX611 reduced in thickness by 40% (b), 60% (c), and 80% (d).
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AZX and AZ series alloys [11–12,15]. The microstructure was refined by DRX to form a duplex
grain structure that was partially elongated, and shear deformation was observed into the
elongated grain. To increase the extent of the recrystallized region, an increase in the rolling
temperature or a greater total reduction thickness was required, but the strength then tended
to decrease because of the influence of grain growth. The Al–Ca compounds were finely
crushed and dispersed during the rolling process, and therefore these compounds contributed
to control of the grain growth that would otherwise result from an increase in the rolling
temperature. As can be seen in Figure 10(c), the intensity of the basal texture of the AMX1001
rolled sheet was 8.2. This basal texture was lower than those of AZ31 alloy samples subjected
a single rolling process at 200 or 400 °C, until the rolling reduction reached 86%, at which point
the intensities were 7 and 5, respectively [16]. Figure 11 shows the tensile properties of the as-
cast and rolled (single- and three-pass schedules) alloys for a roll surface temperature of 250
°C and a rolling speed of 10 m/min; multipass rolling was performed at 100 °C, and single-
pass rolling was performed at a sample temperature of 400 °C. The YS and UTS of the sheet
subjected to three-pass rolling were 380 and 400 MPa, respectively, and the elongation was
8%. A sheet rolled from a thickness of 4 mm to one of 1 mm in a single pass showed a UTS of
320 MPa, a YS of 220 MPa, and an elongation of 15%. The failure to improve the strength of
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Figure 9. Relationship between the mechanical properties and rolling conditions for a multipass process (a) and a sin‐
gle-pass process (b) performed at various sample temperatures. Relationship between mechanical properties and roll‐
ing speed at a sample temperature of 200 °C and roll surface temperature at 250 °C for a reduction in thickness of
80% (c).
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the material by the three-pass rolling process was the result of the heat generated during the
metal-forming process. In fabricating the 1-mm-thick rolled sheet by the three-pass rolling
process, grain refinement of the Mg phase and crushing of the Al-Ca compounds occurred.
The difference between the temperature of the sample and that of the roll suppresses heat
removal during the rolling process, thereby inducing DRX and increasing deformability.

If no reheating is incorporated into the rolling process, the sample and roll-surface tempera‐
tures are close to the recrystallization temperature of the Mg alloy [7,15]. As a result, it is
possible to induce DRX through the increase in sample temperature generated by repeated
rolling. As a result of the temperature difference between the sample and roll surface, the
sample temperature approaches the roll surface temperature more closely as the number of
passes increases, making this an important factor.

100 µm

(a)

20 µm

(b)

If=8.2

d =3.8 µm(c)

20 µm

as cast rolled

Figure 10. Optical micrographs (a)-(b) and inverse pole figure map (c) of as rolled AMX1001 alloy. The thickness of
rolled materials was 1 mm (a total reduction in thickness of 75%).

Light Metal Alloys Applications136

0
50

100
150
200
250
300
350
400
450

0 10 20 30 40
Elongation, δ (%)

N
om

in
al

 st
re

ss
, σ

/M
Pa

3 passes
1 pass

as-cast

0
50

100
150
200
250
300
350
400
450

0 10 20 30 40
Elongation, δ (%)

N
om

in
al

 st
re

ss
, σ

/M
Pa

3 passes
1 pass

as-cast

Single-pass

three-passes

Figure 11. Nominal stress–strain curves for as-rolled AZX1001 alloy samples subjected to multipass rolling at 200 °C or
single pass rolling at 400 °C.

3.4. Annealing conditions and the thermal stability of AMX1001 rolled sheet

Figure 12(a) shows the relationship between the mechanical properties and the annealing
temperature for rolled sheets of AMX1001. Figure 12(b)-(e) shows optical micrographs of rolled
sheets of AMX1001 annealed at various temperatures between 150 and 400 °C. The YS and
UTS decreased by about 40 MPa and the elongation increased to 11% when the annealing
temperature was raised from 150 °C to 200 °C. A further increase in the annealing temperature
to 300 °C resulted in a significant decrease in the YS to 260 MPa and in the UTS to 310 MPa,
whereas differences in the YS, UTS, and elongation for annealing temperatures between 300
and 400 °C were minimal. An AMX1001 rolled sheet subjected to annealing at 200 °C for 1 h
showed no significant reduction in strength or tensile properties, which were are similar to
those of high-strength Mg alloy. In other words, the AMX1001 alloy showed excellent thermal
stability as a result of the addition of a small amount of Ca [10–11]. The addition of Al, however,
did not appear to have any effect on the thermal stability. The changes in the strength and
elongation of the AMX1001 rolled sheet suggest that static recrystallization occurs at 200 to
250 °C [Figures 12 (a) and (b)-(c)]. The deterioration in mechanical properties can be effectively
controlled by suppressing grain growth. Figure 13 shows that Al–Ca compounds form along
the grain boundaries after annealing, but that some compounds form in the grain. Focusing
on the grain size, fine grains are seen in the material annealed at 300 °C, whereas 18-μm grains
are seen in the material annealed at 350 °C; furthermore, there is also a decrease in the formation
of Al–Ca compounds. As the annealing temperature was increased, the Al–Ca compounds
were able to control the grain growth, and grain coarsening occurred rapidly at temperatures
close to the solution temperature. The other elements in the alloy are considered to be partially
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the material by the three-pass rolling process was the result of the heat generated during the
metal-forming process. In fabricating the 1-mm-thick rolled sheet by the three-pass rolling
process, grain refinement of the Mg phase and crushing of the Al-Ca compounds occurred.
The difference between the temperature of the sample and that of the roll suppresses heat
removal during the rolling process, thereby inducing DRX and increasing deformability.

If no reheating is incorporated into the rolling process, the sample and roll-surface tempera‐
tures are close to the recrystallization temperature of the Mg alloy [7,15]. As a result, it is
possible to induce DRX through the increase in sample temperature generated by repeated
rolling. As a result of the temperature difference between the sample and roll surface, the
sample temperature approaches the roll surface temperature more closely as the number of
passes increases, making this an important factor.
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Figure 10. Optical micrographs (a)-(b) and inverse pole figure map (c) of as rolled AMX1001 alloy. The thickness of
rolled materials was 1 mm (a total reduction in thickness of 75%).
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Figure 11. Nominal stress–strain curves for as-rolled AZX1001 alloy samples subjected to multipass rolling at 200 °C or
single pass rolling at 400 °C.

3.4. Annealing conditions and the thermal stability of AMX1001 rolled sheet

Figure 12(a) shows the relationship between the mechanical properties and the annealing
temperature for rolled sheets of AMX1001. Figure 12(b)-(e) shows optical micrographs of rolled
sheets of AMX1001 annealed at various temperatures between 150 and 400 °C. The YS and
UTS decreased by about 40 MPa and the elongation increased to 11% when the annealing
temperature was raised from 150 °C to 200 °C. A further increase in the annealing temperature
to 300 °C resulted in a significant decrease in the YS to 260 MPa and in the UTS to 310 MPa,
whereas differences in the YS, UTS, and elongation for annealing temperatures between 300
and 400 °C were minimal. An AMX1001 rolled sheet subjected to annealing at 200 °C for 1 h
showed no significant reduction in strength or tensile properties, which were are similar to
those of high-strength Mg alloy. In other words, the AMX1001 alloy showed excellent thermal
stability as a result of the addition of a small amount of Ca [10–11]. The addition of Al, however,
did not appear to have any effect on the thermal stability. The changes in the strength and
elongation of the AMX1001 rolled sheet suggest that static recrystallization occurs at 200 to
250 °C [Figures 12 (a) and (b)-(c)]. The deterioration in mechanical properties can be effectively
controlled by suppressing grain growth. Figure 13 shows that Al–Ca compounds form along
the grain boundaries after annealing, but that some compounds form in the grain. Focusing
on the grain size, fine grains are seen in the material annealed at 300 °C, whereas 18-μm grains
are seen in the material annealed at 350 °C; furthermore, there is also a decrease in the formation
of Al–Ca compounds. As the annealing temperature was increased, the Al–Ca compounds
were able to control the grain growth, and grain coarsening occurred rapidly at temperatures
close to the solution temperature. The other elements in the alloy are considered to be partially
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soluble at 400 °C, and the formation of Al2Ca compounds has been reported to be effective in
improving the ductility of alloys [13]. The alloy in this work, in which Al2Ca compounds were
formed as a result of the addition of 1 mass% of Ca, is considered to retain its ductility while
showing a greater strength and larger elongation than other Mg alloys.

20 μm

(b) (c)

(d) (e)
d=5 µm

d=10 µm d=13 µm

d=8 µm

(a)

Figure 12. Tensile properties (a) and optical micrographs (b)-(e) of samples of AMX1001 alloys annealed at 200°C(b),
250°C(c), 300°C(d) and 400°C(e) for 1 h.

10 µm

Al2Ca

Figure 13. Optical micrographs of the typical dispersion state of Al–Ca compounds in the alloy after annealing at 400
°C for 1 h.
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Figure 14. Relationship between the annealing time and the mechanical properties at room temperature of rolled
samples of AMX1001 alloy annealed at 200 °C (a). Optical micrographs of rolled samples of AMX1001 alloy annealed
at 200 °C for various holding times (b).

The rolled samples of AMX1001 alloy did not show any marked loss of strength or changes
in microstructure on annealing at 200 °C for 1 h. We therefore extended the annealing time
to 1000 h to test the thermal stability of the AMX1001 rolled sheet. Figure 14(a) shows the
YS and elongation for a sample of rolled AMX1001 alloy annealed at 200 °C for various
times up to 1000 h, as tested at room temperature. The YS and UTS decreased gradually
with increasing annealing time,  whereas the elongation markedly improved.  The tensile
properties of samples annealed at 200 °C for 1000 h did not depend on the annealing time.
Figure 14(b) shows optical micrographs of samples annealed at 200 °C for various anneal‐
ing time. Figure 14(a) shows that when the annealing temperature was maintained at 200
°C  for  1000  h,  even  though  the  YS  was  reduced  from  390  to  280  MPa,  the  elongation
improved from 8 to 22%. Although the α-Mg phase grew from 4 to 10 μm, and a lamel‐
lar microstructure in which the Al2Ca compounds was finely dispersed in the α-Mg phase
was  formed,  no  substantial  changes  in  the  microstructure  were  observed,  even  after
annealing for 1000 h. An examination of the optical micrographs in Figure 14(b) shows that
when the sample was annealed for 1000 h, the lamellar microstructures of the α-Mg and
Al2Ca  compounds  were  the  same  as  those  observed  before  annealing.  In  other  words,
degradation of the mechanical properties of the AMX1001 rolled sheet after annealing at
200 °C is due to static recovery of the alloy. With regard to the reinforcing factor of this
material, Al2Ca compounds control the grain growth of α-Mg phase even after annealing
at  200  °C for  1000 h.  The formation of  Al2Ca compounds by adding 1  mass% of  Ca is
therefore an effective way of increasing the heat resistance of the alloy. The YS and UTS
of rolled AMX1001 alloy were lower than those of Mg–Zn–Y extruded alloy [8] after heat
treatment at 200 °C for 1000 h; however, AMX1001 alloy can be fabricated into thin rolled
sheet at rolling temperature below 200 °C with a small number of passes. In the case of
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soluble at 400 °C, and the formation of Al2Ca compounds has been reported to be effective in
improving the ductility of alloys [13]. The alloy in this work, in which Al2Ca compounds were
formed as a result of the addition of 1 mass% of Ca, is considered to retain its ductility while
showing a greater strength and larger elongation than other Mg alloys.
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Figure 12. Tensile properties (a) and optical micrographs (b)-(e) of samples of AMX1001 alloys annealed at 200°C(b),
250°C(c), 300°C(d) and 400°C(e) for 1 h.
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Figure 13. Optical micrographs of the typical dispersion state of Al–Ca compounds in the alloy after annealing at 400
°C for 1 h.
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Figure 14. Relationship between the annealing time and the mechanical properties at room temperature of rolled
samples of AMX1001 alloy annealed at 200 °C (a). Optical micrographs of rolled samples of AMX1001 alloy annealed
at 200 °C for various holding times (b).

The rolled samples of AMX1001 alloy did not show any marked loss of strength or changes
in microstructure on annealing at 200 °C for 1 h. We therefore extended the annealing time
to 1000 h to test the thermal stability of the AMX1001 rolled sheet. Figure 14(a) shows the
YS and elongation for a sample of rolled AMX1001 alloy annealed at 200 °C for various
times up to 1000 h, as tested at room temperature. The YS and UTS decreased gradually
with increasing annealing time,  whereas the elongation markedly improved.  The tensile
properties of samples annealed at 200 °C for 1000 h did not depend on the annealing time.
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ing time. Figure 14(a) shows that when the annealing temperature was maintained at 200
°C  for  1000  h,  even  though  the  YS  was  reduced  from  390  to  280  MPa,  the  elongation
improved from 8 to 22%. Although the α-Mg phase grew from 4 to 10 μm, and a lamel‐
lar microstructure in which the Al2Ca compounds was finely dispersed in the α-Mg phase
was  formed,  no  substantial  changes  in  the  microstructure  were  observed,  even  after
annealing for 1000 h. An examination of the optical micrographs in Figure 14(b) shows that
when the sample was annealed for 1000 h, the lamellar microstructures of the α-Mg and
Al2Ca  compounds  were  the  same  as  those  observed  before  annealing.  In  other  words,
degradation of the mechanical properties of the AMX1001 rolled sheet after annealing at
200 °C is due to static recovery of the alloy. With regard to the reinforcing factor of this
material, Al2Ca compounds control the grain growth of α-Mg phase even after annealing
at  200  °C for  1000 h.  The formation of  Al2Ca compounds by adding 1  mass% of  Ca is
therefore an effective way of increasing the heat resistance of the alloy. The YS and UTS
of rolled AMX1001 alloy were lower than those of Mg–Zn–Y extruded alloy [8] after heat
treatment at 200 °C for 1000 h; however, AMX1001 alloy can be fabricated into thin rolled
sheet at rolling temperature below 200 °C with a small number of passes. In the case of
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Mg alloys, it is important that they retain a high strength and a high ductility if they are
to be used as industrial materials, and the Ca-containing Mg alloy AMX1001 is a material
that possesses such properties.

3.5. Formability and damping property of flame-resistant magnesium alloy

The formability of AMX1001 high-strength rolled sheets was examined by means of a conical
cup tests performed at room temperature to 250 °C and an initial strain rate of 2.7 × 10–1 s–1.
Specimens measuring 36 mm in diameter were cut from AMX1001 rolled sheet and subjected
to conical-cup tests, the results of which are shown in the Figure 15. For comparison, Figure
15 also shows the conical cup value for AZ61 Mg rolled sheet and for high-strength rolled sheet
6N01 Al alloy (Al–0.58Mg–0.6Si mass% alloy) [14], which has a YS of 480 MPa, a UTS of 497
MPa, and an elongation of 8%, and is used in high-speed rail vehicles. The conical cup value
of AMX1001 rolled sheet was 27 at 150 °C or above; this value was not significantly improved
by increasing the testing temperature to 200 °C. At test temperatures of up to 100 °C, the 6N01
Al rolled sheet showed a better formability than the AZ61 and AMX1001 Mg rolled sheet;
however, at a test temperature of 150 °C, the conical cup values for the Mg and Al alloys were
very similar. The conical cup value for the AMX1001 rolled sheet was therefore excellent at
test temperatures of 150 °C or more. At high testing temperatures, samples of AZ61 and
AMX1001 alloy produced by low-load processing showed higher conical cup values than did
high-strength 6N01 Al rolled sheet. AMX1001 rolled sheet fabricated by the rolling process
described in this study therefore showed better formability than fine-grained 6N01 Al rolled
sheet. Figure 16 shows optical micrographs and IPF maps of AMX1001 rolled sheet after conical
cup testing at 150 °C and 200 °C. The observation area was 500 μm from the fracture tips of
the crown part. The microstructure after conical cup testing at 150 °C showed an elongated
grain in comparison with the as-rolled microstructure shown in Figure 10. Along with the
improvement in formability demonstrated by the conical-cup test, equiaxial grains were
formed in the microstructure at a testing temperature of 200 °C; additionally, the nonrecrys‐
tallized region changed to a recrystallized region and a fine grain structure formed with
without elongation when the temperature of deformation was high. In other words, to improve
the formability of the Mg alloy, it is necessary to select an appropriate temperature and to make
use of DRX during plastic deformation. The IPF maps shown in Figure 16 show that at a testing
temperature of 200 °C, crystal orientation was random and the texture of the sample after the
conical-cup test was weak in comparison with that observed after testing at 150 °C. We found
that at a testing temperature of 200 °C, DRX occurred during plastic deformation.

It is well known that Mg alloys have excellent vibration-absorbing properties. The vibration
properties of Mg alloys are often reported [17–18], but few comparisons have been made with
steel or Al alloys. We examined the damping properties of samples of rolled and/or extruded
steel, Al alloys, and Mg alloys by analyzing the waveforms produced after a displacement of
0.45 mm by performing a cantilever vibration test. The cantilever test specimens measured 18
mm wide, 200 mm long, and 1 mm thick. We investigated the damping ratio at a strain
amplitude of 2 × 10–4 s–1 and a displacement of 0.45 mm at the tip of the cantilever. The damping
properties of steel (SUS 304), aluminum alloys (A7075, A5083, A6063, A6N01), and magnesium
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alloys (AZ series, Mg-RE, AZX, and AMX) are shown in Figure 17. From Figure 17, the damping
properties improved in the order Mg alloys ≥ Al alloys ≥ steel. The damping ratios of the Mg
alloys were dependent on the type of alloy, as in the case of the mechanical properties, and
they were affected by the nature of the elements forming the alloy. However, the variation in
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Figure 15. Appearance of conical cup sample and the relationship between the conical cup value and the testing tem‐
perature. The conical cup test was performed at various temperatures at an initial strain rate of 2.7 × 10–1 s–1.
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Figure 16. Optical micrographs (a), (b) and inverse pole figure maps (c), (d) of AMX 1001 rolled sheet after conical cup
testing at 150 °C (a), (c) and 200 °C (b), (d) at an initial strain rate of 2.7 × 10–1 s–1.
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Mg alloys, it is important that they retain a high strength and a high ductility if they are
to be used as industrial materials, and the Ca-containing Mg alloy AMX1001 is a material
that possesses such properties.

3.5. Formability and damping property of flame-resistant magnesium alloy
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alloys were dependent on the type of alloy, as in the case of the mechanical properties, and
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the percentage of damping ratio on changing of elemental content was small. The material
type and the damping ratio showed a linear relationship. In the case of Mg alloys, alloys in the
region between the AZ series of Mg alloys and Mg–RE alloys, where flame-resistant Mg alloys
occur, had damping properties that were inferior to those of commercial AZ-series Mg alloys,
showing that these properties are weakened by the addition of Ca. However, no effect of the
addition of Al on the damping ratio could be identified.

Figure 17. Damping properties of various rolled or extruded materials.

4. Summary

We investigated various properties of flame-resistant Mg alloys. By subjecting TRC materials
to a total reduction in thickness of up to 75% by multipass rolling without reheating, we
produced a rolled sheet with a tensile strength of 400 MPa and an elongation of 8%. During
the multipass rolling process, grain refinement occurred as a result of dynamic recrystallization
of the Mg phase and crushing of Al2Ca compounds. A study of the heat-treatment properties
of AMX1001 high-strength rolled sheet found that the yield strength was reduced from 330 to
250 MPa on heating at between 200 and 300 °C for 1 h, whereas the elongation improved from
8 to 17%, suggesting that by static recrystallization had occurred. When we investigated the
mechanical properties after heating the material at 200 °C for 1000 h, the tensile strength
reached 280 MPa and the elongation improved to 22%. In other words, AMX1001 rolled sheet
have an excellent thermal stability. Furthermore, the conical cup value for AMX1001 rolled
sheet was maximal at a test temperature of 150 °C or more, and this value was superior to that
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of fine-grained rolled A6N01 alloy. A study of the damping properties of various alloys
showed that they improved in the order steel ≤ aluminum alloys ≤ magnesium alloys. Overall,
the properties of high-strength AMX1001 rolled sheet are superior to those of fine-grained
aluminum alloys. In particular, this Mg alloy shows excellent thermal stability, damping
properties and formability.
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1. Introduction

The attractive properties of magnesium-based alloys make them materials of considerable
interest, but their insufficient corrosion resistance is sometimes an impediment to their
widespread use. This explains why much current research is focused on better understanding
and improving the corrosion behaviour of these alloys.

Such research often relies on the results of immersion tests in aqueous chloride solutions, which
have generally proven to be highly appropriate for a quick characterisation and classification
of the corrosion resistance of the different magnesium alloys. Corrosion tests in chloride-
containing media may, however, be subject to a serious problem as has been noted by several
authors [1-3], in that important discrepancies are sometimes seen between the magnitude of
the experimental values and expected values based on available information on the typical
behaviour of these alloys. In this respect it is a well known fact that much lower electrochemical
corrosion rate values may be obtained with magnesium alloys immersed in some corrosive
media than the real values determined gravimetrically. In the literature, this behaviour has
tentatively been associated with several phenomena such as material disintegration, the
participation of monovalent Mg+ions in the corrosion process, and anomalous chemical
dissolution, although the true causes of such discrepancies remains to be fully clarified.

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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behaviour of these alloys. In this respect it is a well known fact that much lower electrochemical
corrosion rate values may be obtained with magnesium alloys immersed in some corrosive
media than the real values determined gravimetrically. In the literature, this behaviour has
tentatively been associated with several phenomena such as material disintegration, the
participation of monovalent Mg+ions in the corrosion process, and anomalous chemical
dissolution, although the true causes of such discrepancies remains to be fully clarified.
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The purpose of this chapter is to report part of the results of a study carried out on Mg-Al
alloys which provides new information on the occasional occurrence of anomalous corrosion
rates in the study of these alloys. The ultimate aim is to contribute to obtain a best picture of
such phenomenon, and to improve from the design of the tests the reliability of the experi‐
mental results, removing factors potentially responsible for the anomalous behaviour.

Specifically, this chapter addresses the effect on the electrochemical measurements of the
corrosion rate of AZ31 and AZ61 alloys of the: (a) configuration of the exposed surface area of
the specimens; (b) surface conditions at the start of the test; and (c) measurement time using
the two aforementioned commercial magnesium-aluminium alloys. Special attention has been
paid to the possible repercussion of the confinement of the exposed area by means of a circular
plastic gasket, as well as to the presence of cut edges on the square coupon specimens entirely
exposed to the aggressive solution. Depending on the special circumstances of each case,
examination of the corroded surfaces may show substantially varied morphologies, which
include uniform corrosion, filiform corrosion, and localized attack with the formation of pits
and cavities.

2. Experimental

Specimens. The experimental specimens used in the study represent the effect of the following
variables: two types of Mg-Al alloys, two surface states, and three different surface areas
exposed to the corrosive solution. As will be seen below, all of these variables may have affected
the corrosion behavior of the specimens immersed in 0.6 M NaCl in some way.

The tested alloy types were AZ31 and AZ61, whose nominal compositions (wt.%) are listed in
Table 1. The tests included surfaces in the as-received condition and polished surfaces to a
mirror finish. The geometric surfaces areas exposed to the solution were: 0.5 cm2, 0.8 cm2and
9.0 cm2, defined by the circular contour of a plastic polymer gasket.

Alloy Al Zn Mn Si Fe Ca Mg

AZ31 3.1 0.73 0.25 0.02 0.005 0.0014 Bal.

AZ61 6.2 0.74 0.23 0.04 0.004 0.0013 Bal.

Table 1. Composition of alloys

3. Results and discussion

3.1. Corrosion rates

The graph in Fig.1 plots the normalized corrosion rates (NCR), calculated by dividing the
experimentally determined corrosion rate for each specimen by the median value of the set of
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specimens to which the considered specimen belongs (Tables 2-5). As can be seen, there is some
variability in the points in relation to the median value indicated by the line NCR=1. The
greatest degree of deviation is obviously shown by the outliers located well above the level
NCR=3, with values that multiply the median value by as much as 5-20 times.

Figure 1. Ratio between gravimetric (GRAV.) and electrochemical (ELEC.) data. The points marked with the letter A
correspond to specimens that showed anomalous dissolution rates in weight loss measurements.

Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No. Days immersion

Exposed surface

(cm)2

Measurement

method

0.26 0.41 18 10 10.5 W

0.31 0.48 17 10 10.5 W

0.38 0.59 70 10 10.4 H
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Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No. Days immersion

Exposed surface

(cm)2

Measurement

method

0.38 0.59 69 10 10.4 H

0.49 0.77 62 7 10.4 H

0.50 0.78 88 4 10.4 H

0.50 0.78 87 4 10.4 H

0.51 0.80 61 7 10.4 H

0.54 0.84 43 4 10.4 H

0.54 0.84 44 4 10.4 H

0.57 0.89 47 4 10.4 H

0.57 0.89 48 4 10.4 H

0.63 0.98 78 4 0.8 H

0.64 1.00 1 10 0.4 W

0.68 1.06 55 4 10.4 H

0.68 1.06 56 4 10.4 H

0.84 1.31 10 3 9 W

0.93 1.45 86 4 6 H

1.16 1.81 36 1 10.4 H

1.21 1.89 35 1 10.4 H

1.70 2.66 85 4 6 H

2.30 3.59 2 10 0.4 W

2.71 4.23 77 4 0.8 H

3.05 4.77 9 3 9 W

7.55 11.8 72 6 0 H

9.22 14.4 57 4 0 H

15.7 24.5 71 3 0 H

Table 2. Average corrosion rates arranged in ascending order. Specimens of AZ31 alloy in the as-received surface
condition (Measurements: W, by weight loss; H, by hydrogen evolution).
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Corrosion rate

(mg/dm2/d)

Normalized

corrosion rate

Specimen

No
Days immersion

Exposed surface

(cm2)

Measurement

method

0.20 0.32 19 10 10.5 W

0.21 0.34 20 10 10.5 W

0.53 0.85 3 10 0.4 W

0.53 0.85 64 7 10.4 H

0.54 0.87 63 7 10.4 H

0.55 0.89 91 4 10.4 H

0.55 0.89 92 4 10.4 H

0.56 0.90 90 4 6 H

0.62 1.00 49 4 10.4 H

0.62 1.00 50 4 10.4 H

0.63 1.02 4 10 0.4 W

0.63 1.02 89 4 6 H

0.68 1.10 80 4 0.8 H

0.71 1.15 11 3 9 W

0.71 1.15 12 3 9 W

1.31 2.11 37 1 10.4 H

1.40 2.26 38 1 10.4 H

10.90 17.6 79 4 0.8 H

Table 3. Average corrosion rates arranged in ascending order. Specimens of the AZ31 alloy in the as-polished surface
condition. (measurements: W, by weight loss; H, by hydrogen evolution).

Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No Days immersion

Exposed surface

(cm2)

Measurement

method

0.54 0.18 82 4 0.8 H

0.88 0.29 14 3 9 W

1.03 0.33 21 10 10.5 W

1.28 0.42 94 4 6 H

Different Performance of Factors Affecting the Estimation of the Corrosion Rate in Magnesium…
http://dx.doi.org/10.5772/58370

149



Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No. Days immersion

Exposed surface

(cm)2

Measurement

method

0.38 0.59 69 10 10.4 H

0.49 0.77 62 7 10.4 H

0.50 0.78 88 4 10.4 H

0.50 0.78 87 4 10.4 H

0.51 0.80 61 7 10.4 H

0.54 0.84 43 4 10.4 H

0.54 0.84 44 4 10.4 H

0.57 0.89 47 4 10.4 H

0.57 0.89 48 4 10.4 H

0.63 0.98 78 4 0.8 H

0.64 1.00 1 10 0.4 W

0.68 1.06 55 4 10.4 H

0.68 1.06 56 4 10.4 H

0.84 1.31 10 3 9 W

0.93 1.45 86 4 6 H

1.16 1.81 36 1 10.4 H

1.21 1.89 35 1 10.4 H

1.70 2.66 85 4 6 H

2.30 3.59 2 10 0.4 W

2.71 4.23 77 4 0.8 H

3.05 4.77 9 3 9 W

7.55 11.8 72 6 0 H

9.22 14.4 57 4 0 H

15.7 24.5 71 3 0 H

Table 2. Average corrosion rates arranged in ascending order. Specimens of AZ31 alloy in the as-received surface
condition (Measurements: W, by weight loss; H, by hydrogen evolution).

Light Metal Alloys Applications148

Corrosion rate

(mg/dm2/d)

Normalized

corrosion rate

Specimen

No
Days immersion

Exposed surface

(cm2)

Measurement

method

0.20 0.32 19 10 10.5 W

0.21 0.34 20 10 10.5 W

0.53 0.85 3 10 0.4 W

0.53 0.85 64 7 10.4 H

0.54 0.87 63 7 10.4 H

0.55 0.89 91 4 10.4 H

0.55 0.89 92 4 10.4 H

0.56 0.90 90 4 6 H

0.62 1.00 49 4 10.4 H

0.62 1.00 50 4 10.4 H

0.63 1.02 4 10 0.4 W

0.63 1.02 89 4 6 H

0.68 1.10 80 4 0.8 H

0.71 1.15 11 3 9 W

0.71 1.15 12 3 9 W

1.31 2.11 37 1 10.4 H

1.40 2.26 38 1 10.4 H

10.90 17.6 79 4 0.8 H

Table 3. Average corrosion rates arranged in ascending order. Specimens of the AZ31 alloy in the as-polished surface
condition. (measurements: W, by weight loss; H, by hydrogen evolution).

Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No Days immersion

Exposed surface

(cm2)

Measurement

method

0.54 0.18 82 4 0.8 H

0.88 0.29 14 3 9 W

1.03 0.33 21 10 10.5 W

1.28 0.42 94 4 6 H

Different Performance of Factors Affecting the Estimation of the Corrosion Rate in Magnesium…
http://dx.doi.org/10.5772/58370

149



Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No Days immersion

Exposed surface

(cm2)

Measurement

method

1.30 0.42 26 3 10.4 W

1.35 0.44 22 10 10.5 W

1.49 0.48 60 4 0.84 H

1.51 0.49 76 6 0.8 H

1.61 0.52 13 3 9 W

1.80 0.58 25 3 10.4 W

2.13 0.69 29 3 10.4 W

2.75 0.89 96 4 10.4 H

2.82 0.92 73 10 10.4 H

2.82 0.92 74 10 10.4 H

2.90 0.94 30 3 10.4 W

3.08 1.00 95 4 10.4 H

3.09 1.00 46 4 10.4 H

3.21 1.04 39 1 10.4 H

3.26 1.06 59 4 10.4 H

3.36 1.09 52 4 10.4 H

3.39 1.10 51 4 10.4 H

3.44 1.12 66 7 10.4 H

3.53 1.15 45 4 10.4 H

3.53 1.15 58 4 0.84 H

3.66 1.19 81 4 0.8 H

3.68 1.19 65 7 10.4 H

4.00 1.30 31 3 10.4 W

5.48 1.78 6 10 0.4 W

5.50 1.79 93 4 6 H

11.8 3.83 75 3 0.8 H

12.8 4.16 5 10 0.4 W

Table 4. Average corrosion rates arranged in ascending order. Specimens of the AZ61 alloy in the as-received surface
condition. (measurements: W. by weight loss; H, by hydrogen evolution)
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Corrosion rate

(mg/cm2/d)

Normalized

corrosion rate
Specimen No Days immersion

Exposed surface

(cm2)

Measurement

method

0.27 0.50 28 3 10.4 W

0.28 0.52 15 3 9 W

0.33 0.61 27 3 10.4 W

0.33 0.61 84 4 0.8 H

0.38 0.70 100 4 10.4 H

0.38 0.70 98 4 6 H

0.38 0.70 16 3 9 W

0.43 0.80 33 3 10.4 H

0.43 0.80 54 4 10.4 H

0.47 0.87 41 1 10.4 H

0.53 0.98 67 7 10.4 H

0.53 0.98 99 4 10.4 H

0.55 1.08 97 4 6 H

0.56 1.04 24 10 10.5 W

0.58 1.07 23 10 10.5 W

0.58 1.07 42 1 10.4 H

0.61 1.13 43 4 10.4 H

0.70 1.30 34 3 10.4 W

0.81 1.50 68 7 10.4 H

0.84 1.56 32 3 10.4 W

1.25 2.31 83 4 0.8 H

1.73 3.20 8 10 0.4 W

3.10 5.74 40 1 10.4 H

49.3 91.3 7 10 0.4 W

Table 5. Average corrosion rates arranged in ascending order. Specimens of the AZ61 alloy in the as-polished surface
condition (measurements: W, by weight loss; H, by hydrogen evolution).
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3.2. Variability in the results

The relatively moderate differences in the corrosion rate (factors of about 1.5-2) found in
repeated tests are not surprising bearing in mind the random nature of the attack, as well as
the possible uncontrolled small changes in the experimental conditions of tests. In general, the
attack tends to be concentrated in areas where the protective action of the oxide film on the
metallic surface is lowest due to lacks of continuity or lower stability. It is logical for the
corrosion process to depend on the distribution and importance of defect sites in the oxide film
and the distribution of passive/active states at points on the exposed surface. Observation of
the corroded surfaces has revealed a lack of homogeneity in the attack, in which areas of
uniform attack can coincide with areas of heterogeneous corrosion, isolated pitting and/or
clusters of filiform corrosion [4].

3.3. Anomalous behavior

Apart from the above–mentioned variability of the results, which can be considered as
“normal”, the aspect that particularly draws attention is the high corrosion rate values-far
removed from the mass of data-that sporadically and unpredictably appears in the corrosion
tests. For the purposes of the present work, the term “anomalous” will be applied whenever
the corrosion rates exceed at least triple the normal results defined by the median values, taking
normality in the statistical sense.

3.4. Effect of surface state and alloy type

Through this analysis of the possible influence of diverse factors on the variability of the
corrosion results, one of the factors considered has been the surface state of the tested speci‐
mens

In this work, corrosion rates for the AZ31 and AZ61 magnesium alloys immersed in the 0.6 M
NaCl showed values mostly between 0.5-1 mg/cm2/d for AZ31 alloy and 0.5-3 mg/cm2/d for
AZ61. These corrosion rates are summarized in Tables 2-5, where the data are set out in
increasing order. The median values (middle value in the list of numbers) for the AZ31 alloy
specimens is 0.64 mg/cm2/d in the as-received condition and 0.62 mg/cm2/d in polished surface
condition. Much more noticeable is the effect of surface state for the AZ61 specimens, with
median values of 3.08 mg/cm2/d for the as-received condition and 0.54 mg/cm2/d for the
polished condition. The higher corrosion rate in the as-received condition for the AZ61 alloy
suggests a combined effect of an oxide film of lower quality and an enhanced micro-galvanic
action due to the abundant presence of β-phase in this alloy.

From the analysis of Tables 2-5 and Table 6 it can be deduced also that the AZ31 alloy specimens
present a greater tendency towards anomalous behavior (7 cases in 45 tested specimens) than
the AZ61 specimens (3 cases in 57 tested specimens), and that the frequency of cases of
anomalous behavior does not depend exclusively on the alloy type, as it is notably lower for
the AZ31 alloy in polished surface condition than in the as-received condition.
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Testing variables Occurrence of anomalous behavior

Alloy type:

AZ31 7 cases per 45 tested specimens

AZ61 3 cases per 57 tested specimens

Surface condition:

As-received surface 8 cases per 59 tested specimens

As-polished surface 2 cases per 42 tested specimens

Exposed surface area defined by the contour of a circular gasket

0.5 cm2 3 cases per 8 tested specimens

0.8 cm2 6 cases per 14 tested specimens

9.0 cm2 1 case per 8 tested specimens

Specimen of 2 cm x 2 cm x 0.3cm suspended vertically

5 cases per 64 tested specimens

Table 6. Frequency of cases of anomalous behavior for different exposure conditions and composition of the
specimens.

3.5. Effect of exposed surface area

The effect of the geometric surface area was studied with specimens of the alloys AZ31 and
AZ61 exposing a free surface areas of 0.5 cm2, 0.8 cm2 and 9.0 cm2, delimited by the contour of
circular plastic gaskets on the specimens in horizontal position. The results obtained, sum‐
marized in Table 6, shows a propensity to abnormal behaviour when the exposed area of the
flat specimens is ≤ 0.8 cm2. In this regard, Fig. 2 is an example of different morphologies of
attack associated with the exposed surface area, being notably the presence of large irregular
pits in the case of the small surface area exposed.

Uniform attack
(a) Pits and open cavities (c)

Figure 2. Surface appearance after immersion in 0.6M NaCl solution for 14 days at 24 °C and after removal of corro‐
sion products. AZ31 specimen with the original surface in the as-received condition, Exposed circular area of ∼9 cm2 X
0.75 approxExposed circular area of ∼0.4 cm2 X 0.75 approx
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Shi and Atrens [5] have reported that the corrosion rate of magnesium can be affected by the
presence of crevices between the metallic specimen and the epoxy resin mounting in which is
embedded, which can cause increases of the order of 50-100% in the corrosion rate. This
suggests a possible crevice effect between the plastic gasket and the metallic surface. However,
there are two reasons to doubt whether the anomalous behavior mentioned in this work can
be explained by such a phenomenon: (i) the much greater magnitude of the corrosion rate that
defines anomalous behaviour and (ii) the fact that notable attack of the metal is not observed
under the plastic gasket.

Table 6 also suggests an almost insignificant tendency towards anomalous behaviour in the
case of the specimens immersed in vertical position with their entire surface (~10.4 cm2)
exposed to the saline medium. One practical conclusion that may be drawn from Table 6 is
that an area of around 10 cm2 or greater reduces the risk of the appearance of anomalous results.

It is logical to relate an increase in the corrosion rate with the weakening, breaking up or
disappearance of the oxide film that usually protects the surface of magnesium alloys. Any
increase in the percentage of active points or oxide-free areas on the metallic surface will favour
the tendency (stimulated by the presence of Cl-ions) for metallic ions to pass from the reactive
bare surface into the aqueous solution. Anomalous behaviour will probably be triggered in
special circumstances when a large highly reactive area appears on the surface. Restoration of
the passive oxide film would obviously inhibit anomalous corrosion, and so accelerated
dissolution will only proceed if the surface is permanently activated by a process that reduces
the thin oxide film which spontaneously tends to form on the metallic surface in contact with
air.

A specific cause in the present work that has been favourable to the appearance of anomalous
corrosion is the presence of a gasket that delimits a small exposed area upon which a persistent
crowded population of hydrogen bubbles is likely to develop and maintain during the
corrosion process, This suggests a possible association between circumstances related with the
evolution of hydrogen and the activation of isolated regions on the metallic surface, which
cease to be controlled by the oxide film mechanism. This film may be ruptured by the combined
action of Cl-ions and the extremely reactive nascent hydrogen, with the formation of a reducing
atmosphere in which metal oxidation and restoration of the passive film is not possible. It may
be speculated that factors related with the formation, permanence and disturbance of the
hydrogen bubble layer exert some influence on the incubation of the above phenomenon.

The greater tendency for specimens with a small exposed area delimited by a circular gasket
to behave anomalously in this work suggests the influence of this configuration on the special
properties of the evolved hydrogen bubbles. Supposing a role of bubble removal, an effect of
specimen geometry and hydrodynamics of the liquid environment may be expected.

The greater adhesion of bubbles on a rough surface is translated into a prolongation of the
bubble residence time [6]. Perhaps connected with this fact is the more likely occurrence (Table
7) of anomalous behavior on the significantly rougher as-received surfaces.

Light Metal Alloys Applications154

Specimen Corrosion rate data (mg/cm2/d)

Nº Alloy Surface (*) condition electrochemical Gravimetric

1

2

AZ31

AZ31

O

O

0.20

0.25

0.51

1.84

3

4

AZ31

AZ31

P

P

0.38

0.40

0.42

0.50

5

6

AZ61

AZ61

O

O

1.60

2.85

10.25

4.38

7

8

AZ61

AZ61

P

P

1.68

1.64

39.4

1.38

9

10

AZ31

AZ31

O

O

2.81

0.81

3.05

0.84

11

12

AZ31

AZ31

P

P

0.71

0.75

0.71

0.71

13

14

AZ61

AZ61

O

O

1.71

0.84

1.61

0.88

15

16

AZ61

AZ61

P

P

0.36

0.30

0.28

0.38

(*) O=as-received; P=as-polished

Table 7. Comparison of corrosion losses estimated from electrochemical and gravimetric measurements for AZ31 and
AZ61 alloys.

3.6. Underestimated electrochemical data

Different studies have shown that serious discrepancies may occur between electrochemical
and gravimetric determinations of the corrosion rate of magnesium alloys, resulting in much
lower electrochemical values than the real values determined gravimetrically [3, 7, 9]. In the
literature, this behaviour has tentatively been associated with several phenomena, such as
material disintegration, the participation of monovalent Mg+ions in the corrosion process, and
anomalous chemical dissolution, although the true cause of the large discrepancies remains to
be fully clarified [10-14].

Logically the above leads to uncertainty with regard to the application of electrochemical
methods to estimate the corrosion rate of magnesium alloys, especially in media containing
chloride ions.

Using a series of 16 specimens (Nos. 1-16 in Table 7), electrochemical and gravimetric corrosion
rate data has been simultaneously obtained with them to allow comparison between the two
types of measurements. Fig.3 constructed with this data shows satisfactory consistency
between both types of corrosion rate determinations for 12 of the 16 tested specimens, but not
for the other four (specimens 1, 2, 5 and 7), where notable differences were seen; with electro‐
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The greater tendency for specimens with a small exposed area delimited by a circular gasket
to behave anomalously in this work suggests the influence of this configuration on the special
properties of the evolved hydrogen bubbles. Supposing a role of bubble removal, an effect of
specimen geometry and hydrodynamics of the liquid environment may be expected.

The greater adhesion of bubbles on a rough surface is translated into a prolongation of the
bubble residence time [6]. Perhaps connected with this fact is the more likely occurrence (Table
7) of anomalous behavior on the significantly rougher as-received surfaces.
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literature, this behaviour has tentatively been associated with several phenomena, such as
material disintegration, the participation of monovalent Mg+ions in the corrosion process, and
anomalous chemical dissolution, although the true cause of the large discrepancies remains to
be fully clarified [10-14].

Logically the above leads to uncertainty with regard to the application of electrochemical
methods to estimate the corrosion rate of magnesium alloys, especially in media containing
chloride ions.

Using a series of 16 specimens (Nos. 1-16 in Table 7), electrochemical and gravimetric corrosion
rate data has been simultaneously obtained with them to allow comparison between the two
types of measurements. Fig.3 constructed with this data shows satisfactory consistency
between both types of corrosion rate determinations for 12 of the 16 tested specimens, but not
for the other four (specimens 1, 2, 5 and 7), where notable differences were seen; with electro‐

Different Performance of Factors Affecting the Estimation of the Corrosion Rate in Magnesium…
http://dx.doi.org/10.5772/58370

155



chemical estimations of up to 20 times lower than the real corrosion rates determined by
gravimetric measurements.
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Figure 3. Ratio between gravimetric (GRAV.) and electrochemical (ELEC.) data. The points marked with the letter A
correspond to specimens that showed anomalous dissolution rates in weight loss measurements.

An explanation for these cases of strong discrepancy is to accept that only a fraction of the
metallic surface really contributes to the electrochemical response; for instance when the
material simultaneously disintegrates into fine metallic particles during the corrosive attack
[10-12] or when part of the corrosion process is chemical rather than electrochemical, so the
simultaneous independent chemical dissolution processes cannot be monitored by electro‐
chemical means [8, 9].

In the case of abundant hydrogen evolution, as in the attack of magnesium alloys in 0.6 M
NaCl, the possibility has also been mentioned that gas bubbles adhering to the metal surface
and insulating a fraction of it from the electrical signal applied during electrochemical
measurements substantially affect the system´s response, as electrochemical data does not
account for the entire corrosion process on the exposed surface [5, 15].

It is interesting to note that in three of the four specimens on which great differences have been
seen between gravimetric and electrochemical weigh loss determinations (specimens 2, 5 and
7 in Fig.3), this behaviour has coincided with the occurrence of anomalous corrosion rates. The
coincidence of both phenomena suggests that the electrochemical corrosion process only partly
controls metallic dissolution in the case of anomalous behaviour, and that along with the
normal corrosion reaction another non-electrochemical mechanism must play an essential role
in the accelerated corrosion process.
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3.7. Effect of pre-existing film and time of exposure to the test solution

This last section is concerned with the possible effect on the corrosion rate measurements, of
(i) the native oxide films (just a few nanometers thick) which is spontaneously formed in the
air and that may have some protective effect (barrier effect) against corrosion, and (ii) duration
of exposure of the specimen under study to the test solution.

The effect of said oxide film seems to depend on the surface condition of metal. It has been
found that this effect is more pronounced with the polished surfaces, chiefly of alloy AZ61. In
the immersion tests in the 0.6 M NaCl solution a certain effect of the initial surface condition
is revealed in the early stages of the test, principally with the polished specimens of the AZ61
alloy; in it polishing increased the corrosion resistance by a factor of about five whereas in the
alloy AZ31 was only duplicated [16].

It is important to mention that, after an initial period which does not last for more than about
7 days, no effect attributable to the initial surface condition is generally seen. With the AZ61
alloy this effect has almost disappeared after 7 days. With the AZ31 alloy the effect of the air-
formed film is smaller and is lost more slowly [16]. This different effect of surface condition
are probably due to the fact that the oxide film formed on the polished surfaces is more uniform,
homogeneous and continuous than that on the as-received surfaces resulting from the
fabrication of the wrought alloy, on which the film will be discontinuous and porous and not
uniformly distributed. From XPS determinations, it was found that the oxide film formed on
de polished AZ61 alloy was some 2 nm thicker than on the as-received condition [16].

3.7.1. Effect of time of exposure

In order to facilitate the correct comparisons of corrodibility between specimens, it is desirable
to take into account the effect of time of exposure to the corrosive solution; the assumption
that corrosion occurs at a constant rate through all the test period may not in fact be true, since
there are frequent cases in which corrosion rate tends to decrease or increase over time.

Often, rates of attack tend to diminish as a result of the formation of adhered insoluble
corrosion products or protective films originated in the contact with environment. Several
studies [17-20] report the formation of layers of corrosion products on the surface of the
magnesium alloys immersed in corrosive solutions, which exert some influence on the kinetics
of the corrosion process. For this reason, extrapolations of results of too short tests are more
likely to indicate lesser resistance to corrosion than will actually be observed over a more
prolonged period of exposure. The opposite case may also occur, for example as a result of the
deterioration of protective oxide films on the specimen´s surface.

Fig.4, constructed with data from a previous investigation by Samaniego et al [4] may serve,
as an example, to illustrate some of the features that can lead to erroneous ideas on the real
values of corrosion resistance of the AZ31 and AZ61 magnesium alloys, Notable aspects
include the marked reduction experienced by the instantaneous corrosion rate with immersion
time for the AZ31 specimens and the tendency towards a slight decrease shown by the as-
received surfaces of the AZ61 specimens after about four days immersion, effect explained by
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the presence of a slightly protective air-formed film on the as-received surface in conjunction
with an accelerated micro-galvanic corrosion process.
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Figure 4. Instantaneous corrosion rate as a function of immersion time in 0.6M NaCl solution. Specimens exposing
10.4 cm2.

4. Conclusions

1. In the immersion testing of alloys AZ31 and AZ61 in 0.6 M NaCl solution, anomalous
results have occasionally been found in which the corrosion rate greatly surpasses normal
values for the tested specimens.

2. A statistical type connection is seen between the frequency of the appearance of this
anomalous result and certain characteristics of the tested specimens, in particular, the
configuration and area exposed to the corrosive medium.

3. The results suggest some kind of link between anomalous behaviour and the action of
hydrogen bubbles adhered to the specimen surface during the corrosion process.
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4. The anomalous behaviour of the specimens tends to coincide with much smaller electro‐
chemical corrosion rate determinations than those obtained by weight loss or hydrogen
evolution measurements. This fact suggests that in the anomalous corrosion process only
a fraction of the metallic surface really contributes to the electrochemical response.

5. On the basis of the information discussed, the conclusion is drawn that corrosion meas‐
urements may give rise to misleading comparisons of corrodibility without specifying the
time during which the specimens to be compared are immersed in the corrosive solution.
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1. Introduction

Magnesium materials are excellent candidates for structural applications where low weight
plays an important role. However, Mg and its alloys possess low stiffness and strength
compared with aluminum alloys. One way to enhance the strength of Mg is to reinforce it with
stronger particles or fibers of the second phase, essentially forming composite microstructures.
Composites reinforced with micro-sized particulates of various materials were very often used
to enhance the elastic modulus and mechanical properties. Addition of micro-particles, such
as SiC, Y2O3, MgO, Al2O3 particles and CNT (carbon nanotubes) into Mg and Mg alloys has
been shown to improve yield strength, modulus, hardness, fatigue and wear resistance, as well
as damping properties and thermal stability (Száraz et.al., 2007, Moll et.al., 2000, Ferkel &
Mordike, 2001, Trojanová et al., 1997). By scaling the particle size down to the nanometer scale,
it has been shown that novel material properties can be obtained (Thostenston et al., 2005).

2. Materials processing

2.1. Preparation of Mg alloys reinforced with SiC particles

The AZ91, WE54 and Mg-8Li magnesium alloys reinforced with SiC particles with were
processed by a powder metallurgy method. Mixing of the matrix alloys powders with SiC
microparticles (mp) was carried out first in an asymmetrically moved mixer with subsequent
milling in a ball mill. The powder was capsulated in magnesium containers and extruded at
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400 °C using a 400 t horizontal extrusion press. The composite samples were not thermally
treated. Microstructure of the as prepared WE54/SiC composite in introduced in Fig. 1a (the
micrograph was taken perpendicular to the extrusion direction). SiC mp are non-uniformly
distributed in the matrix; they form in many cases small clusters. The size of sharp bounded
more or less uniaxial particles was approximately 9 μm and the grain size in the matrix about
3-4 μm. Light micrographs and transmission electron micrographs showed no pores in the
composite and the binding between SiC particles and the matrix was perfect. No defects were
found in the vicinity of SiC particles and no chemical reaction at the interface matrix/SiC
particles was observed. Microstructure of the Mg8Li/SiC composite exhibits a mixture of two
phases (hexagonal close packed α phase and body centred cubic β phase). In Fig. 2 light α and
darker β phase are visible together with SiC particles The X−ray analysis revealed the relation
between both phases as α : β = 55 : 45. As the grain size the mean value of 5±2 μm was taken
from both phases. Resulting materials contained different volume fraction of particles: AZ91
(13 vol.%), WE53 (13 vol.%) and Mg8Li (7% vol.%).

Figure 1. Microstructure of WE54/SiC.

2.2. Preparation of Mg based nanocomposites and ultrafine grained materials

Microcrystalline magnesium (μ-Mg) with 3 vol.% of alumina (Al2O3) nanoparticles (np) (μ-Mg
+3nAl2O3), μ-Mg with 3 vol.% of zirconia np (μ-Mg+3ZrO2) and microcrystalline Mg (μ-Mg)
were studied. Micro-scaled Mg powder having a particle diameter of about 40 μm was
prepared by gas atomisation of a high purity Mg melt in Ar atmosphere containing 1% oxygen
for powder passivation. Both alumina and zirconia powders with a mean particle size of 14
nm were prepared by evaporation with the pulsed radiation of a 1000 W Nd:YAG laser and
subsequent condensation of the laser-induced vapor in a controlled aggregation gas. The
preparation method of np is described elsewhere (Naser et al., 1997, Ferkel & Mordike, 2001).
The Mg powder was mixed with ceramic np in an asymmetrically moved mixer for 8 h. The
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powder mixture was then milled together for 1 h in a planetary ball mill. Mixture was
subsequently pre-compressed followed by hot extrusion at a temperature of 350 °C under a
pressure of 150 MPa. After extrusion, the originally more or less equiaxial grains changed into
elliptical grains with the long axis parallel to the extrusion direction. The grain size in the cross
section was about 3 μm and in the extrusion direction 10 μm. The distribution of the np was
not homogenous. The np or their agglomerates were located mainly along the grain boundaries
of the resultant material. The transmission electron microscopical inspection revealed that only
few particles were distributed within grains. Similar procedure was used for preparation of
μ-Mg with 3 vol.% of alumina microparticles (μ-Mg+3μAl2O3)

Details of the preparation of the UFG-Mg and nanocomposite (nc) with the 3 vol.% of graphite
nanopartiles (Gr np) (UFG-Mg+3nGr) was similar to the nc with the ceramic np. The micro‐
scaled Mg powder was prepared by gas atomisation of a high purity magnesium melt with
argon atmosphere containing 1% oxygen for powder passivation. The Mg-powder had a
median particle diameter of about 40 μm. The graphite powder used had a median particle
size of 1-2 μm. The Mg powder was mixed with 3 vol.% of graphite powder in an asymmet‐
rically moving mixer for 8 h. The powder mixtures were then milled for 8 h at 200 rpm in the
planetary ball mill (Retsch, PM400) in a sealed argon atmosphere. The milling vessel of 500 ml
volume was made of corundum and the milling balls (11 mm diameter) were made of hardened
steel (100Cr6). The weight ratio of ball-to-powder was 10:1. The composite was encapsulated
in an evacuated Mg container (70 mm in diameter), degassed at 350 °C, and extruded by the
preheated (350 °C) 400 t horizontal extrusion press (outlet 14 mm). Analyses of the extruded
material in an optical spark analyser (Spectrolab, Spectro Analytical Instruments) reveal no
contamination of the composite by e.g. Fe from the extruder tools or milling balls, or Al from
milling vessel (Ferkel, 2003). The mean grain size of specimens used was estimated, using
transmission electron microscopy and X-ray profile analysis, to be about 150-200 nm. TEM of
the UFG-Mg+3nGr is shown in Fig. 3.

Figure 2. SEM micrograph of Mg8Li/SiC.
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Figure 3. TEM of UFG-Mg with 3vol% Gr.

3. Mechanical properties

3.1. Composites reinforced with SiC microparticles

3.1.1. Compressive stress-strain curves

Deformation tests were carried out at temperatures between room temperature and 450 °C
using an INSTRON testing machine. Cylindrical specimens of 8 mm diameter and 12 mm
length were used for deformation tests performed in compression. The tensile specimens
exhibited a gauge length of 10 mm and gauge diameter of 6 mm. Both samples were machined
with a stress axis parallel to the extrusion direction. The strain rate sensitivity parameter m has
been estimated by the abrupt strain rate changes (SRC) method. SRC tests and tensile tests
with a constant strain rate (ε̇= const.) were performed at temperatures from 300 to 450 °C.
Temperature in the furnace was kept with an accuracy of ±1°C. Fig. 4 shows the compressive
true stress-strain curves obtained for AZ91/SiC composite deformed at various temperatures.
Samples were deformed either to fracture or at higher temperatures to predetermined strains.
The stress-strain curves obtained at temperatures up to 150 °C exhibit the small hump at the
beginning of deformation. Curves at temperatures higher than 150 °C are very flat; the
maximum stress is achieved at lower strains. Similar stress strain curves obtained in compres‐
sion for WE54+13%SiC composite at various temperatures are introduced in Fig. 5. The stress-
strain curves obtained at higher temperatures have a flat character. The temperature influence
on the strain hardening of the composite is well visible. The yield stress decreases with
increasing temperature very slowly up to 200 °C. At temperatures higher than 200 °C both
characteristic stresses (the compression yield stress and the compression strength) decrease
substantially. It can be concluded that the thermal stability of the composite is up to 200 °C
very good. The stress-strain curves estimated for Mg-8Li/SiC composite at various tempera‐
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tures are shown in Fig. 6. A continuous decrease in characteristic stresses can be seen from
Fig. 6.
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Figure 4. Compressive true stress-true-strain curves obtained for AZ91/SiC samples.
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Figure 5. Compressive true stress-true strain curves obtained for WE54/SiC samples.

The compression yield stresses (CYS) estimated as the proof stresses at a strain of 0.002 are
introduced in Table 1 together with the ultimate compression strength values (UCS). Three
characteristic temperatures have been chosen.
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The compression yield stresses (CYS) estimated as the proof stresses at a strain of 0.002 are
introduced in Table 1 together with the ultimate compression strength values (UCS). Three
characteristic temperatures have been chosen.
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RT 150 °C 300 °C

CYS(MPa) UCS(MPa) CYS(MPa) UCS(MPa) CYS(MPa) UCS(MPa)

AZ91/13SiC 222.5 437 98 163.8 15.6 30.6

WE54/13SiC 245.6 370 219.7 327.4 64.5 81.6

Mg8Li/7SiC 198.3 404.6 126.5 159 14.8 22

Table 1. Values of the yield stress and the ultimate compression strength estimated for three temperatures.

Table 1 shows a rapid decrease in the characteristic stresses obtained for AZ91/SiC and Mg8Li/
SiC composites, while the decrease in the case of WE54/SiC composite is not so significant.
This behaviour is very probably due to the presence of rare earth elements in the alloy. Rare
earth elements form thermally stable precipitates situated in the grain boundaries. These grain
boundary networks are also the reason for the good creep resistance.

TEM of the non-deformed WE54 composite sample and the WE54/SiC sample deformed in
compression at 50 °C are shown in Figs. 7 and 8, respectively. TEM investigation showed that
presence cuboidal particles which were identified as Mg12NdY precipitates. Many twins are a
common feature for both non-deformed as well as deformed material. Grains in as-received
material are well visible in Fig. 8. Thin twins, within single grains, are parallel to each other
and quite narrow. Sometimes twins are extended through the grain boundary, causing a grain
boundary deflection. The role of twinning is well known in deformation of hcp lattice alloys.
Twinning is an important deformation mode of Mg alloys. It reorients the slip planes in order
to relax stress concentrations and enhances multiple slip. Thin twins, often appearing in the
form of parallel groups, where detected in compressed material (Ion et al., 1982). Another
feature in the microstructure of the deformed composites is a high dislocation density.
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Figure 6. Compressive true stress-true strain curves obtained for Mg8Li.
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Dislocations in many cases form pile ups and tangles (see Fig. 8). Significant amount of
rectangular shape fine particles was estimated distributed within the grains.

Figure 7. Twins and precipitates in non-deformed composite. Dislocations in the right bottom corner are visible.

Figure 8. TEM of the WE54/SiC sample deformed at 50°C. SiC particle is situated in the top left corner of the picture.
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In order to obtain more detailed information concerning the deformation mechanism(-s)
occurring in particle reinforced magnesium alloys based composites, acoustic emission (AE)
was used. AE stems from transient elastic waves which are generated within the material
during deformation due to sudden localized and irreversible structure changes like dislocation
glide and twinning, which may be considered as the main deformation mechanisms in Mg and
its alloys due to their hexagonal crystal structure. WE54/SiC samples were deformed in
compression at room temperature. The engineering stress- time plots together with the time
variation of the AE count rates are shown in Fig. 9. Two AE maxima were observed. The
observed AE maximum at the onset of plastic deformation is connected with the yield point
(CYS ≅ 280 MPa) and it may be ascribed to the stochastic {101̄2} 101̄0  primary twin formation
in the grains unfavourably oriented for the basal slip during the very early stage of plastic
deformation. These twins reorient the original lattice on 86.3° and the subsequent straining
may continue by the basal slip and secondary twinning.

Figure 9. Deformation curve and AE count rate for WE54/SiC composite obtained at ambient temperature.

New twins were observed in the deformed microstructure (Fig. 10). Slim twins were observed
also by the TEM as demonstrated in Fig. 8. These twins (and also dislocations visible in Fig.
8) arose very probably during extrusion of the powder material. Possible dislocation contri‐
bution to the AE signal is very probably marginal due to small grain sizes. The slip length of
dislocations is very short (see dislocation tangles in the left bottom corner of the micrograph
8) and therefore the probability of pile ups formation is also very low. The mobility of
dislocations is further limited due to the presence of small cuboidal particles visible in Fig. 7
and 8. The AE signal detected at the time point of ~310 s and onwards is discontinuous, and
its sources may be ascribed to damage processes. Specifically, with the addition of the
reinforcing phase, the geometrically necessary dislocations are generated to accommodate the
plastic mismatch in the matrix. The stress concentrations in the vicinity of the reinforcing SiC
particles may achieve their critical value and a breakage of particles and/or a release of cracks
(decohesion) between the matrix and particles can occur. Both processes are considered as
strong sources of the AE signal. The broken SiC particles and also cracks in the vicinity of
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particles were observed at the polished surface of the sample deformed to failure (see Fig.
11). Two main mechanisms were detected during plastic deformation: breakage of particles
and decohesion in the particle−matrix interface. Based on these results we may consider
localisation of the plastic deformation and fracture of the sample if the number of broken
particles achieves its critical value.

Figure 10. Light micrographs showing new twins formed during plastic deformation in the WE54/SiC sample.

Figure 11. Scanning electron micrograph showing broken particles on the surface of the deformed WE54/SiC sample.
Decohesion between the matrix and particles is also visible.

3.1.2. High temperature properties estimated in tension

The tensile true stress−strain curves estimated for WE54/SiC samples at a strain rate of
2.8x10-4 s-1 and various temperatures are shown in Fig. 12. A significant work hardening was
obtained at temperatures up to 150 °C. A considerable decrease in the flow stress was observed
after increasing the temperature from 250 to 300 °C. Curves obtained at temperatures higher
than 250 °C have a flat character. It indicates new deformation process(-es) taking place at
temperatures higher than 250 °C. Small grain sizes of powder metallurgically prepared
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In order to obtain more detailed information concerning the deformation mechanism(-s)
occurring in particle reinforced magnesium alloys based composites, acoustic emission (AE)
was used. AE stems from transient elastic waves which are generated within the material
during deformation due to sudden localized and irreversible structure changes like dislocation
glide and twinning, which may be considered as the main deformation mechanisms in Mg and
its alloys due to their hexagonal crystal structure. WE54/SiC samples were deformed in
compression at room temperature. The engineering stress- time plots together with the time
variation of the AE count rates are shown in Fig. 9. Two AE maxima were observed. The
observed AE maximum at the onset of plastic deformation is connected with the yield point
(CYS ≅ 280 MPa) and it may be ascribed to the stochastic {101̄2} 101̄0  primary twin formation
in the grains unfavourably oriented for the basal slip during the very early stage of plastic
deformation. These twins reorient the original lattice on 86.3° and the subsequent straining
may continue by the basal slip and secondary twinning.

Figure 9. Deformation curve and AE count rate for WE54/SiC composite obtained at ambient temperature.

New twins were observed in the deformed microstructure (Fig. 10). Slim twins were observed
also by the TEM as demonstrated in Fig. 8. These twins (and also dislocations visible in Fig.
8) arose very probably during extrusion of the powder material. Possible dislocation contri‐
bution to the AE signal is very probably marginal due to small grain sizes. The slip length of
dislocations is very short (see dislocation tangles in the left bottom corner of the micrograph
8) and therefore the probability of pile ups formation is also very low. The mobility of
dislocations is further limited due to the presence of small cuboidal particles visible in Fig. 7
and 8. The AE signal detected at the time point of ~310 s and onwards is discontinuous, and
its sources may be ascribed to damage processes. Specifically, with the addition of the
reinforcing phase, the geometrically necessary dislocations are generated to accommodate the
plastic mismatch in the matrix. The stress concentrations in the vicinity of the reinforcing SiC
particles may achieve their critical value and a breakage of particles and/or a release of cracks
(decohesion) between the matrix and particles can occur. Both processes are considered as
strong sources of the AE signal. The broken SiC particles and also cracks in the vicinity of

Light Metal Alloys Applications170

particles were observed at the polished surface of the sample deformed to failure (see Fig.
11). Two main mechanisms were detected during plastic deformation: breakage of particles
and decohesion in the particle−matrix interface. Based on these results we may consider
localisation of the plastic deformation and fracture of the sample if the number of broken
particles achieves its critical value.

Figure 10. Light micrographs showing new twins formed during plastic deformation in the WE54/SiC sample.

Figure 11. Scanning electron micrograph showing broken particles on the surface of the deformed WE54/SiC sample.
Decohesion between the matrix and particles is also visible.
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The tensile true stress−strain curves estimated for WE54/SiC samples at a strain rate of
2.8x10-4 s-1 and various temperatures are shown in Fig. 12. A significant work hardening was
obtained at temperatures up to 150 °C. A considerable decrease in the flow stress was observed
after increasing the temperature from 250 to 300 °C. Curves obtained at temperatures higher
than 250 °C have a flat character. It indicates new deformation process(-es) taking place at
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materials indicate possibility of superplastic deformation. To check this eventuality, SRC tests

were performed at temperatures from 350 to 450 °C. The values of the strain rate sensitivity m

estimated for various strain rates and temperatures are given in Fig. 13. The strong strain rate

dependence of the m-parameter is obvious from the picture. With increasing temperature the

dependence is shifted to higher strain-rates. However, the m parameter slightly increases with

temperature; the maximum values are in the vicinity of 0.3 as it is obvious from Table 2.

true strain 
0.00 0.05 0.10 0.15 0.20

true strain 
s

 
(M

Pa)
0

100

200

300

400

50°C
100°C

150°C
200°C

250°C

350°C (f = 40%)

RT

300°C (f = 37%)

WE54+13%SiC

Figure 12. Tensile true stress-true strain curves estimated for WE54/SiC composite at various temperatures.

WE54+SiC

d/dt
10-4 10-3 10-2

m

0.0

0.1

0.2

0.3

0.4

350 °C
400 °C
420 °C
450 °C

Figure 13. Strain rate dependence of m-parameter estimated at various temperatures.
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The maximum recorded elongation to failure was 99%, which shows an evidence of the
enhanced plasticity, nevertheless this value remains below the bottom limit for superplastic
region. SEM micrograph of the sample exhibiting the highest elongation is shown on Fig. 14
documenting the microstructure after deformation at 450 °C. Numerous cavities formed
during the high temperature deformation are visible in Fig. 14. The cavitation primarily
occurred at the reinforcement/matrix interfaces, which are the preferential sites for the
nucleation of cavities. The density of cavities was higher near the fracture surface where
elongated cavities were found. Since many of these cavities were fairly large, it is reasonable
to assume that growth and subsequent coalescence and interlinkage of the cavities led to the
premature failure.

Figure 14. SEM micrograph showing cavities formed during high temperature deformation.

mmax ε̇ (s-1) εf (%)

350 °C 0.28 4x10-3 66

420 °C 0.30 2x10-2 95

450 °C 0.29 5x10-2 99

Table 2. Maximum values of m-parameter and elongation to failure estimated for three temperatures and
corresponding strain rates.

Similar study was performed for the Mg8Li/SiC samples. The strain rate sensitivity values m,
obtained in tension using SRC method at temperatures 200, 250 and 300 °C are introduced in
Fig. 15. It is obvious that the m−values increased with increasing deformation temperature and
the dependence was shifted to the higher strain rates. While at 200 °C the maximum of m was
reached at ε̇= 4x10-5 s-1, at a temperature of 300 °C the maximum laid in the vicinity of the strain
rate ε̇= 6x10-4 s-1. The maximum value of m estimated at 300 °C exhibited 0.46, which is close
to a value of 0.5, considered as an optimal value for the superplasticity. The maximum value
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The maximum recorded elongation to failure was 99%, which shows an evidence of the
enhanced plasticity, nevertheless this value remains below the bottom limit for superplastic
region. SEM micrograph of the sample exhibiting the highest elongation is shown on Fig. 14
documenting the microstructure after deformation at 450 °C. Numerous cavities formed
during the high temperature deformation are visible in Fig. 14. The cavitation primarily
occurred at the reinforcement/matrix interfaces, which are the preferential sites for the
nucleation of cavities. The density of cavities was higher near the fracture surface where
elongated cavities were found. Since many of these cavities were fairly large, it is reasonable
to assume that growth and subsequent coalescence and interlinkage of the cavities led to the
premature failure.

Figure 14. SEM micrograph showing cavities formed during high temperature deformation.

mmax ε̇ (s-1) εf (%)

350 °C 0.28 4x10-3 66

420 °C 0.30 2x10-2 95

450 °C 0.29 5x10-2 99

Table 2. Maximum values of m-parameter and elongation to failure estimated for three temperatures and
corresponding strain rates.

Similar study was performed for the Mg8Li/SiC samples. The strain rate sensitivity values m,
obtained in tension using SRC method at temperatures 200, 250 and 300 °C are introduced in
Fig. 15. It is obvious that the m−values increased with increasing deformation temperature and
the dependence was shifted to the higher strain rates. While at 200 °C the maximum of m was
reached at ε̇= 4x10-5 s-1, at a temperature of 300 °C the maximum laid in the vicinity of the strain
rate ε̇= 6x10-4 s-1. The maximum value of m estimated at 300 °C exhibited 0.46, which is close
to a value of 0.5, considered as an optimal value for the superplasticity. The maximum value
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of m = 0.3 at 200 °C and all values of m estimated at temperatures higher for all strain rates
were in the region enclosing the superplastic behaviour. The maximum ductility A = 110% was
found at 300 °C and at a strain rate of 6x10-4 s-1, which correspond to the maximum of the strain
rate sensitivity m = 0.46. Despite of relatively high values of the strain rate sensitivity m, the
achieved ductility was only at the onset of the superplastic region.

Figure 15. Strain rate dependence of the strain rate sensitivity parameter estimated for Mg8Li/SiC.

The observed cavities formation after high temperature deformation in WE54/SiC and Mg8Li/
SiC composites indicates the presence of some diffusion process. The activation energy Q of
such rate controlling is given by the relationship (Langdon, 1994):

ε̇ =
AD0Gb

kT ( b
d ) p ( σG )n

exp (−
Q

RT ), (1)

where ε̇ is steady−state deformation rate, A is a dimensionless constant, d is the grain size, σ
is the applied stress, p is the grain size exponent, n = 1/m is the stress exponent and D0 is the
pre−exponential factor; kT has its usual meaning and R is the gas constant. The activation
energy Q is a slope of the plot σ/G vs 1/T (when ε̇T/G is constant):

( )
( )

ln /1 .
1 /
sD

=
D

G
Q R

m T (2)

The activation energy was estimated using relationship (2) for both composites to be Q(WE54/
SiC) = 114kJ/mol. The activation energy for the volume diffusion is 135 kJ/mol and for the grain
boundary diffusion 92 kJ/mol (Frost & Ashby, 1982). Comparing to an experimental value of
114 kJ/mol (using rule of mixture), we may conclude that the measured activation energy
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consists of approximately 50% volume and 50% grain boundary diffusion. Using estimated
values of m, the activation energy for Mg8Li/SiC composite was found (for the high m region)
Q ≈ 87 kJ/mol. According to binary Mg-Li diagram (Nayeb-Hashemi et al., 1984), the Mg−8Li
alloy at 300 °C consists of equilibrium α phase and β phase whose chemical composition are
5.7 Li and 11 Li, respectively. Owing to higher mobility of Li in β phase the Li content in β
phase decreases while in the α phase increases and the volume fraction of the α phase increases
at the expense of β phase. Due to grain boundary migration caused by atomic mobility, the
grain size of α phase increases.

Experimentally estimated value of the activation energy Q = 87 kJ/mol indicates that the main
rate controlling mechanism is the grain boundary sliding accommodated with the grain
boundary diffusion with the small contribution of the lattice diffusion. The successive grain
growth increases the grain size in the α phase. The diffusion accommodation of the grain
boundary sliding is more difficult, which implies cavities formation.

Observed formation and growth of cavities relaxes the stress concentration caused at the
particles on the sliding grain boundaries. Cavities, created by vacancy clustering, may nucleate
if the stress concentration is not relieved sufficiently rapidly. Local tensile stress caused by
sliding at interfaces may be written in the form (Mabuchi & Higashi, 1999):

σslid =
0.92 kT dpε̇ d Vf

Ω DL (1 + 5
δDGB
dpDL

) , (3)

where dp is the particle diameter, ε̇ is the strain rate, d is the grain size, DL is the lattice diffusion
and DGB is the grain boundary diffusion coefficient, δ is the grain boundary width, Ω is the
atomic volume. Vf is the volume fraction of particles and kT has its usual meaning. The
insufficiently accommodated grain boundary sliding process is the reason for cavitation and
early failure of samples.

Based on our results of mechanical tests, microstructural observations and the analysis of the
AE signal occurring during plastic deformation, we may conclude that the deformation
processes in the powder metallurgically prepared magnesium alloys based composites are
different at lower and higher temperatures. At lower temperatures (below about 150 °C), the
deformation processes have following main characteristics:

i. Small grain size – several micrometers - is a typical feature of the microstructure.

ii. Early stages of the compressive plastic deformation are realised by twinning accom‐
modated with the dislocation glide;

iii. Twin boundaries are impenetrable obstacles for the dislocation motion and contrib‐
ute to a significant hardening at lower temperatures;

iv. Breakage of particles and decohesion in the particle−matrix interfaces cause localisa‐
tion of plastic deformation and failure of materials;
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consists of approximately 50% volume and 50% grain boundary diffusion. Using estimated
values of m, the activation energy for Mg8Li/SiC composite was found (for the high m region)
Q ≈ 87 kJ/mol. According to binary Mg-Li diagram (Nayeb-Hashemi et al., 1984), the Mg−8Li
alloy at 300 °C consists of equilibrium α phase and β phase whose chemical composition are
5.7 Li and 11 Li, respectively. Owing to higher mobility of Li in β phase the Li content in β
phase decreases while in the α phase increases and the volume fraction of the α phase increases
at the expense of β phase. Due to grain boundary migration caused by atomic mobility, the
grain size of α phase increases.

Experimentally estimated value of the activation energy Q = 87 kJ/mol indicates that the main
rate controlling mechanism is the grain boundary sliding accommodated with the grain
boundary diffusion with the small contribution of the lattice diffusion. The successive grain
growth increases the grain size in the α phase. The diffusion accommodation of the grain
boundary sliding is more difficult, which implies cavities formation.

Observed formation and growth of cavities relaxes the stress concentration caused at the
particles on the sliding grain boundaries. Cavities, created by vacancy clustering, may nucleate
if the stress concentration is not relieved sufficiently rapidly. Local tensile stress caused by
sliding at interfaces may be written in the form (Mabuchi & Higashi, 1999):
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where dp is the particle diameter, ε̇ is the strain rate, d is the grain size, DL is the lattice diffusion
and DGB is the grain boundary diffusion coefficient, δ is the grain boundary width, Ω is the
atomic volume. Vf is the volume fraction of particles and kT has its usual meaning. The
insufficiently accommodated grain boundary sliding process is the reason for cavitation and
early failure of samples.

Based on our results of mechanical tests, microstructural observations and the analysis of the
AE signal occurring during plastic deformation, we may conclude that the deformation
processes in the powder metallurgically prepared magnesium alloys based composites are
different at lower and higher temperatures. At lower temperatures (below about 150 °C), the
deformation processes have following main characteristics:

i. Small grain size – several micrometers - is a typical feature of the microstructure.

ii. Early stages of the compressive plastic deformation are realised by twinning accom‐
modated with the dislocation glide;

iii. Twin boundaries are impenetrable obstacles for the dislocation motion and contrib‐
ute to a significant hardening at lower temperatures;

iv. Breakage of particles and decohesion in the particle−matrix interfaces cause localisa‐
tion of plastic deformation and failure of materials;
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Although the grain size of composites exhibiting 3-5 μm indicated a possibility of the occur‐
rence of the structural superplasticity, only enhanced plasticity was estimated at higher
temperatures. This fact has following reasons:

i. The values of the strain rate sensitivity parameter reached m = 0.3-0.5;

ii. The grain boundary sliding is the significant mechanism operating at higher tem‐
peratures;

Figure 16. Light micrograph of Mg8Li/SiC composite after deformation at 300 °C and strain rate 6x10-4 s-1, a), b) cross
section, c), d) longitudinal section.
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iii. The stress concentrations formed at the particles on the sliding grain boundaries are
the reason for the cavity formation.

iv. Growth and subsequent coalescence and interlinkage of the cavities led to the
premature failure of composites.

3.2. Stress-strain curves of magnesium micro- and nanocomposites

3.2.1. Microcrystalline magnesium reinforced with ceramic microparticles and nanoparticles

True stress-true  strain  curves  obtained for  microcrystalline  Mg reinforced with  alumina
microparticles are introduced in Fig. 17a for tension and 17b for compression. A substantial
difference between shapes of curves measured in tension and compression are visible. Similar
curves were obtained also for microcrystalline Mg reinforced with alumina and zirconia np as
it follows from Figs 18a,b and 19 a,b. It can be seen that the flow stress decreases as the test
temperature is increasing. Substantial differences between curves obtained in tension and
compression are obvious comparing Fig. 18a,b and 19a,b. While the curves measured in tension
are mostly flat (for nc with alumina np at a temperature of 100 °C and higher), the curve estimated
in compression exhibit local maxima: for μ-Mg+3Al2O3 at 100 °C and for μ-Mg+3ZrO2 at room
temperature and 100 °C. The main deformation mode in magnesium is the basal slip – glide of
<a> dislocations. The secondary conservative slip may be realised by the motion of <a>–
dislocations on prismatic and pyramidal planes of the first order. The basal <a> dislocations
may react with the pyramidal <c+a> dislocations. Different dislocation reactions may produce
both sessile and glissile dislocations (Trojanová et al., 2011). Production of sessile dislocations
increases the density of obstacles for moving dislocations. Cross slip of <a> dislocations on
prismatic planes and climb of <c> dislocations are the main dynamic recovery mechanisms. The
flat course of the stress-strain curves is a result of a dynamic balance between hardening and
softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, the non-
basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained
Mg and Mg alloys, twinning is observed in the early stages of plastic deformation.

dynamic balance between hardening and softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, 
the non-basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained Mg and Mg alloys, twinning 
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Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  

-Mg+3nZrO2

true strain 

0.0 0.1 0.2 0.3

tru
e 

st
re

ss

M

P
a)

0

50

100

150

200

250

RT

100°C

200°C
300°C

tension

 

 

Mg+3nZrO2

true strain 

0.0 0.1 0.2 0.3 0.4

tru
e 

st
re

ss
 

 (M
P

a)
]

0

50

100

150

200

250

300

RT

100°C

200°C
300°C

compression

 
a)  b) 

Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 17. True stress-true strain curves obtained for μ-Mg+3%mAl2O3 in tension (a) and compression (b).
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Although the grain size of composites exhibiting 3-5 μm indicated a possibility of the occur‐
rence of the structural superplasticity, only enhanced plasticity was estimated at higher
temperatures. This fact has following reasons:

i. The values of the strain rate sensitivity parameter reached m = 0.3-0.5;

ii. The grain boundary sliding is the significant mechanism operating at higher tem‐
peratures;

Figure 16. Light micrograph of Mg8Li/SiC composite after deformation at 300 °C and strain rate 6x10-4 s-1, a), b) cross
section, c), d) longitudinal section.
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iii. The stress concentrations formed at the particles on the sliding grain boundaries are
the reason for the cavity formation.

iv. Growth and subsequent coalescence and interlinkage of the cavities led to the
premature failure of composites.

3.2. Stress-strain curves of magnesium micro- and nanocomposites

3.2.1. Microcrystalline magnesium reinforced with ceramic microparticles and nanoparticles

True stress-true  strain  curves  obtained for  microcrystalline  Mg reinforced with  alumina
microparticles are introduced in Fig. 17a for tension and 17b for compression. A substantial
difference between shapes of curves measured in tension and compression are visible. Similar
curves were obtained also for microcrystalline Mg reinforced with alumina and zirconia np as
it follows from Figs 18a,b and 19 a,b. It can be seen that the flow stress decreases as the test
temperature is increasing. Substantial differences between curves obtained in tension and
compression are obvious comparing Fig. 18a,b and 19a,b. While the curves measured in tension
are mostly flat (for nc with alumina np at a temperature of 100 °C and higher), the curve estimated
in compression exhibit local maxima: for μ-Mg+3Al2O3 at 100 °C and for μ-Mg+3ZrO2 at room
temperature and 100 °C. The main deformation mode in magnesium is the basal slip – glide of
<a> dislocations. The secondary conservative slip may be realised by the motion of <a>–
dislocations on prismatic and pyramidal planes of the first order. The basal <a> dislocations
may react with the pyramidal <c+a> dislocations. Different dislocation reactions may produce
both sessile and glissile dislocations (Trojanová et al., 2011). Production of sessile dislocations
increases the density of obstacles for moving dislocations. Cross slip of <a> dislocations on
prismatic planes and climb of <c> dislocations are the main dynamic recovery mechanisms. The
flat course of the stress-strain curves is a result of a dynamic balance between hardening and
softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, the non-
basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained
Mg and Mg alloys, twinning is observed in the early stages of plastic deformation.
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Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  
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Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 17. True stress-true strain curves obtained for μ-Mg+3%mAl2O3 in tension (a) and compression (b).
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dynamic balance between hardening and softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, 
the non-basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained Mg and Mg alloys, twinning 
is observed in the early stages of plastic deformation. 
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Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  
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Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 18. True stress-true strain curves obtained for μ-Mg+3%nAl2O3 in tension (a) and compression (b).

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a
dynamic balance between hardening and softening. The work hardening rate is very close to
zero. Tensile/compression yield stress asymmetry was studied by Mathis et al. using acoustic
emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room
temperature and at 100 °C was observed at a strain of about 10 %. Analysis of the acoustic
emission signal revealed that during the compression tests below 200 °C, the maximum of the
twin formation is at a very beginning of the stress-strain curve. The twin boundaries are
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress,
which was manifested by a rapid decrease in the acoustic emission signal. In tension, a
significant twin formation was observed during the entire test. Twinning mode of deformation
requires formation of the new interface inside of grains. The energy of twin interfaces in Mg
is relatively high (Koike et al., 2003). This leads to an increasing difficulty of twin nucleation
with decreasing grain size. This has been confirmed by the acoustic emission measurements
(Trojanová et al., 2008).

T TYS (MPa) UTS (MPa)

°C μ-Mg μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

μ-Mg μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

20 229.0 200.0 269.0 175.5 256.5 230.0 306.2 207.5

100 145.7 128.2 172.6 114.8 161.2 145.4 205.5 125.8

200 77.6 65.9 86.0 68.4 84.5 71.5 91.1 73.2

300 48.5 41.5 48.5 46.2 45.3 50.3 51.0

Table 3. The tensile yield stress and ultimate tensile strength estimated at various temperatures in tension.
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The temperature variations of the TYS and the UTS estimated for μ-Mg and μ-Mg with ceramic
mp and np are introduced in Table 3. Relatively high values of the TYS and UTS were
estimated. This is also influenced by small grain size of all materials as a result of the powder
metallurgical preparation route. The Influence of the particles on the yield stress depends on
the size of particles and kind of the np and, of course, on the test temperature. There are large
differences in the values of the TYS at room temperature and 100 ºC. The difference in the
values of the TYS for different composites measured at room temperature may be explained
by the presence of the np and by the bonding between the particles and the matrix. The
difference in the values of the TYS measured at 200 ºC is small and at 300 ºC, the values of the
yield stress are the same for μ-Mg and μ-Mg reinforced with ZrO2 and Al2O3 particles.
Relatively high difference between the TYS and the UTS of μ-Mg+3Al2O3 and μ-Mg+3ZrO2

(approximately 100 MPa) may be caused by the strength of the bonding between Mg matrix
and ceramic np. While this bonding between Mg and Al2O3 np is nearly perfect, in the case of
ZrO2 is weak as it will be demonstrated in the paragraph 4.1.

T CYS (MPa) UCS (MPa)

°C
μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

20 162.8 188.9 162,1 300.8 415.7 236.4

100 135.2 140.8 124.7 183.7 210.6 136.2

200 72.2 96.0 79.6 79.0 110.5 85.0

300 52.2 56.9

Table 4. The tensile yield stress and ultimate tensile strength estimated for various temperatures in compression.

dynamic balance between hardening and softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, 
the non-basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained Mg and Mg alloys, twinning 
is observed in the early stages of plastic deformation. 
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Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  
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Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 19. True stress-true strain curves estimated at various temperatures for.μ-Mg+3nZrO2 sample in tension (a) and
compression (b).
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dynamic balance between hardening and softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, 
the non-basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained Mg and Mg alloys, twinning 
is observed in the early stages of plastic deformation. 

-Mg+3mAl2O3

true strain 

0.00 0.05 0.10

tru
e 

st
re

ss

M

P
a)

0

100

200
RT

100°C

200°C

300°C

 

-Mg+3mAl2O3

true strain 

0.0 0.1 0.2 0.3

 tr
ue

 s
tre

ss
 
M

P
a)

0

100

200

300 RT

100 °C

200 °C

 
a)  b) 

Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  
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Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 18. True stress-true strain curves obtained for μ-Mg+3%nAl2O3 in tension (a) and compression (b).

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a
dynamic balance between hardening and softening. The work hardening rate is very close to
zero. Tensile/compression yield stress asymmetry was studied by Mathis et al. using acoustic
emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room
temperature and at 100 °C was observed at a strain of about 10 %. Analysis of the acoustic
emission signal revealed that during the compression tests below 200 °C, the maximum of the
twin formation is at a very beginning of the stress-strain curve. The twin boundaries are
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress,
which was manifested by a rapid decrease in the acoustic emission signal. In tension, a
significant twin formation was observed during the entire test. Twinning mode of deformation
requires formation of the new interface inside of grains. The energy of twin interfaces in Mg
is relatively high (Koike et al., 2003). This leads to an increasing difficulty of twin nucleation
with decreasing grain size. This has been confirmed by the acoustic emission measurements
(Trojanová et al., 2008).

T TYS (MPa) UTS (MPa)

°C μ-Mg μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

μ-Mg μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

20 229.0 200.0 269.0 175.5 256.5 230.0 306.2 207.5

100 145.7 128.2 172.6 114.8 161.2 145.4 205.5 125.8

200 77.6 65.9 86.0 68.4 84.5 71.5 91.1 73.2

300 48.5 41.5 48.5 46.2 45.3 50.3 51.0

Table 3. The tensile yield stress and ultimate tensile strength estimated at various temperatures in tension.
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The temperature variations of the TYS and the UTS estimated for μ-Mg and μ-Mg with ceramic
mp and np are introduced in Table 3. Relatively high values of the TYS and UTS were
estimated. This is also influenced by small grain size of all materials as a result of the powder
metallurgical preparation route. The Influence of the particles on the yield stress depends on
the size of particles and kind of the np and, of course, on the test temperature. There are large
differences in the values of the TYS at room temperature and 100 ºC. The difference in the
values of the TYS for different composites measured at room temperature may be explained
by the presence of the np and by the bonding between the particles and the matrix. The
difference in the values of the TYS measured at 200 ºC is small and at 300 ºC, the values of the
yield stress are the same for μ-Mg and μ-Mg reinforced with ZrO2 and Al2O3 particles.
Relatively high difference between the TYS and the UTS of μ-Mg+3Al2O3 and μ-Mg+3ZrO2

(approximately 100 MPa) may be caused by the strength of the bonding between Mg matrix
and ceramic np. While this bonding between Mg and Al2O3 np is nearly perfect, in the case of
ZrO2 is weak as it will be demonstrated in the paragraph 4.1.

T CYS (MPa) UCS (MPa)

°C
μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

μMg

+3mAl2O3

μMg

+3nAl2O3

μMg

+3nZrO2

20 162.8 188.9 162,1 300.8 415.7 236.4

100 135.2 140.8 124.7 183.7 210.6 136.2

200 72.2 96.0 79.6 79.0 110.5 85.0

300 52.2 56.9

Table 4. The tensile yield stress and ultimate tensile strength estimated for various temperatures in compression.

dynamic balance between hardening and softening. To fulfill the von Mises criterion for compatible deformation of polycrystals, 
the non-basal <c+a> slip and /or deformation twinning are needed (Yoo et al., 2001). In coarse grained Mg and Mg alloys, twinning 
is observed in the early stages of plastic deformation. 
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Figure 17.True stress-true strain curves obtained for -Mg+3%mAl2O3 in tension (a) and compression (b). 
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Figure 18.True stress-true strain curves obtained for various temperatures -Mg+3%nAl2O3 in tension (a) and compression (b). 

The stress-strain curves obtained in tension are flat at temperatures above 100 °C, there is a dynamic balance between hardening 
and softening. The work hardening rate is very close to zero. Tensile/compression yield stress asymmetry was studied by Mathis et 
al. using acoustic emission technique (Máthis et al., 2011). A broad maximum on the curves estimated at room temperature and at 
100 °C was observed at a strain of about 10 %. Analysis of the acoustic emission signal revealed that during the compression tests 
below 200 °C, the maximum of the twin formation is at a very beginning of the stress-strain curve. The twin boundaries are 
obstacles for dislocation motion. Therefore, twin growth caused an increase in the flow stress, which was manifested by a rapid 
decrease in the acoustic emission signal. In tension, a significant twin formation was observed during the entire test. Twinning 
mode of deformation requires formation of the new interface inside of grains. The energy of twin interfaces in Mg is relatively high 
(Koike et al., 2003). This leads to an increasing difficulty of twin nucleation with decreasing grain size. This has been confirmed by 
the acoustic emission measurements (Trojanová et al., 2008).  
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Figure 19.True stress-true strain curves estimated for various temperatures for.-Mg+3nZrO2 sample in tension (a) and compression (b). 
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Figure 19. True stress-true strain curves estimated at various temperatures for.μ-Mg+3nZrO2 sample in tension (a) and
compression (b).
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The temperature variations of the CYS and the UCS are introduced in Table 4 for Mg reinforced
with various types of particles. It can be seen that while the values of the CYS of all materials
studied are lower, the UCS values are higher than those measured in tension. The twinning
mode of deformation in the early stages of deformation is easier in the compressive straining.
New interfaces formed inside the grains are impenetrable obstacles for dislocation motion and
they lead to hardening which is manifested with the local maximum on the stress-strain curve.
The height of this maximum estimated at RT and 100 °C agree with the UCS value. The role
of twinning decreases with increasing deformation temperature.

3.2.2. Ultrafine grained magnesium

Figure 20a shows the true stress-true strain curves for UFG-Mg deformed in compression at
various temperatures. Samples were deformed either to fracture or at higher temperatures to
predetermined strains. A pronounced upper yield point followed by the hardening stage was
observed at temperatures between room temperature and 100 °C. The stress-strain curves at
temperatures higher than 150 ºC have a steady state character. Stress-strain curves measured
for UFG-Mg with 3 vol. % of Gr np (UFG-Mg+3nGr) in compression are presented in Fig.
20b for various temperatures. The local maximum at the beginning of the stress strain curve
was in this case observed only at ambient temperature. The temperature dependences of the
CYS and UCS estimated for both materials are shown in Table 5. Both stresses decrease rapidly
with increasing temperature. The yielding phenomenon is very probably caused by the
avalanche release of dislocations pinned at grain boundaries. It will be shown later in the
paragraph 4.2 that the amplitude dependence of the logarithmic decrement in UFG-Mg
indicates this phenomenon. Acoustic emission measurements detected no signal from the
deformed sample at room temperature. This indicates that no dislocation pile-ups have been
formed. In order to produce a pile-up of dislocations the grains need to contain a Frank-Read
source operating in a cyclic way.

Table 4. The tensile yield stress and ultimate tensile strength estimated for various temperatures in compression. 
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Figure 20.True stress-true strain curves obtained for various temperatures in compression for UFG-Mg (a) and UFG-Mg+3nGr (b). 

Temperature UFG-Mg compression UFG-Mg+3Gr compression 
T (°C) CYS (MPa) UCS (MPa) CYS (MPa) UCT (MPa) 

22 222.0 335.9 259.4 293.2 
50 209.3 300.3   
77   196.3 212.0 

100 170.2 208.3   
126     
150 124.0 135.1   
200 89.5 95.7 149.3 157.9 
250 59.6 76.1   
300 59.6 68.0 111.0 129.4 

Table 5. The compressive yield stress and ultimate compression strength estimated for various temperatures for UFG-Mg and UFG_Mg with Gr 
np. 

The maximum link length of a source to operate in a cyclic way becomes about D/2 (D is the separation of grain boundaries). The 
minimum resolved shear stress on the grain boundary due to the first loop can be written as 
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where G is the shear modulus and b the Burgers vector of dislocations. The first term is the operating stress of the source and the 
second is the back stress from the first loop that is forced up against the grain boundary. If GB exceeds the critical stress c, required 
to an activation of an accommodating system, the first loop will escape in the grain boundary before the second loop is ejected from 
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Temperature UFG-Mg compression UFG-Mg+3Gr compression

T (°C) CYS (MPa) UCS (MPa) CYS (MPa) UCS (MPa)

22 222.0 335.9 259.4 293.2

50 209.3 300.3

77 196.3 212.0

100 170.2 208.3

150 124.0 135.1

200 89.5 95.7 149.3 157.9

250 59.6 76.1

300 59.6 68.0 111.0 129.4

Table 5. The compressive yield stress and ultimate compression strength estimated for various temperatures for UFG-
Mg and UFG_Mg with Gr np.

The maximum link length of a source to operate in a cyclic way becomes about D/2 (D is the
separation of grain boundaries). The minimum resolved shear stress on the grain boundary
due to the first loop can be written as

2 ;t = - =GB
Gb Gb Gb
D D D

(4)

where G is the shear modulus and b the Burgers vector of dislocations. The first term is the
operating stress of the source and the second is the back stress from the first loop that is forced
up against the grain boundary. If τGB exceeds the critical stress τc, required to an activation of
an accommodating system, the first loop will escape in the grain boundary before the second
loop is ejected from the source, and no pile-up will be formed (Nes et al., 2005). The stress-
strain curves at temperatures higher than 150 °C exhibit a steady state character indicating a
dynamic balance between hardening and softening.

It is clear that the Gr np increase the CYS. It is interesting to note that the UCS value of UFG-
Mg deformed at RT is higher than that of Mg+3nGr. Values estimated at 300 °C for both
materials show that the softening in the Mg+3nGr is lower than that in UFG-Mg. In the case
where materials were prepared by milling, the refinement of the originally large grains into
the UFG region is connected with large plastic deformation. This large plastic deformation is
partially recovered during consolidation of the powder. Such mc and UFG materials usually
contain a high density of dislocations in a heavy-deformation micro-structure (Mohamed,
2003). Np strengthening and grain refinement of the matrix are the key strengthening mech‐
anisms in the UFG-Mg+3nGr nc (Lukáč et al., 2006, Estrin & Vinogradov, 2013) A TEM
micrograph of the UFG-Mg+3nGr sample deformed at RT is shown in Fig. 21. Dislocations
pinned at grain boundaries are visible. The influence of grain size on the flow stress of
magnesium alloys has been subject of a number of investigations (e.g. Mabuchi et al., 2001,
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The temperature variations of the CYS and the UCS are introduced in Table 4 for Mg reinforced
with various types of particles. It can be seen that while the values of the CYS of all materials
studied are lower, the UCS values are higher than those measured in tension. The twinning
mode of deformation in the early stages of deformation is easier in the compressive straining.
New interfaces formed inside the grains are impenetrable obstacles for dislocation motion and
they lead to hardening which is manifested with the local maximum on the stress-strain curve.
The height of this maximum estimated at RT and 100 °C agree with the UCS value. The role
of twinning decreases with increasing deformation temperature.

3.2.2. Ultrafine grained magnesium

Figure 20a shows the true stress-true strain curves for UFG-Mg deformed in compression at
various temperatures. Samples were deformed either to fracture or at higher temperatures to
predetermined strains. A pronounced upper yield point followed by the hardening stage was
observed at temperatures between room temperature and 100 °C. The stress-strain curves at
temperatures higher than 150 ºC have a steady state character. Stress-strain curves measured
for UFG-Mg with 3 vol. % of Gr np (UFG-Mg+3nGr) in compression are presented in Fig.
20b for various temperatures. The local maximum at the beginning of the stress strain curve
was in this case observed only at ambient temperature. The temperature dependences of the
CYS and UCS estimated for both materials are shown in Table 5. Both stresses decrease rapidly
with increasing temperature. The yielding phenomenon is very probably caused by the
avalanche release of dislocations pinned at grain boundaries. It will be shown later in the
paragraph 4.2 that the amplitude dependence of the logarithmic decrement in UFG-Mg
indicates this phenomenon. Acoustic emission measurements detected no signal from the
deformed sample at room temperature. This indicates that no dislocation pile-ups have been
formed. In order to produce a pile-up of dislocations the grains need to contain a Frank-Read
source operating in a cyclic way.
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Figure 20.True stress-true strain curves obtained for various temperatures in compression for UFG-Mg (a) and UFG-Mg+3nGr (b). 

Temperature UFG-Mg compression UFG-Mg+3Gr compression 
T (°C) CYS (MPa) UCS (MPa) CYS (MPa) UCT (MPa) 
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Table 5. The compressive yield stress and ultimate compression strength estimated for various temperatures for UFG-Mg and UFG_Mg with Gr 
np. 
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100 170.2 208.3
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200 89.5 95.7 149.3 157.9
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Table 5. The compressive yield stress and ultimate compression strength estimated for various temperatures for UFG-
Mg and UFG_Mg with Gr np.

The maximum link length of a source to operate in a cyclic way becomes about D/2 (D is the
separation of grain boundaries). The minimum resolved shear stress on the grain boundary
due to the first loop can be written as

2 ;t = - =GB
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D D D

(4)

where G is the shear modulus and b the Burgers vector of dislocations. The first term is the
operating stress of the source and the second is the back stress from the first loop that is forced
up against the grain boundary. If τGB exceeds the critical stress τc, required to an activation of
an accommodating system, the first loop will escape in the grain boundary before the second
loop is ejected from the source, and no pile-up will be formed (Nes et al., 2005). The stress-
strain curves at temperatures higher than 150 °C exhibit a steady state character indicating a
dynamic balance between hardening and softening.

It is clear that the Gr np increase the CYS. It is interesting to note that the UCS value of UFG-
Mg deformed at RT is higher than that of Mg+3nGr. Values estimated at 300 °C for both
materials show that the softening in the Mg+3nGr is lower than that in UFG-Mg. In the case
where materials were prepared by milling, the refinement of the originally large grains into
the UFG region is connected with large plastic deformation. This large plastic deformation is
partially recovered during consolidation of the powder. Such mc and UFG materials usually
contain a high density of dislocations in a heavy-deformation micro-structure (Mohamed,
2003). Np strengthening and grain refinement of the matrix are the key strengthening mech‐
anisms in the UFG-Mg+3nGr nc (Lukáč et al., 2006, Estrin & Vinogradov, 2013) A TEM
micrograph of the UFG-Mg+3nGr sample deformed at RT is shown in Fig. 21. Dislocations
pinned at grain boundaries are visible. The influence of grain size on the flow stress of
magnesium alloys has been subject of a number of investigations (e.g. Mabuchi et al., 2001,
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Anderson et al., 2003). Choi and co-workers (Choi et al., 2010) studied the deformation
behaviour of ball milled Mg with the grain size from 60 nm up to 1 μm. They estimated that
the YS is result of many mechanisms including the Hall-Petch strengthening, deformation
twins, emission of partial dislocations and grain boundary sliding. Based on these estimations
the deformation modes in the extruded Mg can be at RT divided into three regions:

(1) Mc region (the grain size above 1 μm): the yield stress of Mg follows the Hall-Petch
relationship.

(2) UFG region (the grain size between 100 nm and 1 μm): the YS of Mg negatively deviates
from the Hall-Petch relationship.

(3) Nc region (the grain size smaller than 100 nm): the slope of the yield stress dependence on
the grain size is negative.

While for mc Mg the interaction of dislocations with grain boundaries and/or twin boundaries
can be considered as significantly affecting plastic deformation, for UFG-Mg the dislocation
pile-up mechanism loses its significance; twining and grain boundary sliding gradually
contributes to plastic deformation.

3.3.3. X-ray analysis

Deformed UFG-Mg samples were investigated by the high resolution X-ray diffraction peak
profile analysis. The diffraction profiles are evaluated by assuming that peak broadening is
caused by small crystallites and strain caused by dislocations. The Williamson–Hall plots
(integral breadth β vs. sinϑ, where ϑ is the Bragg angle) were constructed. The measured
physical profiles are fitted by theoretical profiles calculated on the basis of well-established
profile functions of size and strain. Both strain and strain anisotropy are accounted for by the
dislocation model of lattice distortions (Wilkens, 1970; Ungár & Borbely, 1996). In a crystal
containing dislocations, the mean square strain is done by Wilkens (1970)

Figure 21. TEM of UFG-Mg+3nGr deformed at room temperature.
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where ρ is the density of dislocations and b is their Burgers vector, C is the dislocation contrast
factor, f(η) is the Wilkens function, where η = L/Re (Re is the effective outer cut-off radius of
dislocations), L is the Fourier length defined as L = na3 (a3 = λ/2(sinϑ2-sinϑ1)), n are integers
starting from zero, λ is the wavelength of X-rays and (ϑ2-ϑ1) is the angular range of the
measured diffraction profile. In the case of hexagonal polycrystals, where dislocations with
various Burgers vectors take place in deformation, the average contrast factor may be obtained
by the weighted linear combination of the individual contrast factors for the active sub slip
systems:

2 2

1=

=å
N

i
i i

i
Cb f C b (6)

where N is the number of the different activated sub slip systems, C i is the average dislocation
contrast factor corresponding to the ith sub slip system and fi are the fractions of the particular
sub slip systems by which they contribute to the broadening of a specific reflection. The average
contrast factors for a single sub slip system (hk.ℓ) in hexagonal crystals are (Dragomir & Ungár,
2002):

2
. .0 1 21é ù= + +ë ûhk hkC C q x q xl (7)

where x = (2/3)(ℓ/ga)2, q1 and q2 are parameters depending on the elastic properties of the
material, Chk.0 is the average contrast factor corresponding to the hk.0 type reflections, g is the
absolute value of the diffraction vector and a is the lattice constant in the basal plane. The q1

and q2 parameters and the values of Chk.0 have been calculated for hexagonal crystals and
compounds in (Dragomir & Ungár, 2002). Two Burgers vectors types were taken into account:

a =
1
3 2̄110  and c + a =

1
3 2̄113 . Using the scheme described by Kužel & Klimanek (1989), it

is possible to take for the number N of sub-slip systems in eq. (12) with the <a> or <c+a> Burgers
vector N a  = 4 and N c + a  = 5, respectively. Once the Burgers vector types are determined,
the value of Chk .0b

2  and the dislocations density ρ can also be calculated; for further details
see (Kužel & Klimanek, 1989). The experimental values of q1 and q2 denoted as can be estimated
by the whole profile fitting procedure (details see (Kužel, 1998)).

The Williamson–Hall plots in terms of the integral breadth β vs. the magnitude of the reciprocal
lattice vector G (G represents sinϑ) are shown in Figs. 22 for samples deformed at various
temperatures. Circles correspond to the values calculated from the experimental data (Kužel,
1998). Squares correspond to the values calculated on the basis of the model (Dragomir &
Ungár, 2002). The fitting procedure allows to estimate the density of basal <a> dislocations, the
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density of <c+a> dislocations and the grain size depending on the testing temperature. The
results are given in Table 6. From Table 6 it follows that the basal dislocation density decreases
with increasing deformation temperature, while the fraction of <c+a> dislocations is constant.
The grain size growth has been also observed with increasing deformation temperature.
Máthis et al., (2004) used the similar method to study the evolution of the dislocation density
with the Burgers vector of different types as a function of the testing temperature in a coarse
grained Mg. They found that at room temperature and at 100 °C, the dominant dislocations
are <a> or mainly basal dislocations.

Deformation temperature (°C) 23 50 200 250

Density of basal dislocations ρ<a> 1014 (m-2) 4.04 3.0 1.5 1.2

ρ<c+a>/ρ<a> 0.1 0.1 0.1 0.1

Grain size (nm) 150 200 350 400

Table 6. Basal dislocation density ρ<a>, density of <c+a> dislocations ρ<c+a> and grain size estimated for various
deformation temperatures.
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Figure 22.The integral breadths for the sample deformed at RT (a), 50 °C (b), 200 °C (c), 250 °C. 

The Williamson–Hall plots in terms of the integral breadth  vs. the magnitude of the reciprocal lattice vector G (G represents sin) 
are shown in Figures. 22 for samples deformed at various temperatures. Circles correspond to the values calculated from the 
experimental data (Kužel, 1998). Squares correspond to the values calculated on the basis of the model (Dragomir & Ungár, 2002). 
The fitting procedure allows to estimate the density of basal <a> dislocations, the density of <c+a> dislocations and the grain size 
depending on the testing temperature. The results are given in Table 6. From Table 6 it follows that the basal dislocation density 
decreases with increasing deformation temperature, while the fraction of <c+a> dislocations is constant. The grain size growth has 
been also observed with increasing deformation temperature. Máthis et al., (2004) used the similar method to study the evolution 
of the dislocation density with the Burgers vector of different types as a function of the testing temperature in a coarse grained Mg. 
They found that at room temperature and at 100 °C, the dominant dislocations are <a> or mainly basal dislocations. 

Deformation temperature (°C) 23 50 200 250 
Density of basal dislocations <a> 1014 (m-2) 4.04 3.0 1.5 1.2 
<c+a>/<a> 0.1 0.1 0.1 0.1 
Grain size (nm) 150 200 350 400 

Table 6. Basal dislocation density <a>, density of <c+a> dislocations <c+a> and grain size estimated for various deformation temperatures. 

At higher temperatures, the fraction of <a> dislocations decreases, whereas the fraction of <c+a> dislocations increases. The fraction 
of <c> dislocations remains practically unchanged. The average total dislocation density increased considerably with strain as 
compared to the value in the as-cast state. 

Figure 22. The integral breadths for the sample deformed at RT (a), 50 °C (b), 200 °C (c), 250 °C.
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At higher temperatures, the fraction of <a> dislocations decreases, whereas the fraction of <c
+a> dislocations increases. The fraction of <c> dislocations remains practically unchanged. The
average total dislocation density increased considerably with strain as compared to the value
in the as-cast state.

However, with increasing deformation temperature, the increment of the dislocation density
decreased strongly in the plastically deformed sample. The concomitant increase of the fraction
of <c+a> dislocations and the decrease of the average dislocation density with increasing
deformation temperature can be explained by the dynamic recovery mechanism/-s. The results
obtained in our study for UFG-Mg exhibit similar decrease in the basal dislocation density.
The fraction of the <c+a> dislocations in UFG Mg remains constant, while it increases in the
coarse grained material. This is very probably caused by the different deformation mechanisms
in the UFG-material.

4. Internal friction measurements

4.1. Amplitude dependence of internal friction

The damping measurements were carried out in a vacuum (about 30 Pa) at room temperature.
The specimens fixed at one end were excited into resonance by a permanent magnet fixed at
the free side of the bending beam and a sinusoidal alternating magnetic field. The internal
friction was characterised by the logarithmic decrement δ of the free decay of the vibrating
beam δ = ln (An/An+1), where An and An+1 are the amplitudes of a free decay of vibrations after
n and (n+1) cycles, respectively. The resonance frequency ranged from 130 to 160 Hz. The strain
amplitude dependences of the logarithmic decrement were measured. The specimens were
annealed step by step at increasing temperatures up to 500 °C for 0.5 h and after each annealing
cycle quenched into water of room temperature. The annealing at higher temperatures was
performed in an argon atmosphere to avoid oxidation. The damping measurements were
carried out immediately after heat treatment and quenching at room temperature.

Figure 23 shows the logarithmic decrement plotted against the logarithm of the maximum
strain amplitude for μ-Mg+3nZrO2 samples. The logarithmic decrement was measured before
(as received - as rec) and after step by step annealing at increasing upper temperature of the
cycle. It can be seen that the measured strain dependence of the logarithmic decrement exhibits
two regions and can be expressed as

0 Hδ ε   = δ +)  δ( (ε), (8)

where δ0 is the amplitude independent component (or only weakly dependent on the maxi‐
mum strain amplitude) found in the first region, for lower strain amplitudes. In the second
region, for higher strain amplitudes, the component δH(ε) depends on the strain amplitude
(amplitude dependent internal friction – ADIF); it increases with increasing strain amplitude.
The upper temperature of the thermal cycling influences the logarithmic decrement. In the
case of the μ-Mg+3nZrO2 composite, the thermal treatment influences mainly the amplitude
independent component of the decrement. It is important to note that very high values of
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density of <c+a> dislocations and the grain size depending on the testing temperature. The
results are given in Table 6. From Table 6 it follows that the basal dislocation density decreases
with increasing deformation temperature, while the fraction of <c+a> dislocations is constant.
The grain size growth has been also observed with increasing deformation temperature.
Máthis et al., (2004) used the similar method to study the evolution of the dislocation density
with the Burgers vector of different types as a function of the testing temperature in a coarse
grained Mg. They found that at room temperature and at 100 °C, the dominant dislocations
are <a> or mainly basal dislocations.

Deformation temperature (°C) 23 50 200 250

Density of basal dislocations ρ<a> 1014 (m-2) 4.04 3.0 1.5 1.2

ρ<c+a>/ρ<a> 0.1 0.1 0.1 0.1

Grain size (nm) 150 200 350 400

Table 6. Basal dislocation density ρ<a>, density of <c+a> dislocations ρ<c+a> and grain size estimated for various
deformation temperatures.

specific reflection. The average contrast factors for a single sub slip system (hk.) in hexagonal crystals are (Dragomir & Ungár, 
2002): 

2
. .0 1 21hk hkC C q x q x    λ  (7) 

where x = (2/3)(/ga)2, q1 and q2 are parameters depending on the elastic properties of the material, Chk.0 is the average contrast 
factor corresponding to the hk.0 type reflections, g is the absolute value of the diffraction vector and a is the lattice constant in the 
basal plane. The q1 and q2 parameters and the values of Chk.0 have been calculated for hexagonal crystals and compounds in 

(Dragomir & Ungár, 2002). Two Burgers vectors types were taken into account: 1 2110
3

a   and 1 2113
3

c a  . Using the 

scheme described by Kužel & Klimanek (1989), it is possible to take for the number N of sub-slip systems in eq. (12) with the <a> or 
<c+a> Burgers vector N a  = 4 and N c a  = 5, respectively. Once the Burgers vector types are determined, the value of 2

.0hkC b  

and the dislocations density  can also be calculated; for further details see (Kužel & Klimanek, 1989). The experimental values of q1 
and q2 denoted as can be estimated by the whole profile fitting procedure (details see (Kužel, 1998)). 
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Figure 22.The integral breadths for the sample deformed at RT (a), 50 °C (b), 200 °C (c), 250 °C. 

The Williamson–Hall plots in terms of the integral breadth  vs. the magnitude of the reciprocal lattice vector G (G represents sin) 
are shown in Figures. 22 for samples deformed at various temperatures. Circles correspond to the values calculated from the 
experimental data (Kužel, 1998). Squares correspond to the values calculated on the basis of the model (Dragomir & Ungár, 2002). 
The fitting procedure allows to estimate the density of basal <a> dislocations, the density of <c+a> dislocations and the grain size 
depending on the testing temperature. The results are given in Table 6. From Table 6 it follows that the basal dislocation density 
decreases with increasing deformation temperature, while the fraction of <c+a> dislocations is constant. The grain size growth has 
been also observed with increasing deformation temperature. Máthis et al., (2004) used the similar method to study the evolution 
of the dislocation density with the Burgers vector of different types as a function of the testing temperature in a coarse grained Mg. 
They found that at room temperature and at 100 °C, the dominant dislocations are <a> or mainly basal dislocations. 

Deformation temperature (°C) 23 50 200 250 
Density of basal dislocations <a> 1014 (m-2) 4.04 3.0 1.5 1.2 
<c+a>/<a> 0.1 0.1 0.1 0.1 
Grain size (nm) 150 200 350 400 

Table 6. Basal dislocation density <a>, density of <c+a> dislocations <c+a> and grain size estimated for various deformation temperatures. 

At higher temperatures, the fraction of <a> dislocations decreases, whereas the fraction of <c+a> dislocations increases. The fraction 
of <c> dislocations remains practically unchanged. The average total dislocation density increased considerably with strain as 
compared to the value in the as-cast state. 

Figure 22. The integral breadths for the sample deformed at RT (a), 50 °C (b), 200 °C (c), 250 °C.
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At higher temperatures, the fraction of <a> dislocations decreases, whereas the fraction of <c
+a> dislocations increases. The fraction of <c> dislocations remains practically unchanged. The
average total dislocation density increased considerably with strain as compared to the value
in the as-cast state.

However, with increasing deformation temperature, the increment of the dislocation density
decreased strongly in the plastically deformed sample. The concomitant increase of the fraction
of <c+a> dislocations and the decrease of the average dislocation density with increasing
deformation temperature can be explained by the dynamic recovery mechanism/-s. The results
obtained in our study for UFG-Mg exhibit similar decrease in the basal dislocation density.
The fraction of the <c+a> dislocations in UFG Mg remains constant, while it increases in the
coarse grained material. This is very probably caused by the different deformation mechanisms
in the UFG-material.

4. Internal friction measurements

4.1. Amplitude dependence of internal friction

The damping measurements were carried out in a vacuum (about 30 Pa) at room temperature.
The specimens fixed at one end were excited into resonance by a permanent magnet fixed at
the free side of the bending beam and a sinusoidal alternating magnetic field. The internal
friction was characterised by the logarithmic decrement δ of the free decay of the vibrating
beam δ = ln (An/An+1), where An and An+1 are the amplitudes of a free decay of vibrations after
n and (n+1) cycles, respectively. The resonance frequency ranged from 130 to 160 Hz. The strain
amplitude dependences of the logarithmic decrement were measured. The specimens were
annealed step by step at increasing temperatures up to 500 °C for 0.5 h and after each annealing
cycle quenched into water of room temperature. The annealing at higher temperatures was
performed in an argon atmosphere to avoid oxidation. The damping measurements were
carried out immediately after heat treatment and quenching at room temperature.

Figure 23 shows the logarithmic decrement plotted against the logarithm of the maximum
strain amplitude for μ-Mg+3nZrO2 samples. The logarithmic decrement was measured before
(as received - as rec) and after step by step annealing at increasing upper temperature of the
cycle. It can be seen that the measured strain dependence of the logarithmic decrement exhibits
two regions and can be expressed as

0 Hδ ε   = δ +)  δ( (ε), (8)

where δ0 is the amplitude independent component (or only weakly dependent on the maxi‐
mum strain amplitude) found in the first region, for lower strain amplitudes. In the second
region, for higher strain amplitudes, the component δH(ε) depends on the strain amplitude
(amplitude dependent internal friction – ADIF); it increases with increasing strain amplitude.
The upper temperature of the thermal cycling influences the logarithmic decrement. In the
case of the μ-Mg+3nZrO2 composite, the thermal treatment influences mainly the amplitude
independent component of the decrement. It is important to note that very high values of
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damping in the amplitude independent component - in order of 10-2 - were obtained. The strain
amplitude dependences of the logarithmic decrement for μ-Mg+3nAl2O3 are given in Figures
24. Figure 24a shows the strain amplitude dependence of the logarithmic decrement for
specimens annealed up to 300 ºC. Figure 24b shows the strain amplitude dependence of the
logarithmic decrement for specimens annealed at temperatures between 300 and 500 ºC. The
thermal cycling influences mainly the amplitude dependent component δH that increases with
increasing upper temperature of the cycle, if the upper temperature is between room temper‐
ature and 300 ºC. For the upper temperature between 300 and 500 ºC, the δH component
decreases with increasing upper temperature.
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Figure 23. Amplitude dependence of decrement measured after annealing at increasing temperatures.

into water of room temperature. The annealing at higher temperatures was performed in an argon atmosphere to avoid oxidation. 
The damping measurements were carried out immediately after heat treatment and quenching at room temperature. 

Figure 23 shows the logarithmic decrement plotted against the logarithm of the maximum strain amplitude for -Mg+3nZrO2 
samples. The logarithmic decrement was measured before (as received - as rec) and after step by step annealing at increasing upper 
temperature of the cycle. It can be seen that the measured strain dependence of the logarithmic decrement exhibits two regions and 
can be expressed as 
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where δ0 is the amplitude independent component (or only weakly dependent on the maximum strain amplitude) found in the first 
region, for lower strain amplitudes. In the second region, for higher strain amplitudes, the component δH(ε) depends on the strain 
amplitude (amplitude dependent internal friction – ADIF); it increases with increasing strain amplitude. The upper temperature of 
the thermal cycling influences the logarithmic decrement. In the case of the μ-Mg+3nZrO2 composite, the thermal treatment 
influences mainly the amplitude independent component of the decrement. It is important to note that very high values of 
damping in the amplitude independent component - in order of 10-2 - were obtained. The strain amplitude dependences of the 
logarithmic decrement for μ-Mg+3nAl2O3 are given in Figures 24. Figure 24a shows the strain amplitude dependence of the 
logarithmic decrement for specimens annealed up to 300 ºC. Figure 24b shows the strain amplitude dependence of the logarithmic 
decrement for specimens annealed at temperatures between 300 and 500 ºC. The thermal cycling influences mainly the amplitude 
dependent component δH that increases with increasing upper temperature of the cycle, if the upper temperature is between room 
temperature and 300 ºC. For the upper temperature between 300 and 500 ºC, the δH component decreases with increasing upper 
temperature. 
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Figure 23.Amplitude dependence of decrement measured after annealing at increasing temperatures. 
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Figure 24.Amplitude dependence of the decrement for -Mg+3nAl2O3 annealed at temperatures up to 300°C (a) and temperatures between 300 and 
500 °C (b). 

The strain amplitude dependences of the logarithmic decrement measured in UFG-Mg after thermal cycling are given in Figure 
25a. Only a slight influence of thermal cycling on the δ versus ε curves can be observed. Figure 25b shows the plots of δ versus ε for 
UFG-Mg+3nGr. It can be seen that the thermal cycling causes a slight decrease of the logarithmic decrement at small strain 
amplitudes. The δH component changes only very slightly with increasing temperature of the cycle. Figure 26 shows the strain 
amplitude dependence of the logarithmic decrement for various materials before annealing (as received). The value of the critical 
strain εc at which the logarithmic decrement begins to increase with strain amplitude depends on annealing temperature and it 
depends on the kind of particles. 

Figure 24. Amplitude dependence of the decrement for μ-Mg+3nAl2O3 annealed at temperatures up to 300°C (a) and
temperatures between 300 and 500 °C (b).
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The strain amplitude dependences of the logarithmic decrement measured in UFG-Mg after
thermal cycling are given in Figure 25a. Only a slight influence of thermal cycling on the δ
versus ε curves can be observed. Figure 25b shows the plots of δ versus ε for UFG-Mg+3nGr.
It can be seen that the thermal cycling causes a slight decrease of the logarithmic decrement at
small strain amplitudes. The δH component changes only very slightly with increasing
temperature of the cycle. Figure 26 shows the strain amplitude dependence of the logarithmic
decrement for various materials before annealing (as received). The value of the critical strain
εc at which the logarithmic decrement begins to increase with strain amplitude depends on
annealing temperature and it depends on the kind of particles.
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Figure 25. Strain amplitude dependence of the decrement for UFG-Mg (a) and UFG-Mg+3nGr (b), annealed at in‐
creasing temperature.

It is generally accepted that the δ0 component is connected with the material microstructure
and the amplitude dependent component δH is due to an interaction of dislocations with point
defects (e.g. solute atoms). The dislocations contribute to the damping capacity by the motion
of vibrating dislocation lines. Particulates (Al2O3, ZrO2, Gr), as secondary phases, may improve
the damping capacity of alloys. The particles in a composite may cause an increase in the
dislocation density as a result of thermal strain mismatch between the ceramic particles and
the matrix during preparation and/or thermal treatment. The difference between the coeffi‐
cients of thermal expansion (CTE) of the particles and the matrix may create the thermal
residual stresses after cooling from the processing temperature to room temperature. The
thermal stresses are also generated during heat treatment and when composites are heated
and cooled through a temperature range (thermal cycling). In generally, there are biaxial or
triaxial stress fields located near the reinforcement-matrix interface. The amplitudes of the
stress field decrease with increasing distance from the interface. In a simple one-dimensional
model, the thermal stresses σTS, produced by a temperature change ΔT, at the interface are
given by (Chawla, 1991)

Mechanical and Acoustic Properties of Magnesium Alloys Based (Nano) Composites Prepared by Powder…
http://dx.doi.org/10.5772/57454

187



damping in the amplitude independent component - in order of 10-2 - were obtained. The strain
amplitude dependences of the logarithmic decrement for μ-Mg+3nAl2O3 are given in Figures
24. Figure 24a shows the strain amplitude dependence of the logarithmic decrement for
specimens annealed up to 300 ºC. Figure 24b shows the strain amplitude dependence of the
logarithmic decrement for specimens annealed at temperatures between 300 and 500 ºC. The
thermal cycling influences mainly the amplitude dependent component δH that increases with
increasing upper temperature of the cycle, if the upper temperature is between room temper‐
ature and 300 ºC. For the upper temperature between 300 and 500 ºC, the δH component
decreases with increasing upper temperature.
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Figure 23. Amplitude dependence of decrement measured after annealing at increasing temperatures.

into water of room temperature. The annealing at higher temperatures was performed in an argon atmosphere to avoid oxidation. 
The damping measurements were carried out immediately after heat treatment and quenching at room temperature. 

Figure 23 shows the logarithmic decrement plotted against the logarithm of the maximum strain amplitude for -Mg+3nZrO2 
samples. The logarithmic decrement was measured before (as received - as rec) and after step by step annealing at increasing upper 
temperature of the cycle. It can be seen that the measured strain dependence of the logarithmic decrement exhibits two regions and 
can be expressed as 

0 Hδ ε   = δ +)  δ( (ε),  (8) 

where δ0 is the amplitude independent component (or only weakly dependent on the maximum strain amplitude) found in the first 
region, for lower strain amplitudes. In the second region, for higher strain amplitudes, the component δH(ε) depends on the strain 
amplitude (amplitude dependent internal friction – ADIF); it increases with increasing strain amplitude. The upper temperature of 
the thermal cycling influences the logarithmic decrement. In the case of the μ-Mg+3nZrO2 composite, the thermal treatment 
influences mainly the amplitude independent component of the decrement. It is important to note that very high values of 
damping in the amplitude independent component - in order of 10-2 - were obtained. The strain amplitude dependences of the 
logarithmic decrement for μ-Mg+3nAl2O3 are given in Figures 24. Figure 24a shows the strain amplitude dependence of the 
logarithmic decrement for specimens annealed up to 300 ºC. Figure 24b shows the strain amplitude dependence of the logarithmic 
decrement for specimens annealed at temperatures between 300 and 500 ºC. The thermal cycling influences mainly the amplitude 
dependent component δH that increases with increasing upper temperature of the cycle, if the upper temperature is between room 
temperature and 300 ºC. For the upper temperature between 300 and 500 ºC, the δH component decreases with increasing upper 
temperature. 
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Figure 23.Amplitude dependence of decrement measured after annealing at increasing temperatures. 
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Figure 24.Amplitude dependence of the decrement for -Mg+3nAl2O3 annealed at temperatures up to 300°C (a) and temperatures between 300 and 
500 °C (b). 

The strain amplitude dependences of the logarithmic decrement measured in UFG-Mg after thermal cycling are given in Figure 
25a. Only a slight influence of thermal cycling on the δ versus ε curves can be observed. Figure 25b shows the plots of δ versus ε for 
UFG-Mg+3nGr. It can be seen that the thermal cycling causes a slight decrease of the logarithmic decrement at small strain 
amplitudes. The δH component changes only very slightly with increasing temperature of the cycle. Figure 26 shows the strain 
amplitude dependence of the logarithmic decrement for various materials before annealing (as received). The value of the critical 
strain εc at which the logarithmic decrement begins to increase with strain amplitude depends on annealing temperature and it 
depends on the kind of particles. 

Figure 24. Amplitude dependence of the decrement for μ-Mg+3nAl2O3 annealed at temperatures up to 300°C (a) and
temperatures between 300 and 500 °C (b).
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The strain amplitude dependences of the logarithmic decrement measured in UFG-Mg after
thermal cycling are given in Figure 25a. Only a slight influence of thermal cycling on the δ
versus ε curves can be observed. Figure 25b shows the plots of δ versus ε for UFG-Mg+3nGr.
It can be seen that the thermal cycling causes a slight decrease of the logarithmic decrement at
small strain amplitudes. The δH component changes only very slightly with increasing
temperature of the cycle. Figure 26 shows the strain amplitude dependence of the logarithmic
decrement for various materials before annealing (as received). The value of the critical strain
εc at which the logarithmic decrement begins to increase with strain amplitude depends on
annealing temperature and it depends on the kind of particles.
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Figure 25. Strain amplitude dependence of the decrement for UFG-Mg (a) and UFG-Mg+3nGr (b), annealed at in‐
creasing temperature.

It is generally accepted that the δ0 component is connected with the material microstructure
and the amplitude dependent component δH is due to an interaction of dislocations with point
defects (e.g. solute atoms). The dislocations contribute to the damping capacity by the motion
of vibrating dislocation lines. Particulates (Al2O3, ZrO2, Gr), as secondary phases, may improve
the damping capacity of alloys. The particles in a composite may cause an increase in the
dislocation density as a result of thermal strain mismatch between the ceramic particles and
the matrix during preparation and/or thermal treatment. The difference between the coeffi‐
cients of thermal expansion (CTE) of the particles and the matrix may create the thermal
residual stresses after cooling from the processing temperature to room temperature. The
thermal stresses are also generated during heat treatment and when composites are heated
and cooled through a temperature range (thermal cycling). In generally, there are biaxial or
triaxial stress fields located near the reinforcement-matrix interface. The amplitudes of the
stress field decrease with increasing distance from the interface. In a simple one-dimensional
model, the thermal stresses σTS, produced by a temperature change ΔT, at the interface are
given by (Chawla, 1991)
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where Δα is the mismatch of the CTE values between the reinforcements and the matrix, EF

and EM are the values of the Young's modulus for the reinforcement and the matrix, respec‐
tively and f is the volume fraction of the reinforcement. The CTE of the matrix is much higher
than that of the reinforcement. Thus after cooling, the tensile thermal residual stresses are
created in the matrix. The thermal stresses may relax around the matrix-reinforcement
interface by emitting dislocation. An increase in the dislocation density near reinforcement has
been calculated as (Arsenault & Shi, 1986, Dunand & Mortensen, 1991):
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where t is the minimum dimension of reinforcement, b is the magnitude of the Burgers vector
of dislocations and B is a geometrical constant (depending on the aspect ratio). The newly
formed dislocations may be sources of the higher damping capacity because of the motion of
vibrating dislocation lines under cycling loading. According to the Granato-Lücke theory
(Granato, & Lücke, 1981), weak and strong pinning points restrict motion of dislocations in
their glide plane. At low strain amplitudes (stresses), dislocation bows out between the weak
pinning points, leading to the amplitude independent logarithmic decrement. The dislocation
remains anchored at the strong pinning points. At higher strain amplitudes, the force exerted
on the weak pinning points becomes higher than the binding force of the weak pinning points.
The dislocation segments break away from some weak pinning points within longer disloca‐
tion segments. This leads to a drastic instantaneous increase in the dislocation strain and thus
giving rise to the level of the logarithmic decrement. The amplitude dependent component of
the decrement depends on the dislocation density, length of shorter and longer dislocation
segments. At temperatures higher than 0 K, the breakaway of shorter dislocation segments is
thermally activated. During thermal cycling, new dislocations are created due to the difference
in the CTEs (see Eq. (10)). An increase in the dislocation density, while the number of weak
pinning points remains constant, increases effectively the length of dislocation segment
between weak pinning points and hence the δH component should increase, which is observed.
The higher temperature of the cycling, the higher the dislocation density and the higher
increase in the effective length of the shorter dislocation segments. The critical strain εc at which
the decrement becomes to be amplitude dependent is determined by the interaction energy
between dislocations and the weak pinning points and the distance between the pinning
points. As the distance between weak pinning point increases with the upper temperature, the
dislocations can break away from the weak pinning point under lower critical stress and thus,
the value of εc should decrease with increasing upper temperature, which is observed. The
values of εc for a composite are proportional to the yield stress of the composite matrix. It
should be consider that the value of εc can be influenced by the thermal stresses due to the
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difference in CTEs for both components of the composite. In mc and UFG Mg no new dislo‐
cations are created during thermal cycling. Hence, it is expected only a slight influence of the
thermal cycling on the δ versus ε curves, which is in agreement with experimental results.
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Figure 26. Amplitude dependence of the decrement for μ-Mg, UFG-Mg and μ-Mg and UFG-Mg reinforced with np.

Interfaces may contribute to the damping behaviour of composite materials. Due to a large
difference in the coefficients of thermal expansion between the particles and the matrix, high
thermal residual stresses are created around the particles. The thermal stresses with temper‐
ature can relax and plastic zones of tangled dislocation are formed. Their average radius
depends on the difference in CTEs, particles radius and the change of temperature. The higher
the matrix yield stress, the smaller radius of the plastic zones (Dunand & Mortensen, 1991).
Plastic zones may also contribute to the damping behaviour.

The contribution of interfaces to internal friction depends on the character of interfacial
bonding. The interface damping should be considered. The internal friction of a composite
with the perfectly bonded interface (interface is incoherent) depends on the shape of particles,
their volume fraction and the magnitude of local stress at the particle-matrix interface.
Assuming that all the particles have the same diameter, the logarithmic decrement is given as
(Zhang et al., 1994a)
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n
p n

-
=
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where Vp is the volume fraction of particles and ν is the Poisson ratio of the matrix. The effect
of the perfectly bonded interfaces on the damping behaviour becomes more significant at high
temperatures; in Mg based composites this could be above 150 ºC. The matrix becomes
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where Δα is the mismatch of the CTE values between the reinforcements and the matrix, EF

and EM are the values of the Young's modulus for the reinforcement and the matrix, respec‐
tively and f is the volume fraction of the reinforcement. The CTE of the matrix is much higher
than that of the reinforcement. Thus after cooling, the tensile thermal residual stresses are
created in the matrix. The thermal stresses may relax around the matrix-reinforcement
interface by emitting dislocation. An increase in the dislocation density near reinforcement has
been calculated as (Arsenault & Shi, 1986, Dunand & Mortensen, 1991):
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where t is the minimum dimension of reinforcement, b is the magnitude of the Burgers vector
of dislocations and B is a geometrical constant (depending on the aspect ratio). The newly
formed dislocations may be sources of the higher damping capacity because of the motion of
vibrating dislocation lines under cycling loading. According to the Granato-Lücke theory
(Granato, & Lücke, 1981), weak and strong pinning points restrict motion of dislocations in
their glide plane. At low strain amplitudes (stresses), dislocation bows out between the weak
pinning points, leading to the amplitude independent logarithmic decrement. The dislocation
remains anchored at the strong pinning points. At higher strain amplitudes, the force exerted
on the weak pinning points becomes higher than the binding force of the weak pinning points.
The dislocation segments break away from some weak pinning points within longer disloca‐
tion segments. This leads to a drastic instantaneous increase in the dislocation strain and thus
giving rise to the level of the logarithmic decrement. The amplitude dependent component of
the decrement depends on the dislocation density, length of shorter and longer dislocation
segments. At temperatures higher than 0 K, the breakaway of shorter dislocation segments is
thermally activated. During thermal cycling, new dislocations are created due to the difference
in the CTEs (see Eq. (10)). An increase in the dislocation density, while the number of weak
pinning points remains constant, increases effectively the length of dislocation segment
between weak pinning points and hence the δH component should increase, which is observed.
The higher temperature of the cycling, the higher the dislocation density and the higher
increase in the effective length of the shorter dislocation segments. The critical strain εc at which
the decrement becomes to be amplitude dependent is determined by the interaction energy
between dislocations and the weak pinning points and the distance between the pinning
points. As the distance between weak pinning point increases with the upper temperature, the
dislocations can break away from the weak pinning point under lower critical stress and thus,
the value of εc should decrease with increasing upper temperature, which is observed. The
values of εc for a composite are proportional to the yield stress of the composite matrix. It
should be consider that the value of εc can be influenced by the thermal stresses due to the
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difference in CTEs for both components of the composite. In mc and UFG Mg no new dislo‐
cations are created during thermal cycling. Hence, it is expected only a slight influence of the
thermal cycling on the δ versus ε curves, which is in agreement with experimental results.
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Figure 26. Amplitude dependence of the decrement for μ-Mg, UFG-Mg and μ-Mg and UFG-Mg reinforced with np.

Interfaces may contribute to the damping behaviour of composite materials. Due to a large
difference in the coefficients of thermal expansion between the particles and the matrix, high
thermal residual stresses are created around the particles. The thermal stresses with temper‐
ature can relax and plastic zones of tangled dislocation are formed. Their average radius
depends on the difference in CTEs, particles radius and the change of temperature. The higher
the matrix yield stress, the smaller radius of the plastic zones (Dunand & Mortensen, 1991).
Plastic zones may also contribute to the damping behaviour.

The contribution of interfaces to internal friction depends on the character of interfacial
bonding. The interface damping should be considered. The internal friction of a composite
with the perfectly bonded interface (interface is incoherent) depends on the shape of particles,
their volume fraction and the magnitude of local stress at the particle-matrix interface.
Assuming that all the particles have the same diameter, the logarithmic decrement is given as
(Zhang et al., 1994a)
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where Vp is the volume fraction of particles and ν is the Poisson ratio of the matrix. The effect
of the perfectly bonded interfaces on the damping behaviour becomes more significant at high
temperatures; in Mg based composites this could be above 150 ºC. The matrix becomes
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relatively soft relative to the nanoparticles. Hence, the internal friction at the interface may be
thermally activated.

In the case of weak bonding at the interface, interfacial slip (sliding at the interface) may occur.
In this case, the frictional energy loss caused by the sliding at interfaces may become a primary
source of damping. The damping component due to interfacial slip under the applied stress
amplitude σ0 can be expressed as (Zhang et al., 1994a)
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where κ is the friction coefficient between both components of the composite, σr is the radial
stress at the particle-matrix interface corresponding to the stress amplitude σ0, ε0 is the strain
amplitude corresponding to σ0. The critical interface strain εcr corresponding to the critical
interface shear stress τcr is the strain at which the sliding on the on interface begins. EC is the
elastic modulus of the composite. For weakly bonded interfaces, the critical strain εcr is
assumed to be much lower than the strain amplitude ε0 and then
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The stress concentration factor σr/σ0 has been reported to be 1.1-1.3 (Zhang et al., 1994b). The
model does not take into account possible effects of temperature or frequency on damping and
therefore the predictions of the model may be taken only as the first approximation. Very high
values of δ0 for mc and nc Mg reinforced by zirconia np and Gr np are very probably caused
by interfacial slip due to weak bonding between particles and matrix. The effect of an addi‐
tional damping due to the influence of particle can be clearly seen in Figure 26. Therefore, the
effect of an additional damping due to the influence of particles may be estimated. The
measured increase in δ0 due to the addition of ZrO2 np to μ-Mg and Gr np to UFG-Mg is about
0.008-0.009 (Figure 26). Taking for the friction coefficient a typical value of ~0.08, the relation
(10) predicts a value for an additional damping owing to interfaces of δ0i = 0.04. The discrepancy
between the predicted and measured value may be caused by a non-uniform strain state in
specimens because they were subjected to bending in experiment. Hence, the stress (strain)
level can reach its critical value at which the interface sliding starts only in some region of the
measured specimen. Accordingly, the measured interface-damping component is lower than
the predicted value. High values of the decrement component δ0 obtained for mc and UFG-
Mg are very probably caused by grain boundary sliding support by diffusion processes. On
the other hand, the observed decrease in the amplitude independent component of μ-Mg
+3nAl2O3 comparing with μ-Mg may be explained according to the following way: Np situated
in grain boundaries prevent the grain boundary sliding which contribute significantly to the
amplitude independent component of decrement.
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4.2. Temperature relaxation spectrum of internal friction

The temperature dependent internal friction (TDIF), internal friction spectrum, is the temper‐
ature or frequency dependence of damping. Internal friction spectra were measured in a DMA
2980 (TA Instruments) apparatus in a single heating and cooling process. Measurements were
performed at various frequencies from 0.1 up to 2 Hz. Throughout the measurements the strain
amplitude was 1.2x10-4. The heating as well as cooling rate was 1 K/min.
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Figure 27. Temperature relaxation spectrum of IF estimated for various frequencies.
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Figure 28. Arrhenius plots estimated for both peaks.
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relatively soft relative to the nanoparticles. Hence, the internal friction at the interface may be
thermally activated.

In the case of weak bonding at the interface, interfacial slip (sliding at the interface) may occur.
In this case, the frictional energy loss caused by the sliding at interfaces may become a primary
source of damping. The damping component due to interfacial slip under the applied stress
amplitude σ0 can be expressed as (Zhang et al., 1994a)
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where κ is the friction coefficient between both components of the composite, σr is the radial
stress at the particle-matrix interface corresponding to the stress amplitude σ0, ε0 is the strain
amplitude corresponding to σ0. The critical interface strain εcr corresponding to the critical
interface shear stress τcr is the strain at which the sliding on the on interface begins. EC is the
elastic modulus of the composite. For weakly bonded interfaces, the critical strain εcr is
assumed to be much lower than the strain amplitude ε0 and then
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The stress concentration factor σr/σ0 has been reported to be 1.1-1.3 (Zhang et al., 1994b). The
model does not take into account possible effects of temperature or frequency on damping and
therefore the predictions of the model may be taken only as the first approximation. Very high
values of δ0 for mc and nc Mg reinforced by zirconia np and Gr np are very probably caused
by interfacial slip due to weak bonding between particles and matrix. The effect of an addi‐
tional damping due to the influence of particle can be clearly seen in Figure 26. Therefore, the
effect of an additional damping due to the influence of particles may be estimated. The
measured increase in δ0 due to the addition of ZrO2 np to μ-Mg and Gr np to UFG-Mg is about
0.008-0.009 (Figure 26). Taking for the friction coefficient a typical value of ~0.08, the relation
(10) predicts a value for an additional damping owing to interfaces of δ0i = 0.04. The discrepancy
between the predicted and measured value may be caused by a non-uniform strain state in
specimens because they were subjected to bending in experiment. Hence, the stress (strain)
level can reach its critical value at which the interface sliding starts only in some region of the
measured specimen. Accordingly, the measured interface-damping component is lower than
the predicted value. High values of the decrement component δ0 obtained for mc and UFG-
Mg are very probably caused by grain boundary sliding support by diffusion processes. On
the other hand, the observed decrease in the amplitude independent component of μ-Mg
+3nAl2O3 comparing with μ-Mg may be explained according to the following way: Np situated
in grain boundaries prevent the grain boundary sliding which contribute significantly to the
amplitude independent component of decrement.
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4.2. Temperature relaxation spectrum of internal friction

The temperature dependent internal friction (TDIF), internal friction spectrum, is the temper‐
ature or frequency dependence of damping. Internal friction spectra were measured in a DMA
2980 (TA Instruments) apparatus in a single heating and cooling process. Measurements were
performed at various frequencies from 0.1 up to 2 Hz. Throughout the measurements the strain
amplitude was 1.2x10-4. The heating as well as cooling rate was 1 K/min.
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Figure 27. Temperature relaxation spectrum of IF estimated for various frequencies.
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The internal friction in a material is a result of internal processes, which occurs during
alternating stress cycles imposed on it and these processes originate from the interactions
among structural components in the material. The presence of point, line, and planar defects
within a stressed material often causes the internal friction to occur because of the atomic
movement, rearrangement, or realignment of the defects under the application of a stress.
These techniques can be used to characterize types of structure defects.

Figure 27 shows the temperature dependence of the internal friction IF=tanφ (Nowick & Berry.
1972) measured at 0.1 Hz during heating (heating rate 1 K/min.). Two peaks showing different
intensities have been found: the weak low temperature peak (P1) and the more intense high
temperature peak (P2). It can be seen that both peaks shift to a higher temperatures with
increasing frequency, indicating that they may be relaxations peaks.

f (Hz) P1 (°C) P2 (°C)

0.1 79.6 313.2

0.5 94.7 344.5

1 103.3 357.9

2 109.5 367.2

Table 7. Temperatures of the relaxation peaks estimated for various frequencies.

The curves introduced in Fig. 27 were measured during one heating course in the multi-
frequent mode. The internal friction peaks are assumed to be imposed by a background IFb

expressed by

( )b bIF = A + B exp -C /kT  , (14)

where k is the Boltzmann constant, T is the absolute temperature, A, B, and Cb are constants.
After subtracting the background by using a fitting program PeakFit, the peak temperature
TP was estimated for the both relaxation peaks. The temperatures of both peaks estimated for
various frequencies are given in Table 7. The peak widths are broader than that for a Debye
peak, characterised by a single relaxation time. The internal friction peak appears at the
condition ωτ = 1 (Nowick & Berry. 1972), with

0 exp ( / k  ,)w w=t t DH T (15)

where ω is the angular frequency (= 2πf, f is the measuring frequency), τ is the mean relaxation
time, τ0 is the pre-exponential factor, and ΔH is the mean activation enthalpy.
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Figure 29.Background subtracted low (a) and high (b) temperature peaks after a prestraining of 2.55%. 

4.2.1. Low temperature peak 

Figure 28 shows the semilogarithmic plot of the frequency versus reciprocal value of peaks temperatures TP (estimated for both 
peaks) so called Arrhenius plots. From the slope and intercept of the straight line, the mean activation enthalpy for the low 
temperature peak H has been obtained and its value is 1.160.05 eV. 

As far as the low temperature peak may have a dislocation nature, prestraining of the sample at low temperature should influence 
the height of the peak. Therefore, the samples were deformed by rolling. Deformation by rolling at room temperature (  2.55%) 
increases the strength of the low temperature peak, as it is obvious from Figure 29a (the peak was extracted from the internal 
friction spectrum subtracting the background damping). However, the peak is stronger only in the first run after prestraining. In 
the second and third run, the height of the peak is approximately the same as in the as-prepared state, and the height is lower than 
in the first run. 

The strain amplitude dependent component of the logarithmic decrement (Figure 25a) indicates free dislocation loops in the 
material. IF peaks estimated in the second and third heating and cooling runs are practically the same. Beside this original 
dislocation population, the prestraining of the sample produced new dislocations which were practically completely recovered 
during the heating course of measurements. Owing to small grain size the grain boundaries were very probably the sources as well 
as sinks of the newly created dislocations. As mentioned above, the dominant deformation mode in magnesium is the basal slip; 
glide of a dislocations. The secondary conservative slip may be realised by motion of a dislocations on prismatic and 
pyramidal planes of the first kind. Couret & Caillard (1984a,b) studied by TEM prismatic glide in magnesium over a wide 
temperature range. They have reported that the screw dislocations with the Burgers vector of 1 / 3 1120    are able to glide on 

prismatic planes and their mobility is much lower than the mobility of edge dislocations. The deformation is controlled by the 
thermally activated glide of those screw dislocation segments. A single controlling mechanism has been identified as the Friedel-
Escaig mechanism. This mechanism assumes a dissociated dislocation on a compact plane (0001) that joints together along a critical 
length Lr producing double kinks on non-compact plane. Dislocations in very small grains are pinned at the grain boundaries and 
this is the reason why this dislocation population is so stable. On the other hand, the newly created dislocations during cold rolling 
are only slightly pinned and they are recoverable during heating part of the measurement cycle. 

4.2.2. High temperature peak 

The high temperature peak was observed at a temperature of ≈ 345 °C (0.5Hz). The cold prestraining of the sample did not affect 
the strength of the high temperature peak, as it can be seen from Figure 29b. Position and height of the peak are very stable during 
heating as well as cooling. The activation energy was obtained from the frequency dependence of the peak temperature (Arrhenius 
plot) to be 1.770.05 eV (see Figure 28). 

The presence of the high temperature peak in magnesium has been reported by Kê (Kê, 1947). He described this peak as being 
related to the grain boundary relaxation. 

Figure 29. Background subtracted low (a) and high (b) temperature peaks after a prestraining of 2.55%.

4.2.1. Low temperature peak

Figure 28 shows the semilogarithmic plot of the frequency versus reciprocal value of peaks
temperatures TP (estimated for both peaks) so called Arrhenius plots. From the slope and
intercept of the straight line, the mean activation enthalpy for the low temperature peak ΔH
has been obtained and its value is 1.16±0.05 eV.

As far as the low temperature peak may have a dislocation nature, prestraining of the sample at
low temperature should influence the height of the peak. Therefore, the samples were de‐
formed by rolling. Deformation by rolling at room temperature (ε ≈ 2.55%) increases the strength
of the low temperature peak, as it is obvious from Figure 29a (the peak was extracted from the
internal friction spectrum subtracting the background damping). However, the peak is stron‐
ger only in the first run after prestraining. In the second and third run, the height of the peak is
approximately the same as in the as-prepared state, and the height is lower than in the first run.

The strain amplitude dependent component of the logarithmic decrement (Figure 25a)
indicates free dislocation loops in the material. IF peaks estimated in the second and third
heating and cooling runs are practically the same. Beside this original dislocation population,
the prestraining of the sample produced new dislocations which were practically completely
recovered during the heating course of measurements. Owing to small grain size the grain
boundaries were very probably the sources as well as sinks of the newly created dislocations.
As mentioned above, the dominant deformation mode in magnesium is the basal slip; glide of
<a> dislocations. The secondary conservative slip may be realised by motion of <a> dislocations
on prismatic and pyramidal planes of the first kind. Couret & Caillard (1984a,b) studied by
TEM prismatic glide in magnesium over a wide temperature range. They have reported that
the screw dislocations with the Burgers vector of 1 / 3 112̄0  are able to glide on prismatic planes
and their mobility is much lower than the mobility of edge dislocations. The deformation is
controlled by the thermally activated glide of those screw dislocation segments. A single
controlling mechanism has been identified as the Friedel-Escaig mechanism. This mechanism
assumes a dissociated dislocation on a compact plane (0001) that joints together along a critical
length Lr producing double kinks on non-compact plane. Dislocations in very small grains are
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The internal friction in a material is a result of internal processes, which occurs during
alternating stress cycles imposed on it and these processes originate from the interactions
among structural components in the material. The presence of point, line, and planar defects
within a stressed material often causes the internal friction to occur because of the atomic
movement, rearrangement, or realignment of the defects under the application of a stress.
These techniques can be used to characterize types of structure defects.

Figure 27 shows the temperature dependence of the internal friction IF=tanφ (Nowick & Berry.
1972) measured at 0.1 Hz during heating (heating rate 1 K/min.). Two peaks showing different
intensities have been found: the weak low temperature peak (P1) and the more intense high
temperature peak (P2). It can be seen that both peaks shift to a higher temperatures with
increasing frequency, indicating that they may be relaxations peaks.

f (Hz) P1 (°C) P2 (°C)

0.1 79.6 313.2

0.5 94.7 344.5

1 103.3 357.9

2 109.5 367.2

Table 7. Temperatures of the relaxation peaks estimated for various frequencies.

The curves introduced in Fig. 27 were measured during one heating course in the multi-
frequent mode. The internal friction peaks are assumed to be imposed by a background IFb

expressed by

( )b bIF = A + B exp -C /kT  , (14)

where k is the Boltzmann constant, T is the absolute temperature, A, B, and Cb are constants.
After subtracting the background by using a fitting program PeakFit, the peak temperature
TP was estimated for the both relaxation peaks. The temperatures of both peaks estimated for
various frequencies are given in Table 7. The peak widths are broader than that for a Debye
peak, characterised by a single relaxation time. The internal friction peak appears at the
condition ωτ = 1 (Nowick & Berry. 1972), with

0 exp ( / k  ,)w w=t t DH T (15)

where ω is the angular frequency (= 2πf, f is the measuring frequency), τ is the mean relaxation
time, τ0 is the pre-exponential factor, and ΔH is the mean activation enthalpy.
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Figure 29.Background subtracted low (a) and high (b) temperature peaks after a prestraining of 2.55%. 

4.2.1. Low temperature peak 

Figure 28 shows the semilogarithmic plot of the frequency versus reciprocal value of peaks temperatures TP (estimated for both 
peaks) so called Arrhenius plots. From the slope and intercept of the straight line, the mean activation enthalpy for the low 
temperature peak H has been obtained and its value is 1.160.05 eV. 

As far as the low temperature peak may have a dislocation nature, prestraining of the sample at low temperature should influence 
the height of the peak. Therefore, the samples were deformed by rolling. Deformation by rolling at room temperature (  2.55%) 
increases the strength of the low temperature peak, as it is obvious from Figure 29a (the peak was extracted from the internal 
friction spectrum subtracting the background damping). However, the peak is stronger only in the first run after prestraining. In 
the second and third run, the height of the peak is approximately the same as in the as-prepared state, and the height is lower than 
in the first run. 

The strain amplitude dependent component of the logarithmic decrement (Figure 25a) indicates free dislocation loops in the 
material. IF peaks estimated in the second and third heating and cooling runs are practically the same. Beside this original 
dislocation population, the prestraining of the sample produced new dislocations which were practically completely recovered 
during the heating course of measurements. Owing to small grain size the grain boundaries were very probably the sources as well 
as sinks of the newly created dislocations. As mentioned above, the dominant deformation mode in magnesium is the basal slip; 
glide of a dislocations. The secondary conservative slip may be realised by motion of a dislocations on prismatic and 
pyramidal planes of the first kind. Couret & Caillard (1984a,b) studied by TEM prismatic glide in magnesium over a wide 
temperature range. They have reported that the screw dislocations with the Burgers vector of 1 / 3 1120    are able to glide on 

prismatic planes and their mobility is much lower than the mobility of edge dislocations. The deformation is controlled by the 
thermally activated glide of those screw dislocation segments. A single controlling mechanism has been identified as the Friedel-
Escaig mechanism. This mechanism assumes a dissociated dislocation on a compact plane (0001) that joints together along a critical 
length Lr producing double kinks on non-compact plane. Dislocations in very small grains are pinned at the grain boundaries and 
this is the reason why this dislocation population is so stable. On the other hand, the newly created dislocations during cold rolling 
are only slightly pinned and they are recoverable during heating part of the measurement cycle. 

4.2.2. High temperature peak 

The high temperature peak was observed at a temperature of ≈ 345 °C (0.5Hz). The cold prestraining of the sample did not affect 
the strength of the high temperature peak, as it can be seen from Figure 29b. Position and height of the peak are very stable during 
heating as well as cooling. The activation energy was obtained from the frequency dependence of the peak temperature (Arrhenius 
plot) to be 1.770.05 eV (see Figure 28). 

The presence of the high temperature peak in magnesium has been reported by Kê (Kê, 1947). He described this peak as being 
related to the grain boundary relaxation. 

Figure 29. Background subtracted low (a) and high (b) temperature peaks after a prestraining of 2.55%.

4.2.1. Low temperature peak

Figure 28 shows the semilogarithmic plot of the frequency versus reciprocal value of peaks
temperatures TP (estimated for both peaks) so called Arrhenius plots. From the slope and
intercept of the straight line, the mean activation enthalpy for the low temperature peak ΔH
has been obtained and its value is 1.16±0.05 eV.

As far as the low temperature peak may have a dislocation nature, prestraining of the sample at
low temperature should influence the height of the peak. Therefore, the samples were de‐
formed by rolling. Deformation by rolling at room temperature (ε ≈ 2.55%) increases the strength
of the low temperature peak, as it is obvious from Figure 29a (the peak was extracted from the
internal friction spectrum subtracting the background damping). However, the peak is stron‐
ger only in the first run after prestraining. In the second and third run, the height of the peak is
approximately the same as in the as-prepared state, and the height is lower than in the first run.

The strain amplitude dependent component of the logarithmic decrement (Figure 25a)
indicates free dislocation loops in the material. IF peaks estimated in the second and third
heating and cooling runs are practically the same. Beside this original dislocation population,
the prestraining of the sample produced new dislocations which were practically completely
recovered during the heating course of measurements. Owing to small grain size the grain
boundaries were very probably the sources as well as sinks of the newly created dislocations.
As mentioned above, the dominant deformation mode in magnesium is the basal slip; glide of
<a> dislocations. The secondary conservative slip may be realised by motion of <a> dislocations
on prismatic and pyramidal planes of the first kind. Couret & Caillard (1984a,b) studied by
TEM prismatic glide in magnesium over a wide temperature range. They have reported that
the screw dislocations with the Burgers vector of 1 / 3 112̄0  are able to glide on prismatic planes
and their mobility is much lower than the mobility of edge dislocations. The deformation is
controlled by the thermally activated glide of those screw dislocation segments. A single
controlling mechanism has been identified as the Friedel-Escaig mechanism. This mechanism
assumes a dissociated dislocation on a compact plane (0001) that joints together along a critical
length Lr producing double kinks on non-compact plane. Dislocations in very small grains are
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pinned at the grain boundaries and this is the reason why this dislocation population is so
stable. On the other hand, the newly created dislocations during cold rolling are only slightly
pinned and they are recoverable during heating part of the measurement cycle.

4.2.2. High temperature peak

The high temperature peak was observed at a temperature of ≈ 345 °C (0.5Hz). The cold
prestraining of the sample did not affect the strength of the high temperature peak, as it can
be seen from Fig. 29b. Position and height of the peak are very stable during heating as well
as cooling. The activation energy was obtained from the frequency dependence of the peak
temperature (Arrhenius plot) to be 1.77±0.05 eV (see Figure 28).

The presence of the high temperature peak in magnesium has been reported by Kê (Kê, 1947).
He described this peak as being related to the grain boundary relaxation.

Grain boundaries in materials with the small grain size contain a dense network of overlapping
grain boundary dislocations. Grain boundary sliding is realized by the slip and climb (pro‐
viding a maintenance of vacancy sources and sinks) of the grain boundary dislocations. Since
both modes of the grain boundary dislocation motion must occur simultaneously, the slower
one will control the grain boundary sliding. The climb mode involves jog formation and grain
boundary diffusion and both modes of the grain boundary dislocation movement may be
affected by the interaction of the grain boundary dislocations with impurities segregated in
grain boundaries. According to Lakki et al. (1998) the activation energy for such process can
be expressed as ΔH = ΔHj + ΔHGB, where ΔHj and ΔHGB are the activation enthalpies for the jog
formation and the grain boundary diffusion, respectively. The activation enthalpy for grain
boundary diffusion in the coarse grained magnesium is 0.95 eV (Frost & Ashby, 1982).
Comparing with the estimated activation enthalpy value of 1.77 eV, the possible jog formation
energy should be approximately 0.8 eV, which seems to be a reasonable value. Taking into
consideration that the surface of grains was passivated during the milling by 1% of oxygen in
a protective argon atmosphere; therefore, MgO particles in the grain boundaries may influence
the grain boundary diffusion characteristics.
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pinned at the grain boundaries and this is the reason why this dislocation population is so
stable. On the other hand, the newly created dislocations during cold rolling are only slightly
pinned and they are recoverable during heating part of the measurement cycle.

4.2.2. High temperature peak

The high temperature peak was observed at a temperature of ≈ 345 °C (0.5Hz). The cold
prestraining of the sample did not affect the strength of the high temperature peak, as it can
be seen from Fig. 29b. Position and height of the peak are very stable during heating as well
as cooling. The activation energy was obtained from the frequency dependence of the peak
temperature (Arrhenius plot) to be 1.77±0.05 eV (see Figure 28).

The presence of the high temperature peak in magnesium has been reported by Kê (Kê, 1947).
He described this peak as being related to the grain boundary relaxation.

Grain boundaries in materials with the small grain size contain a dense network of overlapping
grain boundary dislocations. Grain boundary sliding is realized by the slip and climb (pro‐
viding a maintenance of vacancy sources and sinks) of the grain boundary dislocations. Since
both modes of the grain boundary dislocation motion must occur simultaneously, the slower
one will control the grain boundary sliding. The climb mode involves jog formation and grain
boundary diffusion and both modes of the grain boundary dislocation movement may be
affected by the interaction of the grain boundary dislocations with impurities segregated in
grain boundaries. According to Lakki et al. (1998) the activation energy for such process can
be expressed as ΔH = ΔHj + ΔHGB, where ΔHj and ΔHGB are the activation enthalpies for the jog
formation and the grain boundary diffusion, respectively. The activation enthalpy for grain
boundary diffusion in the coarse grained magnesium is 0.95 eV (Frost & Ashby, 1982).
Comparing with the estimated activation enthalpy value of 1.77 eV, the possible jog formation
energy should be approximately 0.8 eV, which seems to be a reasonable value. Taking into
consideration that the surface of grains was passivated during the milling by 1% of oxygen in
a protective argon atmosphere; therefore, MgO particles in the grain boundaries may influence
the grain boundary diffusion characteristics.
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1. Introduction

The modern development of technology makes it necessary to look for new design solutions
to improve efficiency and product quality, to minimize size and to increase the reliability and
dimensional stability under service conditions. The choice of material is always preceded by
an analysis of a number of factors including the requirements like: mechanical, physical and
chemical, design, environmental, cost related, availability and weight. The problem of a too
high mass verifies strongly the applicability of particular groups of materials. Therefore, over
the past few decades, occurs a significant increase in demand for materials with low density
and relatively high strength alloys such as titanium, aluminium and magnesium. In this group
of materials special attention is devoted to magnesium alloys, which in addition to low
densities have also other advantages, such as good damping capacity, the best among all
currently known structural materials, high dimensional stability, good fluidity, low shrinkage
of casts, a desirable combination of low density and high strength, and it can be used for
machine parts operating at temperatures up to 300°C as well as relatively ease recyclability.
The high damping capacity and relatively low weight allows to use magnesium alloys for
production of fast moving parts where sudden changes in speed occurs. However, magnesium
is an undisputed advantage especially its low density (1.7 g/cm3), which is about 35% less than
the density of aluminium (2.7 g/cm3) and more than four times lower than the density of steel
(7.86 g/cm3).

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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2. Investigation method

Investigations described in this chapter concerns first of all investigation of structure and
properties of the described engineering materials, in the state after heat and surface treatment,
including the selected group of magnesium alloys, aluminium alloys and steel, as well as
heuristic analysis using the methodology of integrated computer prediction, enabling the
demarcation of predicted development trends of the analysed groups of materials and
technologies of surface treatment and lead to the determination of their strategic development
in comparison with other groups of materials and surface engineering technologies. In the
initial planning stage of research scope in this investigations, in the context of choosing specific
research topics with a comprehensive range of academic disciplines or specialties an innova‐
tive analysis was used to select the technology that uses the complex dendro-chronological
evaluation matrix. Furthermore, in order to confirm the appropriateness of the proper selection
of the investigated substrate material like the described in this paper Mg-Al-Zn cast magne‐
sium alloys, there was performed an analysis using the dendrological selection matrix,
considering only three groups of most commonly used construction materials, namely steel,
aluminium and magnesium alloys.

In addition, the presented “hard” investigation results concerns the characteristics of syner‐
gistic effect of the surface heat treatment on the structure and properties of the cast of mag‐
nesium alloys, aluminium alloys and steel. Surface treatment of the analysed materials was
made using laser surface treatment methods, including, in particular, laser alloying and
feeding of hard ceramic particles in the surface of the material to allow formation of quasi-
MMCs composite structure (Metal Matrix Composites) on the surface. Laser surface feeding
and alloying was conducted by remelting of magnesium, aluminium alloys and steel surface
with hard carbide and oxide particles. The feeding and alloying materials were BN, Si3N4,
ZrO2, Al2O3, NbC, TaC, VC, WC, TiC, SiC powders. The powders was supplied by side injection
rate of 6±1 g/min. The laser feeding was performed by high power laser diode HPDL Rofin DL
020 using the argon shielding gas. Argon was used during laser remelting to prevent oxidation
of the coating and the substrate. The process parameters during the present investigation were:
laser power-1.2, 1.6, 2.0 kW, scan rate – 0.5-1.0 m/min.

The observations of the investigated materials have been made on the light microscope LEICA
MEF4A as well as on the scanning electron microscope (SEM) ZEISS SUPRA 35 and on the
JEOL JEM 3010 transmission electron microscope (TEM), at the accelerating voltage of 300 kV.

Hardness tests were made using Zwick ZHR 4150 TK hardness tester in the HRF scale.
Microhardness of the cross section of the laser surface remelted layer was measured on Fully-
Automatic Microhardness Testing System with a loading time of 15 s and the testing load of
100 g.
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3. Investigation results

3.1. First part – Heuristic analysis

In the first step of the heuristic material investigation there should be distinguished among all
the available constructional materials and technologies several homogeneous groups of
materials for the reason to undertake the planned experimental and comparative analysis. The
impact of external positive factors (opportunities) and negative factors (difficulties) on the
specific technologies analysed was evaluated using the metrological matrix of environment
influence. In consistency with the concept proposed, each of the technologies assessed by the
experts for their position against the macro-and microenvironment is placed in one of the
quarters of this matrix. A universal scale of relative states, being a single-pole positive scale
without zero, where 1 is a minimum value and 10 an extraordinarily high value, was used in
the research undertaken. The dendrological matrix of values allows in a relatively easy way
to visualize the results of the assessment of individual groups of materials and in a next steps
of processing technologies in terms of potential, which is the real objective value of the studied
area, the so-called hard values, tangible qualities as well as attractiveness, which reflects the
subjective perception of its potential users,the so-called soft properties. The potential of a given
group presented on the horizontal axis is the result of multi-criteria analysis carried out on the
basis of expertise and extensive knowledge of literature data, taking into account the appro‐
priate proportions of the potential: creativeness, application, quality, and technical develop‐
ment. The vertical axis shows the importance of the attractiveness of the group, which is
average mean value of expert and literature data evaluation in the field of research carried out
on the basis of specific criteria corresponding to the economic attractiveness, cultural, eco‐
nomic, scientific and systemic. The technologies analysed were first evaluated by key experts
for their attractiveness and potential and the result obtained was entered into one of the
quarters of dendrological matrix of technology value. The wide-stretching oak is the most
promising quarter guaranteeing the future success encompassing the technologies with a high
potential and attractiveness. The soaring cypress includes very attractive technologies with a
limited potential and rooted dwarf mountain pine symbolises technologies with a high
potential and limited attractiveness likely to ensure a strong position for the technology if an
adequate strategy is employed. The least promising technologies are entered in the quarter
called the quaking aspen with their success being either unlikely or impossible. The evaluation
of the technology value made has revealed that all the groups of technologies are characterised
by a high potential and attractiveness, thus classified to the most promising quarter called the
wide-stretching oak. (Fig. 1).

Investigations of processing technology of the used alloys were tightened to the area of surface
engineering only, because there exist a wide variety of available types of coatings and methods
for forming structure and properties of the surface layer of engineering materials, including
magnesium alloys. The investigations allow to determine precise and complete the way to
design preferably summarized core material properties as well as the surface layer of the
produced element.
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For determination of the value of each group of materials, and in the second step of their surface
treatment technology, there was applied the weighted scoring method for a comparative
assessment used for appropriate qualifications for the specific groups of materials and
technologies in the context of their mutual relationship. It should be noted that this technique
involves the application of the relativistic principle of evaluation criteria, namely the recog‐
nition of differences and existing rules between the different research areas, assumed a specific
set of criteria, acting as a selective filter evaluating positively or negatively the investigated
object. The weighted scoring method enables the use of multi-criteria evaluation of areas which
acts as the perfect model of synthetic evaluation of specific areas, using an interval scale.

Detailed criteria for evaluation of the attractiveness and potential of investigated areas-
concerning materials and technologies-investigated in this work are presented in Tables 1 and
3. The listed criteria assigned specific importance, used for following calculation of the
weighted values and their sum, which is the basis for comparative analysis, as shown in Tables
2 and 4. Then the multi-criteria results are visualized using a matrix of dendrological values
for the investigated area (Figs. 2 and 3). The analysis of preferences clearly indicates, that the
highest weighted evaluation, taking into account the criteria in each of the group of materials,
are determined for magnesium alloys, which meet a wide range of demands and expectations
of modern engineering materials imposed by the ever-changing environment, marked in Fig.
2 as M1 and coloured green. The investigations confirms also, that the aluminium alloys are
characterized by a high level of attractiveness.
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Figure 1. Dendrological matrix of technology value; approach presentation [by A.D. Dobrzańska-Danikiewicz]
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Figure 2. Dendrochronology matrix of values presenting the placement of evaluated groups of materials investigated
using computer integrated forecasting of the development

Figure 3. Dendrochronology matrix of values presenting the placement of evaluated groups of technologies investi‐
gated using computer integrated forecasting of the development
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No. Potential Importance

Criterion 1 Low specific gravity of the material 0,4

Criterion 2 Ability for vibration damping 0,1

Criterion 3 Good castability 0,1

Criterion 4 High mechanical properties and good weldability 0,2

Criterion 5 High corrosion resistance 0,2

No. Attractiveness Importance

Criterion 1 Availability of the half-finished product (raw material, chemical element) 0,4

Criterion 2 Recycling possibility 0,1

Criterion 3 Low production costs and the final price of the produced material 0,2

Criterion 4 Low level of complexity of the production technology 0,1

Criterion 5

The variety of technologies for semi-fabrication of the material and the wide

choice of processing technologies possible to implement (heat treatment, plastic

deformation, surface treatment)

0,2

Table 1. Particular criteria for evaluation of the potential and attractiveness of material groups using for material
engineering-heuristic investigations
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M1

Magnesium

alloys
4 0,8 0,8 0,6 0,2 6,4 4 0,9 1,2 0,4 1,6 8,1

M2

Aluminium

alloys
2,8 0,5 0,7 0,8 1,2 6 2,8 0,7 1,2 0,8 1,6 7,1

M3 Steels 1,6 0,4 0,5 1,8 1,8 6,1 2 0,4 1,6 0,8 1,6 6,4

Table 2. Multi-criterion analysis of the investigated materials groups using engineering-heuristic methods

The highest evaluation are replaced in the group of technologies (the quadrant of a large oak)

by laser technologies and PVD/CVD methods, indicated in Fig. 3 as green coloured T1, T2 and
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T3 points-selected as the most suitable surface treatment technologies for magnesium alloys,
far exceeding the other analysed coated methods. Other techniques were evaluated in the area
of the quadrant of trembling aspen or soaring cypress which may indicate, in the case of
technology in the area of a trembling aspen a slow displacement of these methods by newer
more environmentally friendly and versatile technology.

However, in case of technologies, which are placed in the area of soaring cypress there it is a
need for further research and investments enabling them to develop. The only exception to the
assumptions may be layering paint technologies that typically are located in the square of
rooted dwarf mountain pine, in relation to painting. This technology is unattractive, but widely
used due to its simple mechanism for layering and low application cost. However, according
to the established criteria concerning the potential and attractiveness for future application
specific to the substrate materials (magnesium alloy); the painting techniques are qualified for
the quarter trembling aspen. The selected technologies-T1, T2 and T3 were characterised in
detail in the following description.

No. Potential Importance

Criterion 1
The possibility to obtain complex coatings (complex, multi-layered, multi-phase,

gradient, composite, metastable, nanocrystalline)
0,3

Criterion 2 Large choice of coating material; wide range of deposited coatings properties 0,2

Criterion 3
The possibility to obtain hard surface layers with special protective properties

(corrosion resistant, wear resistant)
0,2

Criterion 4 Layers with good adhesion to the substrate 0,2

Criterion 5
The possibility to obtain in a single process step graded layers with defined chemical

composition and structure
0,1

No. Attractiveness Importance

Criterion 1
Environmental friendly deposition process (no harmful products of chemical

reactions and the need for their recycling)
0,2

Criterion 2
Possibility to produce coatings with properties impossible to obtain with other

methods
0,3

Criterion 3 Wide range of further development of the technology 0,2

Criterion 4 Possibility of full automation of the manufacturing process of coating 0,1

Criterion 5 Necessity for high precision of the deposition processes 0,2

Table 3. Detailed criteria for the assessment of the potential and attractiveness of the group of investigated material
science and heuristic technologies
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Cathodic Arc

Deposition
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T4 Thermal spraying 1,5 1 1,4 0,6 0,5 5 1,2 1,8 0,6 0,9 1,4 5,9

T5 Anodisation 0,6 0,2 1,2 1,2 0,3 3,5 1,2 1,5 0,2 0,4 1 4,3

T6 Galvanic technologies 0,9 1 1,2 1,4 0,2 4,7 0,4 0,9 0,2 0,9 0,4 2,8

T7 Laser ablation-PLD 1,5 1 1 1,4 0,5 5,4 1,6 1,2 1,2 0,6 1,2 5,8

T8 Painting coating 0,3 0,8 1 1,4 0,1 3,6 0,6 0,6 0,2 0,9 0,8 3,1

T9 Ion implantation 1,5 1 1 1,2 0,5 5,2 1,4 1,8 1,2 0,6 1 6

T10 Arc nitriding 0,6 0,4 1,2 1,2 0,3 3,7 0,8 1,8 0,6 0,8 0,8 4,8

T11 Hybrid technologies

(multiplex)
1,5 1 1,2 1,2 0,5 5,4 1 2,7 1,2 0,5 0,8 6,2

Table 4. The results of multi-criteria analysis of the investigated groups of technologies

3.2. Second part – Material engineering investigations

The developed technologies focusing on hybrid surface layers, so-called quasi-composite
MMCs structures (characterized by phase composition gradient, chemical composition and
functional gradient) in the process of laser alloying and/or feeding with ceramic particles into
the surface of the treated materials provide a complete and comprehensive solution for
modelling of engineering materials. Currently, the concept of functional lightweight materials
is a priority and the most investigated worldwide field of material science and engineering
concerning the production and processing of new developed engineering materials. Previous
studies about the effects of laser beam effect on various materials, including magnesium alloys
as well as tool steels, based on the authors own long-term investigation, summarizing the
experience of laser surface treatment reveal that, there are chemical composition and structure
changes which are different from those occurring during conventional heat treatment. This
causes, that the laser treated elements shows relatively high hardness (Fig. 4) and thermal
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fatigue (Fig. 5), especially for VC-alloyed steel surface (Figs. 6, 7 and 10, 11) compared to the
traditionally treated materials.

Figure 4. Hardness measurement results of the 32CrMoV12-28 steel alloyed with ceramic powders

Similar relationship can be found in case of Si3N4 powder alloying, with lower hardness and
surface roughness compared to the VC alloying variant (Figs. 8, 9 and 12, 13).

The performed investigations of the alloyed hot work tool steel 32CrMoV12-28 show a clear
effect of the applied ceramic powder used for alloying (Figs. 8, 9). It can be also clearly
recognised the influence of the used laser power in the range of 1.2; 1.6; 2.0 and 2.3 kW on the
shape and thickness as well as the particle distribution of the remelted material. It can be seen
that with the increasing laser power the distribution of the remelted metal in the steel substrate
increases. Microstructure presented on Figs. 8, 9 shows a dendritic structure in the remelted
area. There are also VC particles present distributed in the matrix confirmed by the transmis‐
sion electron microscope using the selected area diffraction pattern. There is also a clear
relationship between the employed laser power and the dendrite size, namely with increasing
laser power the dendrites are larger, this relationship is valid for the Si3N4 powder alloying.
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shape and thickness as well as the particle distribution of the remelted material. It can be seen
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increases. Microstructure presented on Figs. 8, 9 shows a dendritic structure in the remelted
area. There are also VC particles present distributed in the matrix confirmed by the transmis‐
sion electron microscope using the selected area diffraction pattern. There is also a clear
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laser power the dendrites are larger, this relationship is valid for the Si3N4 powder alloying.
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In general the hot work tool steel has a ferritic structure with homogeny distributed carbides
in the metal matrix in the annealed state. In areas, which are between the solid and molten
state dendritic structure with large dendrites can be found in case of Si3N4 powder (Fig. 14) or
a fine grained structure in case of VC alloying (Fig. 15). The EDS point wise chemical compo‐
sition analysis confirms the presence of carbide ceramic particles in the matrix in form of big
conglomerates. The required hardenability for this tool steel was achieving after a suitable
tempering time, which assures melting of the alloying carbides in the austenite. The structural
investigations carried out using the high power diode laser allows to compare the surface layer
as well as the shape and depth of the remelting area. It was noticed that the depth of remelting
area grows together with the increasing laser power (Fig. 16).

Figure 5. Influence of laser power and the type of alloyed surface layer of the 32CrMoV12-28 steel on mean crack
depth, maximal crack depth and crack density occurred during the thermal fatigue test

It was found, that in case of VC powder the difference of the remelted area thickness is several
times higher in case of 2.3 kW power compared to 1.2 kW laser power. Also for the same laser
power (2.3 kW) the surface layer thickness increases from 1.9 mm for WC powder to 2.2 mm
for TiC powder and to 2.3 mm in case of the VC powder (Fig. 16).

Light Metal Alloys Applications208

Figure 6. 32CrMoV12-28 steel alloyed with VC powder, laser power 1.2 kW

Figure 7. 32CrMoV12-28 steel alloyed with VC powder, laser power 2.3 kW

Figure 8. .32CrMoV12-28 steel alloyed with Si3N4 powder, laser power 1.2 kW
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Figure 9. 32CrMoV12-28 steel alloyed with Si3N4 powder, laser power 2.3 kW

Figure 10. 32CrMoV12-28 steel alloyed with VC powder, laser power 1.2 kW

Figure 11. 32CrMoV12-28 steel alloyed with VC powder, laser power 1.2 kW
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Figure 12. 32CrMoV12-28 steel alloyed with Si3N4 powder, laser power 1.2 kW

Figure 13. 32CrMoV12-28 steel alloyed with Si3N4 powder, laser power 2.3 kW

Figure 14. 32CrMoV12-28 steel alloyed with Si3N4 powder, laser power 1.2 kW
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Figure 15. 32CrMoV12-28 steel alloyed with VC powder, 1.2 kW

Figure 16. Influence of laser power on thickness of the remelted zone RZ, heat affected zone HAZ and the surface
layer 32CrMoV12-28 steel after laser alloyed.
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Figure 17. Thin foil structure of the 32CrMoV12-28 steel after VC alloying, laser power– 2,0 kW, a) bright field, b) dif‐
fraction pattern of the VC particle revealed in Fig. 17a, c) solution of the diffraction pattern from Fig. 17c

Similar relationships were found in case of magnesium alloys, where the used WC, VC, SiC,
Al2O3 and TiC powder particles are present in the laser treated magnesium surface. Effect of
laser feeding conditions, namely: laser power, feeding speed, type of the used ceramic powder
and the applied substrate on hardness and hardness increase of the surface layer of the cast
magnesium samples were investigated using the Rockwell hardness method. The measured
hardness of the surface was obtained in the range from 32.4 to 105.1 HRF (Fig. 18). As a result
of the performed investigations it was found, that the highest hardness increase was observed
in case of MCMgAl6Znl and MCMgAl3Znl magnesium cast alloys – as materials with low
concentration (<6%) of aluminium, which is mainly responsible for precipitation strengthening
of the studied, laser treated alloys, fed with ceramic particles.

Also in this case the surface layer is relatively rough, compared to the non-treated material
(Fig. 19, 20). After laser feeding, there was revealed-based on the performed metallographic
investigations which were carried out on light microscope-the presence of several zones in the
remelted surface layer of the cast magnesium alloys, with the thickness and the powder
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particles occurrence depending on the laser processing parameters and the used powder and
substrate type (Figs. 21, 22). Starting from the top zone of the surface layer there occurs one
zone rich in non-dissolved particles located on the surface of magnesium alloys, the second
zone is the remelting area zone (RZ), with the thickness and shape directly depending on the
applied laser power. Finally there occurs also the heat affected zone (HAZ) (Figs. 23, 24).

Figure 18. Hardness measurements results of cast Mg-Al-Zn magnesium alloys samples, after aging and laser feeding

Figure 19. Surface layer of the MCMgAl9Zn1 alloy after WC powder feeding, laser power 2.0 kW, laser scan rate 0.5
m/min

Light Metal Alloys Applications214

Figure 20. Surface layer of the MCMgAl3Zn1 alloy after SiC powder feeding, laser power 1.6 kW, laser scan rate 0.75
m/min

Figure 21. Surface layer of the MCMgAl3Zn1 alloy after WC powder feeding, laser power 1.6 kW, laser scan rate 0.75
m/min

Figure 22. Surface layer of the MCMgAl9Zn1 alloy after WC powder feeding, laser power 2.0 kW, laser scan rate 0.75
m/min
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Figure 23. Central zone of the surface layer of the MCMgAl6Zn1 alloy after Al2O3 powder alloying, laser power 2.0
kW, laser scan rate 0.50 m/min

Figure 24. Central zone of the surface layer of the MCMgAl6Zn1 alloy after SiC powder alloying, laser power 2.0 kW,
laser scan rate 0.50 m/min

These zones, depending on the used laser power and the applied ceramic powder are of
varying thickness and shape (Fig. 25). It is possible to obtain such an effect of significant
refinement of the grains only because of a fast heat transport from the remelting liquid metal
lake through magnesium substrate of high thermal capacity and very good thermal conduc‐
tivity, which results with the increase of grain boundaries amount representing a solid barrier
for the dislocations movement and therefore reinforcement of the material.

The structure of the solidified material after laser treatment is characterised, like mentioned
before, with a zone like structure with diversified morphology related to the crystallisation of
magnesium alloys, containing particle of the alloying powders (Figs. 26, 27), serving also like
dislocation barrier. Multiple change of crystal growth direction has been observed for these
areas. In the area located on the boundary between the solid and liquid phase, minor dendrites
occur with their main axes oriented along to the heat transport directions.

Light Metal Alloys Applications216

Figure 26. Structure of the MCMgAl6Zn1 magnesium cast alloy after laser feeding with WC powder, laser power 1.6
kW, a) bright field, b) dark field image from the [0-13] reflection c) diffraction pattern from the particle in Fig. a, d)
solution of the diffraction pattern from Fig. c

Figure 25. Influence of laser power on thickness of the remelted zone RZ, heat affected zone HAZ and the surface
layer of cast magnesium alloys after laser feeding
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The obtained results carried out by the team of authors concerning laser surface treatment of
aluminium alloys reveal, that the highest hardness occurs in case of ZrO2 powder alloying. In
the initial planning step of investigations, there were choose specific research topics, using the
innovative science-heuristic analysis for selection of the investigated material (substrate) like
the Al-Si-Cu alloys based on the hardness results (Fig. 28).

Microstructure investigations of the aluminium alloys fed with WC, SiC Al2O3 and ZrO2

ceramic powders (Figs. 29-38) were performed light microscopy. Like in the previous case also
here the roughness of the surface increases (Figs. 29, 30). It was also found out, that in case of
ZrO2 powder alloying (Fig. 33) there was obtained a layer film, whereas in case of WC (Fig.
34) there are present particles in the surface layer; in both cases there are no pores or cracks in
the produced coating or any defects and failures occurs in this layer. For the WC powder the
particles are partially present on the bottom of the remelted zone.

Figure 27. Structure of the MCMgAl6Zn1 magnesium cast alloy after laser feeding with WC powder, laser power 2.0
kW, a) bright field, b) diffraction pattern from the particle in Fig. a, c) solution of the diffraction pattern from Fig. b

Further investigations should revealed the exact morphology and nature of these sublayers
after alloying with different ceramic powders, carried out under different process parameters.
Moreover there can be recognised, that the obtained surface are characterised by a well formed
structure without any breaks or defects, they are uniformly horizontally deposited in the
substrate surface. Occasionally occurred discontinuities of the layer can be recognised as a

Light Metal Alloys Applications218

product of the heat transfer processes and may be neutralised by properly adjusted powder
quality and powder feed rate. However in some cases the surface can reveal a very irregular
shape (Fig. 35) with decomposition of the fed particles (Fig. 36). It was also found that the
examined layers consists of three subzones – the remelted zone, the heat influence zone with
a dendritic structure and the substrate material (Figs. 37, 38).

The thickens of the powder feed depth can be determined in the range up to 2.1 mm (Fig.
39) in case of the HAZ of WC powder fed with laser power of 1.5 kW for the AlSi9Cu4 alloy
and 1.9 mm for the AlSi9Cu alloy.

Figure 28. Hardness measurements results of cast Al-Si-Cu aluminium alloys samples, after aging and laser feeding

Figure 29. AlSi9Cu alloy Al2O3, laser power 2.0 kW, 1g/min, laser scan rate 0.5 m/min
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Figure 30. Surface layer of the AlSi9Cu alloyed with WC powder AlSi9Cu, laser power 1.5 kW, 1.5g/min, laser scan
rate 0.25 m/min

Figure 31. Cross-section of the AlSi9Cu alloy after Al2O3, powder feeding, laser power 2.0 kW, 1g/min, laser scan rate
0.5 m/min

Figure 32. Cross-section of the AlSi9Cu alloy, laser power 1.5 kW, 1.5g/min, laser scan rate 0.25 m/min
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Figure 33. Surface layer of the AlSi9Cu alloy after Al2O3 powder feeding, laser power 1.5 kW, 1g/min, laser scan rate
0.5 m/min

Figure 34. Surface layer of the AlSi9Cu alloy after WC powder feeding, laser power 2.0 kW, 1.5g/min, laser scan rate
0.25 m/min
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Figure 33. Surface layer of the AlSi9Cu alloy after Al2O3 powder feeding, laser power 1.5 kW, 1g/min, laser scan rate
0.5 m/min

Figure 34. Surface layer of the AlSi9Cu alloy after WC powder feeding, laser power 2.0 kW, 1.5g/min, laser scan rate
0.25 m/min
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Figure 35. Surface layer of the AlSi9Cu alloy after WC powder feeding, laser power 2.0 kW, 8.0 g/min, laser scan rate
0.25 m/min

Figure 36. Surface layer of the AlSi9Cu alloy after WC powder feeding, laser power 1.5 kW, 1.5 g/min, laser scan rate
0.25 m/min

Light Metal Alloys Applications222

Figure 37. Structure of the surface layer of the AlSi9Cu4 alloy, fed with SiC powder, laser power 2.0 kW, 1.5 g/min,
laser scan rate 0.25 m/min

Figure 38. Transition zone between the surface layer and AlSi9Cu4 alloy substrate, fed with SiC powder, laser power
2.0 kW, 1.5 g/min, laser scan rate 0.25 m/min
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Figure 39. Influence of laser power on thickness of the remelted zone RZ, heat affected zone HAZ and the surface
layer of cast aluminium alloys after laser feeding

4. Investigation results

The investigation results presented in this work reveals the positive impact of laser surface
treatment on the microstructure quality and proprieties of the investigated steel as well as cast
magnesium and aluminium alloys and promise further improvement in the mechanical and
functional properties of the tested material, especially hardness. Laser remelting, alloying and
feeding with vanadium and tungsten carbide and silicon nitride as well as aluminium oxide
powders influences the refining of the structure within the entire range of laser power and the
different grain size in specific zones of the investigated alloys surface layer. Considering the
three groups of materials subjected to an expert evaluation using a dendrological matrix being
inherent part of materials surface engineering development prediction methods, magnesium
casting alloys has achieved the best position.

Concluding the following finding can be point out:

• the carried out heuristic investigations point out a very good current strategic position of
the technology for the laser surface treatment of cast magnesium alloys and its possible
extensive development.
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The metallographic examinations carried out give grounds to state that the ceramic powder
alloying or feeding process will be carried out successfully in case of the aluminium alloy
substrate, the powder particles will be distributed uniformly in the investigated surface layer,
and that the particular layers is without cracks and failures and tightly adhere to the cast
aluminium material matrix. In this part of research following conclusion can be made:

• the laser surface treatment process gives satisfied results and allows to obtain high quality
surface in most cases of the applied ceramic powders,

• the surface layer are without cracks and of a maximal thickness in the range of 2 mm,

• the surface layers consists of three zones: the remelting zone the heat influence zone and
substrate material as well as sometime of an additional intermediate zone.

Steel, aluminium and magnesium are the most commonly used constructional materials after
laser surface treatment, moreover there are suitable in applications as components in the
automotive industry. The expected range of applications for cast magnesium alloys Mg-Al-Zn
surface treatment using the high performance diode laser can be interesting especially for the
automotive industry, where small product weight is required, good strength properties of
components and ability to repair finished parts.
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Chapter 10

The Influence of Alloy Element on Magnesium for
Electronic Devices Applications – A Review

Waldemar Alfredo Monteiro

Additional information is available at the end of the chapter

http://dx.doi.org/10.5772/58460

1. Introduction

This chapter presents a concise feature on past, present and the fast emerging future trends of
the effective use of magnesium alloys in electronic industries. Magnesium’s furthermost
potential places on all types of handheld electronic devices, from mobile phones to MP3
players, cameras to smartphones, especially with the emission and interference suppression
requirements of electronic devices. A lot of effort has been made to understand some properties
required in electronic behavior of magnesium alloys and to have a look on their potential for
further use.

To understanding some fundamental mechanism involved in any metallic material processing
it is important, for example do not stop thinking about the atomic structure, chemical bonding
energy and also electron distribution of the element magnesium (Table 1).

Element Atomic number Electron configuration

Magnesium 12 1s22s22p63s2

Table 1. Electron configurations of Magnesium

The accurate knowledge of electron configuration is particularly related with elastic properties
of phases in magnesium alloy (elastic constants, the bulk moduli, shear moduli, Young's
moduli and Poisson's ratio). Many of these phases are ductile. Revision involving the states
density (DOS), the number of occupied orbitals (Mulliken electron occupation number) and
charge density difference support the understanding of the mechanism of structural stability
and mechanical properties [1].

© 2014 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons
Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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Magnesium is the lightest of all metals used as the basis for structural alloys. The requirement
to reduce the weight of automobile components as a result in part of the introduction of
legislation limiting emission has triggered renewed interest in magnesium. A wider use of
magnesium base alloys necessitates several parallel programs. These can be classified as alloy
development, process development, improvement and design considerations [2].

Magnesium alloys are employed as a replacement for plastics when require adequate thermal
conductivity properties. This makes magnesium alloys a better choice in electronic appliances
to dissipate heat generated by electronic circuits. These alloys are utilized within TVs, LCDs
and PC casings. There are many other better magnesium alloy properties. Magnesium alloys
are less resistant to cutting, which makes them easier for rapid machining. The Mg alloys are
superior at electromagnetic interference (EMI) shielding and often used in casings for mobile
phones. Magnesium alloys are easily recyclable, ductile and can absorb vibration well.
Magnesium alloys also have excellent resistance to corrosion. The alloys resist dents and are
less likely to give dents to other metals [3-5].

Magnesium is the perfect material for applications where weight saving is a precedence, as it
has the lowest density of all structural metals. Almost as light in weight as plastic, magnesium
has the advantage of greater strength and rigidity, along with inherent EMI shielding and full
recyclability. The magnesium benefits are: the lightest of all structural metals; excellent
stiffness & strength-to-weight ratio; exceptional EMI shielding properties; high electrical and
thermal conductivity; withstands high operating temperatures; cost effective versus many
engineered thermoplastic materials; high dimensional accuracy and stability; exceptional thin-
wall capability; good environmental corrosion resistance; good finishing characteristics; fully
recyclable, all of these, ideal for electronic devices [6-8].

2. Elements in magnesium

There are several magnesium compositions which are currently being explored. Some of the
alloys are at more developed research stages than others, and each alloy has been tailored for
specific applications as previously mentioned. Pure magnesium has been used, as well as other
elements including Zn, Mn, Al, Ca, Li, Zr, Y, and rare earth metals (RE). These within the Mg
matrix create different mechanical and physical properties. If the alloying element can
accomplish the metallurgical principle of developing solid solution, then solid solution
strengthening can be achieved (Table 2).

Solid Solutions are generally stronger than pure metals due to the enhanced crystal structure
and the introduction of crystalline defects (for example, dislocations) inside the matrix, but
generally, with lower electric conductivity compared to the pure metal. This process is known
as solid-solution strengthening. The formation of inter-matrix phases improves the strength
of the alloy and is referred to as dispersion strengthening. This is the common practice when
forming an alloy. Typically, one metal will have larger atoms relative to other constituents
within the material and form a ductile phase (matrix) that consists of the major volume for the
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alloy. The second metal added to the alloy consists of smaller atoms that are usually both
stronger and harder relative to the mechanical properties [10 – 15].

When two metals are mixed together to obtaining an alloy, the resulting material is dispersion
strengthened (exist grain boundaries between two or more phases). When dispersion strength‐
ening occurs, micro-scaled precipitates usually form within the grain boundaries, which
further strengthen the material as the precipitates prevent slipping of the dislocations or other
crystal defects within the grain or phase. Such action induced by heat treatment within the
manufacturing process is referred to as precipitation hardening [10 – 15].

Refined magnesium almost always has trace amounts of other impurity elements. These
impurities result from the natural composition of magnesium found within the earth, as well
as the casting and refining processes used. The degree of impurities after the refining process

Alloy

description
Alloying additions Basic Uses Properties and applications

AZ91
9.0%Al, 0.7%Zn,

0.2%Mn
General casting alloy

Good castability, good mechanical properties at

T<150 0C

AZ31
3.0%Al, 1.0%Zn,

0.13%Mn

Wrought magnesium

products
Good extrusion alloy

AM60 6.0%Al, 0.15%Mn
High pressure die-casting

alloy

Better toughness and ductility than AZ91.

Automotive structural applications

AM50 Mg-Al system General casting alloy
Good strength, ductility, energy absorption

properties and castability

AM20 Mg-Al system Casting alloy High ductility, toughness, poor die-castability

AE42
Mg-4at%Al-2at

%rare earths
General casting alloy Low castability, good creep behavior

AE44
Mg-Al-rare earth

(RE) system
General casting alloy Better creep behavior and castability than AE42

ZE41
4.2%Zn, 1.2%RE,

0.7%Zr
Casting alloy

RE addition improves creep strength at superior

temperatures. Pressure tight.

AS21 Mg-Al-Si system Casting alloy For use at temperatures in excess of 1200C

AS41 4.2%Al, 1.0%Si General casting alloy
Better creep resistance than AZ91 at elevated

temperatures, lower strength

AJ62 Mg-Al-Sr system
High pressure die-casting

(HPDC)

Superior castability, corrosion resistance and

creep behavior; good thermal and mechanical

strength

MRI 153M Mg-Al-Ca-Sr system Casting alloy For high temperatures applications up to 150 0C

MRI230D Mg-Al-Ca-Sr system Casting alloy For high temperatures applications up to 190 0C

Table 2. Commercial magnesium alloys and their applications [9]
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alloy. The second metal added to the alloy consists of smaller atoms that are usually both
stronger and harder relative to the mechanical properties [10 – 15].

When two metals are mixed together to obtaining an alloy, the resulting material is dispersion
strengthened (exist grain boundaries between two or more phases). When dispersion strength‐
ening occurs, micro-scaled precipitates usually form within the grain boundaries, which
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Refined magnesium almost always has trace amounts of other impurity elements. These
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Alloy

description
Alloying additions Basic Uses Properties and applications

AZ91
9.0%Al, 0.7%Zn,

0.2%Mn
General casting alloy

Good castability, good mechanical properties at

T<150 0C

AZ31
3.0%Al, 1.0%Zn,

0.13%Mn

Wrought magnesium

products
Good extrusion alloy

AM60 6.0%Al, 0.15%Mn
High pressure die-casting

alloy

Better toughness and ductility than AZ91.

Automotive structural applications

AM50 Mg-Al system General casting alloy
Good strength, ductility, energy absorption

properties and castability

AM20 Mg-Al system Casting alloy High ductility, toughness, poor die-castability

AE42
Mg-4at%Al-2at

%rare earths
General casting alloy Low castability, good creep behavior

AE44
Mg-Al-rare earth

(RE) system
General casting alloy Better creep behavior and castability than AE42

ZE41
4.2%Zn, 1.2%RE,

0.7%Zr
Casting alloy

RE addition improves creep strength at superior

temperatures. Pressure tight.

AS21 Mg-Al-Si system Casting alloy For use at temperatures in excess of 1200C

AS41 4.2%Al, 1.0%Si General casting alloy
Better creep resistance than AZ91 at elevated

temperatures, lower strength

AJ62 Mg-Al-Sr system
High pressure die-casting

(HPDC)

Superior castability, corrosion resistance and

creep behavior; good thermal and mechanical

strength

MRI 153M Mg-Al-Ca-Sr system Casting alloy For high temperatures applications up to 150 0C

MRI230D Mg-Al-Ca-Sr system Casting alloy For high temperatures applications up to 190 0C

Table 2. Commercial magnesium alloys and their applications [9]
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is dependent upon the efficiency of the refining process itself. Elements currently found within
the magnesium include copper (Cu), beryllium (Be), nickel (Ni), and iron (Fe). Standards for
characteristic element inclusion in Magnesium are: 4 ppm Be, 100–300 ppm Cu, 35–50 ppm Fe,
and 20–50 ppm Ni (weight percent). Other elements may be existent and are referred to as
general alloying elements. Always the amount of these impurities should be controlled for any
application, especially if pure magnesium is desired [13, 15 – 19].

Magnesium-zirconium-aluminum alloys are utilized in relatively low volume applications
where they are processed by sand or lost-wax casting, or wrought products by extrusion or
forging. The Mg-Al-Zn group of alloys is the most common alloying elements for room
temperature applications. Cerium and zirconium (without aluminium) are used for elevated
temperatures and form the Mg-Zn-Zr group (Table 2). Cerium is added to improve strength
at the temperatures of 260°C to 370°C. Aluminium is the most effective ingredient in improving
results. As little as 2% to 10% aluminium with minor additions of zinc and manganese increases
strength and hardness, at the expense of less ductility, without harming weldability and
making the alloy receptive to heat treatment [9].

This low density of magnesium and alloys has stimulated the use in helicopter parts, auto parts
and portable electronic appliance parts. Magnesium alloys are utilized in many engineering
applications where having light weight is a significant advantage. Magnesium alloys have
always been attractive to designers due to their low density, only two thirds that of aluminum.
This has been a major factor in the widespread use of magnesium alloy castings and wrought
products [20-22].

A further requirement in recent years due to superior corrosion performance and dramatic
improvements have been demonstrated for new magnesium alloys. Ultra-light magnesium
alloys with excellent specific properties potentially met the present demands for lighter and
reliable construction. There is a fast emerging trend towards using the lightweight materials
and structures principally for electronic devices. The second principal magnesium application
field are in electronic devices; see as example in Table 3 for electronic rain sensor housing.

Magnesium Alloy AZ91D AM60Bt

Alloy Element (%)

Aluminum 8.3-9.7 5.5-6.5

Manganese 0.15-0.5 0.24-0.6

Zinc 0.35-1.0 0.22 (max)

Silicon (max) 0.1 0.1

Copper (max) 0.03 0.01

Nickel (max) 0.002 0.002

Iron (max) 0.005 0.005

Other Metallic (max) 0.02 0.02

Magnesium remainder Remainder

Table 3. Magnesium Alloys for Electronic Rain Sensor Housing

Light Metal Alloys Applications232

The AZ91D is a high-purity alloy which has excellent corrosion resistance. As mentioned
before, due to low weight, good mechanical and electrical properties, magnesium is widely
used for manufacturing of mobile phones, laptop computers, cameras, and other electronic
components. Since its too low mechanical strength, pure magnesium must be alloyed with
other elements, which confer improved properties. The tendency has been for an increase in
the use of magnesium die castings and examples are computer housings and mobile telephone
cases where lightness, suitability for thin wall casting and the characteristic of electromagnetic
shielding are particular advantages [10, 12, 15, 16].

Magnesium alloys containing more than 1.5% Al are susceptible to stress corrosion and must
be stress relieved after welding. Iron, copper and nickel are considered impurities to be limited
because they degrade the corrosion resistance of magnesium alloys. Zinc combined with
aluminium overcomes detrimental corrosive effects of iron and nickel impurities that may be
present in magnesium alloys. The higher the Zn content (over 1%) the higher the hot shortness,
causing weld cracking. Manganese improves yield strength and the saltwater resistance of
magnesium alloys [10, 12, 15, 16].

Particularly for electronic devices there is alertness due to the some disadvantages of Mg alloys:
high reactivity in the molten state, galvanic corrosion resistance, fire hazard, inferior fatigue
and creep. The design of the Mg alloy parts is important for adequate drainage, to prevent the
accumulation of corrosive substances, such as water/moisture. Iron, nickel and copper reduce
the corrosion resistance of Mg alloys. Thus, during the processing of hot/molten Mg alloys,
the metal must be shielded by inert gas or flux to overcome fire risk. In machining process of
Mg alloys, the fire hazard/risk can be eliminated by avoiding fine cuts, dull tools, and high
speeds, using proper tool design to avoid heat buildup, avoiding the accumulation of chips
and dust on machines and cloths, and using coolants [10, 12, 15, 16].

Substantial research is still needed on magnesium processing, alloy development, joining,
surface treatment, corrosion resistance and mechanical properties improvement to achieve
future goals in all requests areas and actually, the amount of greenhouse gases [17]. Production
and application technologies must be cost effective for magnesium alloys to make magnesium
alloys an economically viable alternative for the automotive industry. For example the
automobile contained around 20 kg of magnesium in powertrain and during its peak produc‐
tion consumption of magnesium reached 42,000 ton per year [6].

The global magnesium consumption is projected to rise in 2015 more than 1.3 Mt. Its single
largest use, die-cast alloys for the automotive industry, is expected to show the fastest rate of
about 10%p.a., underpinned largely by Chinese vehicle production. The use of magnesium
cast alloys in computers, communications and consumer electronics, principally for injection
molded housings, and uses for the desulphurization of steel, is also expected to grow strongly
[23].

The major step for improving the corrosion resistance of magnesium alloys was the introduc‐
tion of high purity alloys. Alloying can further improve the general corrosion behavior, but it
does not change galvanic corrosion problems if magnesium is in contact with another metal
and an electrolyte. The galvanic corrosion problem can only be solved by proper coating
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improvements have been demonstrated for new magnesium alloys. Ultra-light magnesium
alloys with excellent specific properties potentially met the present demands for lighter and
reliable construction. There is a fast emerging trend towards using the lightweight materials
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cases where lightness, suitability for thin wall casting and the characteristic of electromagnetic
shielding are particular advantages [10, 12, 15, 16].

Magnesium alloys containing more than 1.5% Al are susceptible to stress corrosion and must
be stress relieved after welding. Iron, copper and nickel are considered impurities to be limited
because they degrade the corrosion resistance of magnesium alloys. Zinc combined with
aluminium overcomes detrimental corrosive effects of iron and nickel impurities that may be
present in magnesium alloys. The higher the Zn content (over 1%) the higher the hot shortness,
causing weld cracking. Manganese improves yield strength and the saltwater resistance of
magnesium alloys [10, 12, 15, 16].

Particularly for electronic devices there is alertness due to the some disadvantages of Mg alloys:
high reactivity in the molten state, galvanic corrosion resistance, fire hazard, inferior fatigue
and creep. The design of the Mg alloy parts is important for adequate drainage, to prevent the
accumulation of corrosive substances, such as water/moisture. Iron, nickel and copper reduce
the corrosion resistance of Mg alloys. Thus, during the processing of hot/molten Mg alloys,
the metal must be shielded by inert gas or flux to overcome fire risk. In machining process of
Mg alloys, the fire hazard/risk can be eliminated by avoiding fine cuts, dull tools, and high
speeds, using proper tool design to avoid heat buildup, avoiding the accumulation of chips
and dust on machines and cloths, and using coolants [10, 12, 15, 16].

Substantial research is still needed on magnesium processing, alloy development, joining,
surface treatment, corrosion resistance and mechanical properties improvement to achieve
future goals in all requests areas and actually, the amount of greenhouse gases [17]. Production
and application technologies must be cost effective for magnesium alloys to make magnesium
alloys an economically viable alternative for the automotive industry. For example the
automobile contained around 20 kg of magnesium in powertrain and during its peak produc‐
tion consumption of magnesium reached 42,000 ton per year [6].

The global magnesium consumption is projected to rise in 2015 more than 1.3 Mt. Its single
largest use, die-cast alloys for the automotive industry, is expected to show the fastest rate of
about 10%p.a., underpinned largely by Chinese vehicle production. The use of magnesium
cast alloys in computers, communications and consumer electronics, principally for injection
molded housings, and uses for the desulphurization of steel, is also expected to grow strongly
[23].

The major step for improving the corrosion resistance of magnesium alloys was the introduc‐
tion of high purity alloys. Alloying can further improve the general corrosion behavior, but it
does not change galvanic corrosion problems if magnesium is in contact with another metal
and an electrolyte. The galvanic corrosion problem can only be solved by proper coating
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systems. Different coating methods are used to increase the corrosion resistance of magnesium
alloys. Problems with contact corrosion can be minimized, on the one hand, by useful measures
and, on the other hand, by an appropriate choice of material couple or the use of protective
coatings. Aluminum coating is also used for magnesium alloys using aluminum vapor
deposition and finish treatment by resin coating. The Al coating provides high corrosion
resistance for magnesium alloys with various metallic sheens [7, 13, 15, 16].

3. The background for improvement — Electronic applications

Lightweight, strong and durable, magnesium alloy parts are expanding their sphere of
influence into professional grade high-end appliance and electronics products. Manufacturers
who are looking for ways to improve quality and reliability are fine tuning product capabilities
by adding the precision and versatility of magnesium components. Magnesium is chosen for
top of-the-line products that offer superior staying power, and rugged structural and me‐
chanical properties that are unmatched by other materials. Magnesium’s inherent ability to
shield internal technology from electromagnetic interference and radio frequency interference
(EMI/RFI) make it the ideal light metal for housing electronics.

Stand mixer has long been considered the industry standard in countertop kitchen appliances
that chefs, cooks and bakers everywhere count on to mix and blend their favorite recipes. The
mixer’s direct drive transmission with all-metal construction is housed in magnesium. Every
part of the stand mixer, from its magnesium housed transmission, to its professional-level
motor, to its spiral dough hook is equipped for high performance. Product engineers,(for
example, from KitchenAid, Greenville, Ohio, USA), selected magnesium for the stand mixer’s
transmission housing because the magnesium housing withstands higher temperatures and
may be molded without any secondary operations, without machining for the bearing pockets
and locator pins. The mixer’s designers also cite magnesium as a very stable material that offers
excellent part-to-part repeatability. A major benefit for the heavy-duty stand mixer is that the
magnesium transmission housing may be subjected to higher loads and temperatures than the
previously used thermostat plastic.

For this type of equipment, in a high-load and high-temperature application, magnesium was
chosen over cast aluminum because of its ability to be molded, since cast aluminum or cast
zinc would require secondary machining.

Studies have shown that one of the most important factors in determining corrosion of a
magnesium implant is dependent on the purity of the material. It has been well noted that Fe,
Ni, and Cu are three critical corrosion elements, which when present within magnesium
significantly increase the rate of corrosion. These metals are harmful because of their low solid-
solubility limits and because they serve as active cathodic sites within the material itself.
Cathodic sites are regions within the material where reduction reactions occur. These regions
are essential to the formation of a corrosion cell, and are generally involved with absorbing
electrons produced from oxidizing materials (anodic site). At cathodic sites, nearly no material
serving as the cathode is lost [13, 15, 16].
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The solid-solubility limit of a material is the extent to which an alloying element will dissolve
in base materials without forming a different phase. Generally, the higher the solid solubility
limit the more likely the alloying element can homogenously disperse within a material.
Whereas, low solid-solubility limits will more readily form separate phases within the
material. For example, an alloy of Mg-Cu would more likely be separated into two different
phases, a copper phase and a magnesium phase. This can be seen in classical cases of pitting
corrosion formation.

Magnesium materials exposed to atmospheric conditions will develop a thin gray layer on its
surface, which is partially protective. Ions in general are considered to be corrosive if they have
the ability to breakdown the protective layer on the surface of magnesium, such as chlorides
and oxidizing salts. Passivating elements like chromates, vanadates, and phosphates have been
used to retard corrosion because of their ability to form a passive surface film [10-13]

Magnesium is a metal that readily corrodes in the presence of water. Atmospheric conditions
contain certain levels of water content in the form of humidity, and the corrosion of magnesium
alloys increases with relative humidity. The corrosion of magnesium increases significantly
when exposed to pure water. This is especially true to evaluate the corrosion behavior of
implantable medical devices manufactured from magnesium based materials. There are
several different types of alloying elements used in magnesium based materials in an attempt
to control their corrosion properties and feasibility for biomaterial implant. Elements like Mn,
Cu, Al, Ca, Zr, Gd, and Zn have all been explored [11-14].

Magnesium alloy AZ91D is used, for example, by Phillips Magnesium Injection Molding, Eau
Claire, Wisconsin, to form 15 different parts (power input mount housing; manifold cover;
docking station battery door; RAM access, CMOS, PCMCIA, DVD, computer battery and hard
drive doors; bezel for display screen frame and cover for back of display screen; the computer
chassis and cover; and the docking station chassis and cover) used in the maintenance support
device laptop, made by VT Miltope, Hope Hull, Alabama, has high-performance computing.

Magnesium’s advantages include high strength, stiffness, durability, and superior impact
resistance, making the laptop parts 20 times stronger than typical thermoplastics. The mag‐
nesium alloy housings and enclosures provide effective EMI shielding without using fillers,
with an applied conversion coating. Magnesium’s EMI shielding ability is critical during
military field operations, since the magnesium parts protect the laptop from radiated and
conducted emissions, electromagnetic pulses and radiation hazards, withstanding extreme
temperatures, solar radiation, shock, transportation vibration, altitude, rain, humidity, sand,
dust, and salt fog [24-26].

Some especial consumer camcorder is housed in a magnesium alloy frame, making the hand-
held unit much lighter and easier to hold. The magnesium frame enclosure houses a host of
high-tech electronics, and includes features such as a backlit 3D button enabling easy switch‐
ing from 2D to 3D mode, 5 times optical zoom, the ability to access the battery port and SD card
slot while mounted on a tripod, and sports a mottled finish for an easier grip and high-end look.

Another good example is a professional video camera – magnesium and aluminum co-star as
die-cast precision components for the out-of-studio camera’s base, chassis, outer panels and
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internal sub-assemblies. The electronic engineers required lightweight, high-strength compo‐
nents to protect the advanced CCD image sensors, digital video processing and digital control
systems inside. Magnesium industries was chosen these demands by die casting the portable
video camera’s housing components using magnesium AZ91D and aluminum 380 alloys for
the camera’s chassis, base, case panels and related parts [25-26].

Magnesium castings form the front-end chassis, frame, handle, and right and left cover panels
and base, while aluminum takes the back-end role of left, right and top cover panels and back
frame. An ingenious internal magnesium/front and aluminum/rear stop block system enables
a miniature camera to slide into and out of the main video camera’s shell, allowing versatile
options for televising in-studio or remotely.

The Integrated Imaging Capsule allows the virtual plug-in mini-camera to nest inside the
studio camera head or the portable camera head, delivering equally precise advanced imaging
from each camera version. The die-cast rigid magnesium chassis and case panels provide the
internal electronics with built-in EMI/RFI shielding. Inside, the chassis is center-gated, with
walls cast to 1.016 mm. Outside panels are cast to net shape and some parts receive secondary
machining, including: CNC hole drilling and tapping; minimum vibratory noise; hand
cleaning; coating; final powder coat or wet paint [25-26].

Since the 90 years the electronics industries try to obtain a new type of clean magnesium alloy
known as eco-magnesium alloy [27-28]. Finally in 2012, one of these real advances was
developed for LG by the Korea Institute of Industrial Technology (KITECH) with funding from
the Korean government, for parts being produced for all of its mobile phones.

In special LG trusts on magnesium parts for its mobile phones due to its lightness and hardness,
but sought out a way to mass-produce the magnesium parts using an environmentally
responsible method. The die casting process used to produce Eco-Magnesium components
virtually eliminates use of damaging sulfur-hexafluoride (SF6) cover gases. As a result, LG
plans a reduction in greenhouse gas emissions by a factor of approximately 24,000 during the
die casting process without affecting product quality [29, 30].

Technical texts of LG indicate that is considering the use of Eco-Magnesium as soon as possible
to other portable devices, such as laptops and tablets. The potential environmental benefits for
expanding Eco-Magnesium use to additional electronic devices are substantial, given the
company’s projections for massive reductions in greenhouse gas emissions from their mobile
phone production alone. Globally, manufacturers in key industries are seeking environmen‐
tally sound ways to produce and form magnesium alloys. Magnesium’s spectrum of sustain‐
able product possibilities is expected to broaden and grow, as new forming and processing
technologies enable the use of magnesium parts in a host of new high-performance products
[29, 30].

Within the last fifteen years several heavy magnesium parts have been assembled in passenger
cars, such as gearbox housings and crankcases. Reasons are the new heat resistant alloys and
the growing duty of automotive constructors to reduce the vehicles weight and in that way
CO2 emission (regulation). The rising quantity of magnesium in automobiles will result in an
increasing amount of post-consumer scrap. So far magnesium recycling for magnesium alloy
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production is done only for clean scrap. Clean in this regard means “free from impurities”,
contaminations and sorted according to a chemical composition or a single phase alloy [25-28].

For automotive post-consumer scrap the materials quality strongly depends on the way end-
of-life vehicles are treated. Up to date automotive manufacturers have no uniform recycling
system for end-of-life vehicles. By proper dismantling of old cars, the bigger magnesium
components could be collected and possibly treated similar to class 1 scrap.

So far the biggest part of old cars has been shredded and it is probable that this practice will
be continued for reasons of economy. The magnesium fraction can be segregated from the non-
magnetic shredder fraction via sink float separation and eddy current separation. A further
separation according to chemical composition is claimed to be feasible. Still another problem
is unsolved. Due to coatings on magnesium components or aluminium alloy contaminations
it is expected that magnesium post-consumer scrap will be enriched with Cu, Fe and Ni during
remelting [30].

Eco-conscious design innovations require materials that support and facilitate optimal energy
efficiency and longer product life cycles. Magnesium alloys achieve this while being fully
reusable and recyclable. From Light Emitting Diode (LED) lighting to lighter vehicles that
reduce an engine’s load, to housing longer-life batteries in computers and electric personal
transport, magnesium is turning into the designer’s most versatile material choice to improve
product functionality and develop user mobility with greater energy efficiency and environ‐
mental benefits.

A light-emitting diode (LED) is a two-lead semiconductor light source that resembles a basic
pn-junction diode, except that an LED also emits light. When a LED's anode lead has a voltage
that is more positive than its cathode lead by at least the LED's forward voltage drop, current
flows and electrons are able to recombine with holes within the device, releasing energy in the
form of photons. This effect is called electroluminescence, and the color of the light (corre‐
sponding to the energy of the photon) is determined by the energy band gap of the semicon‐
ductor [31, 32].

The light’s entire housing is constructed of magnesium alloy AZ91D by AltusLumen, Hong
Kong, China [31, 32]. The portable LED is a convenient rechargeable lithium-ion battery light
with intelligent power management, featuring a three-dimensional hinge that adjusts to any
lighting angle. The ultra-bright and efficient runs for several hours on a single charge, and may
be charged by solar panel with an optional solar charger because magnesium conducts heat
generated by the LED light away from the LED bulb, extending its usable life.

In addition, only magnesium provides the strength required to produce the unique feature of
a three-dimensional swivel hinge. The LED light component is screwed into the magnesium
housing, with upper and lower housings joined by a metal pin, force fitting upper and lower
housings together. The magnesium housing is cast via injection. After parts are injected, CNC
machining removes extra material. Holes are then drilled into the housing for mounting and
the magnesium is powder coat painted. The pocket-size portable light follows the company’s
guiding sustainability principles that include energy efficiency, using renewable energy, and
choosing materials that are recycled and recyclable (AZ91D).

The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review
http://dx.doi.org/10.5772/58460

237



internal sub-assemblies. The electronic engineers required lightweight, high-strength compo‐
nents to protect the advanced CCD image sensors, digital video processing and digital control
systems inside. Magnesium industries was chosen these demands by die casting the portable
video camera’s housing components using magnesium AZ91D and aluminum 380 alloys for
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pn-junction diode, except that an LED also emits light. When a LED's anode lead has a voltage
that is more positive than its cathode lead by at least the LED's forward voltage drop, current
flows and electrons are able to recombine with holes within the device, releasing energy in the
form of photons. This effect is called electroluminescence, and the color of the light (corre‐
sponding to the energy of the photon) is determined by the energy band gap of the semicon‐
ductor [31, 32].

The light’s entire housing is constructed of magnesium alloy AZ91D by AltusLumen, Hong
Kong, China [31, 32]. The portable LED is a convenient rechargeable lithium-ion battery light
with intelligent power management, featuring a three-dimensional hinge that adjusts to any
lighting angle. The ultra-bright and efficient runs for several hours on a single charge, and may
be charged by solar panel with an optional solar charger because magnesium conducts heat
generated by the LED light away from the LED bulb, extending its usable life.

In addition, only magnesium provides the strength required to produce the unique feature of
a three-dimensional swivel hinge. The LED light component is screwed into the magnesium
housing, with upper and lower housings joined by a metal pin, force fitting upper and lower
housings together. The magnesium housing is cast via injection. After parts are injected, CNC
machining removes extra material. Holes are then drilled into the housing for mounting and
the magnesium is powder coat painted. The pocket-size portable light follows the company’s
guiding sustainability principles that include energy efficiency, using renewable energy, and
choosing materials that are recycled and recyclable (AZ91D).
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Magnesium is one of the few materials that can be continuously recycled without degradation.
Magnesium is easier to recycle and its value makes it an attractive material to recycle. Another
company also chooses magnesium alloy housing for its energy efficient LED warm-white and
pure-white frosted soft flood lights (LEDtronics, Inc., Torrance, California) and maintains high
shock and vibration resistance.

Thermal management performed using the magnesium housing offers the best heat sinks, even
better than copper. The long-life LED flood light is used for signage, architectural and
landscape lighting, security, aviation, industrial equipment, medical, and theatrical lighting.
The magnesium swivel hinge and foldable tripod stand make the TRI-L LED portable light a
hands free, go anywhere device. The Parabolic Aluminized Reflector (PAR) 38 Series LED flood
light features a magnesium alloy body in a solid-state design that facilitates energy savings of
up to 85 percent compared to incandescent flood lights [33].

In the modern market, small and portable electronics are trending increasing. The demand for
compact devices that can be easily transported is successful and magnesium is often a key
component in meeting this demand. Many magnesium alloys being used to replace plastics
are just as light, but they are much stronger and more durable.

Magnesium is also better in regards to heat transfer and dissipation as well as its ability to
shield electromagnetic and radio frequency interference. Many electronics require parts or
casings with multifarious shapes which are possible with magnesium. Camera, cell phone,
laptop and portable media device lodgings are all common applications in addition to arms
of hard drives [33, 34].

Electroplated plastics might look like metals but, because the underlying plastic substrate is
thermally non-conductive, they do not feel like metals.

This simple matter of aesthetics often disappoints consumers when it is realized, when
touched, that an outwardly metallic looking item clearly isn’t what it was thought to be.
Because it is a conductive metal, AM-lite® does have a “metallic feel” and so is more attractive
to customers. AM-lite® has a much higher stiffness, yield strength and creep strength than
unreinforced plastics thus allowing improved thin section light weight designs. The alloy’s
electrical and thermal conductivity, and EMS shielding, is also important for the design of
consumer electronics such as mobile phones and laptop computers [34].

Author details

Waldemar Alfredo Monteiro1,2

1 Materials Science and Technology Center –Nuclear and EnergyResearch Institute, São Pau‐
lo, SP,, Brazil

2 School of Engineering – Presbyterian Mackenzie University, São Paulo, Brazil

Light Metal Alloys Applications238

References

[1] Pingli M, Bo Y, Zheng L, Feng W, Yang J, First-principles calculations of structural,
elastic and electronic properties of AB2 type intermetallics in Mg – Zn – Ca-Cu al‐
loy”, Journal of Magnesium and Alloys 1 (2013) 256-262

[2] Mordike BL & Ebert T, Materials Science and Engineering A302 (2001) 37–45.

[3] Kojima Yo, Platform Science and Technology for Advanced Magnesium Alloys, Mag‐
nesium Alloys 2000, Materials Science Forum, Volumes 350-351), page 3 – 19, doi:
10.4028/www.scientific.net/MSF.350-351

[4] Duffy L, Materials World, Vol 4. No 3, pp. 127-30, 1996.

[5] Dunlop G.; Abbott T.; Murray M.; Bettles C.; Gibson M.; in Proceedings International
Magnesium Association World Conference, Beijing, IMA 2006, p. 24 – 33

[6] http://www.magnesium-elektron.com/markets-applications.asp?ID=7, 23/02/2014.

[7] Kainer K. U., Dieringa H., Dietzel W., Hort N. and Blawert C., The Use of Magnesi‐
um Alloys; Past, Present and Future, Pekguleryuz M.O. and Mackenzie L.W.F. eds.
(2006) Magnesium Technology in the Global Age 2006, Metallurgical Society of CIM,
Montreal Canada. 2006 Magnesium Technology in the Global Age

[8] Gibson M. A., Bettles C. J., Murray M.T., Dunlop G.L., Cashion S.P., “AM-HP2: A
New Magnesium Alloy with Improved Diecastability and Creep Strength for Power‐
train Applications”, 13th Magnesium Automotive and End User Seminar, Aalen,
22nd-23rd September 2005.

[9] Kulekci M. K., Magnesium and its alloys applications in automotive industry, Int. J.
Adv. Manuf. Technol. (2008) 39: 851-865

[10] Eliezer D., Aghion E., Froes F.H., Magnesium Science, Technology and Applications,
Advanced Performance Materials 5, 201-212 (1998) Kluwer Academic Publishers, The
Netherlands.

[11] Polmear, I.J., Light alloys: metallurgy of the light metals, Third edition, 1995, Arnold,
London, ISBN 0-340-63207.

[12] Smith, W.F., Structure and properties of engineering alloys, 2nd edition, 1993,
McGraw-Hill, ISBN 0-70-112829-8.

[13] Kainer, K.U. (Ed), Magnesium Alloys and Technology, DMG, 2003, Wiley-VCH,
ISBN 3-527-30256-5.

[14] Siobhan F, An Overview of Magnesium based Alloys for Aerospace and Automotive
Applications, MSc, Rensselaer Polytechnic Institute, Hartford, CT, August, 2012.

[15] Avedesian, M.M., Baker, H., ASM SPECIALTY HANDBOOK, Magnesium and mag‐
nesium alloys, 1999, ISBN 0-87170-657-1.

The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review
http://dx.doi.org/10.5772/58460

239



Magnesium is one of the few materials that can be continuously recycled without degradation.
Magnesium is easier to recycle and its value makes it an attractive material to recycle. Another
company also chooses magnesium alloy housing for its energy efficient LED warm-white and
pure-white frosted soft flood lights (LEDtronics, Inc., Torrance, California) and maintains high
shock and vibration resistance.

Thermal management performed using the magnesium housing offers the best heat sinks, even
better than copper. The long-life LED flood light is used for signage, architectural and
landscape lighting, security, aviation, industrial equipment, medical, and theatrical lighting.
The magnesium swivel hinge and foldable tripod stand make the TRI-L LED portable light a
hands free, go anywhere device. The Parabolic Aluminized Reflector (PAR) 38 Series LED flood
light features a magnesium alloy body in a solid-state design that facilitates energy savings of
up to 85 percent compared to incandescent flood lights [33].

In the modern market, small and portable electronics are trending increasing. The demand for
compact devices that can be easily transported is successful and magnesium is often a key
component in meeting this demand. Many magnesium alloys being used to replace plastics
are just as light, but they are much stronger and more durable.

Magnesium is also better in regards to heat transfer and dissipation as well as its ability to
shield electromagnetic and radio frequency interference. Many electronics require parts or
casings with multifarious shapes which are possible with magnesium. Camera, cell phone,
laptop and portable media device lodgings are all common applications in addition to arms
of hard drives [33, 34].

Electroplated plastics might look like metals but, because the underlying plastic substrate is
thermally non-conductive, they do not feel like metals.

This simple matter of aesthetics often disappoints consumers when it is realized, when
touched, that an outwardly metallic looking item clearly isn’t what it was thought to be.
Because it is a conductive metal, AM-lite® does have a “metallic feel” and so is more attractive
to customers. AM-lite® has a much higher stiffness, yield strength and creep strength than
unreinforced plastics thus allowing improved thin section light weight designs. The alloy’s
electrical and thermal conductivity, and EMS shielding, is also important for the design of
consumer electronics such as mobile phones and laptop computers [34].

Author details

Waldemar Alfredo Monteiro1,2

1 Materials Science and Technology Center –Nuclear and EnergyResearch Institute, São Pau‐
lo, SP,, Brazil

2 School of Engineering – Presbyterian Mackenzie University, São Paulo, Brazil

Light Metal Alloys Applications238

References

[1] Pingli M, Bo Y, Zheng L, Feng W, Yang J, First-principles calculations of structural,
elastic and electronic properties of AB2 type intermetallics in Mg – Zn – Ca-Cu al‐
loy”, Journal of Magnesium and Alloys 1 (2013) 256-262

[2] Mordike BL & Ebert T, Materials Science and Engineering A302 (2001) 37–45.

[3] Kojima Yo, Platform Science and Technology for Advanced Magnesium Alloys, Mag‐
nesium Alloys 2000, Materials Science Forum, Volumes 350-351), page 3 – 19, doi:
10.4028/www.scientific.net/MSF.350-351

[4] Duffy L, Materials World, Vol 4. No 3, pp. 127-30, 1996.

[5] Dunlop G.; Abbott T.; Murray M.; Bettles C.; Gibson M.; in Proceedings International
Magnesium Association World Conference, Beijing, IMA 2006, p. 24 – 33

[6] http://www.magnesium-elektron.com/markets-applications.asp?ID=7, 23/02/2014.

[7] Kainer K. U., Dieringa H., Dietzel W., Hort N. and Blawert C., The Use of Magnesi‐
um Alloys; Past, Present and Future, Pekguleryuz M.O. and Mackenzie L.W.F. eds.
(2006) Magnesium Technology in the Global Age 2006, Metallurgical Society of CIM,
Montreal Canada. 2006 Magnesium Technology in the Global Age

[8] Gibson M. A., Bettles C. J., Murray M.T., Dunlop G.L., Cashion S.P., “AM-HP2: A
New Magnesium Alloy with Improved Diecastability and Creep Strength for Power‐
train Applications”, 13th Magnesium Automotive and End User Seminar, Aalen,
22nd-23rd September 2005.

[9] Kulekci M. K., Magnesium and its alloys applications in automotive industry, Int. J.
Adv. Manuf. Technol. (2008) 39: 851-865

[10] Eliezer D., Aghion E., Froes F.H., Magnesium Science, Technology and Applications,
Advanced Performance Materials 5, 201-212 (1998) Kluwer Academic Publishers, The
Netherlands.

[11] Polmear, I.J., Light alloys: metallurgy of the light metals, Third edition, 1995, Arnold,
London, ISBN 0-340-63207.

[12] Smith, W.F., Structure and properties of engineering alloys, 2nd edition, 1993,
McGraw-Hill, ISBN 0-70-112829-8.

[13] Kainer, K.U. (Ed), Magnesium Alloys and Technology, DMG, 2003, Wiley-VCH,
ISBN 3-527-30256-5.

[14] Siobhan F, An Overview of Magnesium based Alloys for Aerospace and Automotive
Applications, MSc, Rensselaer Polytechnic Institute, Hartford, CT, August, 2012.

[15] Avedesian, M.M., Baker, H., ASM SPECIALTY HANDBOOK, Magnesium and mag‐
nesium alloys, 1999, ISBN 0-87170-657-1.

The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review
http://dx.doi.org/10.5772/58460

239



[16] E. Aghion, B. Bronfin, Magnesium Alloys Development towards the 21st Century,
Magnesium Alloys 2000, Materials Science Forum, Volumes 350-351), page 19 – 31,
doi:10.4028/www.scientific.net/MSF.350-351

[17] Ehrenberger S., Schmid S., Friedrich H., Magnesium production and automotive ap‐
plications: Life-cycle analysis focusing on greenhouse gases, 16. Magnesium Ab‐
nehmer-und Automotive Seminar 2008 in Aalen (http://www.efm-aalen.de/PDF/
Ehrenberger_magnesiumx.pdf)

[18] Kubota K., Mabuchi M., Higashi K., Review Processing and mechanical properties of
fine-grained magnesium alloys, Journal of Materials Science, Volume 34, Issue 10, pp
2255-2262.

[19] Labelle P., “Compilation of AJ62A Typical Alloy Properties”, Noranda Inc., Decem‐
ber 2004.

[20] Dieringa H., Bohlen J., Hort N., Letzig D., Kainer K. U., Advances in Manufacturing
Processes for Magnesium Alloys, Beals, R. S., Luo, AA, Neelameggham, NR, Pekgu‐
leryuz, MO, eds (2007) Magnesium Technology 2007, Orlando, FL 2007 Magnesium
Technology

[21] Avraham S., Maoz Y., Bamberger M., Structural Evolution in Mg-Al Alloys, Beals,
RS, Luo, AA, Neelameggham, NR, Pekguleryuz, MO, eds (2007) Magnesium Tech‐
nology 2007, Orlando, FL, 2007 Magnesium Technology

[22] Longanbach S. C., Knittel K., Lee A., Boehlert C. J, Processing-Microstructure-Proper‐
ty Relationships of Magnesium Alloys Containing Zr and/or B, Beals, RS, Luo, AA,
Neelameggham, NR, Pekguleryuz, MO, eds (2007) Magnesium Technology 2007, Or‐
lando, FL 2007 Magnesium Technology

[23] http://www.chinamagnesiumcorporation.com/our-business/magnesium-overview.

[24] Barker E., Li D., Sun X., and Khaleel M., Microstructure Modeling of Magnesium Al‐
loys for Engineering Property Prediction, Mathaudhu, SN, Sillekens, WH, Neela‐
meggham N.R., Hort N, eds (2012) TMS Magnesium Technology 2012, Orlando, FL,
USA, 2012 Magnesium Technology

[25] Ulrike G. K. Wegst, Michael F. Ashby, The development and use of a methodology
for the Environmentally-Conscious selection of Materials, Third Biennial World Con‐
ference on Integrated Design and Process Technology (IDPT), 6-9 July 1998, Berlin,
Germany (Proceedings Volume 5, pp. 88-93)

[26] Aghion E., Bronfin B., Friedrich H. and Rubinovich Z., “The Environmental Impact
of New Magnesium Alloys on the Transportation Industry”, Magnesium Technology
2004, ed. A.A. Luo (Warrendale, PA: The Minerals, Metals & Materials Society, 2004),
167-172.

[27] Ninomiya R., Kamado S., Kojima Y, Morinago M., An Electronic Approach to the
Prediction of the Mechanical Properties and the Design of Magnesium Alloys, Mor‐

Light Metal Alloys Applications240

dike, BL, Kainer, KU eds (1998) Magnesium Alloys and their Applications, Hamburg,
Germany, 1998 Magnesium Alloys and their Applications

[28] Su X., Li D.J., Zeng X.Q., Wang Y.X., Cheng L.F., Ding W.J., Elastic Properties and
Electronic Structures of Mg-Re (Re=Sm, Y) Alloys Studied by First Principle Calcula‐
tion Principle Calculation, Poole, W. J. and Kainer, K. U., eds (2012), Proceedings of
the 9th International Conference on Magnesium Alloy and Their Applications, July
8-12, 2012, Vancouver, BC, Canada, 9th International Conference on Magnesium Al‐
loys and Their Applications.

[29] http://news.cnet.com/8301-17938_105-20024756-1.html, 23/11/ 2012.

[30] http://www.lg.com/global/press-release/article/lg-to-utilize-only-cleaner-eco-magne‐
sium-in-all-mobile-devices-by-2012.jsp, 18/06/2013.

[31] Fechner D. et al. Sci. China Ser. E-Tech Sci. Jan. 2009, vol. 52 no. 1 148-154

[32] http://www.candlepowerforums.com/vb/showthread.php?226594-AltusLumen-
PAD-L-Review-Portable-Flood-Light, 23/01/2014.

[33] http://www.intlmag.org, 18/01/2014.

[34] http://www.amlite-lighting.com, 17/10/2013.

The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review
http://dx.doi.org/10.5772/58460

241



[16] E. Aghion, B. Bronfin, Magnesium Alloys Development towards the 21st Century,
Magnesium Alloys 2000, Materials Science Forum, Volumes 350-351), page 19 – 31,
doi:10.4028/www.scientific.net/MSF.350-351

[17] Ehrenberger S., Schmid S., Friedrich H., Magnesium production and automotive ap‐
plications: Life-cycle analysis focusing on greenhouse gases, 16. Magnesium Ab‐
nehmer-und Automotive Seminar 2008 in Aalen (http://www.efm-aalen.de/PDF/
Ehrenberger_magnesiumx.pdf)

[18] Kubota K., Mabuchi M., Higashi K., Review Processing and mechanical properties of
fine-grained magnesium alloys, Journal of Materials Science, Volume 34, Issue 10, pp
2255-2262.

[19] Labelle P., “Compilation of AJ62A Typical Alloy Properties”, Noranda Inc., Decem‐
ber 2004.

[20] Dieringa H., Bohlen J., Hort N., Letzig D., Kainer K. U., Advances in Manufacturing
Processes for Magnesium Alloys, Beals, R. S., Luo, AA, Neelameggham, NR, Pekgu‐
leryuz, MO, eds (2007) Magnesium Technology 2007, Orlando, FL 2007 Magnesium
Technology

[21] Avraham S., Maoz Y., Bamberger M., Structural Evolution in Mg-Al Alloys, Beals,
RS, Luo, AA, Neelameggham, NR, Pekguleryuz, MO, eds (2007) Magnesium Tech‐
nology 2007, Orlando, FL, 2007 Magnesium Technology

[22] Longanbach S. C., Knittel K., Lee A., Boehlert C. J, Processing-Microstructure-Proper‐
ty Relationships of Magnesium Alloys Containing Zr and/or B, Beals, RS, Luo, AA,
Neelameggham, NR, Pekguleryuz, MO, eds (2007) Magnesium Technology 2007, Or‐
lando, FL 2007 Magnesium Technology

[23] http://www.chinamagnesiumcorporation.com/our-business/magnesium-overview.

[24] Barker E., Li D., Sun X., and Khaleel M., Microstructure Modeling of Magnesium Al‐
loys for Engineering Property Prediction, Mathaudhu, SN, Sillekens, WH, Neela‐
meggham N.R., Hort N, eds (2012) TMS Magnesium Technology 2012, Orlando, FL,
USA, 2012 Magnesium Technology

[25] Ulrike G. K. Wegst, Michael F. Ashby, The development and use of a methodology
for the Environmentally-Conscious selection of Materials, Third Biennial World Con‐
ference on Integrated Design and Process Technology (IDPT), 6-9 July 1998, Berlin,
Germany (Proceedings Volume 5, pp. 88-93)

[26] Aghion E., Bronfin B., Friedrich H. and Rubinovich Z., “The Environmental Impact
of New Magnesium Alloys on the Transportation Industry”, Magnesium Technology
2004, ed. A.A. Luo (Warrendale, PA: The Minerals, Metals & Materials Society, 2004),
167-172.

[27] Ninomiya R., Kamado S., Kojima Y, Morinago M., An Electronic Approach to the
Prediction of the Mechanical Properties and the Design of Magnesium Alloys, Mor‐

Light Metal Alloys Applications240

dike, BL, Kainer, KU eds (1998) Magnesium Alloys and their Applications, Hamburg,
Germany, 1998 Magnesium Alloys and their Applications

[28] Su X., Li D.J., Zeng X.Q., Wang Y.X., Cheng L.F., Ding W.J., Elastic Properties and
Electronic Structures of Mg-Re (Re=Sm, Y) Alloys Studied by First Principle Calcula‐
tion Principle Calculation, Poole, W. J. and Kainer, K. U., eds (2012), Proceedings of
the 9th International Conference on Magnesium Alloy and Their Applications, July
8-12, 2012, Vancouver, BC, Canada, 9th International Conference on Magnesium Al‐
loys and Their Applications.

[29] http://news.cnet.com/8301-17938_105-20024756-1.html, 23/11/ 2012.

[30] http://www.lg.com/global/press-release/article/lg-to-utilize-only-cleaner-eco-magne‐
sium-in-all-mobile-devices-by-2012.jsp, 18/06/2013.

[31] Fechner D. et al. Sci. China Ser. E-Tech Sci. Jan. 2009, vol. 52 no. 1 148-154

[32] http://www.candlepowerforums.com/vb/showthread.php?226594-AltusLumen-
PAD-L-Review-Portable-Flood-Light, 23/01/2014.

[33] http://www.intlmag.org, 18/01/2014.

[34] http://www.amlite-lighting.com, 17/10/2013.

The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review
http://dx.doi.org/10.5772/58460

241



Light Metal Alloys 
Applications

Edited by Waldemar A. Monteiro

Edited by Waldemar A. Monteiro

Lightweight alloys have become of great importance in engineering for construction 
of transportation equipment. At present, the metals that serve as the base of the 
principal light alloys are aluminum and magnesium. One of the most important 

lightweight alloys are the aluminum alloys in use for several applications (structural 
components wrought aluminum alloys, parts and plates). However, some casting parts 

that have low cost of production play important role in aircraft parts. Magnesium 
and its alloys are among the lightest of all metals and the sixth most abundant metal 
on earth. Magnesium is ductile and the most machinable of all metals. Many of these 

light weight alloys have appropriately high strength to warrant their use for structural 
purposes, and as a result of their use, the total weight of transportation equipment has 

been considerably decreased.

Photo by estherpoon / iStock

ISBN 978-953-51-1588-5

Light M
etal A

lloys A
pplications

ISBN 978-953-51-6362-6


	Light Metal Alloys Applications
	Contents
	Preface
	Section 1
Aluminium Alloys
	Chapter 1
Additive Manufacturing of Al Alloys and Aluminium Matrix Composites (AMCs)
	Chapter 2
Mechanical Behavior of Precipitation Hardened Aluminum Alloys Welds
	Chapter 3
Mechanical Behaviour of Commercial Aluminium Wrought Alloys at Low Temperatures
	Chapter 4
Recrystallization Behavior of Commercial Purity Aluminium Alloys
	Chapter 5
Machining Burrs Formation & Deburring of Aluminium Alloys

	Section 2
Magnesium Alloys
	Chapter 6
Thermal Stability, Formability, and Mechanical Properties of a High-Strength Rolled Flame-Resistant Magnesium Alloy
	Chapter 7
Different Performance of Factors Affecting the Estimation of the Corrosion Rate in Magnesium Alloys by Implementation of the Common Methods for Electrochemical Measurements
	Chapter 8
Mechanical and Acoustic Properties of Magnesium Alloys Based (Nano) Composites Prepared by Powder Metallurgical Routs
	Chapter 9
Heuristic Analysis Application for Magnesium Alloys Properties Improvement
	Chapter 10
The Influence of Alloy Element on Magnesium for Electronic Devices Applications – A Review


